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Abstract

CoNi-base superalloys with improved high temperature properties and 3D printability

by

Sean Patrick Murray

Ni-base superalloys have been the material of choice for structural components in the

hot sections of turbine engines since the 1940s. Superalloy research and development

has proceeded with specific turbine applications such as blading, vanes, and disks in

mind. For the blade alloys that must withstand the most thermomechanically severe

environment downstream from the combustor, an excellent balance of high temperature

mechanical properties (strength, ductility, creep, and fatigue), oxidation resistance, pro-

cessability, coating compatibility, and cost must be achieved. Many of these exceptional

properties are conferred by their microstructure that consists of a high volume fraction

of sub-micron scale γ′ precipitates (Ni3Al, L12) that are coherent with a refractory-rich

solid-solution strengthened γ matrix (Ni, A1). These alloys are typically cast into single

crystals that exhibit further improved high temperature creep performance due to the

absence of grain boundaries. While decades of research have sought to discover materi-

als that can perform at temperatures beyond what is capable with the technologically

mature Ni-base superalloys, suitable replacements have not yet been found.

The discovery of a γ′ phase in the Co-Al-W ternary system by C.S. Lee in 1971, which

was rediscovered and described in more detail in 2006 by Sato et al., has enabled the

development of novel classes of γ′ strengthened Co-base superalloys for high temperature

applications. Since the solidus temperatures of these alloys can be over 100 °C greater

than their Ni-base counterparts, these alloys may provide a path to higher temperature

capability than is currently available. Co-base superalloys form a similar γ-γ′ microstruc-
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ture where the γ′ phase is based on Co3(Al,W). Creep studies have shown that single

crystal Co- and CoNi-base have creep performance greater or equal to 1st-generation Ni-

base single crystals. However, early model alloys have also been demonstrated to have low

γ′ solvus temperatures, poor oxidation resistance, and high mass density. There is also a

dearth of data on their response to cyclic loading and fatigue failure. To achieve the bal-

ance of properties necessary for high temperature applications, the compositions of Co-

and CoNi-base alloys need to be refined through alloying and the resultant mechanical

and environmental properties assessed.

In this work, low cycle fatigue tests conducted on single crystal Co-base superalloys

demonstrate that these alloys have low strength and poor resistance to oxidation-assisted

surface cracking which severely reduces the fatigue life compared to legacy Ni-base al-

loys. These property shortcomings motivate the development of novel Co-base alloy

compositions with improved high temperature properties. An alloy design study us-

ing high-throughput alloy synthesis and rapid characterization methods has identified

a promising region of CoNi-base composition space with alloys that exhibit improved

properties including elevated γ′ solvus temperature, favorable oxidation kinetics due to

formation of a protective alumina scale, and reduced mass density. Low cycle fatigue

tests on a novel alloy from this composition space, SB-CoNi-10+, demonstrate improved

fatigue resistance that is similar to 1st-generation Ni-base blade alloys.

Single crystal castings of SB-CoNi-10+ revealed that this alloy exhibits a favorable

solidification behavior with mild amounts of as-cast microsegregation. This suggests

that these alloys may be amenable to the extreme thermal conditions present in additive

manufacturing techniques such as selective laser melting and electron beam melting.

High performance Ni-base superalloys are difficult to process with fusion-based processes

since large amounts of cracks often form in the as-printed alloy that severely degrade the

mechanical properties. The SB-CoNi-10 alloy has been fabricated with multiple additive
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manufacturing techniques and has been demonstrated to be resistant to the formation of

cracks or significant porosity. Studies on the room temperature and elevated temperature

tensile properties are presented along with investigations on the effect of various heat

treatment schedules on the alloy microstructure. CoNi-base superalloys are suitable

candidates for further development for additive manufacturing since they can produce

a high γ′ volume fraction microstructure while still being 3D printable with minimal

amounts of defects. These alloys could be utilized by engineers to leverage the design

flexibility of additive manufacturing for novel high temperature components with complex

geometries, innovative cooling channels, and reduced material waste.
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Chapter 1

Introduction and Background

1.1 Single crystal Ni-base superalloys for high tem-

perature applications

Ni-base superalloys are a class of metallic materials that have an exceptional balance

of high temperature mechanical properties, environmental resistance, microstructural

stability, processability, and cost [1]. These alloys are primarily responsible for signifi-

cant advancements in the fuel efficiency of electricity producing land-based natural gas

turbines [2] and aeroengines for airplane flight [3] and are also widely used in rocket

engines, nuclear power generation, and chemical processing [4]. Similar to how the me-

chanical properties of steels are highly tunable depending on their chemical composition

and processing pathway, the Ni-base superalloys can be tuned for specific applications by

adjusting the volume fraction of the γ′ phase, by rebalancing of various beneficial alloying

additions, or by processing through different fabrication methods to control the grain-

scale microstructure. The compositional design space for these materials is large and the

chemical compositions of individual alloys are complex, often with >10 different chem-

1



Introduction and Background Chapter 1

ical species present that each contribute to the desired mechanical, environmental, and

thermophysical properties of the alloy [5]. Exploiting this chemical design space through

research and development of novel superalloys has continued steadily to the present day

since 1929 when small additions of Al and Ti were made to a commonly used “80/20”

Nickel-chromium alloy, resulting in an unexpected improvement in creep performance [6].

Figure 1.1: Scanning electron micrographs of the γ-γ′ scale microstructure in (a) CM-
SX-4+ and (b) TMS-238. Adapted from “Tensile, Low Cycle Fatigue, and Very High
Cycle Fatigue Characterizations of Advanced Single Crystal Nickel-Based Superal-
loys” by L.M.B. Ormastroni et al., 2020, in Superalloys 2020 p. 341-351. Copyright
2020 The Minerals, Metals & Materials Society. Adapted with permission [7].

Ni-base superalloys consist of a solid-solution strengthened matrix based on Ni (γ,

A1) that is precipitation strengthened by a coherent, ordered intermetallic based on Ni3Al

(γ′, L12). Alloying additions can be generally classified as either γ-formers or γ′-formers

depending on their tendency to partition between the two phases. Elements such as Al,

Ti, Nb, Ta, Pt, and the base element Ni partition to the γ′ precipitates and elements

such as Co, Cr, W, Mo, Re, and Ru partition to the γ matrix [8, 9]. The γ and γ′ phases

have a small negative misfit parameter, δ, on the order of ∼10−3 defined as:

δ =
2(aγ′ − aγ)
(aγ′ + aγ)

(1.1)

where aγ and aγ′ are the lattice parameters of the γ and γ′ phase respectively, result-
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Introduction and Background Chapter 1

ing in coherent γ/γ′ interfaces that are believed to strongly affect the high temperature

mechanical properties and resistance to coarsening [10]. The two-phase γ-γ′ microstruc-

ture that is formed after appropriate heat treatments confers an excellent combination of

strength and ductility to the alloy. Micrographs of typical γ-γ′ microstructures are shown

in Fig. 1.1. The high γ′ volume fraction superalloys, where the γ′ phase constitutes a ma-

jority of the phase fraction (> 60%) in the form of evenly dispersed, sub-micron, cuboidal

precipitates, are employed in applications where the most severe combinations of high

temperatures and high stresses are present. The most notable example are the single

crystalline blades and vanes in the high-pressure turbines of aeroengines that convert

the hot gas path produced by the combustor into work that drives the fan, and thereby

provides thrust for the aircraft. These alloys are so intertwined with the development of

these components that they are commonly referred to simply as “blade alloys”. These

components experience a range of temperature and stress conditions where mechanical

integrity must be maintained for tens of thousands of hours of operation, with some local

hot spots at blade tips experiencing temperature excursions as high as 1200 °C. This is

90% of the temperature where these alloys begin to melt [4]. The composition of the

γ′ phase has a strong effect on the strength of the alloy by controlling the anti-phase

boundary energy of the γ′ and the resistance to dislocation shear [11]. The γ phase

can contain a high concentration of heavy refractory elements such as Re, W, and Mo

which can impede the motion of dislocations that bow around the γ′ phase during high

temperature creep [12]. Small additions of Re in particular have been shown to provide

significant improvements to creep performance, which is commonly referred to as the

“Re-effect” [13]. As new generations of single crystal blade alloys have been developed,

the Re content has been used for classification, resulting in 0 wt.% Re alloys to be re-

ferred to as 1st-generation, 3 wt.% Re alloys as 2nd-generation, and 6 wt.% Re alloys as

3rd-generation. As the refractory alloy content of blade alloys increases, the formation
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Introduction and Background Chapter 1

of deleterious topologically close-packed (TCP) phases after long-time high temperature

exposure becomes more prevalent. Additions of Ru have been shown to suppress the

formation of these phases, and subsequent Ru-containing 4th-, 5th-, and 6th-generation

Ni-base superalloys have since been developed [14].

Figure 1.2: A schematic of the investment casting process for single crystal Ni-base
superalloys. Reproduced from “The Superalloys: Fundamentals and Applications” by
R. Reed, 2006, p. 123. Copyright 2006 by Cambridge University Press. Reproduced
with permission [5].

Additional improvements in high temperature capability have been achieved through

advancements in superalloy processing and fabrication. The creep properties of super-

alloy castings can be improved through directional solidification which suppresses the

formation of transverse grain boundaries present in equiaxed castings that would be nor-

mal to the loading direction of a turbine blade in operation. A further refinement was

implemented in the 1960s and 70s through the Bridgman crystal growth process, where

the use of a 〈001〉 starter crystal along with a “pigtail” grain selector in the investment
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casting process allows for the fabrication of 〈001〉-aligned single crystals. This com-

pletely eliminates the Coble creep deformation mechanism of mass transfer along grain

boundaries at high temperature, eliminates the creep cavitation damage that can occur

in power law creep, and reduces the rate of Nabarro-Herring creep through the crystal

that is dependent on the inverse of the grain size [15, 16]. Examples of turbine blading

after conventional casting, directional solidification, and single crystal growth are shown

in Fig. 1.3 and a schematic of the steps required to convert a wax positive assembly of

bars into an investment cast single crystal are presented in Fig. 1.2.

Figure 1.3: Examples of turbine blading in the (a) equiaxed, (b) columnar, (c) and
single crystal forms. Reproduced from “The Superalloys: Fundamentals and Appli-
cations” by R. Reed, 2006, p. 20. Copyright 2006 by Cambridge University Press.
Reproduced with permission [5].

Single crystalline Ni-base superalloy compositions have been adjusted to account for

the elimination of grain boundaries, allowing for reductions in grain boundary strength-

eners such as C, B, and Zr that also depressed the solidus temperatures of the alloys

[6]. However, some C content remains beneficial for unidirectional solidification behavior

[17]. Since Hall-petch strengthening can no longer be leveraged to increase the strength

of single crystalline blade alloys, special attention has been paid to understanding the
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strength of the γ-γ′ microstructure through control of the planar fault energies of the γ′

precipitates and solid solution strengthening in the γ matrix [18, 19, 20]. As higher tem-

peratures for turbine temperatures were reached, the importance of forming low volatility

protective oxide scales upon oxidation became critical. This has motivated the reduction

of Cr content and the further additions of Al in blade alloys in order to promote the

formation of the highly desirable α-Al2O3 scale after exposure to air at high tempera-

tures. These compositional changes also increase the γ′ volume fraction and γ′ solvus

temperature at the cost of some hot corrosion resistance [1].

The relationships between processing, structure, properties,and performance in Ni-

base superalloys are well studied, with several textbooks and over 2000 research articles

published on the mechanical properties and deformation behavior of Ni-base superalloys

alone [1]. There are 14 proceedings of the Superalloys conferences that have taken place

every 4 years since 1968 in Seven Springs, Pennsylvania, with the exception of Super-

alloys 2021 which was delayed in 2020 due to the global COVID-19 pandemic and was

held virtually in September 2021 (the contents of Ch. 6 of this thesis were included in

these proceedings). For several decades, there have been many important players that

have driven superalloy development and understanding such as turbine engine companies,

national laboratories, and numerous research universities. This global effort has led to

significant improvements in the high temperature performance of Ni-base superalloys, as

shown in Fig. 1.4. As the desire for further increases in turbine engine efficiency are de-

sired, requiring increasing turbine entry temperatures (TET), there is a growing concern

that Ni-base superalloys have reached a maturity beyond which significant improvements

are difficult to realize. This has motivated a dedicated research effort into developing

novel material systems for the hot-section components of future turbine engines that

can go “beyond” the capabilities of Ni-base superalloys, either through improved ther-

momechanical performance or by enabling novel processing techniques such as additive
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manufacturing to fabricate components for the hot sections of turbine engines.

Figure 1.4: Improvement in creep performance of Ni-base superalloys over the decades
since their introduction in the 1940s. Reproduced from “The Superalloys: Funda-
mentals and Applications” by R. Reed, 2006, p. 19. Copyright 2006 by Cambridge
University Press. Reproduced with permission [5].

Many candidate materials for high temperature applications are first considered for

their higher melting points than Ni-base superalloys (Tm,Ni = 1455 °C). This has resulted

in recent research efforts on ceramic matrix composites (CMCs), MAX phases, refractory

alloys, and certain classes of high entropy alloys. Other classes of both Co-base and Fe-

base superalloys have also been developed alongside Ni-base alloys in the past century,

and while the base elements of these alloys have higher melting points than Ni (Tm,Co =

1495 °C, Tm,Fe = 1538 °C), it was only recently that precipitation strengthening similar

to the high γ′ volume fraction Ni-base superalloys could be realized in these systems.

7



Introduction and Background Chapter 1

1.2 γ′-containing Co- and CoNi-base superalloys

The possibility of precipitation strengthening by a coherent, geometrically close-

packed phase in Co-base alloy systems was first identified in the PhD thesis of Charles

Samuel Lee from the University of Arizona, entitled “Precipitation-Hardening Charac-

teristics of Ternary Cobalt-Aluminum-X Alloys” [21]. Ternary Co-4.25 wt.% Al-X alloys

where X was Ti, Nb, Ta, Mo, and W were arc-melted and heat-treated in order to inves-

tigate the possibility of precipitation hardening through microstructure evaluation and

hardness testing. In total, 17 ternary alloy systems along with 3 promising quaternary

systems that included Cr were investigated. Each system was solution heat-treated and

subsequently aged at temperatures between 600 and 900 °C for time intervals between

0.1 and 1000 h followed by hardness testing. While a variety of phases were observed, a

previously undiscovered cubic phase with a lattice parameter similar to Co was observed

in the Co-Al-W systems. These alloys exhibited a continuous hardening behavior upon

aging. On pg. 61, C.S. Lee writes, “Perhaps by optimizing the Al and refractory metal

content, a coherent cubic precipitate, such as was found in the Co-Al-W system, might

be preserved and optimized, thus forming the basis for a useful alloy.” This work went

largely unnoticed for 45 years, but C.S. Lee had discovered that the Co-Al-W ternary

can produce a γ-γ′ microstructure identical to Ni-base superalloys where the γ matrix is

instead based on Co and the γ′ phase is based on Co3(Al,W). An article published in 1984

by Chester T. Sims on the history of superalloys writes, “γ′ now often composes up to

50% of contemporary nickel alloys, but cannot form in cobalt alloys” [6]. Had C.S. Lee’s

work been more widely noticed and understood, the development of γ′-strengthened Co-

and CoNi-base superalloys could have been accelerated by several decades.

This finding was brought to the attention of superalloy researchers in the mid-2000s

by the study of Sato et al. which identified the location of the small two-phase γ-γ′ phase
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Figure 1.5: Isothermal section diagrams of the Co-Al-W ternary system in the Co-rich
portion at (A) 1173 K and (B) 1273 K. Reproduced from “Cobalt-Base High-Tem-
perature Alloys” by J. Sato et al., Science 312, 2006, p. 90-91. Copyright 2006 by
AAAS. Reproduced with permission [22].

field in the Co-Al-W ternary that appeared stable at 900 °C but was not present at 1000

°C (Fig. 1.5) [22]. They more thoroughly described the thermophysical properties of γ′-

strengthened Co-Al-W alloys, demonstrated that they could be strengthened by additions

of Ta, and that the small positive misfit parameter could be tuned to control precipi-

tate morphology (Fig. 1.6). Importantly, these Co-base alloys possessed higher solidus

and liquidus temperatures by 50-100 °C compared to their Ni-base counterparts and

yet had morphologically identical precipitation strengthened microstructures [23]. The

suppressed γ′-solvus temperatures of ternary Co-Al-W alloys near 1000 °C are approxi-
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mately 300 °C lower than Ni-base blade alloys resulting in a total loss in high temperature

strength above 1000 °C. However, this does provide a wider processing window where the

alloy is single phase γ during heat treatment. Compression tests on ternary alloys and

Ta-modified alloys at elevated temperatures by Suzuki et al. demonstrated that a yield

stress anomaly (YSA) is present above 600 °C in these Co-base alloys, similar to con-

ventional Ni-base alloys [24, 25]. From these seminal works, 15 years of research has

sought to rapidly understand and develop Co-base alloy systems for high temperature

applications in order to develop new classes of γ′-strengthened superalloys.

Figure 1.6: Electron micrographs of Co-9Al-7.5W alloy annealed at 1173 K for
72 hours. (A) Darkfield image. (B) Selected area diffraction pattern. (C
and D) Field emission scanning electron micrographs of Co-8.8Al-9.8W-2Ta (C)
and Co8.8Al-9.8W-2Mo (D) annealed at 1273 K for 1 week. Reproduced from
“Cobalt-Base High-Temperature Alloys” by J. Sato et al., Science 312, 2006, p. 90-91.
Copyright 2006 by AAAS. Reproduced with permission [22].
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However, elevated melting points must be combined with a variety of exceptional

properties such as high-temperature strength (consisting of high yield, γ′-solvus temper-

ature, creep rupture, ductility, and fatigue), low density, and environmental resistance to

successfully introduce novel alloys as rotating components in the high-pressure turbine.

Ternary Co-base alloys fall short on many of these requirements, and therefore alloying

is required to elevate the γ′-solvus temperature, reduce the mass density, and promote

beneficial oxidation response. Several decades of prior research on Ni-base superalloys

combined with modern computational and high-throughput alloy synthesis and charac-

terization techniques has provided an exciting opportunity to rapidly develop the simple

ternary alloys into multi-component alloys with balanced properties. However, the small

compositional domain of the two-phase γ-γ′ phase field in the Co-Al-W ternary results

in limited compositional flexibility where excess amounts of Al or W can promote the

formation of CoAl (β, B2), Co3W (χ, D019) or Co7W6 (µ, D85) phases [26]. Additions

of Ni into the Co-Al-W system can greatly widen the two-phase field and raise the γ′

solvus temperature, allowing for greater amounts of beneficial alloying additions to be

added without the formation of deleterious 3rd-phases [27]. For these reasons, CoNi-base

alloys that contain 20-40 at.% Ni have been demonstrated to be a promising pathway

to develop novel superalloys that have the compositional flexibility needed to achieve

balanced properties [28, 29, 30, 31, 32, 33, 34, 35, 36].

The mass density of alloys for rotating components is an important consideration

since this is directly linked to the stresses that the blades and turbine disk will experi-

ence during operation, along with the necessity for light-weighting of aircraft engines for

increased payload [37]. Due the high W content of ternary Co-Al-W alloys of roughly

10 at.% that is necessary to reach the small γ-γ′ phase field, these alloys exhibit mass

densities near 10 g cm−3 which is ∼15% greater than comparable 1st-generation Ni-base

superalloys such as AM1 or CMSX-2 [5, 38]. This has motivated the development of
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W-free Co-base superalloys that would have more attractive specific strengths. Since the

removal of W destabilizes the γ′ phase, these alloys contain other γ′-formers such as Mo,

Nb, and Ta along with significant additions of Ni between 20-30 at.% [38, 39, 40]. This

has also led to the development of Co-Ti-Cr ternary alloys with γ-γ′ microstructures that

have solvus temperatures above 1100 °C, low densities near 8.1 g cm−3, and reasonable

positive misfit parameters near 0.5% [41]. This is a significant improvement over binary

Co-Ti alloys which possess unacceptably high misfit parameters that results in a loss of

coherency between the γ and Co3Ti γ′ phase [42]. In general, the reduction of W content

from CoNi-base superalloys has been demonstrated in multiple studies to be an effective

strategy to reduce the mass density to levels seen in Ni-base superalloys [34, 35, 36].

The protection of the superalloy surface from corrosion and oxidation is equally im-

portant as their elevated strength at high temperatures, especially in the context of

thin-walled components with internal cooling passages. While blade alloys are coated

with thermal barrier coating systems that provide protection to the alloy surface, the

alloy surface must be able to resist significant oxidation in the aggressive turbine en-

vironment in the event of coating spallation or foreign object damage. Single crystal

Ni-base blade alloys have excellent oxidation resistance due to the rapid formation of a

continuous layer of α-Al2O3 in service, which is promoted by the high Al content and

additional Cr content of the alloy. Co-Al-W ternary alloys do not possess this beneficial

behavior and often form α-Al2O3 as discrete internal particles, only forming a continu-

ous layer that prevents the further ingress of oxygen after significant amounts of both

external and internal oxidation [23, 43, 44, 45]. Preferably, the oxidation reaction is

rapid such that the formation of a γ′-denuded zone is largely reduced and mass gain is

minimized, as is the case in René N5 where Al2O3 forms as an external layer only 1 µm

thick without significant overlaying oxides after 1 h exposure in air at 1100 °C [46]. Some

amount of overlaying oxides such as monoxides and spinels can be acceptable, as in the
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case of CMSX-4, as long as the overall oxide scale thickness remains thin on the order of

a couple microns [47].

The PhD thesis research of C. Stewart investigated the oxidation behavior of com-

positional spaces relevant to CoNi-base alloys using high-throughput combinatorial alloy

synthesis through ion plasma deposition (IPD) along with rapid assessment of Al2O3-

forming behavior through photo stimulated luminescence spectroscopy (PSLS) after ox-

idation [46, 48, 49, 50]. These techniques allowed for a rapid exploration of a complex

multi-component compositional space of Co-Ni-W-Al-Cr-Ta alloys that could both pro-

duce a two-phase γ/γ′ microstructure with high temperature stability and have suitable

oxidation behavior. The selected alloying additions allowed for a tractable search of this

compositional space, and is likely the minimum number of elements that could be in-

cluded to achieve balanced properties in a CoNi-base superalloy. Further additions of

solid-solution strengtheners (Mo, Re, Ru), γ′-formers (Ti, Nb, and Hf), and minor ele-

ments (B, C, Y, La, Si, Zr) would likely lead to CoNi-alloys with improved properties

over what was explored in these studies, but systematically exploring the properties of

these compositions is extremely difficult experimentally.

Three CoNi-base alloy libraries were fabricated through IPD, with each library con-

sisting of a triangular array of 78 buttons beneath three cathode alloy sources at each

corner. All cathodes consisted of Co-Ni-Al-W-Ta-Cr alloys with varying amounts of each

element, and some select cathodes being Ni-free or W-free. Each library was fabricated

with a Ni-free cathode and a Ni-containing cathode (labeled as Cathode 1 and 2 in the

thesis) along with a third Ni-containing cathode (Cathodes 3, 4, and 5) that either con-

tained (i) elevated Cr, (ii) reduced W, or (iii) elevated Ta. Deposition of roughly 150

µm thick layers of alloy upon the buttons was desired. These samples were subsequently

solution heat treated at 1200 °C above the highest expected γ′-solvus for homogeneity

and then polished to 50 nm colloidal alumina. A standard oxidation test of 1 h at 1100
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°C in dry air was applied to observe whether Al2O3 formation would occur and whether

the oxide formed rapidly enough to create a continuous layer. Samples from the libraries

were investigated by PSLS with a 633 nm wavelength incident laser at multiple loca-

tions to measure the presence/absence of a characteristic α-Al2O3 flourescence doublet

at 14400 cm−1 [46]. Overlaying oxides such as NiO and CoO are translucent to the exci-

tation beam and the luminescence signal, allowing for detection of α-Al2O3 below these

oxides provided that they are sufficiently thin. Interestingly, tilt-polish experiments re-

vealed that CoO has a higher signal absorptivity compared to NiO, allowing only for

overlaying oxide scales on the order of 5 µm to transmit signal sufficiently for detection

[48]. Therefore, this technique can both identify the presence of α-Al2O3 in CoNi-alloys

and also indicate which alloys have thin overall scale thicknesses. These non-destructive

evaluations were also paired with destructive cross-sectioning through the oxide scales

to validate the PSLS technique, measure the oxide scale thickness, characterize the vari-

ous oxides that may have formed, and observe the possible presence of 3rd-phases in the

bulk of the IPD alloys after solutioning and oxidation testing [49], since good oxidation

performance must still be paired with a two-phase γ-γ′ microstructure for the desired

mechanical behavior. Stewart’s research on this topic is presented in several research ar-

ticles, and the work described in Ch. 3 of this thesis builds upon these studies in order to

develop a multi-component CoNi-base alloy with balanced high-temperature properties

[46, 48, 49, 50].

Despite these initial hurdles, one of the most exciting aspects of Co- and CoNi-base

alloys are their favorable solidification behavior compared to Ni-base superalloys [34, 51,

52]. While the increased refractory content of Ni-base superalloys improves their high

temperature mechanical performance, this also results in a higher susceptibility to form

grain defects during unidirectional solidification such as misoriented grains and freckle

chains [17]. The source of these defects is the development of convective instabilities
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Figure 1.7: Optical micrographs of the as-solidified single-crystals with the compo-
sition of (a) 11W, (b) 2Ta and (c) CrTa. Concentration profiles obtained by grid
scan of EPMA for single-crystals with the composition of (d) 11W, (e) 2Ta and (f)
CrTa. Adapted from “Single-crystal solidification of new Co–Al–W-base alloys” by
M. Tsunekane et al., 2011, Intermetallics 19, p. 636-643. Copyright 2011 by Elsevier
Ltd. Adapted with permission [51].

near the solid-liquid interface that are driven by solute partitioning between the solid

and the liquid. In Ni-base superalloys, the strong partitioning of W, Re, and Mo to the

solid offsets the strong partitioning of Ta to the liquid, which reduces the density of the

liquid ahead of the solidification front and promotes density inversion with the melt. This

can result in the transport of fragmented dendrites into the melt which act as nuclei for

misoriented grains [53]. One way to overcome these density inversions is to flip the mold

upside-down and to dip and withdraw the mold from a superalloy melt, ensuring that

the low density liquid near the solidification front can not invert with the higher density

melt due to gravity [54], but this introduces additional complexity to the solidification

process.
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The intensity of microsegregation during solidification can be described using the

Scheil equation [55]. With the assumptions of infinite diffusion in the liquid and no

diffusion in the solid, the equation can be expressed as:

Cs = kCo(1− fs)k−1 (1.2)

where Cs is the concentration of the solid, Co is the starting composition of the melt, fs is

the fraction solidified, and the distribution coefficient is defined as k = Cs/Cl. Bridgman

single crystal casting trials on Co-base superalloys revealed that solute partitioning was

much less severe compared to Ni-alloys. For example, Tsunekane et al. used electron

probe micro-analysis (EPMA) on as-cast single crystals to measure the distribution co-

efficient value for W in Co-base alloys to be near kW = 1.0 as opposed to approximately

kW = 1.5 in Ni-base alloys [51]. This produces relatively flat compositional profiles, as

shown in Fig. 1.7. Ta-containing Co-base alloys were found to still have strong parti-

tioning of Ta to the liquid, resulting in the favorable condition of the liquid ahead of

the solidification front increasing in density during solidification, eliminating the possi-

bility of convective instabilities altogether. This is particularly interesting in the case of

large castings for industrial gas turbine blades where the reduced cooling rates inherent

in the larger casting increases the permeability of the dendritic solidification front, and

therefore greatly increases the susceptibility to grain defects compared to smaller turbine

blades. Single crystal casting trials on a novel CoNi-base superalloy and quantitative

assessment of the as-cast segregation are presented in this thesis in Ch. 3 and compared

to the previous literature.
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1.3 Creep and fatigue behavior of high γ′ volume

fraction superalloys

Single crystal Ni-base superalloys experience sustained mechanical loading at a higher

fraction of their melting point than any other modern alloy [6]. Their remarkably low

creep rates at elevated temperatures allow for tens of thousands of hours of use in service

without significant deformation that would require replacement of a part, leading them

to be very economically valuable. This is combined with sufficient strength, ductility,

low cycle fatigue resistance, high cycle fatigue resistance, environmental resistance, and

phase stability at these elevated temperatures. In this section, a brief description of

the creep and low cycle fatigue performance of single crystal Ni-, Co-, and CoNi-base

superalloys will be presented, along with descriptions of the deformation mechanisms

and microstructural degradation that occurs in these loading scenarios. Uniaxial loading

along the 〈001〉 crystallographic direction will be considered since this is the the most

technologically relevant orientation, however studies have been performed on the fatigue

and creep properties of crystals loaded along the 〈101〉 and 〈111〉 orientations as well.

Creep behavior: While Ni-base superalloys exhibit high yield strengths up to tem-

peratures of 700-800 °C due to the YSA [5, 56, 57, 58], it is of practical significance to

understand the time-dependent inelastic deformation that can occur at stresses lower

than the yield strength. This process is known as creep deformation. Blade tip clear-

ances must satisfy tight tolerances in service, so typically blades must be removed from

service if creep strain greater than a few percent are accumulated. While the temper-

ature and stress profiles in service may vary during take-off, cruise, and landing, creep

tests are normally performed under isostress and isotemperature conditions at several

different stress-temperature combinations to assess creep performance. This data is then

normalized using a Larson-Miller Parameter (LMP) approach to combine the effects of
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temperature and time on a single axis which is then plotted against the applied stress.

Tests are often taken to rupture, although interrupted creep tests allows for observation

of the dislocation deformation mechanisms that were active in the various stages of creep

and reveal the state of the γ-γ′ microstructure.

The excellent resistance to creep deformation of single crystal Ni-base superalloys can

be attributed to a variety of factors including (i) the absence of grain boundaries, (ii)

optimized γ′ volume fraction, (iii) high planar fault energies of the γ′ phase, and (iv)

the strong partitioning of heavy refractory elements such as Re, Mo, and W to the γ

matrix. Creep curves for Mar-M200 processed through conventional casting, directional

solidification, and Bridgman casting are shown in Fig. 1.8. In particular, the creep strain

rate is reduced and the creep rupture life is significantly increased as the grain boundary

content of the alloy is reduced. It’s interesting to note that there exists an optimal γ′

volume fraction that results in a peak in the creep performance that out-performs the

response from pure γ and pure γ′ alloys. The creep rupture life as a function of γ′ volume

fraction is shown in Fig. 1.9 for Ni-base single crystal alloys TMS-75 and TMS-82+, which

shows that a monolithic increase in γ′ volume fraction does not necessarily result in longer

creep life. Note that the creep rupture data is presented on a log scale, with the optimized

γ′ volume fraction resulting in creep performance over 104 times greater than pure γ and

over 10 times greater than pure γ′.

To develop an understanding the synergystic improvement of the creep performance

due to the two-phase γ-γ′ microstructure, observations of the deformation mechanisms

active under various creep conditions are required. This is possible through transmis-

sion electron microscopy (TEM) studies on interrupted creep specimens, as demonstrated

by Pollock et al. on 〈001〉-aligned CMSX-3 single crystals crept between 800-900 °C at

stresses up to 552 MPa [12]. TEM observations were performed at each stage of the creep

curve, including the brief incubation phase, the primary creep phase, the steady-state
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Figure 1.8: Evolution of creep strain with time for Mar-M200 under loading of 206
MPa and 982 °C in the conventionally cast (equiaxed) condition, the directionally
solidified (columnar) condition, and the single-crystal form. Reproduced from “The
Superalloys: Fundamentals and Applications” by R. Reed, 2006, p. 130. Copyright
2006 by Cambridge University Press. Reproduced with permission [5].

secondary creep phase, and the tertiary phase that leads to rupture. The initial dislo-

cation density is low, with infrequent colonies of “grown-in” dislocation tangles in the γ

phase around irregularly shaped γ′ precipitates. These dislocation character are a/2〈110〉

unit dislocations that lie on {111} slip planes, typical of other fcc alloys. Dislocations

were not observed in the γ′ phase in the aged state. In the incubation phase, dislocation

loops spread exclusively in the γ from the “grown-in” dislocation regions, but filling of

the entire γ matrix has not yet been achieved. The ordered γ′ phase can be treated ini-

tially as impenetrable at the stress levels for creep testing due to their high APB energy,

and therefore dislocations must bow through the narrow γ channels and overcome the

local Orowan resistance, τor, which is defined as

τor =
µb

l
=

√
2

3

µb

h
(1.3)
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Figure 1.9: Variation of the creep rupture lives of the single crystal superalloys TMS-75
and TMS-82+, as a function of the amount of γ′ phase [59]. The creep rupture life is
largest when the γ′ fraction is about 70%. Reproduced from “The Superalloys: Fun-
damentals and Applications” by R. Reed, 2006, p. 153. Copyright 2006 by Cambridge
University Press. Reproduced with permission [5].

where µ is the shear modulus, b the Burgers vector, and l is the channel dimension along

the 〈110〉 direction across a channel of thickness h. Inserting typical values for CMSX-

3 (h = 60 nm, l= 73.5 nm, b = 0.254 nm, and µ = 48.2 GPa) produces an Orowan

resistance of 166 MPa, which corresponds to an uniaxial applied stress of 408 MPa just

to push dislocations through the fine-scale γ channels.

Initially, dislocations with similar Burgers vectors are observed in the incubation

period, indicating that these dislocations emanate from single sources. As dislocations

from these sources impinge on one another, a three-dimensional nodal dislocation network

can from on the γ-γ′ interfaces, which relieves the misfit between these two phases. This

creates a quasi-stationary dislocation network in time that deforms the γ but leaves the

γ′ largely undeformed until stresses in the matrix build up to a point that dislocations
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can be pushed into the γ′. Shearing of the γ′ is normally indicative of the accelerating

creep rate during the tertiary creep stage before failure. Due to the high APB energy

of the γ′, this dislocations pass through the γ′ as tight superdislocation pairs that are

connected by a narrow APB. Final rupture occurs due to the formation of cavities that

results in microvoid coalescence that forms along the fraction surface.

The strong partitioning of heavy refractories elements, most notably Re, to the γ

phase is also associated with slower creep strain rates. The addition of 2-3 wt. % Re

to the first-generation single crystal alloys resulted in a doubling of the creep life, as

shown in Fig. 1.10, with some members of the superalloys community referring to Re

as the “magic dust” for this reason [13, 60]. However, The underlying causes of the so-

called “Re-effect” on creep performance are still not fully understood and are a topic of

scientific debate [61]. Diffusion couple studies have shown that Re is one of the slowest

diffusing species in Ni, with a rate that is even an order of magnitude less than W. Re

also partitions very strongly to the minority γ phase, where additions of 2 wt. % globally

result in a 7 wt. % concentration in the matrix after heat treatment. The slow diffusivity

of Re can slow down the coarsening and rafting kinetics of the γ′ phase, delaying the onset

of accelerating creep rates, but this alone can not account for the dramatic increase in

creep life that Re affords the alloy. This has led many to suspect whether fine Re clusters

form in the γ matrix that act as barriers to dislocation motion, or if the Re segregates

heavily to the γ/γ′ interface where dislocations travel through a thermally-activated climb

process. This process is depicted schematically in Fig. 1.11. Experimental evidence of

these clustering phenomenon are not conclusive, with atom probe tomography (APT)

studies paired with state-of-the-art cluster detection algorithms resulting in no cluster

detection in Ni-X alloys (where X is 10 wt. % of either Ta, W, Re, Ir or Pt) or in

2nd-generation blade alloy CMSX-4. Therefore, it is likely that Re strongly affects the

vacancy diffusion mechanisms that are necessary for the dislocation glide-climb process
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to occur, but placing this on a firm quantitative foundation is still needed.

Figure 1.10: Creep curves for alloy 1444 and Re-containing derivatives studied by
Giamei et al. at 899 °C under a load of 380 MPa [60]. Reproduced from “What is
the role of rhenium in single crystal superalloys?” by A. Mottura and R. Reed, 2014,
MATEC Web of Conferences 14, 01001. Copyright 2014 by the authors, published
by EDP Sciences [13].

Next, the creep response of single crystal Co- and CoNi-base superalloys will be

briefly described. There are key differences compared to the Ni-base superalloys. The

first investigations on Co-base single crystals were performed in 2012 by Tanaka et al. in

Japan and Titus et al. in the United States [62, 63, 64]. Tanaka et al. prepared single

crystals of a ternary Co-Al-W alloy along with alloy variants that contained Ta additions

and Ta+Ni additions. The alloyed specimens had similar γ′ solvus temperatures near

1100 °C while containing various amounts of γ′ volume fraction after heat treatment.

They performed all of their creep experiments at 1000 °C with an applied load of 137 MPa.

This resulted in the ternary Co-Al-W alloys to be single-phase γ during creep testing due

to low γ′ solvus in their alloy measured as 977 °C, and therefore these alloys experienced

creep lifetimes less than one minute [64]. The alloyed single crystals withstood creep

deformation between 29 and 188 h before rupture, with the alloy with the highest γ′
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Figure 1.11: A 2D schematic of the climb-assisted glide process occurring in tertiary
creep and the resulting vacancy flow from the horizontal to the vertical channels.
Reproduced from “What is the role of rhenium in single crystal superalloys?” by A.
Mottura and R. Reed, 2014, MATEC Web of Conferences 14, 01001. Copyright 2014
by the authors, published by EDP Sciences [13].

volume fraction (85 %) performing the best. This is in contrast to the Ni-base superalloys,

where a monotonic increase in the γ′ volume fraction doesn’t correspond directly to

improved creep performance. This behavior has been observed again recently in the

study of Bezold et al. using Co-Al-W-Ta single crystals with varying γ′ volume fractions

[65]. Titus et al. performed their experiments at 900 °C and at applied stresses between

275 and 379 MPa, allowing for the ternary Co-Al-W alloy specimens to have some γ′

present during testing [63]. They also investigated alloys with additions of 2Ta and 6Ti

to raise the γ′ solvus near 1100 °C. The alloyed specimens performed better than the base

ternary alloy and an alloy containing Cr and Ta, indicating that the γ′ stability is closely
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tied to the creep performance of the alloy. The creep performance of these model alloys

was between that of 1st-generation and 2nd-generation Ni-base single crystals, which was

promising due to the lack of Re in these Co-base systems. While Re is also a very slowly

diffusing element in Co, additions of Re have been demonstrated to not be nearly as

effective in Co-base single crystals as they are in Ni-base single crystals [66]. This partly

due to the less intense partitioning of Re between the γ and γ′ in Co-base single crystals

that has been confirmed by APT experiments, which would result in a negligible change

to the diffusion behavior of the mildly Re-containing matrix.

Another major difference between the alloy classes are the presence of large, extended

planar faults that are frequently observed within the γ′ precipitates during the early

stages of creep deformation for Co- and CoNi-base superalloys [67, 68, 69, 70, 71]. These

include superlattice intrinsic stacking faults (SISFs), superlattice extrinsic stacking faults

(SESFs), APBs, and APB-SISF-APB configurations where an SISF loop is embedded

within an APB. While some authors estimate that the plastic deformation accommodated

by γ′ shearing events only accounts for ≈10 % of the total creep strain, these observations

indicate that the stresses needed to shear the precipitates are likely lower than the local

Orowan resistance of the γ channels. Numerous observations have been made of local

phase transformations along these planar faults along with the segregation of various

elements. While the exact nature of the segregation mechanism is under debate, it is

clear that chemical segregation along these planar faults can lower the local planar fault

energy which increases the driving force for the dislocation to continue to shear across

the precipitate. Interestingly, dislocations on other slip planes that impinge upon these

faults often do not shear them, resulting in planar fault interactions that may act as

a hardening mechanism [72]. The study of planar fault segregation in Co-, CoNi-, and

Ni-base superalloys has led to the development “phase transformation strengthened”

superalloys, where control of the amount of η formers and µ formers can promote the
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formation of beneficial phases along the planar faults that inhibit additional shearing

events into the γ′ precipitates [73, 74].

Figure 1.12: (a) Typical range of temperatures on the surface of a stage 1 turbine
blade used for commercial aviation. (b) Typical stresses in a turbine blade range
from 100 to 500 MPa depending on location. Darker shades near trail edge, leading
edge and pressure side areas at 60–90% span are under compression, most other areas
are under tension. (c) Typical modes of distress in a high pressure turbine blade.
Adapted from “Development of strong, oxidation and corrosion resistant nickel-based
superalloys: critical review of challenges, progress and prospects” by R. Darolia, 2019,
Int. Mat. Rev. 64, p. 355-380. Copyright 2018 by Institute of Materials, Minerals and
Mining and ASM International. Adapted with permission [1].

Low cycle fatigue behavior: Modern aviation gas turbine engines are thought

to be exceedingly reliable and safe during operation and failures during flight or during

take-off and landing are rare. This is due to stringent inspection regimes that occur

before components are in service and at regular intervals during service. The most

commonly rejected components are the blades in the compressor and turbine and the

turbine vanes [37]. This is mostly due to the extreme environment that these components

are placed in which can involve high temperature exposure, foreign object damage (FOD),

creep damage, and repeated cyclic loading that results in catastrophic fatigue failure.

Inspections normally occur every 2000 h of service with overhauls only every 5000 h, so

the components must be able to withstand these conditions for long time frames without
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concern [37]. If we consider a turbine rotating at the high speed of 35,000 rpm, any

imbalance in the rotor can introduce 2.1 × 106 cycles per hour, resulting in 109 cycles in

only 500 h which is well before the scheduled inspection. Additional small stress cycles can

be introduced by the blades passing the vanes, which can introduce dangerous harmonics

with rapid frequencies in the kHz regime [75, 76]. Typical engines will contain prime

numbers of blades and vanes (e.g. 59 blades and 19 vanes) in order to reduce the number

of available harmonics. While engines are designed to not excite these harmonics during

operation, then can still be activated during start-up or shutdown, and can introduce

stress cycles at a rate of 12.4 × 107 cycles per hour to the rotating blade and at a rate

of 39.9 × 106 cycles per hour to the vanes [37]. Careful construction and balancing of

the turbine engine has largely eliminated in service failure from very high cycle fatigue

(VHCF) or high cycle fatigue (HCF) which can occur in these applied stress levels and

frequency ranges.

Low cycle fatigue (LCF) damage however remains a significant issue. LCF failures are

related to the large stress cycles imposed by the start-stop cycle of the turbine engine,

and can roughly be approximated as a stress cycle being imposed per flight. While

particularly problematic for polycrystalline turbine disks that may contain defects from

the fabrication process, LCF is also a concern for turbine blades that experience high

stresses and high temperatures. Notches at the attachment point between the blade and

disk along with small cooling holes on the blade surface act as stress concentrators that

accelerate the fatigue process locally [77]. A schematic of the temperature and stress

combinations that a turbine blade experiences in service along with the associated forms

of damage that can occur is presented in Fig. 1.12. Cracking is a concern across the

entire blade, so research has sought to understand the response of single crystal Ni-

base superalloys to cyclic loading at a variety of temperature and stress combinations.

While the loading profile of a blade is complex, isotemperature fatigue tests are often
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performed with a constant load amplitude or strain amplitude in order to reduce the

complexity of the process. Thermomechanical fatigue tests where the temperature and

stress vary in-phase or out-of-phase with each other are also performed to assess the

fatigue performance and behavior of blade alloys.

Lifetime prediction under fatigue loading conditions is critical. This is normally done

by phenomenological expressions such as the Coffin-Manson law. When the strain-range

is carefully controlled and the plastic strain range is plotted against the fatigue life on a

log-log plot, a straight line is found that can be fit with the following relationship,

Nf
β∆εp = CD (1.4)

where Nf is the cycles to failure, ∆εp is the plastic strain range, and β and CD are

materials constants for curve fitting. Since working with the total strain range, ∆εt,

is often more convenient for engineering purposes, a correlation similar to the previous

equation can be found by recognizing that ∆εt can be rewritten as the sum of the elastic

and plastic strain ranges by

∆εt = CDN
−β
f + CEN

−α
f (1.5)

where the second set of quantities on the right-hand side represents the elastic strain

component. Common values for β and α are 0.6 and 0.12 respectively [77]. While these

equations indicate that it is the applied strain ranges that determine the fatigue lifetime

behavior, these equations are material agnostic and do not provide a mechanism for

fatigue damage or provide a deep understanding for the reasons behind the fatigue crack

initiation, propagation, and failure processes.

Another useful phenomenological expression for fatigue crack life prediction is to
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consider that at some location in the material there is some pre-existing flaw of length a

that grows with each stress cycle until the fracture toughness of the alloy is reached. The

Paris law describes the steady-state advancement of an initial flaw, da, per unit cycle,

dN , as a function of the amplitude of the stress intensity factor around the flaw, ∆K

[78]. This is written as

da

dN
= C∆Km, when ∆Kth<∆K<KIc (1.6)

where C and m are once again material constants for curve fitting and ∆Kth and ∆KIc

represent the threshold stress intensity range and the stress intensity range at the fracture

toughness, respectively. If the initial flaw size, ai, and final flaw size, af , are estimated,

the above expression can be integrated from ai to af to determine the cycles to failure

that occur during this crack propagation process. Since the detection of cracks within

the bulk of large components is difficult, conservative life predictions based on this prin-

ciple are commonly used to avoid unexpected fatigue failures even though this likely

underestimates the total usable fatigue of the component.

In the case of single crystal Ni-base superalloys, it is likely that there is no flaw present

within the alloy that is large enough that the threshold stress intensity is exceeded, and

therefore these materials spend most of their fatigue lifetimes in the crack initiation

and small crack propagation stage as opposed to long-crack propagation that occurs in

the steady-state Paris regime [79]. Microstructural inhomogeneities from the casting

process such as solidification pores, γ-γ′ eutectic regions, and large clusters of carbides

are commonly the stress concentrations where damage accumulates and can result in

crack initiation. This often results in the formation of a “fish-eye” that emanate from

the internal crack initiation site and can be clearly observed on the fracture surface

(Fig. 1.13). Precipitation-strengthened alloys can also form persistant slip bands (PSBs)
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during cycling that result in extrusions and intrusions on the alloy surface where a stress

concentration then develops [80]. PSBs are a result of cyclic slip irreversibility and

normally develop in strain-control tests, for example in Waspaloy tested at T = 650 °C

presented in Fig. 1.14.

Figure 1.13: Low-frequency fatigue failure fracture surface of a CMSX-4 specimen
tested under load control at T = 750 °C and a max stress of 820 MPa with R = 0.
Reproduced from “Fatigue behaviour and lifing of two single crystal superalloys” by D.
W. MacLachlan and D. M. Knowles, 2001, Fatigue Fract. Engng. Mater. Struct. 24,
p. 503-521. Copyright 2001 by John Wiley & Sons Ltd. Reproduced with permission
[81].

Since fatigue resistance at elevated temperatures in aggressive environments is rel-

evant to superalloys, the role of environmentally assisted fatigue crack initiation and

growth from the alloy surface must be considered [77]. While Ni-base single crystal

alloys typically have excellent oxidation behavior, there is normally a transition where

fatigue crack initiation transitions from microstructural inhomogenieties (< 850 °C) to

oxidation-assisted surface crack initiation (> 850 °C). In general, the formation of oxide-

filled surface cracks form which produces a γ′ denuded zone due to the depletion of Al to

form Al-rich oxides around the crack tip, which weakens the alloy in this region. Subse-

quent cracking of the oxide scale can expose the underlying base metal to the environment

once again, resulting in an accelerating fatigue crack growth behavior. This effect is offset
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Figure 1.14: Planar-slip PSBs in Waspaloy fatigued until failure at axial plastic strain
amplitude ∆εpl/2 = 2 × 10−3, Nf = 550 cycles, and T= 650 °C. Reproduced from
“Cyclic Slip Irreversibilities and the Evolution of Fatigue Damage” by H. Mughrabi,
2009, Metall. Mater. Trans. B 40, p. 431-453. Copyright 2009 by TMS and ASM
International. Adapted with permission [80].

somewhat by oxide-induced crack closure where the oxide in the crack prevents perfect

mating of the crack faces, effectively blunting the tip of the crack [82]. The effect of the

environment is strongly linked to the applied cyclic test frequency and the R-ratio, with

low frequencies and R > 0 resulting in long periods of time where crack faces are open

and exposed to the oxidizing environment. An example of the effect of these test vari-

ables on the fatigue life of CMSX-4 tested in air is shown in Fig. 1.15. In particular, for

the tests performed at 950 °C the samples loaded with a high cyclic frequency (100 Hz)

had significantly longer fatigue lifetimes than those cycled at the lower frequency (0.25

Hz). Sustained peak low cycle fatigue (SPLCF) that includes the addition of compressive

holds is also affected by oxidation that results in significant growth strains between the

oxidizing crack tip and the surrounding γ′ denuded alloy [83, 84].

Understanding the temperature range of the transition between surface crack initi-

ation and internal crack initiation is important for designing processing pathways for

single crystal alloys with improved fatigue properties. For example, casting processes
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Figure 1.15: Load control, low-frequency and high-frequency data for CMSX-4 at an
R-ratio of zero and a range of temperatures. Reproduced from “Fatigue behaviour
and lifing of two single crystal superalloys” by D. W. MacLachlan and D. M. Knowles,
2001, Fatigue Fract. Engng. Mater. Struct. 24, p. 503-521. Copyright 2001 by John
Wiley & Sons Ltd. Reproduced with permission [81].

with elevated cooling rates such as liquid metal cooling (LMC) can produce fine den-

dritic structures with reduced solidification pore sizes, which reduces the intensity of

the stress concentration around these defects and extends the fatigue lifetime [79]. This

benefit to the fatigue life is lost at elevated temperatures when crack initiation from

the surface once again becomes dominant. Fatigue testing in high vacuum recovers the

improvement the fatigue life performance provided by LMC.

The response of novel γ′-strengthened Co- and CoNi-base single crystals to fatigue

was unknown before publication of the data featured in Ch. 2 and 4, respectively. The

results and conclusions in these chapters discuss this topic in depth, focusing on low cycle

fatigue since this damage mode is a concern in the context of blade applications.
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1.4 Additive manufacturing of metals and alloys

Metals-based additive manufacturing (AM), also known as three-dimensional (3D)

printing, has grown dramatically over the past 35 years since researchers at the Uni-

versity of Texas at Austin first reported a technique for joining polymer powder in a

layer-by-layer fashion with a laser heat source [85, 86]. The technique was soon applied

to metals, with the first 3D-printed part, a spur gear, produced by Manriquez-Frayre and

Bourell out of powder blends of Cu and 70Pb-30Sn solder [87]. There are now a variety

of processes where an initial metallic powder feedstock, wire, or sheet are joined to fabri-

cate a near-net shape component guided by a computer assisted design (CAD) file of the

desired component. These techniques include, but are not limited to, powder-bed fusion

(PBF) techniques such as selective laser melting (SLM) or electron-beam melting (EBM),

direct energy deposition (DED) involving both powder and wire feedstocks, binder jet-

ting, and ultrasonic additive manufacturing. These novel manufacturing techniques have

resulted in enhanced design flexibility for engineers who seek to develop components with

geometric complexity that would be costly or impossible to produce through conventional

techniques such as casting, extrusion, forging, or machining.

AM has begun to experience wide-spread adoption in the aerospace, automotive, en-

ergy, consumer products, and medical industries [88]. One particularly strong motivator

is that AM could lead to significant greenhouse gas emissions savings by reducing the

weight of automobile and aircraft components. It is estimated that every 100 kg reduction

in the weight of an airplane can save 13.4-20.0 TJ of jet fuel over the 30-year of an airplane

[89]. AM can also lead to simplification of complex components enabling assemblies that

used to consist of multiple parts to be reduced into one component, such as the 10-to-1

part reduction of the titanium locking shafts for the doors on the Airbus A350 [90]. AM

can also lead to cost savings compared to other manufacturing techniques depending on
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the complexity of the part and the part volume required [88]. Material costs can be

further saved through powder recycling, which has been demonstrated in some cases to

lead to minimal degradation of the final material properties even after 20+ powder reuse

cycles in the case of EBM manufactured Ti-6Al-4V [91]. Fusion-based AM techniques

such as SLM and EBM are also utilized for aerospace components since microstructural

features such as grain structure and texture can be controlled through appropriate pro-

cess parameter control [92]. Since these two techniques are used throughout this thesis

for fabrication of CoNi-alloy specimens, a brief description of each technique is presented

below along with key differences between the two techniques.

Figure 1.16: A schematic of a typical SLM build chamber. Adapted from “The
development of a scanning strategy for the manufacture of porous biomaterials by
selective laser melting” by R. Stamp et al., 2009, J. Mater. Sci.-Mater. M. 20, p.
1839-1848. Copyright 2009 by Springer Science and Business Media, LLC. Adapted
with permission [93].

The SLM process consists of a series of steps that takes a CAD file through fabrication.

A simplified schematic of the SLM process within the build chamber is shown in Fig. 1.16.

33



Introduction and Background Chapter 1

Computer software such as Netfabb converts the CAD drawing into a series of layered

build instructions which may include additional support structures. A thin layer of

metal powder in the range of 20 to 100 µm is applied across a substrate plate in the build

chamber by a wiper [94]. A high energy density laser is then used to locally melt and fuse

the powder in specific locations according to the the processed data and selected scan

settings. While early studies investigated both sintering and melting of metal powders,

it is now common to control the laser power and scan speed to achieve complete melting

of the metal powder feedstock and portions of the previous layer [95]. This laser is

typically either a Nd3+:YAG (λ ≈ 1.06 µm) or Yb3+:YAG (λ ≈ 1.03 µm) fiber laser

since metallic powders have high absorptance to radiation in the infrared region [94, 96].

The build platform is then lowered and the process repeated for successive layers until

the final component is complete. Process parameter control is required to fabricate fully

dense components free from lack-of-fusion defects and keyhole porosity. This can include

laser scan speed, laser power, hatch spacing, and layer thickness. The build chamber is

usually filled with an inert gas such as nitrogen or argon to minimize oxidation of the alloy

powder, especially since pre-heated build platforms that can reduce the thermal stresses

of the part are common. A pre-heat temperature of 200 °C is common, although the

some systems such as the AconityMINI installed at UC-Santa Barbara have the option

of reaching 800 °C for smaller area builds. Loose powder around the built component

is removed and often recycled, and samples are removed from the build plate manually

or through electric discharge machining (EDM). Some surface finishing may be required

depending on the part application and the use of sacrificial support structures.

EBM was first commercialized in 1997 by ARCAM AB Corp. in Sweden, and they

are currently the only company that manufactures and sells EBM machines. EBM re-

sembles SLM in many ways except that an electron beam is used to locally melt and

join metal powder. This has specific advantages and disadvantages compared to a laser-
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based process. The electron beam can be focused and moved by electromagnetic lenses,

allowing beam velocities up to 105 m/s which effectively allows for instantaneous jumps

from point to point [97]. Therefore, innovative heating and melting strategies can be

employed. Fig. 1.17 shows how a defocused beam can pre-heat to powder to high tem-

peratures above 1000 °C before melting of each layer. Melting can be performed using

conventional raster strategies or through quasi-multi-beam techniques. The application

of high pre-heat temperatures promotes an in-situ heat treatment to EBM processed al-

loys, where different locations along the build height have varying thermal histories. An

example of this in-situ heat treatment is shown in Fig. 1.18. This can promote solutioning

of as-printed segregation, solid-state transformations between phases, and precipitation

and coarsening of precipitates. Charging of the powder layer by the electron beam is

a concern, which can result in “smoking” events that disrupt the build process. This

restricts EBM to conductive materials such as metals and alloys and requires the use

of vacuum (10−4-10−5 mbar) and a small pressure of helium (10−3 mbar) to prevent

electrostatic charging [97].

.

1.5 Considerations for AM of superalloys

Metals-based AM has been applied successfully to several technologically impor-

tant alloy classes including stainless steels, titanium alloys, CoCrMo alloys, TiAl in-

termetallics, and Ni-base superalloys such as IN625 and IN718. Many of the alloys that

have been found to be compatible with the extreme thermal conditions present in fusion-

based AM are also known for their good weldability, which agrees with the concept that

AM is effectively a repetitive multi-pass micro-welding process [98]. High γ′-volume

fraction superalloys are highly desirable candidates for AM due to their excellent high
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Figure 1.17: Heating and melting during EBM. Top: photographs during the process.
Bottom: schematics of the beam movement. (a) Heating by quasi-multi-beam scan-
ning of the total building area with a defocused beam, (b) melting by hatching, and (c)
Quasi-multi-beam contour melting by jumping from point to point. Reproduced from
“Additive manufacturing of metallic components by selective electron beam melting
- A review” by C. Körner, 2016, Int. Mater. Rev. 61, p. 361-377. Copyright 2016 by
University Erlangen-Nürnberg [97].

temperature properties, but they unfortunately possess several characteristics that often

result in large amounts of defects in the as-printed state, most notably active hot cracking

mechanisms such as solidification cracking, liquation cracking, strain-age cracking, and

ductility-dip cracking [99]. These phenomena are related to the rapid formation of the γ′

rapidly during cooling from the solid-state, which strengthens the solidified material. γ′

forming alloying additions also have a strong impact on the partitioning behavior between

the solid and the liquid with γ′ formers typically partitioning to the liquid and γ formers

partioning to the solid. Strong solute enrichment of the liquid during solidification is also

observed in precipitation-strengthened alloy classes such as aluminum alloys like AL7075

[100]. Solute partitioning during solidification is often associated with the formation of

deep, solute-enriched liquid films that persist to low temperatures between high angle
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Figure 1.18: In-situ heat treatment during EBM. Schematic of the temperature evo-
lution at a fixed point of the component where the beam passes several times in each
layer. A simulated temperature evolution at different depths (in steps of 100 µm) for
Ti–6Al–4V is shown to visualise the time scale of temperature variation near the sur-
face during and after melting. Reproduced from “Additive manufacturing of metallic
components by selective electron beam melting - A review” by C. Körner, 2016, Int.
Mater. Rev. 61, p. 361-377. Copyright 2016 by University Erlangen-Nürnberg [97].

grain boundaries, upon which thermal stresses induced by solidification shrinkage can

act to form and propagate cracks [99, 101]. The weldability debit for high γ′ volume

fraction superalloys can be visualized with the use of Prager-Shira diagrams (Fig. 1.19)

from the welding literature which show that Ni-base superalloys with increasing amounts

of γ′ formers such as Al and Ti experience increasingly worse susceptibility to these hot

cracking mechanisms [102].

Several strategies have been employed in high γ′ volume fraction Ni-base superalloys

to overcome this cracking susceptibility, with several studies producing alloys with signif-

icantly reduced crack densities. Careful control of process parameters like scan speed and
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Figure 1.19: Prager-Shira diagram showing weldability as a function of Al vs. Ti
content of several Ni-base superalloys. Adapted from “Progress in joining of advanced
materials” by G. Çam and M. Koçak, 1998, Int. Mater. Rev. 43, p. 1-44. Copyright
1998 by Taylor and Francis. Adapted with permission [102].

beam power along with high pre-heat temperatures above 1000 °C that are possible in

EBM can produce fully-dense samples of 2nd-generation blade alloy CMSX-4 [103]. These

alloys have fine columnar grains that grow epitaxially from previous layers with a strong

〈001〉 grain texture aligned with the build direction. Extensive design of experiment

(DOE) searches are needed to locate the combinations of these three process parameters

that produce alloys with the least amount of lack-of-fusion defects, hot cracks, and poros-

ity, often revealing that these superalloys have smaller processing windows compared to

more weldable alloys such as IN718 [98]. Similar DOE studies on CMSX-4 using SLM

were able to reduce process induced cracking and porosity, but the elimination of hot

cracks that formed during printing was not successful [104]. The excellent beam control

and preheat in EBM can be tuned to produce specimens with a single crystalline core
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that is surrounded by a couple mm thick polycrystalline shell [103, 105, 106, 107]. After

appropriate solution and aging heat treatment, creep tests on the extracted single crys-

talline cores have demonstrated that AM produced CMSX-4 single crystals have excellent

creep rupture life [108]. This is likely due to the excellent chemical homogeneity in the

alloy after heat treatment due to the fine-scale segregation produced by EBM compared

to the Bridgman single crystal growth process [105]. This technique has also been suc-

cessfully applied to produce single crystals of alloys such as Nimonic 105, Haynes 282,

IN738, and MarM-247 (although this alloy exhibited significant cracking, as expected),

and these alloys would likely possess good creep properties without the need for tradi-

tional single crystal casting [109]. However, single crystals produced by EBM have only

been demonstrated to be grown as bars with dimensions less than 1.5 cm × 1.5 cm in the

XY-plane and it is unclear whether these process parameters can produce components

with complex thin-walled geometries (such as turbine blades) and sufficiently control the

local thermal conditions and meltpool geometry necessary for single crystalline growth.

A mechanism-driven approach through grain-boundary engineering has been sug-

gested by Kontis et al. in 2019 where control of the grain boundary density and grain

morphology are leveraged to reducing cracking susceptibility [101]. Modifications of pro-

cess parameters in EBM can promote either equiaxed grain structures or fine-grained

columnar grain structures that more evenly distribute highly segregating elements such

as B, Cr, and Mo and distributes the thermal stresses formed during AM over more grain

boundary interfaces. When columnar grain widths are widen along the height of the build

(>100 µm), cracking begins to appear at sample heights above 12 mm. Interestingly, hot

cracks are demonstrated to propagate along high angle grain boundaries aligned with the

build direction while low angle grain boundaries appear to be more immune [99].

The bridging and coalescence of dendrite arms can be rationalized by the theoretical

models of Rappaz that describe the last stages of solidification and attempt to describe the

39



Introduction and Background Chapter 1

temperatures at which a coherent solid forms, i.e. a solid that can sustain tensile stresses

[110]. Grain boundaries during solidification can be described as either “attractive” or

“repulsive” depending on the magnitudes of the grain boundary energy, γgb, and the

solid-liquid interfacial energy, γsl. For pure metals, two approaching planar solid-liquid

interfaces coalesce into a grain boundary at a critical undercooling, ∆Tb, given by

∆Tb =
γgb − 2γsl

∆sf

(
1

δ

)
(1.7)

where δ is the thickness of the solid-liquid interface and ∆sf is the entropy of fusion [110].

If γgb < 2γsl, then ∆Tb < 0 and the liquid film is unstable. Coalescence will occur as soon

as the interfaces get close enough (a distance on the order of δ which can be ≈1 nm) and

is typical of dendrite arms belonging to the same grain. When γgb > 2γsl, as is likely the

case for high angle grain boundaries with misorientations greater than 15°, liquid films

remain stable to lower temperatures and coalescence is delayed. This is further affected

by solute-enrichment in the liquid that occurs in highly alloyed Ni-base superalloys. In

summation, these processes produce deep, liquid channels between solidifying dendrite

arms that are difficult to feed additional liquid into that can offset the shrinkage that

occurs during solidification and cooling. Tensile stresses acting upon these regions can

produce a void or crack as shown by the hot-tearing criterion of Rappaz, Drezet, and

Gremaud (RDG) and by S. Kou in their modified cracking criterions [111, 112].

Due to the incompatibility of commercial high γ′ volume fraction Ni-base superalloys

with fusion-based additive processes, it is a question whether alloy modification is an ap-

propriate route to develop high temperature materials for AM. As mentioned previously,

the compositional designs of blade alloys have historically been adjusted and modified to

take advantage of new processing pathways such as directional solidification and Bridg-

man single crystal casting. One strategy has been to carry out alloying modifications
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Figure 1.20: An overview of alloy chemistry and microcracking susceptibility of
IN738LC with varying minor element contents. Adapted from “Processability of dif-
ferent IN738LC powder batches by selective laser melting” by R. Engeli, T. Etter, S.
Hövel, and K. Wegener, 1998, J. Mater. Process. Tech. 229, p. 484-491. Copyright
2016 by ALSTOM Technologie AG. Adapted with permission [113].
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that are within the pre-existing alloy specifications such that alloy recertifications are

largely avoided. This has been demonstrated to be somewhat successful for Hastelloy X

in SLM where reductions of tramp elements such as O, N, Cu, Pd and P combined with

increases to solid-solution strengthening elements such as Cr, Mo, and W resulted in a

65% reduction in crack density compared to unmodified Hastelloy X [114]. Control of

tramp and minor elements in particular can have a strong impact on printability, which

motivates the need for strict powder quality control for AM. Engeli et al. investigated

the printability of high γ′ volume fraction IN738LC in SLM where multiple alloy powders

were acquired from eight different powder suppliers and the print parameters were kept

constant [113]. A summary of the alloy chemistries and the printing results are displayed

in Fig. 1.20. All of the powders had spherical morphologies, except for powder F which

was water atomized. While all of the alloys experience some degree of microcracking, a

few of the alloys such as alloys D, G, and H had significantly reduced amounts of mi-

crocracking. Regression analysis of the tramp element concentrations and the measured

crack densities revealed that several elements such as Si, Ga, and Pb were most correlated

with increased crack density. The fourth largest contributing factor was the combined

Al+Ti concentration, agreeing well with the previous Prager-Shira diagrams. The pow-

der characteristics also played a role in the amount of residual porosity after printing,

with insufficient flow behavior and low apparent density resulted in poor powder recoat-

ing in each layer and increased porosity. Engeli et al. claim that through appropriate

powder quality and compositional control, it is possible to fabricate crack-free parts of

SLM IN738LC [115].

An additional research thrust is to develop novel superalloys for additive that are

initially designed with the additive process in mind. Tang et al. presents an “alloys-by-

design” approach that consists of combined computational predictions and experimental

validations to develop Ni-base superalloys with improved 3D printability [116]. The
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search space consisted of Ni-Cr-Co-Al-Ti-Nb-Ta-W-Mo alloys where a 0.1 at.% resolution

resulted in over 107 trial alloy compositions. For each composition, the freezing range was

estimated by a Scheil analysis assuming no back-diffusion (i.e. no diffusion in the solid

and infinite diffusion in the liquid), an estimate of the strain-age cracking susceptibility

(described as a weighted sum of γ′-forming alloy content in of Al + 0.5Ti + 0.3Nb +

0.15Ta in wt.%), the mole fraction of γ′ at 900 °C, and the estimated 1000 h creep life at

137 MPa. By setting limits for the freezing range and strain-age cracking merit index,

a Pareto front was developed upon which trial alloys were selected for atomization and

fabrication through SLM. Two early alloys named ABD-850AM and a higher γ′ forming

alloy called ABD-900AM were developed and printed. These alloys possess an excellent

resistance to both cracking in the solidfying state and cracking in the solid state, as

demonstrated by comparisons to the cracking observed in high γ′ volume fraction alloy

CM247LC and medium γ′ volume fraction alloy IN939. The ABD alloys also show

attractive combinations of ductility and strength at high temperatures. However, the

compositional tuning that was performed to enhance the printability of these alloys also

results in a suppressed γ′ solvus temperature of 1025 °C for ABD-850AM (compared

to 1250 °C for CM247LC measured in their study) and a reduced γ′ volume fraction of

20-30%. Therefore, for the intense temperature and stress combinations experienced by

blade alloys, it is likely that these alloys would not be suitable in their creep performance

for these conditions. Despite these differences in the final alloy design compared to

existing single crystal blade alloys, the consideration of the cracking risks in the solidifying

and full-solid state into the design process allowed for the creation of novel alloys that

were readily printable and exhibited promising mechanical properties.

In this thesis, we will consider the high γ′ volume fraction CoNi-base superalloys

described in Ch. 1.2 for processing through AM. Similar to commonly used blade alloys,

CoNi-base superalloys can have a two-phase γ-γ′ microstructure after appropriate heat
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treatments and have been demonstrated to have more favorable solidification characteris-

tics compared to their Ni-base counterparts. This could result in a reduced hot cracking

susceptibility by reducing the extent of liquid films between solidifying dendrite arms.

Additionally, these alloys tend to have reduced γ′ solvus temperatures while maintain-

ing sufficiently high solidus temperatures, which results in a wider processing window

between the γ′ solvus and the solidus temperature where the alloy is single-phase γ.

This may delay the impact of strain-age cracking by reducing the rapid γ′ formation at

short-times after solidification. Since the yield strengths are often reduced in this class

of alloys compared to Ni-base superalloys, this also may allow for greater relaxation of

thermal stresses during the printing process if γ′ does form. The design of a CoNi-alloy

with elevated γ′ solvus, promising oxidation response, and low density is presented in

Ch. 3. The printability of this CoNi-base superalloy by both SLM and EBM, the two

most widely used fusion-based AM techniques, is demonstrated in Ch. 5 and investiga-

tions of the microstructure evolution and high temperature tensile behavior is presented

in Ch. 6. This demonstrates that CoNi-base alloys are promising candidates for further

development and are amenable to fusion-based AM processes.
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Chapter 2

Low cycle fatigue of Co-base

superalloys†

In this chapter, the low cycle fatigue response of model Co-base superalloys coated with

a CoNiCrAlY coating are assessed in load-control at 750 °C. Fracture surface imaging

and cross-sections of the post-mortem specimens reveal the presence of oxidized surface

cracks that are responsible for surface crack initiation, even with the assistance of a

coating. TEM investigations near the tip of an oxidized surface crack identify the oxides

and metallic phases that formed during fatigue testing. This work demonstrates that

improving the oxidation response of this class of alloys will be essential to improve their

mechanical properties at elevated temperatures and motivates the alloy design study in

the subsequent Ch. 3.

†Significant portions of this chapter are reproduced from the following article: S.P. Murray, J.-C.
Stinville, P.G. Callahan, R.K. Rhein, and T.M. Pollock, Low Cycle Fatigue of Single Crystal γ′-containing
Co-based Superalloys at 750 °C. Metall. Mater. Trans. A 51 (2020) 200–213. [doi] [117]
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2.1 Introduction

Single crystal Ni-based superalloys are designed to have favorable oxidation behav-

ior, enabled by the formation of a passivating layer of α-Al2O3 upon high temperature

exposure to air. This oxide scale significantly impedes the ingress of oxygen and pro-

vides resistance to surface crack initiation during high temperature cyclic loading. The

solidification process employed for production of single crystal alloys introduces µm-scale

shrinkage pores at the scale of the secondary dendrite arm spacing [118]. Such mi-

crostructural inhomogeneities behave as stress concentrations and can promote strain

localization and subsequent crack initiation during cyclic loading. Since these features

are typically <100 µm in diameter, their associated stress intensity factors are normally

below the threshold cyclic stress intensity necessary for crack propagation [82, 118]. For

this reason, a significant portion of fatigue life for single crystal superalloys is spent in

crack initiation, as opposed to propagation.

Improvements in materials for turbine applications are motivated by increasing tur-

bine engine temperatures, which results in a thermodynamically more efficient engine

cycle [2]. However, as the temperatures experienced by Ni-based superalloy components

approaches their solidus temperatures, novel materials with elevated melting tempera-

tures are desired for future engine designs. γ′-containing Co-based superalloys have been

explored as a promising class of alloys for high temperature load-bearing applications.

These alloys possess a morphologically identical microstructure to Ni-based superalloys

while exhibiting solidus temperatures up to 100 °C greater [23]. Due to favorable solute

partitioning during solidification, these alloys are amenable to single crystal casting by

conventional methods [51]. The mechanical properties of these alloys have been studied

with respect to high temperature strength [24, 25, 119], creep behavior [62, 64, 120], and

elastic response [121]. However, limited studies have been performed to investigate the
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response of γ′-containing Co-based superalloys to high temperature cyclic loading.

Strain-controlled low cycle fatigue tests at 750 °C performed by Freund et al. have

demonstrated that polycrystalline CoNi-based superalloys have a fatigue response that is

comparable to conventional Ni-based polycrystalline cast-and-wrought alloys [122]. This

promising result motivates the investigation of other classes of Co-based superalloys.

The goal of this study is to evaluate the low cycle fatigue response of single crystal Co-

based superalloys at 750 °C in air. By identifying the mechanisms that promote fatigue

failures at elevated temperatures, alloying strategies for improved fatigue resistance will

be discussed.

2.2 Methods

2.2.1 Materials

The quinary alloys for this study were based upon the ternary Co-Al-W system and

were denoted as TiNb and TaNb due to the 1-2 at.% additions of these elements, respec-

tively. The alloy compositions were measured by direct current plasma atomic emission

spectroscopy (DCP-AES) and are presented in Table 2.1. Single crystal bars of these

alloys were cast using the Bridgman method with an ALD single crystal growth system.

The casting molds were preheated to 1575 °C and withdrawn from the hot zone at a

rate of 3.4 mm/min. Homogenizing heat treatments at 1340 and 1315 °C for 24 h were

performed under vacuum on the TaNb and TiNb alloys, respectively. An aging heat

treatment of 900 °C for 24 h was applied to coarsen the γ′ precipitates. The γ′-solvus

temperatures of the heat-treated alloys were measured with differential thermal analysis

(DTA) using a Setaram Setsys 16/18 at a heating rate of 5 K min−1 under flowing Ar.

The DTA was calibrated with Sn, Ag, Au, Ni, and Pd of at least 99.99% or greater
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purity to ensure accurate measurements at elevated temperatures. Additional details on

the single crystal alloys used in this study are reported in a previous publication [123].

Table 2.1: Compositions of Alloys and Coating (at.%, DCP-AES for alloys, EPMA
for coating)

Alloy Co Ni Al W Ti Ta Nb Cr Y γ′-solvus Solidus

TiNb 79.0 - 10.0 8.4 1.4 - 1.2 - - 1087 °C 1362 °C
TaNb 79.8 - 10.3 7.9 - 1.1 0.9 - - 1074 °C 1370 °C

Coating 32.7 28.5 20.0 - - - - 18.7 0.1 - -

Figure 2.1: A CoNiCrAlY coated single crystal Co-base superalloy before low cycle
fatigue testing.

Cylindrical dogbone-shaped specimens with a 5 mm wide gauge diameter were ma-

chined from the single crystal bars using low stress grinding. A CoNiCrAlY coating was

applied to the gauge sections of all specimens through a plasma spray process. An ex-

ample of a coated dogbone is presented in Fig. 2.1. This coating was applied to inhibit

extensive surface oxidation during high temperature testing that could have resulted in

significant loss of cross-sectional area in the gauge section. The surface of the speci-

mens were grit-blasted in order to improve the adherence of the protective coating and

a 2 h anneal was performed at 1121 °C after the coatings were applied. This annealing

temperature was above the γ′-solvus for both alloys considered in this study, and there-

fore the morphology and size of the γ′-precipitates within the superalloys are a result of

cooling from this final heat treatment. A backscattered electron (BSE) micrograph of

the two-phase γ + β coating prior to fatigue testing is shown in Fig. 2.2. The average
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thicknesses of the coatings were measured from cross-sections to be 106 ± 6 µm and 157

± 9 µm for the TiNb and TaNb specimens, respectively. The composition of the coat-

ing is presented in Table 2.1 and was assessed by electron probe microanalysis (EPMA)

on a Cameca model SX100 containing five wavelength-dispersive spectrometers and a

CeB6 thermionic filament. W-rich and Al-rich interfacial phases between the superalloy

substrate and coating were observed before fatigue testing, and likely formed during ap-

plication and processing of the coating. The pre-fatigue superalloy microstructures are

shown in Fig. 2.3. The presence of an Al-rich β-phase in the superalloy substrate on

the order of 5 vol.% was observed in both alloy compositions before fatigue testing along

with a trace amount of a W-rich phase in the TaNb alloy. The volume fractions of the

γ′-precipitates were measured by applying the Yen threshold along with a despeckle filter

in Fiji to BSE images taken in regions far from any β-phase precipitates [124, 125]. The

γ′ volume fractions were measured in these regions to be 79% and 77% for the TiNb and

TaNb alloys, respectively.

Figure 2.2: BSE micrograph showing the CoNiCrAlY coating applied to a TiNb spec-
imen before fatigue testing. The coating consists of a two-phase γ + β microstructure
and the formation of interfacial phases between the coating and substrate are observed.
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Figure 2.3: BSE micrographs of the starting microstructures for the (a) TiNb and (b)
TaNb specimens. Inset micrographs display the fine cuboidal γ-γ′ microstructure.

2.2.2 Fatigue testing procedure

Fatigue testing was performed in an MTS hydraulic test frame with a 100 kN load

cell. An Ambrell induction heating system with a custom-built water-cooled copper

heating coil heated the specimens during testing. The test temperature was maintained

by a Eurotherm 2404 Controller combined with a Micro-Epsilon two-color pyrometer

that measured the specimen surface temperature in the center of the gauge section.

Temperature fluctuations of ±2 °C were observed during testing. The loading sequence

was controlled by an MTS 458.20 MicroConsole. Cyclic strains were measured with a

ceramic tipped extensometer centered on the gauge.

Load-controlled fatigue tests were performed isothermally at 750 °C in laboratory air

with R = 0.1, (where R = σmin/σmax). The use of a small, non-zero R-ratio prevented

sample slippage in the grips during cycling. Loading was applied with a triangular

waveform at a frequency of f = 0.5 Hz. Maximum stresses in the loading cycle were at

or above the elastic limits of the specimens in order to induce failure in the low cycle

regime (105 to 106 load cycles). Samples that survived for more than one week (i.e.

∼300,000 cycles) were interrupted and labelled as run-outs. Upon rupture, induction

heating was automatically shut-off and the specimens were held in the water-cooled grips
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until they returned to room temperature. An interrupted test was also performed at a

fraction of the fatigue life in order to investigate the development of fatal cracks. For

this test, the loading program was halted followed by shut-down of the induction coil,

allowing the sample to cool while remaining in the water-cooled grips under minimal

external load.

2.2.3 Characterization

Ruptured specimens had their fracture surfaces investigated and were subsequently

cross-sectioned longitudinally by electrical discharge machining (EDM) through locations

near the initiation sites. These cross-sections were hot mounted in Epomet, ground down

to 1200 grit SiC paper, and then polished to a 0.05 µm finish using a colloidal alumina

suspension in a Vibromet polisher. Optical microscopy was performed using a Keyence

VHX-5000 digital microscope. 2D-stitching enabled imaging of the entire mounted cross-

sections and 3D-stitching was used to create high-resolution images of the entire fracture

surface in focus. Scanning electron microscopy (SEM) observations were made using a

FEI Nova NanoSEM 650 with a Schottky field emission gun operated between 10-30 kV.

Additional microscopy and energy dispersive x-ray spectroscopy (EDX) was performed

using a Thermo Scientific Apreo C SEM equipped with a Schottky field emission gun and

a Si-drift EDX detector. Secondary electron (SE) images and BSE images were collected

during characterization.

For transmission electron microscopy (TEM) observations, specimens were prepared

by two methods: (1) 300 µm thick slices of the fatigue specimens were taken perpen-

dicular to the loading direction using EDM, manually ground to a thickness of ∼100

µm, and finished with 1200 grit SiC paper. Subsequently, 3 mm diameter discs were

punched from these slices and thinned in a Fischione twin-jet electropolisher using a
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92.5 vol.% methanol-7.5 vol.% perchloric acid electrolyte. Jet polishing was performed

at temperatures between -50 to -40 °C with voltages of 16-28 V and currents of 20-28

mA. (2) Additionally, electron transparent lamella were extracted from cross-sectioned

fatigue specimens with the focused ion-beam (FIB) lift-out method using a FEI Helios

NanoLab DualBeam. Final thinning was performed with Ga+ beam settings at 5 kV

and 16 pA. The jet-polished foils were observed at 200 kV using transmission electron

microscopy (TEM) with an FEI Tecnai G2 Sphera equipped with a LaB6 thermionic fila-

ment. Scanning transmission electron microscopy (STEM) EDX mapping was performed

at 200 kV using a Thermo Scientific Talos equipped with a Super-X detector system and

an extreme field emission gun. Standardless quantification of the collected EDX spectra

was performed using the Cliff-Lorimer ratio method within the Velox software package.

STEM-EDX results are presented in terms of at.% where 0 at.% is black and 100 at.% is

white. High angle annular dark field (HAADF) images were also collected at the regions

used for chemical mapping. Similar to the contrast observed in BSE images, the contrast

present in HAADF-STEM micrographs are sensitive to atomic mass (Z), resulting in

brighter regions of the images containing heavier elements. This contrast is referred to

as Z-contrast throughout the text to distinguish between various regions of the observed

oxide scales.

2.3 Results

2.3.1 Fatigue Experiments

A summary of the applied test conditions and fatigue lifetime results for the alloys

studied are presented in Table 2.2. These results are compared to similar load-controlled

tests performed by MacLachlan and Knowles on the 2nd-generation single crystal Ni-
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Figure 2.4: (a) A stress-life diagram with σmax vs. cycles to failure for the coated
single crystal Co-based superalloys in this study compared to load-controlled, T =
750 °C, R = 0 fatigue tests on uncoated 2nd-generation Ni-based superalloy CMSX-4
using data from the literature [81]. (b) A normalized stress-life diagram with σmax/σ

el
y

vs. cycles to failure.

Figure 2.5: Stress-strain plots showing selected stress cycles for (a) TiNb-1, (b)
TiNb-2, and (c) TiNb-3.

based superalloy CMSX-4 with R = 0 and T = 750 °C in Fig. 2.4a [81]. The CMSX-4

specimens in their study were uncoated and exposed to the laboratory air environment

during testing. MachLachlan and Knowles applied loads using a 0.25 Hz trapezoidal 1s

- 1s - 1s - 1s waveform and additionally performed high frequency tests at 100 Hz under

load-control with a sinusoidal waveshape for lower stress tests. Fig. 2.4a shows that

the Co-based superalloys in this study experienced reduced fatigue lifetimes compared

to the Re-containing CMSX-4, particularly at high stresses. For tests performed with

a positive R-ratio, inelastic ratcheting strains developed when applied stresses exceeded
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the elastic limit of the alloy. This can result in fatigue lifetimes that are shorter than

those observed in strain-controlled testing conditions where plastic strains are reversed

during compression. An example of ratcheting strains can be observed in Fig. 2.5b and

2.5c, where cyclic stresses applied above the elastic limit resulted in significant amounts of

strain accumulated. The ratcheting strains stabilized around 2% strain for TiNb-2 cycled

at 575 MPa, whereas the magnitude of the ratcheting strains that were accumulated in

TiNb-3 cycled at 600 MPa are not known since the accumulated strain quickly exceeded

the 3% strain range of the extensometer. For the TiNb-1 test performed at σmax = 550

MPa, loading is nominally elastic and plastic strains are limited throughout the test, as

shown in Fig. 2.5a.

Table 2.2: Summary of test conditions and lifetime results

Alloy Label Initial σmax (MPa) Test End Cycles Test Length (h)

TiNb-1 550 Rupture 156,860 87.14
TiNb-2 575 Rupture 10,436 5.80
TiNb-3 600 Rupture 4,295 2.39
TiNb-4 550 Int. at 25% life 39,297 21.78
TaNb-1 450 Run-out 315,646 175.36
TaNb-2 500 Run-out 378,734 210.41
TaNb-3 550 Rupture 1,328 0.74
TaNb-4 600 Rupture 39 0.02

Fig. 2.4b displays an additional stress-life plot where the initial maximum stresses

have been normalized by the elastic limit, σel
y , measured during the first cycle of test-

ing. The elastic limits were 497 MPa and 540 MPa for TaNb and TiNb, respectively.

For the reference CMSX-4, a value of 949 MPa at T = 750 °C from Hong et al. was

chosen for normalization using the same method [126]. After normalization, the results

for both Co-based superalloys collapse onto the same line, indicating that the composi-

tional differences in fatigue appear through their influence on plastic yielding. For the

tests where loads were applied above the elastic limit of the alloys (i.e. σmax>σ
el
y ), the
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normalized stress-life curves for the Co-based and Ni-based alloys converge. For stresses

applied below the elastic limit, the Co-based superalloys resisted failure and were labeled

as run-outs.

2.3.2 Fractography

Optical micrographs of the fracture surfaces from ruptured specimens are shown in

Fig. 2.6. Surface cracks with almond-shaped crack fronts can be clearly identified due

to the oxidation products left in their wake, which is most clearly shown in Fig. 2.6a.

At lower applied cyclic loads, cracks were observed to either propagate in a Mode I

fashion across most of the gauge width (Fig. 2.6a), or to initially propagate in a Mode I

fashion before transitioning into crystallographic cracks on {111}-type planes (Fig. 2.6b

and 2.6c). The side-view images in Fig. 2.6 are oriented with the fatal surface crack

propagating from left to right, with the angle of the crystallographic crack portions

clearly displayed. A focused view of the crystallographic cracking observed in TiNb-3 is

displayed in Fig. 2.7a. The initial Mode I portions of each fracture surface were associated

with surface oxidation, which indicates that the fatal cracks likely initiated at the surface

and that propagation was enhanced by environmental damage.

Near-surface casting pores have been shown in previous studies to be responsible for

crack initiation at 750 °C for Ni-based superalloys [118, 79]. These features were not

observed to initiate cracks in the investigated Co-based superalloys due to the presence

of the coating and the dominance of the surface cracking. Regions of the fracture surface

far from the surface-initiation sites showed a tendril-like “cup-cone” surface roughness

indicative of ductile fracture (Fig. 2.7d,f) [127]. Regions near the surface-initiation sites

were flat and covered in oxidation products (Fig. 2.7c,e). The oxides in these regions had

a porous, nodular morphology.
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Figure 2.6: Fracture surfaces of the failed specimens taken to failure after fatigue
testing at 750 °C in air. The details for each test are (a) TiNb-1, σmax = 550 MPa,
σmax/σ

el
y = 1.02 (b) TiNb-2, σmax = 575 MPa, σmax/σ

el
y = 1.06 (c) TiNb-3, σmax =

600 MPa, σmax/σ
el
y = 1.11 (d) TaNb-3, σmax = 550 MPa, σmax/σ

el
y = 1.11 (e) TaNb-4,

σmax = 600 MPa, σmax/σ
el
y = 1.21.

Observations of the interrupted and run-out specimens in Fig. 2.8 reveal that the

CoNiCrAlY coating was cracked after interrupted fatigue testing. These surface cracks

became longer and deeper as the time-length of the fatigue tests increased. Addition-

ally, the exterior of the coating darkened as oxide formed upon the protective coating.

Cracking was not observed as an isolated event, and multiple cracks were observed to be

spaced evenly across the gauge section.

2.3.3 Surface Cracking

Cross-sections taken near the initiation sites reveal that the periodic secondary cracks

along the gauge length propagate through the CoNiCrAlY coating and into the superalloy

substrate. An overview of these features is shown in Fig. 2.9. Once a surface crack has

reached past the interdiffusion zone between the coating and the superalloy, extensive

56



Low cycle fatigue of Co-base superalloys Chapter 2

Figure 2.7: SE micrographs of the fracture surfaces of (a) TiNb-3 cycled at σmax =
600 MPa and (b) TiNb-2 cycled at σmax = 575 MPa. Focused views of TiNb-2 near
the initiation site of the fatal crack (c,e) and far from the initiation site (d,f) reveal a
flat fracture surface covered in oxide transitioning into an oxide-free, dimpled, tendril
covered surface typical of ductile fracture.

oxidation occurs along the crack faces and into the superalloy ahead of the crack tip. The

fatigue specimens tested at lower stresses such as TiNb-1 or TaNb-1 possessed post-test

coatings that appeared to have begun to undergo rumpling compared to their starting

microstructure, which is shown in Fig. 2.9 and Fig. 2.10c.

Figure 2.8: Optical micrographs from (a) TiNb-4 before testing (b) TiNb-4 inter-
rupted at 25% of the fatigue life after 21.8 h of cycling (N=39,297), and (c) TaNb-2
interrupted after 210.4 h of cycling (N=378,734)

Fig. 2.10a shows BSE micrographs of the fatal crack for the TiNb-1 alloy tested at

σmax = 550 MPa. This image contains the bottom half of an oxidized surface crack. The

fatal crack was measured to have grown to a length of 280 µm before crack propagation

accelerated. The fracture surface was observed to be oxidized to a depth of 1515 µm along

the length of the fatal crack, but the thicknesses of these oxides were significantly lower
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Figure 2.9: A stitched optical micrograph of a cross-section taken through the fatal
surface crack of the TiNb-1 specimen after rupture. Secondary surface cracks are
observed to be oxidized across the entirety of the gauge section, whereas internal
casting pores are not observed to have initiated cracks. Test details: σmax = 550
MPa, σmax/σ

el
y = 1.02, Nf = 156,860.

than the thicknesses of those that develop during crack initiation, indicating that more of

the fatigue life is spent in crack initiation as opposed to crack propagation at these test

conditions. Fig. 2.10b shows a typical secondary edge crack for the same sample. The

secondary cracks were always observed to be shorter in length than the heavily oxidized

region of the fatal crack.

The lengths of the secondary cracks are dependent on the time-length of the fatigue

test. Fig. 2.10c and 2.10d show typical edge cracks observed in TaNb-2 and TiNb-2

after cycling at 500 MPa for 210.4 h and 575 MPa for 5.8 h, respectively. For the lower

stress test, the oxide scales within the cracks have developed into a layered structure

that contains both oxides and intermetallic phases. Since lower stress fatigue tests result

in more cycles to failure, this allows more time for oxidation to occur. Additionally, at

lower stresses the stress intensity at the crack tip is reduced, resulting in a longer crack

length needed to initiate steady-state crack growth. For the higher stress test shown in

Fig. 2.10d, the layered oxide scales have not yet fully developed due to the shorter time-

length of the fatigue test. However, this cross-section clearly demonstrates the presence
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Figure 2.10: BSE micrographs taken from cross-sections of fatigued Co-based super-
alloys showing (a) the fatal crack and fracture surface of TiNb-1 (σmax = 550 MPa),
along with secondary edge cracks far from the fracture surface from (b) TiNb-1, (c)
TaNb-2 (σmax = 500 MPa), and (d) TiNb-2 (σmax = 575 MPa)

of a γ′-denuded zone ahead of the oxidized crack tip. This likely weakens the alloy

ahead of the crack tip and promotes accelerated crack growth. The extensive formation

of a low Z-contrast oxide is observed to develop once cracks have propagated past the

interdiffusion zone between the CoNiCrAlY coating and into the Co-based superalloy.

In order to better understand the time necessary for crack penetration through the

CoNiCrAlY coating, an interrupted fatigue test was performed on the TiNb-4 specimen

at σmax = 550 MPa. Since the previous test on TiNb-1 at σmax = 550 MPa withstood

156,860 cycles before rupture, it is possible to estimate the percentage of fatigue life

that has been consumed in the interrupted test. The sample surface was monitored

optically during the test every 5% of the fatigue life. The first cracks in the coating
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Figure 2.11: BSE micrographs taken from the TiNb-4 cross-section after cyclic loading
at σmax = 550 MPa, interrupted at 25% of the fatigue life. (a) Cracks propagated from
the surface of the coating to the superalloy, with not all secondary cracks reaching
through the CoNiCrAlY coating. (b) Once cracks reached the superalloy substrate,
cracking through the developing outer oxide layer was observed between pores within
the oxide scale.

were observed at 20% of the fatigue life, and the test was continued until 25% fatigue

life before interruption to allow time for the surface cracks to propagate through the

coating. Fig. 2.11 shows a cross-section through the interrupted sample. Surface cracks

were observed to still be propagating through the coating with several cracks having

already arrived at the superalloy. An enhanced view of an oxidized surface crack that

was still developing is shown in Fig. 2.11b. This interrupted test clearly demonstrates

that oxidation occurs ahead of the open crack tip. Interestingly, cracking can be observed

between pores and flaws that are contained with the porous outer oxide scale.

SEM-EDX mapping was performed to identify the oxides and phases present around

the oxidized crack tip in Fig. 2.10b. However, due to the fineness of the features in the

oxide scale, it was not possible to locally resolve and identify the phases present using

SEM-EDX. For these reasons, TEM investigations were performed on a lamella that

was extracted using the FIB lift-out method near the crack tip parallel to the loading

direction. As shown in the HAADF-STEM micrograph inset on Fig. 2.10b, the 10 µm-

long lamella contained each of the observed oxide layers that formed in the fully developed
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oxidized surface cracks.

2.3.4 Phase Identification by STEM-EDX

Figure 2.12: STEM-EDX chemical maps in at.% that show the distribution of (b) Co,
(c) Al, (d) W, (e) Ti, (f) Nb, and (g) O across the lamella extracted near an oxidized
crack tip within TiNb-1. The overlaid boxed regions in (a) the HAADF micrograph of
this region were selected for detailed mapping. HAADF-STEM micrographs of these
regions are shown in Fig. 2.13.

The use of STEM-EDX allowed for the identification of all phases that formed near an

oxidized surface crack in the TiNb-1 sample cycled at 550 MPa for 87.1 h. An overview

chemical map was collected using drift-corrected STEM-EDX across the lamella in order

to identify the distribution of different elements within the oxide scale. While the Z-

contrast in the HAADF-STEM micrograph in Fig. 2.12a provides qualitative information

about the phases present, the Co at.% map clearly indicates the presence of a Co-rich

outer oxide layer, a Co-depleted inner oxide layer, an internal precipitation region, and
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a γ′-denuded zone that contains Co-rich and Co-depleted metallic phases. Interestingly,

these compositional maps reveal the presence of small, nodular Ti-rich oxides located

near Al-rich oxides distributed through the internal precipitation region. Locating and

characterizing these Ti-rich oxides from Z-contrast and point EDX measurements alone

would be difficult due to their low contrast and small size.

After identifying the different regions of the oxide scale, local drift-corrected chemical

maps were acquired at the three different locations indicated in Fig. 2.12a. HAADF-

STEM micrographs from these regions are displayed in Fig. 2.13. The compositions of

single phase regions were extracted from the acquired maps at the numbered locations

in Fig. 2.13 and a summary of this compositional data is displayed in Table 2.3. By

comparing the compositions observed here to phases known to form during oxidation of

similar Co-based alloys, each phase was identified [43, 44, 46, 128, 129]. The outer oxide

layer was observed to be made of CoO, whereas the inner oxide layer was a mixture

of both CoAl2O4 and CoWO4. The internal precipitation region consists of a tortuous,

non-continuous network of Al2O3 with nodular TiO2 particles that form adjacent to the

Al2O3. This observation is in agreement with oxidation studies on Ti-containing Ni-based

and CoNi-based superalloys [129, 130]. Also within this region is the precipitation of the

Co3W χ-phase alongside a Co-rich γ-phase. The formation of χ phase is expected due

to the depletion of Al to the oxide scale, which shifts the composition of the alloy locally

into a W-rich two-phase field between γ and χ [23]. Deeper into the internal precipitation

region, the formation of Al2O3 and TiO2 is no longer observed and there is a region that

only contains χ and γ. The original γ-γ′ microstructure of the alloy is recovered far from

the oxide scale.

Oxidation studies on pure Co have experimentally confirmed that CoO and Co3O4

can form within the outer oxide layer, with CoO formation becoming dominant at tem-

peratures above 900 °C [131]. Further examination of the BSE micrographs of the oxide
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spikes in Fig. 2.10b and 2.10c indicate two different regions of contrast within the outer

Co-rich oxide layer. The Z-contrast of the outermost Co-rich oxide is observed to be

darker than the adjacent Co-rich oxide layer, so it is concluded that both Co3O4 and

CoO are present within the crack after fatigue testing at 750 °C. The lamella used for

STEM-EDX in this study was found to only contain CoO in the outer oxide scale, and

this is expected since CoO has been observed to form below Co3O4 during isothermal ox-

idation tests on ternary Co-Al-W alloys at 800 °C [132]. This observation of CoO within

the lamella is further supported by the observation of the CoAl2O4 spinel in the inner

oxide scale, since this spinel can be synthesized in solid-state reactions between CoO and

Al2O3 [133].

Figure 2.13: HAADF-STEM micrographs from the three regions of interest outlined
in Fig. 2.12a with overlaid graphics showing where compositional data was extracted.
Compositional measurements and phase identification are summarized in Table 2.3.

2.3.5 TEM observations of planar faults near stress concentra-

tions

Fig. 2.14 shows a summary of representative micrographs from TEM investigations

on the microstructure within the bulk of the TiNb-4 sample that was interrupted near

25% fatigue life. The features shown in Fig. 2.14 are located near the center of the
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Table 2.3: Compositions (in at.%) acquired by STEM-EDX maps of each region in Fig. 2.13

Region Co Al W Ti Nb O Oxide / Phase

1 54.82 0.46 0.01 0.06 0.05 44.59 CoO
2 57.15 0.33 0.01 0.05 0.03 42.43 CoO
3 16.52 24.31 1.70 1.77 1.97 53.75 CoAl2O4

4 20.82 2.66 15.37 0.92 2.40 57.83 CoWO4

5 0.49 36.19 0.04 5.48 0.64 57.16 Al2O3

6 4.93 5.79 1.04 21.93 9.54 56.77 TiO2

7 1.98 8.07 0.34 28.88 6.05 54.69 TiO2

8 1.04 44.51 0.17 0.33 0.09 53.86 Al2O3

9 77.09 2.79 13.41 1.00 2.02 3.69 χ (Co3W)
10 1.06 41.82 0.03 0.79 0.07 56.22 Al2O3

11 95.36 0.97 0.82 0.07 0.09 2.68 γ (Co)
12 78.71 3.63 11.59 1.15 1.56 3.37 χ (Co3W)
13 92.44 2.91 1.47 0.22 0.10 2.87 γ (Co)

gauge section, far from any oxidized surface cracks that had begun to progress through

the coating. Fig. 2.14a and 2.14b display the region surrounding a β-phase precipitate.

A focused view on the interface between one of these β-phase precipitates and the γ-γ′

microstructure is shown in Fig. 2.14c and 2.14d, with the γ-γ′ microstructure far from

any β-phase precipitates shown in Fig. 2.14e and 2.14f.

The observed β-phase precipitates are surrounded by envelopes of the γ′-phase. These

γ′-envelopes have been shown to form upon cooling after high temperature solutionizing in

β-containing Ni-based alloys, with thicker γ′-envelopes forming upon slower cooling [134].

The bright field, dark field, and weak-beam dark field images in Fig. 2.14a-d show a high

density of stacking faults within the γ′-precipitates surrounding the β-phase along with

dislocation debris that fills the γ channels. It is likely that these faults and dislocations

formed during cyclic loading, with the β-phases acting as stress concentrations that

promote high stresses resulting in shear of the γ′-phase. It may be inferred that the

stress concentrations associated with cracks propagating through the material would

result in similar shearing events. The lower applied stresses during this fatigue test
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(σmax/σ
el
y = 1.02) can explain the mostly undisturbed γ-γ′ microstructure far from the

β-phase precipitates, which is shown by the bright field images in Fig. 2.14e and 2.14f

using (200) and (220) g-vectors, respectively. The additional contrast that appears to be

within the γ′-precipitates is likely due to the small scale of the γ′-precipitates, resulting

in multiple γ′-precipitates through the thickness of the foil. However, large precipitates

such as the one near the center of Fig. 2.14e and 2.14f demonstrate that the γ′-phase

remains largely un-sheared after interruption at 25% fatigue life.

2.4 Discussion

Figure 2.14: TEM micrographs from the bulk of the interrupted TiNb sample, showing
(a,b) stacking faults surrounding a β-phase precipitate, (c,d) a focused view of the
interface between a β-phase precipitate and the γ-γ′ microstructure, (e,f) a region of
undisturbed γ-γ′ far from any β-phase precipitates.
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The present study demonstrates the important role of oxidation in the fatigue response

of γ′-containing Co-based superalloys, in spite of the presence of a CoNiCrAlY coating.

Surface cracks are observed to propagate through the coating as early as 25% of the

fatigue life. Upon extension of these cracks into the base Co-based superalloy, oxidation

of the base metal ahead of the crack tip occurs. This likely promotes accelerated crack

propagation through the oxide scale between flaws that develop in the oxide scale, such

as pores and cracks.

The cracking of the coating occurred early during the fatigue tests despite the testing

temperature of 750 ◦C being above the ductile-to-brittle transition of the applied CoNi-

CrAlY coating [135]. This cracking may be due to a variety of factors. MCrAlY coatings

(M = Ni,Co) typically have coefficients of thermal expansion (CTE) that are greater than

Ni-based superalloys [136, 137], but form oxides with lower CTEs that can periodically

spall due to the large compressive stresses present [138]. Due to the multiphase character

of the coating, oxidation-assisted intrusions that eventually form cracks have been ob-

served [138]. While the formation of interfacial phases between the coating and Co-based

superalloy substrate are observed in this study, these phases do not continue to develop

during testing at 750 ◦C and delamination cracking along the coating-substrate interface

was not observed. Therefore it is likely that cracking occurred due to an oxidation-assisted

fatigue crack growth process through the relatively soft γ + β coating. This is supported

by cross-section observations of the interrupted fatigue test on TiNb-4 (Fig. 2.11a) where

cracks within the coating initiated at the surface and propagated along the grain bound-

aries of the coating where the diffusivity of oxygen is enhanced. This oxidation-assisted

process is slower through the coating than through the superalloy substrate due to the

high Al and Cr content of the coating providing oxidation resistance.

Cracking through the oxide scale at the crack tip has been previously considered in

fatigue crack initiation and propagation modeling on single crystal Ni-based superalloys
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by Martinez-Esnaola et al. [139]. This can occur due to local stresses around flaws

that develop within the oxide scale near the crack tip. These stresses eventually exceed

the fracture toughness of the oxide, and the crack propagates. The fracture toughness

of NiO in tension has been assessed at room temperature and 900 °C to be 0.41 and

∼1.61 MPa
√

m, respectively. The fracture toughness of cobalt oxides such as CoO and

Co3O4 have not yet been experimentally investigated [140]. Theoretical modeling of ideal

fracture toughness at room temperature for CoO and NiO provides fracture toughness

values of 1.19 and 1.52 MPa
√

m respectively, which indicates that Co-rich oxides may be

slightly more susceptible to cracking during fatigue crack propagation [141].

In order to assess what length the cracks must become in order to initiate steady-

state crack growth in the Paris regime, the stress intensity factor at the crack tip can be

considered. For an edge crack in a round bar under tension, the stress intensity can be

expressed as:

∆K = F∆σ
√
πa. (2.1)

where ∆K is the stress intensity range, F is a shape factor, ∆σ is the cyclic stress range,

and a is the length of the crack measured from the surface to the farthest crack front

[142]. As an example, we shall consider the TiNb-1 sample cycled at 550 MPa. Optical

micrographs of the fracture surface in Fig. 2.6a and cross-sections through the fatal crack

in Fig. 2.10a show that the fatal surface crack reached a length of approximately 280 µm

before the crack growth rate accelerated. Once the crack growth rate accelerates, the

oxide observed on the fracture surface is thin due to less time allowed for oxide formation,

which provides clear evidence of the transition from crack initiation to crack propagation.

The shape factor in Eq. 1, F , depends on the ratio between the crack length and the

diameter of the round bar, resulting in a value of F = 0.74 [142]. Inserting these values
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into Eq. 1 yields:

∆K = 0.74 ∗ 500 MPa ∗
√
π ∗ 280 µm = ∆KTh = ∼11 MPa

√
m. (2.2)

where ∆KTh now represents the threshold stress intensity factor. This estimate for the

threshold stress intensity factor can be used in comparison to threshold stress intensity

factors for Ni-based superalloys that have been measured using compact tension fatigue

crack growth experiments. For René N5, a 2nd-generation single crystal Ni-based superal-

loy, the threshold stress intensity factor under similar loading conditions (T = 750 °C, R

= 0.1, f = 0.5 Hz, in air) has been measured as ∆Keff
Th = 12.25 MPa

√
m after considering

the effect of oxide-induced crack closure. These values agree well with the estimate made

for the Co-based superalloys studied in this work, indicating that oxide-induced crack

closure may affect crack growth while cycling under near-threshold conditions. In this

case, it is worth considering the Pilling-Bedworth Ratio where PBR = Voxide/Vmetal [143].

All of the transition metal oxides have a PBR >1 [144], and the PBR of native oxides

on metals of interest are PBRAl2O3/Al = 1.28, PBRNiO/Ni = 1.65, PBRCoO/Co = 1.76, and

PBRCo3O4/Co = 1.98. PBR values >1 result in compressive stresses in the oxide scale

during growth, which can promote oxide spallation and cracking [145], whereas metals

with a PBR of <1 form non-protective oxide scales that are not able to sufficiently cover

the metal surface. Since the molar volumes of Co and Ni are similar, the higher PBR

for CoO and Co3O4 likely promotes oxide-induced crack closure in Co-based superalloys

more significantly than NiO in Ni-based superalloys.

Once the cyclic stress intensity factor is above the threshold stress intensity factor

within the Paris regime, the change in length of the crack per cycle, da/dN , can be
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related to the cyclic stress intensity factor, ∆K, through the Paris Law [146]:

da/dN = C(∆K)m (2.3)

where C and m are materials dependent constants. Given an initial flaw size, ao, and

a final flaw size, af , that depends on the fracture toughness, Eq. 3 can be integrated to

obtain an expression for the estimated cycles to failure:

Nf =
1

C(F∆σ
√
π)m

( 1
m
2
− 1

)[ 1

a
m
2
−1

o

− 1

a
m
2
−1

f

]
. (2.4)

where m 6= 2. Reviewing the crack growth data on René N5 under similar loading

conditions of T = 750 °C, R = 0.1, f = 0.5 Hz, in air, the constants C and m are

determined to be 2.95∗10−12 MPa−1.69 m−.845 and 1.69, respectively [82]. Once again, we

can consider the TiNb-1 sample cycled at 550 MPa. If we assume that (1) steady-state

crack growth behavior began when ao = 280 µm and rupture occurred slightly after af =

1515 µm, (2) that the shape factor, F , remains constant at F = 0.96 during crack growth,

and (3) if the values of C and m for René N5 apply to the Co-based superalloys tested

in this study, we would expect Nf = 2,058,896 cycles to rupture. Since rupture occurred

much earlier for TiNb-1 (Nf = 156,860 cycles) under these test conditions, we can infer

that the crack growth rates in this alloy are significantly higher than those observed in

Ni-based superalloys. Accelerated fatigue crack growth within the Paris regime is an

additional explanation for the short fatigue lifetimes observed, and is likely exacerbated

by the non-protective oxidation response that results in the formation of large oxidized

surface cracks and γ′-denuded zones.

Fatigue crack initiation in coated single crystal Co-based superalloys has exclusively

been observed to occur at the surface at the test temperature of 750 °C. In the case of
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fully-reversed strain-controlled low cycle fatigue tests on single crystal Ni-based super-

alloy AM1, failure due to oxidized surface cracks is not observed until temperatures of

950 °C and above [147]. A competition exists between internal crack initiation, which

can be thought of as “in-vacuum”, and surface crack initiation that is promoted by en-

vironmental effects. Low cycle fatigue tests within vacuum chambers at 950 °C have

demonstrated that when the influence of the environment is significantly reduced, fa-

tigue failures once again initiate at internal inhomogeneities in single crystal Ni-based

superalloys [79]. Oxidation-assisted fatigue crack initiation and propagation appears to

be the dominant failure mechanism under the test conditions presented above. This find-

ing motivates the design of Co-based superalloys with improved oxidation response at

high temperatures.

Co-Al-W ternary alloys do not intrinsically form protective Al2O3 scales upon ox-

idation, although the presence of internal Al2O3 particles develop in the early stages

of oxidation [148]. While previous studies have shown that the formation of Al2O3 is

achievable in Co-based superalloys upon alloying with Cr additions, the scale formation

is sluggish and results in thick layers of over-laying inner and outer oxides during the

oxidation process [23, 46]. These overlaying oxides are susceptible to spallation, leading

to mass loss at elevated temperatures [45]. Additions of 10 at.% Cr can promote the

formation of Cr2O3 and Al2O3 that can passivate Co-based superalloys from the ingress

of oxygen [44]. However, it has been established that Cr2O3 is non-protective at high

temperatures due to significant volatilization of Cr2O3(s) into CrO2(OH)2(g) by water

vapor and oxygen above 1000 °C [149, 150]. Since the combustion environments that Co-

based superalloys are being considered for can have temperatures that exceed 1000 °C

and contain water vapor, it is beneficial to focus on alloy compositions that promote pro-

tective Al2O3 oxide scales. Additionally, the role of Cr as a γ-former has been established

in Co-Al-W-based superalloys, which is associated with reduced γ′-solvus temperatures
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along with the promotion of 3rd-phase formation upon additions of only 2 at.% Cr [151].

Therefore, it is desirable to only include sufficient amounts of Cr to promote protective

oxide scale formation without destabilizing the microstructure.

Due to the limited solubility of alloying additions in the Co-Al-W ternary system,

alloying strategies that rely on large additions of Cr for oxidation resistance and large

additions of γ′-formers such as Ta, Ti, and Nb for high temperature strength are difficult

to achieve without the formation of 3rd-phases that may be deleterious to the mechanical

properties of the alloy. However, additions of Ni into the Co-Al-W ternary greatly widen

the size of the γ/γ′ two-phase field leading to a flexible design space [27]. This has

led to the development of multinary CoNi-based superalloys that have promising high

temperature mechanical properties alongside promising oxidation resistance [152, 153].

As a result of a combinatorial study performed by Stewart et al., CoNi-based superalloys

with promising oxidation behavior and high temperature stability are currently under

development [46, 48, 49]. The low cycle fatigue response of these single crystal CoNi-

based superalloys is currently under investigation and may be greatly enhanced compared

to Co-based superalloys due to their improved oxidation resistance and elevated high

temperature strength.

2.5 Conclusions

This study has investigated the load-controlled fatigue response of coated single crys-

tal Co-based superalloys at 750 °C in air with an applied R-ratio of R = 0.1. The findings

of this study are:

1. CoNiCrAlY-coated single crystal Co-based superalloys have reduced fatigue life-

times compared to uncoated single crystal Ni-based superalloys in the low cycle

regime.
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2. Fatal fatigue cracks are observed to initiate at the surfaces of the coated specimens.

These cracks propagate by an oxidation-assisted crack growth mechanism. This is

in contrast to uncoated single crystal Ni-based superalloys which do not exhibit

surface-induced failures until temperatures above 950 °C.

3. Load-controlled fatigue tests performed near the elastic limit of the Co-based super-

alloys resulted in the formation of oxide-filled cracks. In the superalloy substrate,

the cracks consisted of (1) an outer oxide layer, (2) an inner oxide layer, (3) an

internal precipitation region, and (4) a γ′-denuded zone. The oxides and phases

present in these regions are (1) Co3O4 and CoO, (2) CoAl2O4, CoWO4, TiO2 (3)

TiO2, Al2O3, γ, and χ, and (4) γ and χ.

4. An interrupted fatigue test shows that cracking of the coating occurs around N

= 0.2Nf for the lower stress condition, which subsequently exposes the Co-based

superalloy substrate to the environment.

5. When stresses do not exceed the elastic limit of the material during cyclic loading,

the γ-γ′ microstructure remains primarily undeformed while extensive stacking fault

formation and dislocation debris are observed around stress concentrators within

the alloy.

6. Modified alloy compositions and heat treatments providing improved oxidation re-

sistance and higher strength appear necessary to advance the fatigue properties of

Co-based and CoNi-based superalloys.
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Chapter 3

Design of a CoNi-base superalloy†

In this chapter, a systematic and accelerated methodology for alloy design is demon-

strated by combining combinatorial synthesis, high-throughput oxide scale characteri-

zation, computational density functional theory, and CALPHAD database calculations.

By applying this strategy to the senary Co-Ni-W-Al-Cr-Ta alloy system, a novel γ/γ′

alloy exhibiting a superior combination of high temperature properties has been identi-

fied. Properties include a γ′ solvus near 1200 °C, continuous α-Al2O3 scale formation

after 1 h in air at 1100 °C, and comparable density to 2nd-generation commercial Ni-base

superalloys. This novel alloy, SB-CoNi-10, has a nominal composition of 39.8Co – 36.5Ni

– 13.2Al – 1.0W – 6.0Cr – 3.5Ta at.%, and is compared with other recently studied Co-,

CoNi-, and Ni-base γ/γ′ alloys.

†Significant portions of this chapter are reproduced from the following article: C.A. Stewart, S.P.
Murray, A. Suzuki, T.M. Pollock, and C.G. Levi, Accelerated discovery of oxidation resistant CoNi-base
γ/γ′ alloys with high L12 solvus and low density. Mater. Design 189 (2020) 108445. [doi] [34]
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3.1 Introduction

Superalloys are exceptional in their ability resist mechanical and chemical degradation

at high temperatures relative to their melting point (i.e. high homologous temperatures).

This makes them unique candidates for turbine engine components, where oxidation

resistance must be combined with high temperature load-bearing ability. Achieving new

materials with higher temperature capabilities can lead to billions of dollars in fuel savings

and reduced carbon emissions by increasing the turbine engine combustion temperature,

and thus engine efficiency. The drive for higher-temperature materials has pushed the

metallurgical development of superalloys for decades. While a scientific understanding

of the physical metallurgy involved has developed significantly over this time-frame, Ni-

base γ/γ′ alloys have largely been developed incrementally with experimentally-intensive

approaches [6, 154]. With the discovery of the γ/γ′ microstructure in the Co-Al-W

ternary system by Sato et al. in 2006 [22], the potential for a new class of Co-base

superalloys with superior properties to those of Ni-base alloys was realized. To rapidly

explore this compositional space for promising alloys, a new suite of modern design

tools have been deployed, including: (i) a high-throughput combinatorial alloy synthesis

technique [49, 155], (ii) a rapid photostimulated luminescence spectroscopy (PSLS) oxide

screening technique [48], (iii) a CALPHAD thermodynamic database [156], and (iv) first

principles density functional theory calculations [157]. With this approach, the effects of

various alloying additions on oxidation behavior and stabilization of the strengthening γ′

(L12) phase have been identified, principally within the senary Co-Ni-Al-W-Cr-Ta space.

The six principal elements of interest were selected with the goal of creating a base

alloy that achieves both a high γ′ solvus temperature, as well as some measure of intrinsic

oxidation resistance via the formation of a continuous α-Al2O3 layer in air at 1100 °C. Co-

Al-W forms the basis of the γ′ structure [22], and Ni stabilizes the γ′ phase and expands
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the two-phase field of interest [27, 151, 158], which is important for incorporating alloying

additions without precipitating phases beyond the desired γ/γ′. Cr was added for its

strongly beneficial effect on α-Al2O3 formation [159], though it has also been observed to

depress the γ′ solvus [63, 157]. First principles density functional calculations show that

Ta is very effective for stabilizing the γ′ phase in the Co-Al-W system [157, 160], thus it

can balance the detrimental effect of Cr on the solvus temperature. While commercial

alloys such as 2nd-generation Ni-base superalloys René N5 or CMSX-4 can have over

9 components [5], the present composition space was anticipated to have the requisite

alloying additions to achieve both γ′ stability and oxidation resistance in the same alloy

(not achievable in the ternary Co-Al-W system), while also having a reduced number

of components to allow for greater understanding of the effects of individual alloying

elements on alloy behavior. The present study builds on a prior combinatorial study

that used ion plasma deposition (IPD) to deposit thick films across three Co-base alloy

libraries, reported in more detail elsewhere [49]. This study revealed that increased

concentrations of Ni, Al, W, and Cr all reduce the total scale thickness formed in air at

1100 °C after an hour. Furthermore, Al and Cr additions are most effective in promoting

the formation of a continuous α-Al2O3 scale without other undesirable oxide phases

dominating the oxidation response. The general compositional domain of promising

oxidation resistance in the IPD alloy libraries was identified as Ni ≥ 26 at.%, Al ≥

11 at.%, W between ∼7-10 at.%, and Cr ≥ 4 at.%. In this compositional range, the

formation of Al- and W- rich intermetallic phases was also observed, nominally identified

as β-(Ni,Co)Al, and µ-Co7W6. These phases were typically present at higher Cr and Al

contents, while reduced W content appeared to prevent their formation. Precipitation of

the µ and β phases has been reported to deleteriously affect alloy toughness and creep

stress-rupture, respectively [161, 162]. While future designs may intentionally include a

small amount of these phases for processing purposes [163, 164], the present effort focuses
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on achieving a two-phase γ/γ′ alloy as a design strategy.

This study investigates the Co-Ni-Al-W-Cr-Ta space to arrive at an alloy composition

that possesses both a high γ′ solvus and alumina scale forming behavior at 1100 °C in

air. Once a base senary composition is identified, higher order additions are explored.

Specifically the possibility for reactive elements (RE) to improve oxidation resistance,

especially scale adhesion [165] has been preliminarily investigated. It will be shown that

the resultant alloy design achieves an unprecedented combination of γ′ phase stability

and oxidation resistance compared to other Co- and CoNi-base γ/γ′ alloys in literature

to date. Additionally, solidification distribution coefficients, the chemical partitioning

behavior between the γ and γ′ phases, thermal expansion behavior, room temperature

elastic constants, and single crystal creep properties have been investigated and compared

to other Co- and CoNi-base γ/γ′ alloys. In doing so, the effectiveness of the suite of design

tools used to arrive at a single-crystal composition without the need for a large number

of prohibitively expensive single crystal growth trials is demonstrated.

3.2 Methods

3.2.1 Design Approach

A series of CoNi-base γ/γ′ alloy compositions, designated SB-CoNi alloys after the

University of California Santa Barbara, were designed based on the findings of previous

high-throughput combinatorial synthesis studies [49, 48, 46]. The investigations on the

behavior of these samples yielded three critical observations utilized in the present re-

search: (i) Compositional regions of promising oxidation behavior were identified; these

were nominally alloys that formed a continuous α-Al2O3 scale with lesser amounts of

overlying oxides after 1 h in air at 1100 °C. (ii) The influence of constituent alloying ad-
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ditions on the formation of the thermally grown oxide (TGO) scale was elucidated. (iii)

The compositional domains over which the γ + γ′ phases were nominally stable without

additional deleterious phases were also identified.

These insights were combined with calculations from a 2011 version of the commercial

PANDAT PanCobalt thermodynamic database (CompuTherm LLC, Middleton, WI) of

the Co-Ni-Al-W-Cr-Ta system to further refine compositions [156]. Isothermal isocon-

centrate (ITIC) sections were calculated at 1100 °C to assess composition regions of more

promising oxidation behavior and phase equilibria. The calculated γ/γ′ alloy two-phase

field of interest was then overlaid with the results of the rapid PSLS screening of oxida-

tion behavior. From this, compositions predicted to have both promising oxidation scales

and a γ/γ′ microstructure were highlighted. The calculated presence of γ′ and lack of

any additional undesirable phases was confirmed experimentally via electron microscopy

observations from a previous study [49].

From these initially identified regions, a potential design space was outlined by mov-

ing compositionally along directions known to benefit oxidation, and towards the corners

of the calculated γ/γ′ field. The edges of this design space were selected as the initial

domain of SB-CoNi alloys. After synthesis and experimental characterization of these

alloys, further refinements were made to the composition domain to target improvements

in oxidation and γ′ stability, while remaining within the two-phase field. Finally, single

crystals of the final composition were grown by the Bridgman technique for characteri-

zation of high temperature creep properties.

3.2.2 Experimental Approach

Alloy compositions designed by the above approach were synthesized via arc melting

of high purity elemental components in a Centorr 5-Series Bell Jar single arc furnace
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(Centorr, Nashua, NH) under gettered Ar (Xo ≤ 10−11). Lenticular buttons 11 mm tall

by 28 mm diameter with masses of ∼40 g were melted and inverted three times to improve

bulk homogeneity, and then solution heat treated at 1245 °C for 12 h, followed by an

aging treatment at 1000 °C for 50 h, both under vacuum. Alloy compositions were an-

alyzed using electron probe microanalysis (EPMA) on a Cameca (Ametek Inc, Berwyn,

PA) model SX100 with five wavelength dispersive spectrometers, a Thermo NSS energy

dispersive spectrometer, and a CeB6 thermionic emission electron source. EPMA quan-

tification was conducted in reference to an alloy sample, Co–6.7W–8.9Al–3.3Cr–1.5Ta

at.%, that had itself been characterized via inductively coupled plasma (ICP) analysis

(Northern Analytical Laboratory Inc., Londonderry, NH).

Samples for oxidation were polished to a 0.05 µm finish on one test face by VibroMet™

polisher with colloidal alumina suspension. Isothermally oxidized samples were injected

into the hot zone of a controlled-atmosphere furnace preheated to the temperature of

interest, namely 1100 °C. Samples were held at temperature for 1 h, and then extracted

from the hot zone over the course of 5 minutes. A nondestructive technique, PSLS, which

has previously proven effective in assessing the formation of α-Al2O3 scale and the relative

amount of overlying oxides [48, 166], was used for initial screening of the thermally grown

oxide. Samples were then prepared for sectioning by sealing the surface with adhesive

M-bond 610 (Allied High Tech Products Inc., Rancho Dominguez, CA) and curing for 1

h at 175 °C to preserve the oxide layers. Sealed samples were embedded in epoxy and

cross-sectioned, followed by mounting again in epoxy to infiltrate any exposed fractures

or pores. The exposed cross-section surface was then polished to a finish of 0.05 µm by

a VibroMet™ polisher with diamond suspension. The latter was used in preference to

an alumina suspension to preclude any embedded particles of the polishing media from

interfering with chemical analysis of the oxide microstructure.

Oxide morphology was examined via backscatter electron (BSE) microscopy in an FEI
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NovaNano 650 FEG SEM as well as in an FEI XL30 Sirion FEG SEM (ThermoFisher

Scientific Inc., Waltham, MA) with energy dispersive X-ray spectroscopy (EDS) at 15

kV (unless otherwise noted). Transmission electron microscopy (TEM) was performed

at 200 kV with an FEI Tecnai G2 Sphera on a lamella of the grown oxide, extracted

from the exposed cross-section surface via focused ion beam (FIB) milling using an FEI

Helios Dualbeam Nanolab 650 down to 5 kV. Scanning transmission electron microscopy

(STEM) was performed on 3 mm discs that were thinned to electron transparency using

a Fischione twin-jet electropolisher (E.A. Fischione Instruments Inc., Export, PA). Jet

polishing was performed with a 92.5 vol.% methanol-7.5 vol.% perchloric acid electrolyte

at temperatures between -45 to -40 °C, a voltage of 16 V, and currents between 30-34

mA. ChemiSTEM chemical mapping was performed at 200 kV using a Thermo Scientific

Talos equipped with a Super-X detector system. Quantification of the collected EDS

spectra was performed within the Velox software package. Differential thermal analysis

(DTA) was performed on a Setaram Setsys 16/18 (Setaram, Caluire, France) with ∼350

mg of material in alumina crucibles at a heating rate of 5 °C min−1 under flowing argon.

X-ray diffraction (XRD) goniometry was conducted of select unoxidized alloys using

a Panalytical Empyrean Powder Diffractometer (Malvern PANalytical, Royston, UK).

Density measurements were performed on unoxidized alloy samples using the Archimedes

method of comparing sample weights in air vs. submerged in deionized water.

In order to fabricate large single crystals for mechanical testing, an alloy ingot was

melted by Sophisticated Alloys Inc. (Butler, PA). Single crystal bars approximately 15

mm diameter by 175 mm long were fabricated through the Bridgman growth process with

a five-bar investment mold. The mold was pre-heated to 1575 °C before extraction from

the furnace hot zone at a rate of 3.4 mm min−1. After removal from the mold, the bars

were etched with a solution (vol.%) of 86% HCl–2% HNO3–12% H2O+160g FeCl3. 〈001〉-

oriented specimens were extracted from above the pigtail (bottom of the bar) and the top
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of the bar for as-cast segregation measurements by EPMA. Line scans from the dendrite

cores to the interdendritic regions confirmed the enrichment and depletion of each major

alloying addition from the liquid during solidification. Additional compositional data

was collected in a 20 x 20 pt. grid over a 1 mm2 area across both specimens, sorted using

information from the line scans, and subsequently fit with the Scheil equation

Cs = kCo(1− fs)k−1 (3.1)

where Cs is the concentration of an element in the solid at a given fraction solidified

value (fs, which ranges from 0 to 1), Co is the initial concentration in the melt, and k is

the distribution coefficient defined as Cs/Cl where Cl is the concentration of the liquid at

a given fraction solidified. By sorting the collected compositional data from the 20 x 20

pt. grid from highest to lowest (or lowest to highest if k <1 for an alloying addition), one

can assign an apparent fraction solidified to each data point. Regression fits were applied

to data points with apparent fs values ranging from 0.1 to 0.9 in order to determine

statistically significant measurements of the distribution coefficients, k, for each major

alloying addition.

The single crystal bars were heat treated under vacuum with a solutionizing treatment

at 1245 °C for 12 h followed by aging at 1000 °C for 50 h, in order to produce a regular γ/γ′

microstructure. Button-head creep specimens with a 3 mm gauge width were machined

from the single crystal bars and finished with a low-surface stress grinding technique.

High temperature tensile creep rupture tests were performed under vacuum on a 3:1 lever-

arm creep frame integrated with an Oxy-Gon (Epsom, NH) vacuum furnace. An R-type

thermocouple was placed onto the gauge section of the creep specimens before testing

for temperature monitoring and creep displacements were measured with a pair of linear

variable differential transformers. Thermal expansion measurements were performed up
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to 1250 °C in air on 25.4 mm long cylinders of alloy with a Model 2016 HU Orton

(Westerville, OH) push-rod dilatometer that was calibrated with a 25.4 mm long Al2O3

standard prior to testing. Room temperature elastic modulus measurements were made

using resonant ultrasound spectroscopy, whereby a Bayesian-inference framework was

applied to determine the C11, C12, and C44 elastic constants from the acquired resonance

frequencies with high accuracy [121].

3.3 Results

Isothermal isoconcentrate (ITIC) sections were calculated for compositions shown

previously to yield promising oxidation behavior [49]. The γ/γ′ two-phase field was

predicted to be absent at 1100 °C at constant 25.0 at.% Ni, 2.0 at.% Cr, 3.5 at.% Ta, a

baseline point for the promising region identified earlier, so an additional ITIC section was

calculated at an increased Ni content of 35 at.% to stabilize the γ′ phase [27]. The desired

γ/γ′ field was present in this higher-Ni ITIC section, and the results from PSLS screening

of oxidized samples were overlaid on this plot (Fig. 3.1). By comparing the domain of

promising oxidation behavior (green circles) with the γ/γ′ field, an alloy composition

that lies within both domains, and thus attains balanced properties i.e. a two-phase γ/γ′

alloy with promising oxidation behavior, was identified and labeled button 2-6G (asterisk

in Fig. 3.1). This 2-6G alloy composition arrived at from the combinatorial approach

would serve as a starting point for the design of the SB-CoNi alloy series. The starting

composition was measured by EPMA as Co–32.4Ni–4.4W–11.7Al–3.3Cr–1.5Ta at.%.

From the composition of starting alloy 2-6G measured by EPMA, the Ta was in-

creased to 3.5 at.% to promote stability of the γ′ phase. Subsequently, the design space

of the SB-CoNi alloys was outlined by moving towards the corners of the calculated γ/γ′

phase field in directions favorable for oxidation behavior (Fig. 3.2). In this manner, the

81



Design of a CoNi-base superalloy Chapter 3

Figure 3.1: Calculated ITIC section at 1100 °C through Co-Al-W at a constant 2.0
Cr–3.5 Ta–35.0 Ni at.% with overlaid PSLS assessment of oxidation behavior. The
composition of button 2-6G (SEM EDS) is marked (*), and lies within regions of both
more desirable oxidation behavior (green) and the calculated γ/γ′ two-phase field.

Figure 3.2: Calculated ITIC sections at 1100°C through Co-Al-W at constant 3.2
(left) or 6.0 (right) Cr–3.5 Ta–35.0 Ni at.%, 1100 °C with the compositions of button
2-6G (*), SB-CoNi-8, and SB-CoNi-9 plotted, as measured by EPMA. Compositional
effects on oxidation behavior are marked with red arrows if deleterious, and green if
beneficial, based on prior studies in this composition space [49].
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Figure 3.3: BSE micrographs of the alloy microstructures after heat treatment of
SB-CoNi-8 (a,b) and SB-CoNi-9 (c,d). An Al-rich third phase is frequently observed
(dark grey), and the cuboidal γ/γ′ is seen in SB-CoNi-9 at high magnification, with
a layer of γ′ surrounding the Al-rich particles (d).

compositions of alloys SB-CoNi-8 and SB-CoNi-9 were realized. SB-CoNi-8 has increased

Al content from the starting composition 2-6G, which is known to benefit Al2O3 forma-

tion. SB-CoNi-9 has both increased Al and Cr contents compared to 2-6G, and decreased

W content to stay within the calculated γ/γ′ phase field. While reduced W content is

expected to undesirably increase oxide thickness based on previous experiments in this

senary alloy space [49], Al and Cr additions were observed to strongly benefit alumina for-

mation, and would be expected to outweigh the effect of reduced W content on oxidation

behavior.

The mechanisms by which alloying elements affect oxidation behavior are discussed

in the previous publication [4], but briefly: increased Al will promote its own oxide as the

chemical potential of Al is increased and outward diffusivity accelerated, the beneficial

effects of Cr on oxidation are attributed to the “third element effect” [159], where an

increased Ni:Co ratio is observed to increase Al diffusivity in the bulk alloy [167], and
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Figure 3.4: DTA heating curves of SB-CoNi-8, 9, and 10 (vertically offset for clarity).
Features marked are the γ′ solvus (*), solidus (†), and liquidus (•).

increased W is hypothesized to concomitantly increase the Al chemical potential in the

senary system [49]. The microstructures of SB-CoNi-8 and -9 after solidification and

heat treatment, shown in Fig. 3.3, include a small volume fraction of an Al-rich, likely

β-(Ni,Co)Al phase, presumably in a γ/γ′ matrix. The latter is difficult to observe in

the SEM images for SB-CoNi-8, but its presence in the unoxidized alloy is confirmed by

both DTA (Fig. 3.4) and XRD (Fig. 3.5). The cuboidal γ/γ′ microstructure was clearly

evident for SB-CoNi-9 in BSE/SEM, Fig. 3.3(d), which contains a high fraction of γ′

(>50 vol.%).

The γ′ solvi of SB-CoNi-8 and 9 alloys were 1233°C and 1191°C, respectively (Ta-

ble 3.2). After isothermal oxidation in air at 1100 °C for 1 h, both SB-CoNi-8 and -9

exhibited a well-defined α-Al2O3 signal by PSLS. After sectioning (Fig. 3.6c-f), both al-

loys indeed contained a continuous α-Al2O3 scale, with SB-CoNi-8 having some portions
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Figure 3.5: XRD scan of SB-CoNi-8, exhibiting reflections from both the γ and γ′

phases similar to those seen in Co-Ni-W-Al alloys [27].

Table 3.1: Target and measured alloy compositions. Composition changes for each
iteration are in bold.

Alloy Ni:Co Co Ni Al W Cr Ta
2-6G (EPMA) 0.70 46.6 32.5 11.7 4.4 3.3 1.5

SB-CoNi-8 (Nominal) 0.88 39.6 35.0 14.2 4.4 3.3 3.5
SB-CoNi-8 (EPMA) 0.87 40.0 34.8 14.0 4.4 3.3 3.5

SB-CoNi-9 (Nominal) 0.87 40.3 35.0 14.2 1.0 6.0 3.5
SB-CoNi-9 (EPMA) 0.87 40.4 35.2 14.3 1.0 5.9 3.2

SB-CoNi-10 (Nominal) 0.92 39.8 36.5 13.2 1.0 6.0 3.5
SB-CoNi-10 (ICP) 0.93 39.8 37.1 13.1 1.0 5.5 3.5

of oxide ∼4.5µm in thickness, and other regions of ∼2 µm, for an average oxide thick-

ness of 3.2 µm (Fig. 3.6c,d). These oxide features were similar, though thinner overall,

to the oxides observed in starting composition 2-6G (Fig. 3.6a,b). On the other hand,

SB-CoNi-9 had a more consistent average thickness of ∼1.9 µm (Fig. 3.6e,f). The ∼2 µm

thick portions of oxide scale in both samples appeared to be primarily Al2O3 overlaid

by a layer of spinel, while those portions of SB-CoNi-8 that were thicker additionally

consisted of outer (Co,Ni)O, and an internal oxidation zone (IOZ) of internally formed

Al2O3 embedded within tungstate, above the continuous Al2O3 (Fig. 3.6d). This unusual

scale microstructure has been observed in previous samples, and is discussed at length
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Table 3.2: Calculated and experimentally measured solidi and solvi temperatures. All
temperature measurements are in °C. P = PANDAT, E = Experimental.

Alloy Solvus (P) Solidus (P) Solvus (E) Solidus (E)
2-6G (EPMA) 1111 1370 - -

SB-CoNi-8 (Nominal) 1218 1274 - -
SB-CoNi-8 (EPMA) 1216 1277 1233 1324

SB-CoNi-9 (Nominal) 1244 1254 - -
SB-CoNi-9 (EPMA) 1244 1262 1191 1331

SB-CoNi-10 (Nominal) 1236 1275 - -
SB-CoNi-10 (ICP) 1238 1280 1196 1340

Figure 3.6: BSE micrographs of cross-sectioned (a,b) 2-6G, (c,d) SB-CoNi-8, and
(e,f) SB-CoNi-9 after oxidation for 1 h at 1100 °C. Phases in (b,d,f) are labeled based
on SEM EDS information: (0) epoxy mount, (1) (Co,Ni)O, (2) (Co,Ni)Al2O4, (3)
(Co,Ni)(W,Ta)O4, (4) Ni-rich (Co,Ni)O, (5) Al2O3, (6) unoxidized alloy.

in a prior publication [49]. Occasionally, high aspect ratio particles were observed un-

derneath the continuous Al2O3 layer (not shown), nominally identified as AlN based on

SEM EDS.
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Figure 3.7: BSE micrographs of the SB-CoNi-10 (a) microstructure and (b,c) oxide
scale after 1 h at 1100 °C, and the polycrystalline casting of SB-CoNi-10+ (d) mi-
crostructure and (d,e) oxide scale after 1 h at 1100 °C. TEM analysis of the scale on
SB-CoNi-10 is given in Fig. 3.8.

Based on the alloys that outline the general design space for oxidation resistant γ/γ′

Co-Ni-Al-W-Cr-Ta compositions, SB-CoNi-9 was chosen for further refinement based on

its superior oxidation resistance in spite of its reduced γ′ solvus over SB-CoNi-8. To

remove the undesirable Al-rich phase observed in SB-CoNi-9, the Al content of the alloy

was slightly lowered, and the Ni content was raised to increase the solubility i.e. expand

the size of the γ/γ′ two-phase field. The result was SB-CoNi-10 (Table 3.1, Fig. 3.7a-

c), which had a high γ′ phase fraction (>50 vol.%) and a cuboidal γ/γ′ microstructure

with no additional alloy phases after heat treatment. Oxidation for 1 h in air at 1100

°C revealed alumina formation, with a total oxide scale thickness ∼2 µm. More in-
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Figure 3.8: Stitched bright-field TEM micrographs of SB-CoNi-10 oxidized for 1 h in
air at 1100 °C. Labeled points correspond to TEM EDS measurements (Table 3.3),
and are nominally identified as (*) voids, (0) epoxy, (1) (Co,Ni)O, (2) CoAl2O4, (3)
Co(Al,Cr)2O4, (4) (Co,Ni)Ta2O6, (5) mixed oxides, (6) Al2O3, (7-9) metal within the
alloy depletion region, and (10) AlN.

depth analysis by TEM (Fig. 3.8, Table 3.3) showed the scale after 1 h consisted of

occasional outer (Co,Ni)O monoxides, layers of spinel Co(Al,Cr)2O4, particles of tantalate

(Co,Ni)Ta2O6, mixed oxides, and finally continuous Al2O3 scale. Underneath theses

oxides was an alloy depletion region lean in Al, followed by high aspect-ratio particles

that were identified as aluminum nitrides based on TEM EDS measurements (Table 3.3

point 10). The density of the unoxidized SB-CoNi-10 alloy was measured to be 8.65

g/cm3, which is comparable to the 2nd-generation Ni-base superalloys currently used in

aero-engines and lower than other Co-Al-W base alloys (Fig. 3.9).
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Table 3.3: TEM EDS measurements of the features observed in SB-CoNi-10 after 1 h
in air at 1100 °C (Fig. 3.8), in at.%.

Point Phase Ni:Co Co Ni Al W Cr Ta O N
1 (Co,Ni)O 0.89 27 24 - - - - 50 -
2 CoAl2O4 0.41 13 5 42 - 1 - 38 -
3 Co(Al,Cr)2O4 0.25 14 4 26 - 13 - 43 -
4 (Co,Ni)Ta2O6 0.49 9 4 4 2 2 25 54 -
5 Mixed 0.68 6 4 34 - 3 1 53 -
6 Al2O3 - - - 39 - - - 61 -
7 Sub-scale Alloy 0.84 46 38 4 1 7 5 - -
8 Sub-scale Alloy 0.91 44 39 5 1 6 4 - -
9 Sub-scale Alloy 0.95 42 40 7 1 6 4 - -
10 AlN 0.94 3 3 54 - - - 1 38

The SB-CoNi-10 alloy composition was further modified with minor alloying additions

of the reactive elements Hf and Y that are known to be beneficial for Al2O3 adhesion

[165]; B which is observed to reduce oxide scale thickness and promote adhesion [43]; and

C which is demonstrated to decrease the incidence of freckle chain defects during single

crystal solidification in Ni-base superalloys by reducing the solidification segregation of

refractory elements like Ta and W [53]. This alloy was denoted as SB-CoNi-10+ and

an ingot of this alloy was acquired for casting using the Bridgman method. An ICP

chemical analysis of this ingot prior to casting is given in Table 3.4. Prior to single

crystal casting, alloy SB-CoNi-10+ consisted of the same cuboidal γ/γ′ microstructure

as SB-CoNi-10 when aged similarly (Fig. 3.7d), and formed an oxide scale of a similar

morphology after 1 h in air at 1100 °C (Fig. 3.7e,f). After single crystal casting, a macro-

etch revealed that the bars did not possess freckle chains or any significant stray grains, as

shown in Fig. 3.10. This amenability to single crystal casting is likely aided by favorable

partitioning of alloying additions between the solid and liquid during the solidification

process. Fig. 2.12 shows a summary of the distribution coefficients for the six major

elements within SB-CoNi-10+ and compares them to other Co-base and Ni-base single
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Figure 3.9: Density of SB-CoNi-10 as measured by Archimedes method, compared
with commercial Ni-base superalloys and Co-base alloys (g/cm3) [5, 38, 39].

crystal alloys. Interestingly, the distribution coefficients for Co, W, Ta, and Cr for SB-

CoNi-10+ lie between the values observed for Co- and Ni-base alloys, and the value for

Al is near unity. Due to this favorable partitioning behavior, it is argued that CoNi-base

alloys should be much less susceptible to convective instabilities during casting, which

result in casting defects in high-refractory containing Ni-base compositions [168].

The mean coefficient of thermal expansion (CTE) and the instantaneous CTE de-

termined by push-rod dilatometry are shown in Fig. 3.12 compared to 2nd-generation

Ni-base superalloy René N5. The mean CTE increases smoothly with temperature, with

the exception of reversible anomalies observed near 600 °C and a sharp discontinuity near

the γ′ solvus temperature, which is related to the dissolution and re-precipitation of the

γ′ precipitates. The behavior observed at 600 °C has been observed in previous studies

of the thermal expansion behavior of CoNi-base alloys, and has interestingly only been

observed in Cr containing alloys [153, 169]. Across the entire temperature range investi-
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Figure 3.10: Single crystal casting of SB-CoNi-10+ alloy prior to homogenization
showing (a) an optical image of an etched single crystal bar, (b) an optical image of
an etched section of the bar revealing the dendritic structure along the [001] growth
direction with no stray grains, and (c) an SEM BSE micrograph of the dendrites with
changing contrast as a result of solute segregation, as quantified in Fig. 3.11. The grid
background of (a) has 1 cm spacing.
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Figure 3.11: Results of EPMA compositional mapping on as-cast SX SB-CoNi-10+.
The compositional data and Scheil curve fit for (a) Cr and (b) Ta are presented, along
with (c) a summary of the distribution coefficients for SB-CoNi-10+ compared to Co-
and Ni-base alloys [51, 53].

gated, SB-CoNi-10+ displays a higher CTE than René N5, which could have detrimental

implications for the strain tolerance and durability of thermal barrier coatings used in

higher temperature applications [169]. Additionally, the room temperature elastic con-

stants Cij determined by resonant ultrasound spectroscopy (RUS) are displayed in Table

3.5. While the C11, C12, and C44 values are lower than other reported Co-base alloys, the

Zener Anisotropy ratio (A = 2C44/(C11-C12)) has a value >3, similar to Co-base alloys

without any Ni content [121]. The magnitude of the elastic anisotropy is an important

term in the Yoo torque expression [170] that describes the propensity for superlattice

screw dislocations to cross-slip, which is a necessary mechanism for the anomalous effect

of temperature on yield strength observed in modern superalloys. Since there is less pro-

nounced anisotropy in the antiphase boundary energies between the cube and octahedral

planes for γ′-Co3(Al,W), alloys with increased elastic anisotropy may provide improved

elevated temperature strength due to the higher driving force for cross-slip [171].
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Figure 3.12: Dilatometry data the mean coefficient of thermal expansion and the
instantaneous CTE of SB-CoNi-10+ compared to 2nd-gen. Ni-base superalloy René
N5.

The elemental partitioning between the γ channels and the γ′ precipitates within SB-

CoNi-10+ was investigated by STEM. Fig. 3.13(a) shows a high angle annular dark field

image of the two-phase γ/γ′ microstructure, revealing the high γ′ volume fraction along

with the presence of small tertiary γ′ precipitates within the γ channels. The chemical

maps displayed in Fig. 3.13(b-g) show how the major alloying elements are partitioned

between the precipitates and the matrix. By taking the ratio between the compositions of

these two regions, partition coefficients (kγ′/γ) were found for all major alloying additions
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Figure 3.13: (a) High angle annular dark field STEM micrograph of SB-CoNi-10+
after heat treatment. Chemical maps for the six major elements within SB-CoNi-10+
are displayed in (b-g), along with (h) the partition coefficient kγ′/γ for the major
elements in SB-CoNi-10+ extracted from (b-g).

Figure 3.14: Compositions of the γ and γ′ phases in SB-CoNi-10+ measured by STEM-EDS.

and displayed in Fig. 3.13(h). The compositions of several γ channels and multiple γ′

precipitates in a focused region measured by STEM-EDS are presented in Fig. 3.14.

The results of two creep tests performed in vacuum on single crystals taken to rupture

are shown in comparison to other Co-, CoNi-, and Ni-base superalloys from the literature

in Fig. 3.15. SB-CoNi-10+ is shown to have a behavior similar to 1st-generation Ni-base

single crystal alloys and performs more favorably than most other Co- and CoNi-base

alloys by having a longer time to rupture under similar temperature and stress conditions
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Figure 3.15: A Larson-Miller plot comparing SB-CoNi-10+ to Co-, CoNi-, and Ni-base
γ/γ′ alloys from the literature. The creep rupture life SB-CoNi-10+ performs similarly
to 1st-gen. Ni-base superalloys such as CMSX-2 and PWA 1480 [63, 62, 172, 173].

3.4 Discussion

Using a suite of new alloy design tools, a single crystal alloy with a balanced set

of properties has been identified and designated as SB-CoNi-10+. In contrast to the

previously investigated L12-containing Co- and CoNi-base alloys, SB-CoNi-10+ possesses

a high solvus and the ability to form a continuous alumina layer with only small amounts

of overlying scale during oxidation at 1100 ˚C.

3.4.1 First iteration designs (SB-CoNi-8 and 9): Alloy Mi-

crostructure

Comparing the starting composition (2-6G), with the first iteration in alloy design, an

appreciable volume fraction of the γ′ phase is achieved in SB-CoNi-8 and -9, (Fig. 3.3).

However, while all three compositions are predicted by the PANDAT database to fall

within the γ/γ′ two-phase field, SB-CoNi-8 and 9 both exhibit small amounts of an Al-
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rich phase after heat treatment, approximately 4 vol.% and 1 vol.% respectively. This

phase is likely β-(Ni,Co)Al as inferred from SEM EDS measurements and the ITIC section

showing the three-phase γ/γ′/β field lying close to these alloy compositions (Fig. 3.2).

Thus, it is reasonable to ascribe this underprediction of small fractions of the β phase

to small inaccuracies in the database, which is still under development. It should also

be noted that increasing the Cr content between SB-CoNi-8 and -9 does indeed begin to

destabilize the γ′ phase and lower the solvus (Table 3.2), as expected [157, 63], though

not to an unacceptable level. This Cr content of ∼6 at.%, however, is arguably the upper

desirable bound in the present senary composition space, as further additions would likely

bring the solvus temperature towards that of the oxidation temperature, resulting in the

substantial reduction of strengthening γ′ phase under the prospective service conditions.

3.4.2 First iteration designs (SB-CoNi-8 and 9): Oxidation Be-

havior

The oxide microstructure observed in the starting alloy button 2-6G (Fig. 3.6a,b)

is unusual, containing a continuous Al2O3 layer beneath a IOZ embedded in various

other oxides and residual alloy. This microstructure has been discussed at length in a

previous publication [49], and is thought to be due to the initial internal oxidation of

Al2O3, followed by the initiation of patches of continuous Al2O3 scale which then grow

laterally to undercut the IOZ. Eventually the Al2O3 will become continuous and prevent

continued oxidation of the underlying metal. If portions of the IOZ embedded in metal

are undercut by continuous Al2O3 scale before the matrix has oxidized into tungstate,

the continued growth of overlying Co-rich oxides may leave behind pockets of IOZ within

Ni-rich material at the bottom of the scale layer, above the continuous Al2O3, such as

seen in Fig. 3.6 point 4. SB-CoNi-8 exhibits a similar scale microstructure to that in
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2-6G, with a few notable exceptions. These include the fact that the oxide layers in SB-

CoNi-8 are much thinner than their counterparts in 2-6G and that the continuous Al2O3

layer is much less tortuous in SB-CoNi-8 (Fig. 3.6d). Furthermore, the entire undercut

IOZ in SB-CoNi-8 is embedded in tungstates, with no lower pockets embedded in Ni-rich

material.

These changes may be attributed to the fact that SB-CoNi-8 has increased Al content

over 2-6G, as well as the fact that the grain size of the arc-melted SB-CoNi-8 (∼100-

500 µm) is substantially larger than that of the 2-6G sample created by ion plasma

deposition (∼7 µm). It was previously proposed that the initiation of continuous Al2O3

patches after internal oxidation of Al has begun is aided by increased solute diffusion

along grain boundaries [49]. In the case of 2-6G, it is posited that the lateral growth

of Al2O3 scale occurs at a rate not extraordinarily faster than the advancement of the

internal oxidation front (IOF). Thus, as the continuous undercutting scale grows, regions

of the IOF away from the initiated Al2O3 patch have time to progress further down

into the alloy substrate. As IOZ undercutting continues, this process would lead to the

convoluted final Al2O3 scale structure observed in Fig. 3.6a. In the case of SB-CoNi-8,

fewer grain boundaries would likely lead to Al2O3 patch initiation events occurring much

less frequently. Once they do occur, however, the higher Al content could lead to more

widespread patch formation. This would yield the observed flatter Al2O3 scale, reduced

overall scale thickness, and lack of Ni-rich pockets.

In contrast, SB-CoNi-9 appears to exhibit continuous Al2O3 scale with no overlying

IOZ. This implies that the increased Cr content in SB-CoNi-9 allows formation of con-

tinuous Al2O3 initially upon oxidation, instead of starting as internal oxidation and later

transitioning to continuous behavior. This type of oxidation response is thought to be

more desirable than the processes described for SB-CoNi-8, as less of the structural alloy

is consumed by the oxidation process, and it would be more likely for any scale spallation
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or damage to lead to rapid reformation of the continuous Al2O3 layer, instead of restart-

ing non-protective IOZ formation and growth. It should be noted, however, that a γ′

denuded zone was observed underneath the formed oxide scale, indicating an Al depletion

layer in the alloy that may prevent or delay the onset of continuous Al2O3 reformation

in the event of spallation. This will be investigated via longer time oxidations and ther-

mal cycling exposure in a future study. It will additionally be of interest to address the

effects of lower temperatures, as decreased outward diffusion of Al below 1100 °C may

also prevent or delay continuous Al2O3 scale formation. Nevertheless, for the purpose of

achieving oxidation behavior comparable to that of 2nd generation Ni-base superalloys

[14], the present scale behavior after 1 h at 1100 °C is promising for preventing significant

metal loss by oxidation.

Overall, the superior oxidation behavior of SB-CoNi-9 in forming continuous Al2O3

scale initially without IOZ formation, albeit with small amounts of overlying oxide, was

deemed more desirable despite the reduced γ′ solvus from increased Cr content. As such,

this composition was selected for further modification. SB-CoNi-10 composition was

arrived at by slightly decreasing the Al content and increasing the Ni content to shift the

alloy towards the two-phase γ/γ′ field, preventing formation of the Al-rich β phase.

3.4.3 Final Design: SB-CoNi-10 and -10+

Analysis of the SB-CoNi-10 alloy microstructure (Fig. 3.7a) shows the compositional

modifications were successful in preventing the formation of the β phase. Additionally,

neither the γ/γ′ microstructure, nor the γ′ solvus temperature (Table 3.2) were changed

appreciably. While removing the ordered B2 - β phase may benefit the mechanical prop-

erties of the alloy, one concern is that this will reduce Al reservoirs and hinder continuous

Al2O3 scale development. Yet upon oxidation, SB-CoNi-10 still displays the formation of
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a continuous Al2O3 layer with minimal overlying oxides (Fig. 3.7b,c), albeit with slightly

greater amounts of refractory oxide. TEM investigation of a FIB lamella taken from

the scale (Fig. 3.8, Table 3.3) shows the oxide overlying Al2O3 to be Co(Al,Cr)2O4 and

(Co,Ni)Ta2O6 (points 2-5), with very occasional grains of (Co,Ni)O (point 1). High as-

pect ratio particles were still observed underneath the oxidation front (point 10) and

TEM EDS confirmed the formation of AlN. The effect of this sub-Al2O3 morphology on

longer-time exposures will need to be investigated.

The single crystal variant SB-CoNi-10+ is found to have a satisfactory balance of

high temperature oxidation behavior via the formation of a continuous Al2O3 scale with

minimal overlying oxides at 1100 °C, high γ′ solvus temperature, favorable solidification

characteristics, low density, room temperature elastic properties, and high temperature

creep strength. While other CoNi-alloys displayed in Table 3.4 have shown high γ′ solvus

temperatures above 1200 °C [32] or beneficial oxidation response [128], the combinations

of both of these properties simultaneously in SB-CoNi-10+ has not yet been achieved

to the authors’ knowledge in other CoNi-base alloys. The promising creep rupture re-

sistance and elastic properties make this alloy a promising candidate for single crystal

alloy components. Additionally, the favorable solute distribution observed after solidifi-

cation indicates that processing through additive manufacturing pathways such as laser

powder bed fusion or electron beam melting may yield crack-free components with high

γ′-volume fractions over 60%, which has been difficult to achieve using traditional single

crystal Ni-base superalloy compositions [98, 99, 174]. Given the favorable properties of

the alloys investigated here, this region of the CoNi-base composition space is promising

for future alloy development. Finally, the presented strategy would thus likely be an

efficient approach for other alloy systems currently under development, where alumina

formation over a large amount of composition space is desirable to achieve the properties

of interest.
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3.4.4 Yield Strength Anomaly in Co-Ni design space

Since the CoNi-base superalloy design space appears promising for further alloy de-

velopment, a greater fundamental understanding of the effect of Co on the strength of

the Ni3Al γ′ phase at various temperatures is desired. As temperature increases, the

0.2% offset yield strength of pure γ′ Ni3Al alloys increases from less than 100 MPa at

room temperature to almost 600 MPa at a peak temperature near 700 °C. This effect is

known as the yield strength anomaly, or YSA, and it is responsible for the high strength

retained by superalloys at elevated temperatures. Quasi-static compression tests (strain-

rate = 1 × 10−4) on single crystals of SB-CoNi-10+ at room temperature, 750 °C, and

950 °C have resulted in yield strengths of 502 MPa, 592 MPa, and 372 MPa, respec-

tively. While SB-CoNi-10+ does exhibit a YSA, it is currently unclear why this alloy

exhibits yield strengths lower than Ni-base single crystals such as CMSX-4 which can be

in excess of 1 GPa at the peak temperature with proper heat treatment [175]. Several

systematic studies have been performed exploring the effect of various alloying additions

on the YSA, including Ti, Zr, Hf, V, Nb, Ta, Mo and W [56], however a similar study

investigating systematic additions of Co to Ni3Al had not yet been performed. This was

pursued through a combined experimental and computational approach involving high

temperature compression testing, planar fault modeling, and CALPHAD phase stability

calculations. The details of this study have been published in a prior article, and the key

results are summarized below [176].

Anisotropy in the antiphase boundary energies (APBE) on the {111} and {010} planes

and the elastic anisotropy are known to strongly influence the YSA. An expression for

the driving force for dislocation cross-slip due to the anisotropy in APBE coupled with
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elastic anisotropy between the {111} and {010} planes was derived by Yoo [170]:

γAPB(111)

γAPB(010)

(1 + f
√

2)>
√

3 (3.2)

f =

√
2(A− 1)

A+ 2
(3.3)

where γAPB(010) is the APBE of the cube plane, γAPB(111) of the close-packed plane,

and A is the Zener anisotropy ratio defined as A = 2C44/(C11-C12). Determining the rele-

vant APB energies is difficult experimentally since this often relies on TEM investigations

that measure the separation distance of closely-coupled dislocation pairs within the γ′

phase. Instead, computational approach based on a diffuse multi-layer model (DMLF)

has been employed to calculate the relevant APB energies at various compositions of

interest for (Ni,Co)3(Al) alloys. The details of this model are described more fully in a

prior article [11].

Table 3.6: Nominal (measured by ICP) compositions in at.% of alloys for the present study

Alloy Nominal γ′ composition Al Co Ni RT σy (MPa)
0Co Ni3Al 25.0 0.0 75.0 88

(24.8) (0.0) (75.2)
10Co (Ni0.9Co0.1)3Al 25.0 7.5 67.5 109

(25.0) (7.5) (67.5)
20Co (Ni0.8Co0.2)3Al 25.0 15.0 60.0 153

(24.7) (15.1) (60.2)

Three (Ni1−xCox)3Al alloys with increasing Co content were arc-melted and homoge-

nized at 1000 °C for 120 h. The nominal and experimentally measured alloy compositions

are shown in Table 3.6. Quasi-static compression tests at various increasing tempera-

tures identified that each of the alloys exhibited a YSA, with the higher Co content al-

loys exhibiting slightly higher yield strengths across the entire temperature range. This
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Figure 3.16: BSE micrographs of homogenized (a) 0Co, (b) 10Co, and (c) 20Co sam-
ples. (d) XRD spectra of 0Co, 10Co, and 20Co reveal they are single phase L12. XRD
spectra have been scaled such that the background peaks are of comparable intensity
in all scans. The peaks present in the background of each diffractogram are due to Pb
tape used to isolate each sample during XRD measurements. (e) the yield strength
in compression vs. temperature for the alloys investigated in this study, compared to
the work of Mishima et al. [56]. Reproduced from ”The Yield Strength Anomaly in
Co–Ni Design Space” by K.V. Vamsi, S.P. Murray, and T.M. Pollock, 2020, Superal-
loys 2020, p. 948-958. Copyright 2020 by The Minerals, Metals & Materials Society.
Reproduced with permission [176].

is presented in Fig. 3.16. XRD measurements confirmed that each of these alloys was

single phase γ′. An additional sample denoted as 30Co that had a stoichiometry of

(Ni0.7Co0.3)3Al was fabricated and tested, but this alloy was found to contain a small

amount of Al-rich β phase and was not considered further in the study. These compres-

sion tests validated the DMLF model calculations on the presence of a YSA in this alloy

system.

Using the TCHEA3 thermodynamic database, a pseudo-quaternary phase diagram

was calculated at 1000 °C to explore the stability of the γ′ phase in the Ni3Al - Ni3W

- Co3W - Co3Al system. These calculations are shown in Fig. 3.17 along with regions

highlighted that were single-phase γ′. This shows that without additional γ′ formers such

as W, the Ni3Al phase can only be alloyed with about 13 at.% Co before the formation of

a deleterious β phase. Additionally, these calculations show that at 1000 °C, there is not
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Figure 3.17: Isothermal pseudo-quaternary phase diagram in the range of
Ni3Al–Ni3W–Co3W–Co3Al at 1000 °C calculated using ThermoCalc with the
TCHEA3 database. Reproduced from ”The Yield Strength Anomaly in Co–Ni De-
sign Space” by K.V. Vamsi, S.P. Murray, and T.M. Pollock, 2020, Superalloys 2020, p.
948-958. Copyright 2020 by The Minerals, Metals & Materials Society. Reproduced
with permission [176].
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a continuous γ′ phase field between Ni3Al and Co3(Al,W) within this pseudo-quaternary

phase diagram.

DMLF calculations in the above compositional space have shown that additions of

Co to Ni3Al reduces the γAPB(111) and γAPB(010) up until x = 0.667 (with (Ni1−xCox)3Al)

above which there is a dramatic increase in the fault energies as Co3Al is approached.

This agrees well with prior studies that have indicated that CoNi-base alloys likely have

reduced APB energies compared to Ni-base alloys due to the observations of extended

APBs that shear entire γ′ particles during the early stages of high temperature creep

[68]. The maximum in the APB energies were determined to be at γ′ compositions

of (Ni0.65Co0.35)3(Al0.5W0.5) and (Ni0.6Co0.4)3(Al0.6W0.4) for the γAPB(111) and γAPB(010),

respectively. For example, the γAPB(111) increases from 209.9 mJ/m2 for Ni3Al to ∼500

mJ/m2 for (Ni0.65Co0.35)3(Al0.5W0.5). From the perspective of alloy design, alloys with γ′

compositions around these maxima should have greater resistance to shearing compared

to Ni3Al. These alloys would be expected to have higher peak yield strengths, due to the

following relation between the γAPB(111) and the strength [177]:

(σypeak) = 0.81M
γAPB(111)

2b
(
3πvγ′

8
)1/2 (3.4)

where M is the Taylor factor, b is the magnitude of the 1/2〈110〉 Burgers vector, and vγ′ is

the volume fraction of the γ′ phase. Applying this combined modeling and experimental

approach to other relevant γ′ forming alloying additions such as Ta and Ti could result in

CoNi-base superalloys with significantly improved strengths due to the increased planar

fault energies of resultant γ′ compositions. Lastly, the calculations from this study show

that the measured Ni:Co ratio of the γ′ composition in SB-CoNi-10+ of 0.52Ni:0.48Co

(see Fig. 3.14, where the γ′ is Ni-rich even though the alloy contains more Co than Ni)

is not expected to possess the highest strength compared to γ′ compositions with higher
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Ni content. Therefore, designing CoNi-alloy γ′ compositions with increased Ni contents

than are currently expressed would be desirable, but this is likely difficult to achieve

without increasing the Ni content such that the alloy becomes a NiCo-base alloy.

3.4.5 Elastic properties as a function of temperature

The SB-CoNi-10+ single crystal alloy has recently been used to validate a new ex-

perimental technique to determine the elastic moduli (Cij in Voigt notation) and elastic

anisotropy, A, of single crystals as a function of increasing temperature. The approach is

based on resonant ultrasound spectroscopy (RUS) where SiC-tipped piezoelectric trans-

ducers are used to drive and measure resonance frequencies in a rectangular parallelepiped

(RT) superalloy specimen. Through the incorporation of a induction heater and non-

contact pyrometer, it was possible to rapidly heat the alloy and collect resonance spectra

which were later analyzed using a Bayesian inference RUS code called CmdStan-RUS that

uses a self-tuning Hamiltonian Monte Carlo (HMC) sampler to simultaneously determine

the elastic constants and the crystal orientation. A schematic of the experimental setup

is presented in Fig. 3.18. The details of performing these calculations are presented in

prior articles on this topic [121, 178].

Table 3.7: Rectangular parallelepiped specimen geometry, mass, and density measured at RT
Specimen X (mm) Y (mm) Z (mm) mass (g) density (kg/m3)

SB-CoNi-10+ 8.983 9.982 10.815 8.3564 8617

The geometry of the RP must be measured to a high accuracy for high quality elastic

modulus measurements. The dimensions, weight, and density at room temperature of

the RP that was extracted from a SX bar of SB-CoNi-10+ by EDM are listed in Ta-

ble 3.7. Since these dimensions must also be understood at elevated temperatures for

the high temperature RUS experiment, dilatometry experiments were performed on a
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Figure 3.18: Component diagram of the rapid induction heating high temperature
RUS setup. Reproduced from ”Temperature dependence of single crystal elastic con-
stants in a CoNi-Base alloy: A new methodology” by B.R. Goodlet et al., 2021, Mater.
Sci. Eng. A, p. 140507. Copyright 2020 by Elsevier B.V. Reproduced with permission
[178].

25.4 mm long SX bar of SB-CoNi-10+ in air from room temperature to 1250 °C. The

elongation, mean coefficient of thermal expansion (CTE), and the instantaenous CTE

for two separate dilatometry runs of SB-CoNi-10+ are displayed in Fig. 3.19 and show

good agreement with each other. With this information, the RP dimensions at each

hold temperature during the RUS spectra collection could be calculated and used in the

CmdStan-RUS code during data analysis.

A summary of the elevated temperature elastic constants along with a RUS noise

parameter and a calculation of the Zener anisotropy are presented in Fig. 3.20. A slight

hysteresis can be observed between the measurements taken during initial heating and

during cooling, which is likely due to the mass gain through oxidation of the initially

polished alloy surfaces during the test. A monotonic decrease in the three cubic elastic

constants (C11, C12, C44) from (236.4, 150.8, 134.1) GPa to (190.7, 138.1, 95.2) GPa is
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Figure 3.19: Dilatometry data provided as (a) change of RT length in percent, (b)
mean CTE from RT in ppm/°C, and (c) instantaneous CTE in ppm/°C. Reproduced
from ”Temperature dependence of single crystal elastic constants in a CoNi-Base alloy:
A new methodology” by B.R. Goodlet et al., 2021, Mater. Sci. Eng. A, p. 140507.
Copyright 2020 by Elsevier B.V. Reproduced with permission [178].

accompanied by a 15% increase in the elastic anisotropy from A = 3.131 → 3.618 upon

heating from RT to 927 °C. Above this temperature, significant damping occurs and

resonance mode identification becomes increasingly difficult and unreliable. Compared

to similar SX Ni-base superalloys, SB-CoNi-10+ has a 25 GPa lower C11 while retaining

a high Zener anisotropy near 3.1. This unique combination of elastic properties has not

been observed in other Ni-, CoNi-, or Co-base superalloys that have been investigated in

the literature.

3.5 Conclusions

A combination of computational and high throughput experimental tools has been

deployed to efficiently investigate multicomponent space and design a new single crystal

alloy, SB-CoNi-10. This alloy consists of a γ/γ′ cuboidal microstructure with a high

precipitate volume fraction and a relatively high γ′ solvus compared with previously

investigated Co-base alloys. Furthermore, SB-CoNi-10 alloy is also able to achieve a

very thin TGO scale containing α-Al2O3 after 1 h in air at 1100 °C, which has not been

109



Design of a CoNi-base superalloy Chapter 3

Figure 3.20: Bayesian parameter estimates as a function of temperature for SB–
CoNi-10+alloy, with mean values (plotted as points), 68% posterior intervals (height
of bars), and color indicating measurements collected upon heating (red) or cooling
(blue). Reproduced from ”Temperature dependence of single crystal elastic constants
in a CoNi-Base alloy: A new methodology” by B.R. Goodlet et al., 2021, Mater. Sci.
Eng. A, p. 140507. Copyright 2020 by Elsevier B.V. Reproduced with permission
[178].
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demonstrated in other high-solvus Co-alloys. It is also notable that SB-CoNi-10 has a

very comparable density to the 2nd-generation Ni-base superalloys, a desirable trait for

potential aero-engine components, combined with favorable solidification behavior and

good high temperature creep properties. The new suite of alloy design tools can efficiently

explore the design space for complex multicomponent alloys.
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Chapter 4

Low cycle fatigue of a CoNi-base

superalloy†

In this chapter, the low cycle fatigue response of the single crystal γ′-containing CoNi-base

superalloy SB-CoNi-10+ described in Ch. 3 has been investigated in air and in vacuum

at 950 °C. The fatigue performance is demonstrated to be similar to the 1st-generation

single crystal Ni-base superalloy AM1. Fracture surface imaging and cross-sections on

both alloys reveal that oxidation-assisted surface cracking is responsible for fatigue crack

initiation in air. The fatigue performance improves under vacuum for both alloys as crack

initiation transitions to internal casting pores retained from the solidification process.

Recrystallized regions on the fracture surfaces of the vacuum-tested samples of both

alloys are identified by electron backscattered diffraction, which has not been previously

reported for single crystal Ni-base alloys at these test conditions. The role of the base

element (Ni- vs. CoNi- vs. Co-base) on the fatigue performance is discussed.

†Significant portions of this chapter are reproduced from the following article: S.P. Murray, A.
Cervellon, J. Cormier, and T.M. Pollock, Low Cycle Fatigue of a Single Crystal CoNi-base Superalloy.
Mater. Sci. Eng.: A 827 (2021) 142007. [doi] [179]
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4.1 Introduction

Single crystal (SX) Ni-base superalloys are the material of choice for blades and vanes

in the hot sections of aeroengines and land-based gas turbines where a combination of high

stresses and elevated temperatures are present [3]. After appropriate heat treatments,

these alloys exhibit a two-phase microstructure that consists of a high volume fraction of

sub-micron scale cuboidal precipitates (γ′, L12) that are coherent with a solid-solution

strengthened matrix (γ, A1). The compositions of these multi-component alloys have

been designed in an evolutionary fashion over several decades to achieve a combination

of excellent creep resistance, high strength, and oxidation resistance [1]. Additionally,

these alloys must resist failure by cyclic loading, which can result in catastrophic fatigue

failures in service. Low cycle fatigue (LCF), which is related to the cyclic stresses imposed

by the start-stop cycle of gas turbines (e.g. a flight for an aero-engine), is a significant

factor limiting component life [37].

At high temperatures (> 850 °C), the LCF life of directionally solidified and SX Ni-

base superalloys is controlled by crack initiation from the surface, assisted by oxidation

[77, 81, 180, 181, 182]. This is in contrast to intermediate temperatures (< 850 °C)

where crack initiation primarily occurs at microstructural inhomogeneities such as inter-

nal casting pores that form during the solidification process [79, 81, 183]. It is possible

to increase the fatigue life significantly by reducing the size distribution of the casting

pores through higher cooling rates during solidification [79, 184]. However, at high tem-

peratures, similar fatigue life benefits are not realized unless testing is performed in high

vacuum where the impact of environmental damage is reduced.

Co- and CoNi-base superalloys that contain a two-phase γ-γ′ microstructure have

recently been investigated as candidate alloys for high temperature applications where

Ni-base superalloys are currently employed in their single crystal form [34, 153, 160].
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Novel materials that may be introduced into turbine hot sections must be evaluated for

their high temperature LCF resistance. LCF studies on Co-base SXs have found that they

exhibit significantly reduced fatigue lives compared to their Ni-base counterparts due to

their increased susceptibility to oxidation-assisted surface cracking at intermediate tem-

peratures [117]. This can largely be attributed to the inability for model Co-base super-

alloys, such as ternary Co-Al-W alloys, to rapidly form a protective α-Al2O3 oxide scale

during high temperature exposure to air [44], or for these protective oxide scales to form

with significant amounts of overlaying oxide [23]. Since CoNi-base alloys have a larger

solubility for beneficial alloying elements that can promote the formation of protective

oxide scales, recent alloy designs have sought to design multi-component alloys that have

balanced mechanical, thermophysical, or environmental properties [33, 153, 185, 186].

One such alloy is SB-CoNi-10+, which possesses an elevated γ′-solvus temperature of

approximately 1200 °C and quickly forms α-Al2O3 after a 1 hr exposure to air at 1100

°C, resulting in thin overlying oxide scales on the order of 2 µm at this condition [34].

These improved properties allow for fatigue testing at higher temperatures in air without

the assistance of a protective overlay coating used in prior studies on Co-base superalloys

[117].

In this work, the LCF response of a novel SX CoNi-base superalloy, SB-CoNi-10+, is

investigated at 950 °C in air and in high vacuum. Tests in vacuum elucidate the intrin-

sic LCF resistance of SB-CoNi-10+ without the contribution of oxidation. The fatigue

performance is compared to AM1, a 1st-generation SX Ni-base superalloy. Observations

on the post-mortem specimens by optical and electron microscopy provide insight into

which microstructural features and damage mechanisms control fatigue crack initiation

and fatigue life for these test conditions. These results suggest pathways for future im-

provements in fatigue performance in Co- and CoNi-base superalloys.
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4.2 Methods

An alloy ingot of the SB-CoNi-10+ alloy was acquired from Sophisticated Alloys,

Inc. Single crystalline bars of ∼15 mm diameter and ∼175 mm in length were fabricated

through the Bridgman growth process with a five-bar investment mold. The mold was

pre-heated to 1575 °C and extracted from the furnace hot zone with a withdrawal rate

of 3.4 mm min−1. After removal from the mold, the bars were solutionized in vacuum at

1245 °C for 12 h followed by aging at 1000 °C for 50 h to produce a γ/γ′ microstructure.

Inductively coupled plasma optical emission spectrometry was used to determine the

chemical composition of the SB-CoNi-10+ alloy ingot before casting and is displayed

in Table 4.1 along with the composition of AM1. Volume fraction of γ′ measurements

were made on SX pieces of SB-CoNi-10+ that were solutioned in vacuum at 1245 °C

for 12 h and subsequently aged at various temperatures for 8 h. Alloy pieces were

encapsulated in evacuated quartz before aging and quenched in water by breaking the

capsules under water. Area fraction, Af , measurements were made on BSE images of the

alloys using the Yen threshold and despeckle filter in Fiji and then converted into volume

fractions, Vf , using Vf = Af
3/2 which assumes evenly dispersed cuboidal precipitates

[124, 125]. Additional details on the SX SB-CoNi-10+ alloy have been reported in a

previous publication [34].

Load-controlled fatigue tests were performed on four cylindrical dogbone samples ma-

chined from two of the SX bars. The diameter of the gauge sections were ∼5 mm with

a gauge length of ∼16 mm. Each pair of samples produced by a SX bar were tested

under similar loading conditions, but one test would be performed in air and the other

in vacuum. The R-ratio (σmin/σmax) for all tests was R = -1, the test temperature was

950 °C, and the cyclic frequency of the fatigue tests was 0.5 Hz. Tests were performed

using the same procedure as presented in Steuer et al. [79]. Stress-strain data was col-
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lected with ceramic-tipped extensometers for the tests performed in air due to access to

the gauge section during testing. Stress-strain data was not collected for the vacuum

tested specimens since placing an extensometer in the vacuum chamber is technically

not possible. All fatigue tests were cycled to failure. Elastic stiffness and compliance

tensors for single crystal SB-CoNi-10+ were collected by high temperature resonant ul-

trasound spectroscopy (RUS), and have been reported in a prior publication [178]. The

elastic properties of single crystal AM1 with respect to temperature were determined by

a dynamic-resonance method (DRM) described in prior publications [187, 188, 189].

Compression testing of SB-CoNi-10+ was performed on 5 mm diameter by 5 mm tall

cylindrical samples extracted by electric discharge machining from a heat-treated single

crystal bar with the compressive axis along the solidification direction. The compressive

strain rate was 1 × 10−4 s−1 until a plastic strain of 5-10 % was reached. Testing was

performed in air with heat applied by a clamshell furnace, the temperature controlled by

a thermocouple placed on the specimen surface, and the platens lubricated with a boron

nitride paste to limit frictional effects.

The AM1 fatigue data used for comparison comes from prior studies [79, 190] per-

formed under load-control at the same temperature and stress conditions and on the

same fatigue machine. Post-mortem AM1 samples from these studies were acquired for

microscopy studies presented here. The primary misorientations of the SB-CoNi-10+ SXs

relative to the [001] crystallographic orientation were assessed by electron backscattered

diffraction (EBSD) on cross-sections of the grips of the air-tested specimens sectioned

perpendicular to the loading direction. Bar #1 had a primary misorientation from the

[001] of 21° while Bar #2 had a primary misorientation of 13°. Since load-control testing

at high temperatures minimizes the impact of differing crystallographic orientation ([001],

[111], [213], etc.) on fatigue life, load-control testing was preferred to strain-control in

our study [147].
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Table 4.1: Experimentally measured alloy compositions of SB-CoNi-10+ and AM1 in at.%

Alloy Co Ni Al Cr Ta W C B Other
SB-CoNi-10+ [34] Bal. 36.8 13.3 5.8 3.5 1.0 0.06 0.08 0.026Hf, 0.004Y

AM1 [79] 6.7 Bal. 11.6 9.0 2.6 1.9 - - 1.3Mo, 1.4Ti

Fracture surface and surface cracking observations were made using 3D-stitching on a

Keyence VHX-5000 optical microscope. Cross-sections for scanning electron microscopy

(SEM) were metallographically prepared by grinding down to 1200 grit SiC paper and

polishing down to 1 µm diamond suspension, with a final polish using 50 nm colloidal sil-

ica suspension. Secondary electron (SE) imaging, backscattered electron (BSE) imaging

and energy dispersive x-ray spectroscopy (EDX) mapping was performed using a Ther-

moFisher Apreo C equipped with a Schottky field emission gun at accelerating voltages

between 10 and 20 kV. EBSD mapping was performed with an EDAX Velocity camera in

a FEI Versa3D microscope at an accelerating voltage of 30 kV. The collected diffraction

patterns were indexed by spherical indexing using the EMSphInx software package [191].

Subsequent EBSD map clean-up and partitioning was performed in the OIM Analysis™

v7 software package.

4.3 Results

4.3.1 Stress-life diagram and stress-strain response

The stress-life results for SB-CoNi-10+ are compared to AM1 [79, 190] also tested

in load-control at 950 °C in air and vacuum in Fig. 4.1. For the tests performed in

air, the CoNi-base alloy had a fatigue life similar to AM1. In high vacuum, the fatigue

performance of the CoNi-base alloy improves in a similar way as AM1, however additional

tests would be desirable to confirm the relative performance of these two alloys due to the
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Figure 4.1: S-N diagram of SB-CoNi-10+ at 950 °C / R = -1 / f = 0.5 Hz tested in
air and in vacuum compared to 1st-generation SX Ni-base superalloy AM1 [79, 190].
Trendlines are only intended to guide the eye and do not represent a curve fit.

scatter in fatigue-life often observed in this temperature/stress regime. The results for

the fatigue tests on SB-CoNi-10+ are also presented in Table 4.2 along with the applied

test conditions.

Table 4.2: Test conditions for load-control fatigue tests on SB-CoNi-10+

SX Bar Label Temp. (°C) R-ratio σa (MPa) Environment Cycles to Failure, Nf

Bar #1 950 -1 305 MPa Air 61,729
Bar #1 950 -1 300 MPa Vacuum 184,992
Bar #2 950 -1 405 MPa Air 5,892
Bar #2 950 -1 400 MPa Vacuum 40,201

The maximum total strain for the two fatigue tests performed in air are presented

in Fig. 4.2. For the test performed at σa = 305 MPa, the accumulation and subsequent

saturation of ratcheting strains during load-control testing is observed. Loading was in
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Figure 4.2: Max total strain vs. cycles for each of the LCF tests on SB-CoNi-10+ in
air. T = 950 °C, R = -1.

the elastic regime macroscopically for this test, indicated by the closed nature of the hys-

teresis loops (not shown). After ∼5,000 cycles, the alloy ceases to accumulate ratcheting

strain and the max strain stabilizes. In the case of the σa = 405 MPa cycled sample,

sample failure occurred at 5892 cycles, and a saturation point for ratcheting strains was

not reached during this test. Once fast crack propagation occurs near the end of the

fatigue life, the hysteresis loops in both tests open significantly, indicating large crack

opening and plastic damage accumulation. High temperature quasi-static compression

tests on single crystalline SB-CoNi-10+ resulted in a 0.2% offset yield strength of 372

MPa at 950 °C. This is consistent with the max total strain plot presented in Fig. 4.2

since the test performed at σa = 305 MPa reached a stabilization point while the test

performed at σa = 405 MPa (slightly above the quasi-static yield strength) never reached

a stabilized regime. Additional compression tests at room temperature and 750 °C re-

sulted in measured yield strengths of 502 MPa and 595 MPa, respectively. This indicates

the presence of a yield strength anomaly in this CoNi-base alloy around 750 °C, as has

been observed in other γ′-containing CoNi-base superalloys [192]. The room temperature
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yield strength of SB-CoNi-10+ is lower than AM1 and most other SX Ni-base superalloys

[193].

At the max tensile load of the first cycle, the sample loaded to 305 MPa had a max

strain of 0.3% and the sample loaded to 405 MPa had a max strain of 0.6%, which is

double the value of the lower stress test. This can be partially attributed to differences

in the Young’s modulus between these two specimens as a result of the elastic anisotropy

introduced by the misorientation of both crystals from [001] along the loading direction.

The σa = 305 MPa tested sample is more misoriented (21°) from [001] compared to the

σa = 405 MPa tested sample (13°) and therefore has a higher stiffness along the loading

direction.

A previous study experimentally measured the elastic constants of single crystals

of SB-CoNi-10+ from room temperature to 927 °C using RUS [178]. This produced

a stiffness tensor (Cij, in Voigt notation) and an associated compliance tensor (Sij)

for this alloy. These tensors as a function of temperature are presented in Fig. 4.3.

These measurements can be used to estimate the directional Young’s modulus for the

misoriented single crystals in this work by extrapolating these results to 950 °C, which

was accomplished by fitting the Cij and Sij with second-order polynomials of the form y

= a + bx + cx2. These curve fits match the data well, with R2 values above 0.98 for all

fits. The [001] Young’s Modulus for AM1 and SB-CoNi-10+ are presented in Fig. 4.4. For

a single crystal of SB-CoNi-10+ loaded along the [001] direction, the Young’s modulus

would be 117.8 GPa at room temperature and would decrease to 74.2 GPa at the testing

temperature of 950 °C. AM1 exhibits a higher [001] Young’s modulus of 128.5 GPa at

room temperature which decreases to 92.1 GPa at 950 °C [189]. Other single crystalline

CoNi-alloys have been demonstrated to become less stiff with increasing temperature at

a faster rate than single crystal Ni-base superalloys [153]. The 13° misoriented bar of

SB-CoNi-10+ would be slightly stiffer with a room temperature modulus of 130.1 GPa
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that decreases to 85.6 GPa at 950 °C. The 21° misoriented bar has the largest increase in

stiffness, as expected, with a room temperature modulus of 151.9 GPa that falls to 108.6

GPa at 950 °C.

Figure 4.3: (a) Cij and (b) Sij with respect to temperature for single crystal SB–
CoNi-10+. Data adapted from Goodlet et al. [178].

0 200 400 600 800 1000
Temperature (°C)

50
60
70
80
90

100
110
120
130

[0
01

] Y
ou

ng
's 

M
od

ul
us

 (G
Pa

)

AM1
SB-CoNi-10+

Figure 4.4: Experimentally determined [001] Young’s modulus with respect to in-
creasing temperature for Ni-base single crystal alloy AM1 compared to SB-CoNi-10+
[194].

4.3.2 Fracture Surfaces and Surface Cracking

Optical micrographs of the post-mortem fracture surfaces for both SB-CoNi-10+ and

AM1 are shown in Fig. 4.5. The samples tested in air (Fig. 4.5a-c) are discolored com-
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Figure 4.5: Stitched optical micrographs of the post-mortem fracture surfaces of
(a,b,d,e) SB-CoNi-10+ and (c,f) AM1 tested at 950 °C with test conditions of: (a) σa
= 305 MPa in air, (b) σa = 405 MPa in air, (c) σa = 400 MPa in air, (d) σa = 300
MPa in vacuum, (e) σa = 400 MPa in vacuum, and (f) σa = 397 MPa in vacuum.
Small black arrows indicate rough regions in SB-CoNi-10+.

pared to the vacuum-tested samples due to oxidation of the fracture surfaces during

testing (Fig. 4.5d-f). For both test environments, crack initiation was observed to occur

at the sample surface or internally near the sample surface. These regions are identified

by their characteristic semi-elliptical shape [142, 195]. Interestingly, the vacuum-tested

SB-CoNi-10+ specimens both feature a region with radius of 1.5 mm centered on the

crack initiation site that is more rough than the corresponding regions in AM1 or in any

of the air-tested samples. These regions are indicated by small black arrows in Fig. 4.5d,e.

This rough region is also rougher than the subsequent region of long crack propagation.

This subsequent region has characteristics of ductile fracture followed by tensile fracture.
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Figure 4.6: SE micrographs of the regions surrounding the crack initiation sites of
(a,b,d,e) SB-CoNi-10+ and (c,f) AM1 tested at 950 °C with test conditions of: (a) σa
= 305 MPa in air, (b) σa = 405 MPa in air, (c) σa = 400 MPa in air, (d) σa = 300
MPa in vacuum, (e) σa = 400 MPa in vacuum, and (f) σa = 397 MPa in vacuum.

Fig. 4.5f shows contrast of remnant dendrite structure on the fracture surface of AM1

tested in vacuum. Similar dendrite structure is not observed on the vacuum tested CoNi-

alloy. This may be due to the persistent chemical microsegregation which is often present

in SX Ni-base superalloys after standard solutionizing heat treatments used in industry

[196]. The investigated CoNi-alloy is known to have less pronounced dendritic microseg-

regation compared to SX Ni-base superalloys in addition to an extended solutioning heat

treatment (1245 °C / 12 h) above the γ′-solvus [34, 197, 198].

Overview SE images of the regions where crack-initiation occurs are displayed in

Fig. 4.6. For the air-tested specimens (Fig. 4.6a-c), the crack initiation was always

clearly observed to be from the sample surface. The vacuum tested specimens (Fig. 4.6d-

f) did not have clear evidence of distinct microstructural features responsible for the crack

initiation that occurred near the sample surface. It is likely that these microstructural

features may have become damaged, particularly during the compressive portions of the

cycling loading. Despite this, it is thought that near-surface solidification pores or clusters
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Figure 4.7: Stitched optical micrographs of surface oxidation and cracking along the
gauge section of the SB-CoNi-10+ samples tested at 950 °C in air with (a) σa = 305
MPa in air and (b) σa = 405 MPa in air

of solidification pores are responsible for the sub-surface crack initiation in vacuum [79].

Optical observations along the gauge sections reveal arrays of periodic surface cracks

on the surfaces of the air-tested SB-CoNi-10+ specimens (Fig. 4.7). The sample in

Fig. 4.7a has angled surface cracks that correspond well to the measured primary mis-

orientation of the SX from the [001] orientation. This indicates that the surface cracks

likely follow the secondary dendrite arms or the γ/γ′ interfaces [10, 182].
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4.3.3 Cross-sections

Cross-sections were taken along the loading direction near the surface crack initiation

sites of each specimen in order to make observations of oxidation and sub-surface damage

after fatigue cycling. Overview images taken along the gauge sections of SB-CoNi-10+

tested in air and vacuum are presented in Fig. 4.8 and detailed views of the regions near

where crack initiation occurred are presented in Fig. 4.9. In the case of the air-tested

specimens, oxidized surface cracks that penetrate into the sample are observed along

the gauge section. The σa = 305 MPa tested sample had an average secondary crack

length of 61 µm with a standard deviation of 34 µm on a set of 58 measured cracks,

while the σa = 405 MPa tested sample had an average secondary crack length of 61 µm

with a standard deviation of 48 µm on a set of 101 measured cracks. The measured

crack densities were 4.5 and 7.5 cracks per mm for the σa = 305 MPa and 405 MPa tests,

respectively. The longest measured secondary cracks in the 305 MPa and 405 MPa tested

samples were 217 µm and 220 µm, respectively. These measurements were made from the

tip of the oxidized crack to the original metal sample surface. Fatigue cycling in vacuum

did not produce any periodic cracks along the gauge section (Fig. 4.8b,d). Images near

the fracture surfaces in Fig. 4.9 show that the air-tested samples have extensive oxidation

across the fracture surface as well as near the fatal crack initiation site. In the case of the

vacuum tested samples, large regions of fine, equiaxed, recrystallized grains were observed

across the initial 1.5 mm of the fatal crack. While the fatal cracks grew perpendicular to

the loading direction in all tests, the air-tested samples possessed flatter fracture surfaces

compared to the rough, undulating surfaces of the vacuum tested samples close to the

crack initiation site, which is displayed in Fig. 4.9a,b.

The qualitative EDX map shown in Fig. 4.10a-h was collected on a characteristic

oxidized surface crack in the sample cycled at σa = 305 MPa. A focused region on the
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crack tip is shown in Fig. 4.10i-p. Decomposition of the γ-γ′ microstructure into other

phases around the crack tip is not observed, and the denuded zones of γ′ depletion are

thin. These scans reveal the presence of a Cr-enriched Al-oxide that limits the extent

of the oxidation beneath the alloy surface significantly compared to oxidized cracks pre-

viously observed in Co-base superalloys [117]. This oxide has been previously identified

as α-Al2O3 by TEM diffraction in previous studies of this alloy after isothermal oxida-

tion at 1100 °C [34]. A porous (Co,Ni)O oxide is also present within the crack, along

with the presence of a variety of Ta-rich oxides and Co-containing spinels, as expected.

The outward diffusion of Co and Ni ions is responsible for the outward protrusion of the

(Co,Ni)O oxide seen at the surface. Additionally, a ’scalloped’ morphology can be seen in

the Al signal in Fig. 4.10d and the Cr signal in Fig. 4.10f, which is thought to occur due

to the repeated formation and breaking of the oxide scale during fatigue cycling in air.

Similar oxidation behavior is observed in the SB-CoNi-10+ sample tested at the higher

cyclic stress of σa = 405 MPa.

To confirm the presence and nature of the recrystallized regions on the vacuum-

tested samples, EBSD scans were collected across an 800 micron wide region of the

fracture surface and at focused regions of interest. Inverse pole figure (IPF) orientation

maps of these regions are displayed in Fig. 4.11, along with grain reference orientation

deviation (GROD) maps and kernal average misorientation (KAM) maps of the focused

regions. These pockets of recrystallized grains are found in the region of high roughness

along the fracture surface observed in Fig. 4.5d-f. The recrystallized grains are found to

have low internal misorientation and are surrounded by heavily deformed regions of the

underlying SX. The grain sizes of the recrystallized regions were measured as 0.59 µm for

the σa = 300 MPa sample and 0.72 µm for the σa = 400 MPa sample. These averages

were measured on 30 × 30 µm2 and 15 × 15 µm2 sized regions, respectively, within the

recrystallized pockets.
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Figure 4.8: BSE micrographs of the gauge sections of cross-sectioned post-mortem
SB-CoNi-10+ specimens tested at (a,c) σa = 305 MPa in air and (b,d) σa = 300 MPa
in vacuum

Similar LCF tests (T = 950 °C, σa = 400/397 MPa, in air/vacuum) have been per-

formed and previously reported on 1st-generation Ni-base SX superalloy AM1 [79, 190].

After acquiring these previously tested samples, cross-sections along the loading direction

allowed for a direct comparison of the oxidized surface cracks in both Ni- and CoNi-alloy

classes. Since the observation of large recrystallized regions on the fracture surfaces of

the CoNi-base specimens were unexpected, and as these have never been reported in the

literature for Ni-based SX superalloys, the previously tested AM1 samples were investi-

gated in a similar fashion to confirm if this recrystallization behavior was unique to the

CoNi-base SXs.

Oxidized surface cracks are responsible for fatigue failure of the AM1 sample tested

in air, as shown by the oxidized crack on the fracture surface of the AM1 cross-section
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in Fig. 4.12. However, the secondary cracks do not penetrate as deeply into the Ni-alloy

as they do into the CoNi-alloy and these cracks are not as prevalent in the cross-sections

taken through the fatal crack. The average secondary crack length was 11 µm with a

standard deviation of 4 µm, with a maximum measured length of 16 µm in the set of

only four cracks that were observed. This is interesting since the fatigue lifetime for the

Ni-alloy (6,820 cycles) and the CoNi-alloy (5,892 cycles) tested at σa = 400 MPa in air

are similar. So, despite the superior oxidation resistance of the AM1 alloy, this appears

to have not resulted in a significant difference in fatigue life between these alloy classes.

Figure 4.9: BSE micrographs of the fracture surfaces of cross-sectioned post-mortem
SB-CoNi-10+ specimens tested at (a,c) σa = 305 MPa in air and (b,d) σa = 300 MPa
in vacuum

Interestingly, large recrystallized regions of fine grains were also observed along the

fracture surface of the AM1 sample fatigued in vacuum, although these regions were

less prevalent than in the CoNi-base material. EBSD maps acquired on these fine grain
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regions shown in Fig. 4.13 reveals that the recrystallized grains had low internal mis-

orientations while the base SX below these regions was heavily deformed. The authors

are not aware of similar observations on SX Ni-base superalloys that have undergone

high-temperature vacuum fatigue cycling in the literature. Using the same grain size

measurement method as before, the average grain size was measured as 0.39 µm on a 15

× 15 µm2 within a recrystallized grain pocket.

SEM BSE images of vacuum-tested AM1 in Fig. 4.12b and Fig. 4.13a reveal the

presence of a bright, W-rich phase that forms along the fracture surface in the heavily

deformed fracture surface layer. Observations of these small, spherical precipitates have

been observed on the fracture surface of AM1 that has undergone high cycle fatigue

testing at 1000 °C [199], however these precipitations are somewhat unexpected since

AM1 is known to not be highly susceptible to TCP phase formation, especially when

compared to subsequent generations of alloys that contain additions of Re [200]. Similar

phases were not observed on the fracture surface of the CoNi-base alloy, or on the AM1

specimens tested in air.

4.4 Discussion

The fatigue performance of SB-CoNi-10+ is found to be similar to AM1 in air and in

high vacuum. This comparison is remarkable since AM1 has excellent oxidation resistance

in the 900-1100 °C regime and is often used as a baseline comparison for environmental

resistance for other SX Ni-base superalloys [201, 202, 203]. These fatigue tests demon-

strate a significant improvement in high temperature fatigue response in SB-CoNi-10+

compared to previous studies on Co-base superalloys which exhibited short fatigue life-

times due to extensive oxidation-assisted surface cracking and inferior strength compared

to SX Ni-base superalloys, with fatigue lifetimes being two orders of magnitude shorter
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Figure 4.10: Qualitative EDX mapping of an oxidized surface crack in SB-CoNi-10+
tested at σa = 305 MPa in air. The collected x-ray signals were (b,j) Co K, (c,k) Ni
K, (d,l) Al K, (e,m) O K, (f,n) Cr K, (g,o) Ta L, and (h,p) W L. The contrast of
each map has been adjusted in FIJI so that the minimum and maximum x-ray signal
corresponds to black and white, respectively.

compared to Ni-base SX superalloys at the investigated test conditions [117]. This im-

provement can partially be attributed to (i) the oxidation behavior of the SB-CoNi-10+

alloy and (ii) the improved high temperature strength of the SB-CoNi-10+ alloy. Previ-

ous Co-base superalloys were not able to quickly form a protective layer of α-Al2O3 after

high temperature exposure to air [44]. The formation of a Cr2O3 scale has been pre-

viously demonstrated for γ′-containing Co-base alloys, however the necessary elevated

Cr content can result in destabilisation of the two-phase γ-γ′ microstructure near the
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Figure 4.11: EBSD maps showing the formation of recrystallized regions on the frac-
ture surfaces of the SB-CoNi-10+ specimens tested at (a-d) 300 MPa in vacuum and
(e-h) 400 MPa in vacuum. (a-b, e-f) IPF maps are presented alongside (c,g) GROD
maps with a 0-45° scale and (d,h) KAM maps with a 0-5° scale.

oxidizing sample surface [44]. Additionally, it is known that Cr2O3 is susceptible to

volatilization in the presence of water vapor at elevated temperatures and is therefore

not desirable for alloys that experience these temperatures for extended time periods

in service [149, 150, 204]. Similar to other investigated CoNi-alloys, the compositional

design of SB-CoNi-10+ relies on elevated amounts of Al and Cr which contributes to the

enhanced oxidation response of the alloy [34].

Ternary Co-Al-W alloys exhibit significantly lower γ′ volume fractions at the testing

temperature of 950 °C, since many of these alloys have a γ′-solvus temperature near 1000
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Figure 4.12: SEM BSE images of cross-sections of AM1 at (a-b) regions near the
surface crack initiation sites as well as (c-d) images of the gauge section for samples
tested at (a,c) T = 950 °C, σa = 400 MPa in air and (b,d) T = 950 °C, σa = 397 MPa
in vacuum.

°C or lower [160, 22, 205]. Fig. 4.14 shows the temperature evolution of the γ′ volume

fraction at thermodynamic equilibrium of SB-CoNi-10+ compared to AM1, showing that

at 950 °C both alloys retain a high volume fraction of γ′ near 70 %. The alloying approach

and the subsequent properties of SB-CoNi-10+ would not be feasible without the nearly

equal Co:Ni ratio in this alloy, which greatly widens the two-phase γ-γ′ field and allows

for more compositional flexibility in alloy design [27, 30, 34].

Comparing the oxidized surface cracks in SB-CoNi-10+ to AM1, it is apparent that

the oxidation resistance would need to be further improved to limit the extent of oxida-

tion into the CoNi-alloy during high temperature fatigue cycling in air. This is suggested

by the average measured secondary crack lengths in the CoNi-alloys (61 µm) being sig-

nificantly longer than the oxidized cracks observed in AM1 (11 µm). It is likely that

further enhancement of the oxidation resistance in this compositional space should be
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Figure 4.13: SEM BSE images (a-b) and EBSD maps (c-f) of AM1 tested at T = 950
°C, σa = 400 MPa in vacuum. The presence of W-rich particles are found along the
fracture surface, along with thin regions of recrystallized grains. An IPF map of a
focused view of a large region of recrystallized grains is shown in (d), along with a (e)
GROD map and a (f) KAM map.

possible, but this may come at the cost of reduced high temperature strength or other

desired properties.

From observations of the largest non-fatal cracks in the cross-sections of the air-tested

CoNi-alloys, calculations of the stress intensity range at the crack tip, ∆K, can be made.

These can be used to estimate a lower bound for the threshold stress intensity range,

∆KTh, necessary for long crack propagation in the steady-state Paris regime since these

secondary cracks were likely near threshold length yet still in the crack initiation stage.

For an edge crack in a round bar, the stress intensity range can be written as:

∆K = F∆σ
√
πa. (4.1)
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Figure 4.14: Temperature evolution of the γ′ volume fraction for SB-CoNi-10+ and
AM1 [206, 207]. Applied curve fits are only intended to guide the eye.

where ∆K is the stress intensity range, F is a shape factor based on a semi-elliptical

surface crack, ∆σ is the range of the tensile cyclic stresses, and a is the length of the

surface crack [142]. The longest measured secondary cracks for the σa = 305 MPa and

405 MPa tested CoNi-alloys were 217 and 220 µm, respectively. Inserting these values

along with an estimate of the shape factor for a edge crack in a round bar with a curved

front, F = 0.74, into Eq. 1 results in an estimate for the threshold stress intensity factor

for SB-CoNi-10+ tested at 950 °C in air to be ∆KTh ≈ 5.9-7.9 MPa
√

m. For AM1 at 950

°C in air, a value of 10 MPa
√

m has been reported previously using compact tension crack

growth experiments at R = -1 [208]. Therefore, the threshold stress intensity factors are

similar in range between SB-CoNi-10+ and AM1, especially after considering that the

estimate for SB-CoNi-10+ is likely an underestimate due to the investigated cracks still

being in the initiation stage. Compact tension fatigue crack growth experiments at high

temperature in air and vacuum would further refine this measurement, and account for

factors such as oxide-induced crack closure that can affect the effective stress intensity

at the crack tip [82].

We report observations of large regions of recrystallized grains on the fracture sur-
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Figure 4.15: SEM BSE images of (a) a group of cracked pores and (b) and isolated
cracked pore in SB-CoNi-10+ tested at T = 950 °C, σa = 300 MPa in vacuum

Figure 4.16: (a) IPF, (b) GROD, and (c) KAM EBSD maps of the cracked pores in
Fig. 4.15a showing that plastic deformation is present around the pores after testing
but has not resulted in recrystallization.

faces of all samples tested in vacuum, which, to the best of our knowledge, have not been

reported previously in the superalloy LCF literature. This is most likely due to a lack of

fatigue testing on SX superalloys in high vacuum combined with other studies not cross-

sectioning these specimens along the loading direction. However, similar recrystallization

processes have been observed at high temperatures in SX Ni-base superalloys after very

high cycle fatigue (VHCF) [76], out-of-phase thermal-mechanical fatigue (TMF) [209],

creep testing to high strain levels [210], and after creep tests where room temperature

plastic deformation was introduced by tension before testing [211, 212]. Recrystallization

can occur through plastic deformation due to the formation of dense dislocation walls,

sub-grain boundaries, and finally new grain boundaries [213]. However, the lack of mis-

orientation within the recrystallized grains shown by the GROD maps in Fig. 4.11c,g and

135



Low cycle fatigue of a CoNi-base superalloy Chapter 4

Fig. 4.13e indicates that these fine grains are formed in the wake of the fatigue crack,

with recrystallization occurring due to minimization of stored strain energy with the as-

sistance of elevated temperatures present during testing [214]. This is further supported

by observations of cracked casting pores in the vacuum-tested CoNi-alloy cycled at σa

= 300 MPa shown in Fig. 4.15. EBSD mapping displayed in Fig. 4.16 was collected

around the pair of cracked pores in Fig. 4.15a and shows that recrystallization has not

occurred in the vicinity of the cracks that initiate from the casting pores. This suggests

that recrystallization likely occurs in the wake of the crack as a result of the enhanced

plastic deformation around the crack tip. This is contrary to the case of high temperature

VHCF where the accumulation of plastic deformation and subsequent recrystallization

around microstructural inhomogenieties is responsible for crack initiation [76].

The recrystallized grains on the fracture surface are often found in groupings of many

grains in addition to a thinner layer of recrystallization that covers the fracture surface.

It is proposed that the fatal fatigue cracks are occasionally arrested during their growth,

and that the closure of the crack lips under fully-reversed cycling conditions plastically

deforms nearby regions. This eventually induces recrystallization due to the combination

of high temperature (T = 950 °C) and sufficient plastic deformation. This is further

supported by observations that recrystallization does not occur next to crack faces in

coated AM1 during fatigue cycling in air at R = 0.05 and T = 950 °C, i.e. when there is no

compressive portion of the load-cycle [194]. The size of these recrystallized pockets seems

to be correlated with the misorientation between the loading direction and the orientation

of the SX from the [001], with crack arrest occurring more frequently and leading to

more sub-surface deformation for the misoriented SX shown in Fig. 4.11a-d. Lastly,

these recrystallized regions are not observed on any of the tests performed in air. This

could imply that recrystallization is further driven by diffusion and chemical segregation

within the highly deformed regions, as has been proposed by Hamadi et al. where the
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diffusion of γ-forming elements such as Co and Cr are the main driver of recrystallization

in AM1 during high temperature creep along slip bands that were introduced by room

temperature deformation [211]. The formation of bright TCP precipitates along the

fracture surface in AM1 (see Fig. 4.13a,b) further supports that significant chemical

diffusion occurs in the heavily deformed layer below the fracture surface, similar to the

observation of TCP phases formed in CMSX-4 during out-of-phase TMF as shown by

Moverare et al. [209] or during VHCF at 1000 °C as shown by Cervellon et al. [215].

These observations of large recrystallized regions on both the CoNi-base and Ni-base

alloys raise interesting questions about the differences in plastic damage accumulation

and crack propagation between these two alloy classes. The lack of an oxidizing environ-

ment for these tests prevents oxidation-assisted fatigue crack growth, and leads to longer

fatigue lifetimes. What is not clear is whether the larger regions of recrystallized grains

can be solely attributed to differences in sample orientation, or if chemical composition

has a significant effect. It is well known that additions of Co to Ni reduces the stacking

fault energy of the alloy [216]. Alloys of higher Co content would promote the dissociation

of unit dislocations to partial dislocations, resulting in reduced cross-slip and recovery at

high temperatures and a higher susceptibility for recrystallization [217]. The suscepti-

bility to recrystallization of model multi-component Ni-, CoNi-, and Co-base superalloys

has been studied by Rockwell hardness indentation testing followed by subsequent super-

solvus heat treatment [218]. As the Co content of the alloys increased, the radius of the

region of recrystallized grains around the applied hardness indents also increased [218].

However, it is currently unclear whether the higher susceptibility to recrystallization in

Co-base alloys affects fatigue crack initiation. Therefore, this behavior may not have a

significant effect on the fatigue performance of SX alloys since a significant portion of

fatigue life is spent in crack initiation as opposed to propagation [118].

Despite the presence of the large regions of recrystallized grains on the fracture sur-
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faces of all vacuum-tested samples, it is still strongly asserted that the size and distribu-

tion of casting pores is responsible for fatigue crack initiation and subsequent fatigue life

in these alloys. This is strongly supported by the study of Steuer et al. where reducing the

pore size distribution through increased cooling rates during liquid metal cooling assisted

SX casting resulted in significantly enhanced fatigue life compared to conventionally cast

specimens [79]. Observations of cracked casting pores in the vacuum-tested CoNi-base

alloys shown in Fig. 4.15 and Fig. 4.16 provide evidence for casting pores being respon-

sible for crack initiation for fatigue performed in vacuum. Despite larger recrystallized

regions in the SX SB-CoNi-10+ specimens, LCF lives in vacuum were similar or even

slightly better than the AM1 alloy. This is remarkable since it is likely that CoNi-alloys

exhibit lower yield strengths compared to Ni-base alloys due to their lower resistance to

precipitate shearing [68, 219].

The more desirable solidification characteristics of CoNi-base superalloys may result

in a reduction in their pore size distributions, which would result in improved fatigue

performance over Ni-base superalloys. More favorable partitioning of highly segregat-

ing alloying additions during solidification would result in reduced mushy zone heights

[34, 51, 197], which could facilitate liquid flow between primary dendrite arms during

solidification and therefore reduce the size distribution of the casting pores [220]. For SX

Ni-base superalloys, an estimate for the maximum pore diameter, dpore, has been sug-

gested by Brundidge et al. to be closely related to the secondary dendrite arm spacing

(SDAS), λ2, by the simple relation of dpore = 1.15λ2 [118]. A longitudinal cross-section of

the region above the pigtail for as-cast SX SB-CoNi-10+ resulted in an average SDAS of

72.7 µm. This is similar to the SDAS in Ni-base superalloys solidified by the Bridgman

method at the same withdrawal rate of 3.4 mm min−1 [118]. However, while metallo-

graphic cross-sections on Ni-base alloys have revealed pore sizes that fulfill the previous

relation, measurements of both the as-cast and fully heat-treated CoNi-alloy resulted
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in dpore < 30 µm. Smaller maximum pore sizes would require more cycles for fatigue

crack initiation and longer lifetimes for fatigue in vacuum at these high temperature test

conditions. Confirmation of this relationship between alloy chemistry and pore size distri-

bution would require more statistical measurements of the pore size distribution in both

alloys through techniques such as x-ray tomography since metallographic cross-sections

do not capture the 3D pore shapes and their size distribution.

4.5 Conclusions

In conclusion, this study reports on the LCF response of a SX CoNi-base superalloy.

Observations of the post-mortem specimens revealed several different types of damage

that form and we have compared these damage mechanisms to those found after similar

fatigue testing of SX Ni-base superalloy AM1. The following findings from this study

are:

• Load-controlled LCF tests on a novel SX CoNi-base superalloy at T = 950 °C in air

and in vacuum reveal a fatigue performance similar to 1st-generation SX Ni-base

superalloy AM1.

• Oxidized surface cracks are responsible for fatigue crack initiation in air at T =

950 °C, while sub-surface casting pores are responsible for crack initiation in vac-

uum. For the same solidification conditions, the CoNi-base alloy possesses smaller

solidification pores compared to Ni-base SXs.

• Large recrystallized regions were found along the fracture surface of all alloys tested

in vacuum at T = 950 °C and fully-reversed conditions.
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Chapter 5

3D printable CoNi-base superalloys†

Additive manufacturing promises a major transformation of the production of high eco-

nomic value metallic materials, enabling innovative, geometrically complex designs with

minimal material waste. The overarching challenge is to design alloys that are compati-

ble with the unique additive processing conditions while maintaining material properties

sufficient for the challenging environments encountered in energy, space, and nuclear

applications. In this chapter, a class of high strength, defect-resistant 3D printable su-

peralloys with approximately equal parts of Co and Ni along with Al, Cr, Ta and W are

described. These alloys are amenable to crack-free 3D printing via electron beam melting

(EBM) with preheat as well as selective laser melting (SLM) with limited preheat. These

alloys possess strengths in excess of 1.1 GPa in as-printed and post-processed forms and

tensile ductilities of greater than 13 % at room temperature. Alloy design principles are

described along with the structure and properties of EBM and SLM CoNi-base materials.

†Significant portions of this chapter are reproduced from the following article: S.P. Murray, K.M.
Pusch, A.T. Polonsky, C.J. Torbet, G.G.E. Seward, N. Zhou, S.A.J. Forsik, P. Nandwana, M.M. Kirka,
R.R. Dehoff, W.E. Slye, and T.M. Pollock, A defect-resistant Co–Ni superalloy for 3D printing. Nat.
Commun. 11 (2020) 4975. [doi] [197]
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5.1 Introduction

Metal-based additive manufacturing (AM), or three-dimensional (3D) printing, has

enabled the fabrication of near net shape metal components with optimized geometries

that are not achievable through conventional manufacturing techniques. The promise of

increased design flexibility has led to significant interest in applying 3D printing methods

to commercial alloys currently used in biomedical, automotive, and aerospace applications

[3, 88, 221]. However, only a limited number of existing alloys are amenable to the

complex thermal conditions present during metal-based AM, where layer-by-layer growth

of the component is achieved through local melting of metal powder by either a laser

or electron beam energy source [94, 97, 222, 223]. AM of metals is fundamentally a

repeated welding process, in which a directed energy source is used to locally melt and

join material. Candidate materials for AM therefore tend to be weldable alloys, which

are less susceptible to cracking mechanisms that originate in the liquid phase, such as

liquation cracking or hot tearing, or due to stresses that develop in the solid state,

resulting in, for example, strain-age cracking and ductility-dip cracking [99].

Due to their excellent mechanical properties at elevated temperatures, Ni-base super-

alloys are the material of choice for structural components such as single crystal (SX)

turbine blades and vanes used in the hot sections of aircraft engines and land-based

natural gas turbines [1]. These alloys consist of a high volume fraction (> 60 %) of

sub-micron size cuboidal precipitates of the γ′ phase (Ni3(Al,Ti), L12) that are coherent

with a solid solution strengthened matrix, or γ phase (Ni, A1). However, many of the

highest-performing Ni-base superalloys are observed to be non-weldable due to the rapid

precipitation of the γ′ phase shortly after solidification, which impedes the relaxation

of thermal stresses by strengthening the recently solidified material, resulting in strain-

age cracking [224]. This behavior is captured in Prager-Shira weldability diagrams that
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show how increasing Al or Ti content, which both increase the volume fraction of the γ′

strengthening phase, is a reliable proxy for decreasing alloy weldability [225].

As the γ phase solidifies, the liquid becomes locally enriched by the rejection of

γ′ forming elements such as Al, Ti, and Ta [226]. This solute segregation lowers the

local liquidus temperature, creating solute-enriched liquid films between solid dendrites

that contract at differential rates in the melt pool during cooling, resulting in tensile

stresses and cracking [111, 227, 228]. This susceptibility to liquid-mediated cracking

can be influenced by control of the liquid composition and liquid fraction at a given

temperature via changes in the alloy composition. Just below the melting point, stresses

can be accommodated by plastic deformation in the solid state, which is very sensitive to

the temperature at which the strengthening precipitates appear. Therefore, many of the

desirable high γ′ volume fraction Ni-base superalloys, which have a narrow temperature

window from the point at which the material solidifies to the temperature at which the

precipitates become thermodynamically stable, are susceptible to both cracking in the

nearly-solidified state and in the solid state. The solute segregation and precipitation

processes can, in principle, be modified by global changes in composition.

The cracking susceptibility of high-performance engineering alloys including high γ′

volume fraction Ni-base superalloys, high strength aluminum alloys and refractory alloys

[99, 113, 174, 229, 230, 231] represents the major barrier to the use of these alloys for AM

components in critical applications. For alloys that operate at relatively low temperature,

such as high strength aluminum alloys, control of grain nucleation in the melt pool via

functionalization of powder surfaces can mitigate the cracking problem [100]. However,

this results in a small grain size, which is unfavorable for high temperature operation.

Thus, innovative alloy designs are needed for AM, especially for more severe environments

[232].

Several different strategies have recently been pursued for the development of alloys
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for AM [233]. By increasing the solid solution strengthening elements in the Ni-base su-

peralloy Hastelloy X within the existing commercial alloy composition range, a reduction

in microcracking in AM was observed [114]. To control material anisotropy, Haines et al.

performed a sensitivity analysis with a focus on adjusting alloy composition to control

the columnar to equiaxed transition in Ni-base alloys [234]. Similarly, control of the

columnar to equiaxed transition through AM process control has been employed by Kon-

tis et al. to successfully fabricate a non-weldable Ni-base superalloy through atomic-scale

grain boundary engineering [101]. Additionally, AM allows for the mixing of alloy pow-

ders before printing, resulting in the fabrication of metal-metal composites with unique

microstructures that would be difficult to fabricate by other means [235]. Since the γ–γ′

microstructure present in modern Ni-base superalloys is desirable due to the excellent

mechanical properties it confers, the goal of this research was to design an alloy that

contains a high γ′ volume fraction while retaining good printability.

Recent interest in Co-base superalloys commenced with the study of Sato et al. that

revealed the possibility of precipitation strengthening in the Co-Al-W ternary system

[22]. These Co-base alloys are morphologically identical to their Ni-base counterparts,

except the γ′ strengthening phase is based on Co3(Al,W). The γ′-strengthened Co-base

superalloys have recently been fabricated as single crystals via Bridgman growth and

polycrystals via wrought processing [51, 129, 163, 164].

In this work, a CoNi-base superalloy that can be processed through both selective laser

melting (SLM) and electron beam melting (EBM) manufacturing pathways is demon-

strated, resulting in crack-free components in spite of the presence of a high volume

fraction of the desirable γ′ phase. A low degree of solute segregation during solidification

reduces the susceptibility for liquid-mediated cracking, and the reduced γ′-solvus tem-

perature alleviates cracking once solidification is complete. Room temperature tensile

testing reveals that CoNi-base superalloys have an excellent combination of ductility and
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strength compared to other Ni-base superalloys currently being investigated for AM. This

research demonstrates that the CoNi-base superalloy compositional space provides op-

portunities for the development of superalloys that can leverage the potential of additive

manufacturing.

5.2 Methods

3D printing parameters and heat treatment. Metal powder of SB-CoNi-10 for

the additive manufacturing trials was produced in 136 kg batches by vacuum induction

melting and argon gas atomization. Table 5.1 lists the nominal SB-CoNi-10 composition

along with the composition of the powder and the composition of the as-printed alloy

processed by EBM as measured by inductively coupled plasma mass spectrometry (ICP),

glow discharge mass spectrometry (GDMS), and combustion analysis. It should be noted

that the designation of SB-CoNi-10+ is used exclusively to refer to single crystal vari-

ants of this alloy throughout this dissertation, for even though the nominal compositions

of the two alloys are identical, the minor element and tramp element compositions are

measurably different. The reader is referred to Table 3.4 in Ch. 3 for the composition

of SB-CoNi-10+ single crystal alloys and is referred to to Table 5.1 in this chapter for

the SB-CoNi-10 composition relevant to the additive manufacturing studies. Powder was

separated into size ranges of -53/+15 µm for SLM and -177/+53 µm for EBM. The EBM

fabricated samples were produced on an Arcam Q10+ system at Oak Ridge National

Laboratory running 4.2.89 EBM control software under a controlled He vacuum with an

applied preheat temperature of 1000 °C. Other EBM printing details include: max cur-

rent = 18 mA, speed function = 63 (unitless), hatch spacing = 125 µm, layer thickness

= 75 µm, using a standard Arcam raster scan strategy. The SLM fabricated samples

were produced on a SLM Solutions SLM125 at Carptenter Technology Corporation with
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an applied preheat of 200 °C in an inert gas atmosphere. Other SLM printing details

include: layer thickness = 30 µm, laser power = 176 W, hatch spacing = 80 µm, laser

speed = 1137 mm s−1, using a bidirectional raster scan strategy. The EBM specimens

underwent hot isostatic pressing at 1245 °C for 4 h under 103.4 MPa of isostatic pressure

in Ar, followed by a solution heat treatment at 1245 °C for 2 h and aging at 1000 °C

for 50 h under vacuum. The EBM fabricated samples were cooled by furnace shut-off

quenching after each heat treatment step. The SLM specimens underwent hot isostatic

pressing at 1177 °C for 4 h under 103.4 MPa of isostatic pressure in Ar, followed by a

solution heat treatment at 1245 °C for 1 h and aging at 1000 °C for 50 h. In the case

of the SLM samples, these samples were cooled by an oil quench after the solution heat

treatment, followed by a furnace quench after the aging heat treatment.

Microstructural characterization. Samples were prepared for microscopy using

standard metallographic techniques consisting of grinding with SiC papers down to 1200

grit followed by polishing down to a 50 nm colloidal alumina suspension using a Vi-

bromet polisher for 4 h. Scanning electron microscopy with secondary electron (SE)

imaging and backscattered electron (BSE) imaging was performed on a ThermoFisher

Apreo C at accelerating voltages between 5 kV and 20 kV using a Schottky field emission

gun. Electron backscatter diffraction (EBSD) maps were acquired using an EDAX Veloc-

ity EBSD camera in a FEI Versa3D microscope at an accelerating voltage of 30 kV. All

inverse pole figure (IPF) maps are defined such that the 〈001〉 is aligned with the build

direction. The collected diffraction patterns were indexed by spherical indexing using

the EMSphInx v0.2 software package [191] and Hough indexing within OIM Analysis™

v8 software. Fracture surfaces were imaged using the aforementioned scanning electron

microscopes at similar accelerating voltages.
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As-printed chemical segregation characterization. Electron probe microanalysis

(EPMA) was performed using a Cameca model SX100 with five wavelength dispersive

spectrometers and a CeB6 thermionic emission gun. To quantify the amount of chemical

segregation present after printing in both the EBM and SLM samples, a 20 × 20 grid

scan of evenly spaced points with long dwell times (1 min of collection time per point)

was collected in a 100 × 100 micron area on cross-sections taken 1 mm below the final

build layer perpendicular to the build direction. Chemical maps with a reduced dwell

time were used for visualization of this chemical segregation. Probe Image and Probe for

EPMA software packages developed by Probe Software, Inc. were used for quantification

of the collected spectra. All EPMA data underwent standards-based quantification with

a combination of pure alloy standards and a reference alloy sample with composition

Co–6.7W–8.9Al–3.3Cr–1.5Ta at.% that was previously characterized to high accuracy by

inductively coupled plasma compositional analysis.

The collected EPMA grid scan data were sorted from highest Co concentration to

lowest and assigned an apparent fraction solidified (fs) from 0 to 1, as shown in Fig. 5.2(c)-

(d). It is assumed that point with the highest Co content can be assigned an apparent fs =

0 since Co partitions to the dendrite core during solidification, as shown in Fig. 5.2(e),

resulting in the liquid becoming depleted of Co as solidification continues. Co was selected

for sorting since it has the highest concentration in SB-CoNi-10 compared to the other

alloying additions. In order to determine the apparent distribution coefficient, k, for

each major alloying addition, the sorted concentration of the solid vs. apparent fraction

solidified curves were fit using the Scheil equation [55],

Cs = kCo(1− fs)k−1 (5.1)
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where Cs is the concentration of the solid, Co is the starting composition of the melt, fs

is the fraction solidified, and the distribution coefficient is defined as k = Cs/Cl. Curve

fits to the Scheil equation were made using a least squares regression using data with

apparent fraction solidified vales between fs = 0.1 and fs = 0.9 for both the EBM and

SLM datasets. These curve fits provided values for Co and k using the values of Cs and

fs as inputs determined experimentally by the EPMA grid scan.

Mechanical testing. Sheet dogbones for mechanical testing were removed from the

EBM fabricated bars using electric discharge machining. The dogbones were 44 mm long

with gauge dimensions of 2 mm × 3 mm × 14 mm. To remove the EDM-affected zone on

the surface of the specimens, the gauge sections were ground down to 1200 grit using SiC

grinding papers. Tensile tests on the EBM manufactured specimens were performed along

the build direction (i.e. Z-orientation) at a strain-rate of 1 × 10−4 s−1 using an Instron

5582 universal testing machine. The SLM manufactured specimens were mechanically

tested in the XY-orientation according to ASTM E8/E8M using machined cylindrical

threaded dogbones with a gauge diameter of 6.35 mm. The strain-rate was 3× 10−5 s−1

before yield and 1 × 10−4 s−1 after yield. All mechanical tests were performed at room

temperature and taken to rupture. EBSD maps of post-mortem specimens were collected

after cross-sectioning the samples in half along the build direction.

5.3 Results

Design Approach. The primary goals for alloy design were good high temperature

strength, achieved via stabilization of a high volume fraction of the γ′ phase to at least

1100 °C, solidus and liquidus temperatures above 1300 °C with a narrow equilibrium

freezing range, high resistance to oxidation provided by formation of alumina in oxidizing
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environments and favorable printability. Ni-base alloys strengthened with high volume

fractions of γ′ phase are well known for their tendency to crack during powder-bed fusion

(PBF) printing [98]. In these alloys the Ni3Al phase is thermodynamically stable up to a

few degrees below the solidus temperature, thus it was hypothesized that a gap of > 50

°C between the solidus and solvus temperatures would increase cracking resistance while

still maintaining a high volume fraction of precipitates at elevated temperatures.

The emergence of this class of cobalt-base alloys coincides with a recent thrust to

develop computational and high-throughput alloy design tools [236]. This has enabled a

suite of tools to be developed and integrated for exploration of the large multicomponent

composition-space necessary to discover alloys for AM. These tools were used to expand

compositions from the original Co-Al-W ternary to the multicomponent composition of

the printed alloy investigated here. Below are brief descriptions of the tools and their

role in the alloy design process.

The strength of the two-phase γ–γ′ microstructure is governed by the resistance of

the L12 γ
′ phase to shearing by ordinary or partial dislocations entering from the γ, cre-

ating either superlattice intrinsic stacking faults (SISF) or antiphase boundaries (APBs).

Prior research on the role of solutes on these planar fault energies, consisting of density

functional theory (DFT) calculations within the Vienna Ab Initio Simulation Package

(VASP) along with Special Quasi-random Structures (SQSs), the ANNNI (Axial Next-

Nearest Neighbor Ising) model [157, 237], and the Diffuse Multi-Layer Fault (DMLF)

model with a proximate structure for the (111) APB [11, 238], indicated that Ti, Ta,

Nb and Ni were favorable alloying additions. Creep experiments on several single crystal

variants of these materials confirmed that alloys with these elements did possess creep

strengths that exceed 1st-generation Ni-base single crystal levels [34, 160].

To validate fault energy assessments and understand the complex precipitate shearing

mechanisms observed across individual and groups of precipitates following mechanical
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testing, ab-initio calculations of the generalized-stacking-fault (GSF) potential energy

were used for phase field dislocation calculations [219, 239].

An early thermodynamic database in the compositional space adjacent to the Co3(Al,W)

phase was developed and subsequently incorporated into the CompuTherm PanCobalt

database [156]. Thermodynamic calculations were used to adjust the Ni content to in-

crease the L12 solvus temperature to the desired range, to predict phases present across

composition space in the combinatorial studies described below and to predict solidifica-

tion paths and their likely influence on printability.

Ternary Co-Al-W alloys have limited oxidation resistance due to the formation of

non-protective CoO and mixed spinels [23, 43]. Because first principles modeling of

non-stoichiometric oxides is extremely challenging, a combinatorial library approach was

developed. The combinatorial approach [46, 49] was coupled with rapid oxide screening

based on Photo Stimulated Luminescence Spectroscopy (PSLS) [48] and the Calphad

database [156] to outline regions of composition space giving rise to α-Al2O3 scales and

two-phase γ–γ′ microstructures. Ion plasma deposition (IPD) using five cathodes of

different compositions was used to create three libraries covering a spectrum of Co-Ni-

Al-W-Cr-Ta alloy compositions with 234 samples.

Starting from the composition of an alumina-forming IPD alloy of composition Co-

32.4Ni-11.7Al-4.4W-3.3Cr-1.5Ta (at.%), three additional alloys with small variations in

composition were arc melted into 40 g buttons [34]. After analysis of microstructure

and phases present, a final composition, SB-CoNi-10, possessing a desirable two phase

microstructure was selected for (a) single crystal growth to measure basic properties and

(b) 3D printing to assess its behavior in both laser and electron beam based PBF build

approaches.

The SB-CoNi-10 alloy has a nominal composition of Co–36.4Ni–13.2Al–6Cr–3.5Ta–1W

in atomic percent, along with minor additions of 0.08B–0.08C–0.018Hf–0.002Y which are
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included for grain boundary strengthening, carbide formation, and oxide scale adhesion

[34]. It possesses a high volume fraction of γ′ of approximately 0.7 after aging at 1000

°C, a mass density similar to Ni-base superalloys (8.65 g cm−3), and is able to form en-

vironmentally protective α-Al2O3 after high temperature exposure in air [34, 240]. The

γ′-solvus, solidus, and liquidus values for this alloy have been measured by differential

thermal analysis as 1204, 1329, and 1381 °C, respectively, resulting in a window of 125

°C where the material is single phase γ and an equilibrium freezing range of 52 °C.

Alloy synthesis. A 136 kg lot of SB-CoNi-10 powder was fabricated by Carpenter

Technology Corporation by vacuum induction melting and argon gas atomization. A

powder size range of 15 to 53 µm was used for SLM printing, while a larger size distri-

bution of 53 to 177 µm from the same heat was used for the EBM process, as shown in

Fig. 5.1(a)-(b). Rectangular blocks and blade-shaped samples were printed in both pro-

cesses with process parameters that are typical of those employed for printing of Ni-base

alloys. The laser printing was conducted at Carpenter Technology Corporation with a

preheat temperature of 200 °C applied to the powder bed, while the EBM printing was

performed at Oak Ridge National Laboratory and utilized the electron beam to preheat

the powder bed to approximately 1000 °C.

The 3D printing trials with both the EBM and SLM approaches resulted in crack-

free blocks and blade-shaped samples in the as-printed state, Fig. 5.1(c)-(f). Due to

the favorable solvus temperature and the thermal conditions present during printing,

the block samples were suitable for tensile tests without the need for post-processing

heat treatments. Additional tensile tests were performed after subjecting the alloy to a

standard processing route for additively manufactured components, which consists of (i)

hot isostatic pressing (HIP) to close any residual gas or shrinkage porosity, (ii) solution

heat treatment (SHT) above the γ′-solvus to homogenize the alloy, and (iii) a lower

temperature aging to precipitate and coarsen the γ′ phase. These specimens are denoted
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Figure 5.1: Additive manufacturing of a CoNi-base superalloy through EBM
and SLM. SEM micrographs of metal powder of SB-CoNi-10 used for (a) EBM and
(b) SLM printing trials. Simple bar geometries have been printed for uniaxial tensile
testing (c-d) in addition to complex geometries such as prototype turbine blades with
(e) internal cooling channels or (f) thin, over-hanging platforms. IPF maps acquired
through EBSD show the grain structure of the as-printed CoNi-base superalloy along
the build direction manufactured through (g) EBM and (h) SLM. The scale bars for
(a-b) and (g-h) are 500 µm. The scale bars for (c-f) are 2 cm.

as HIP+SHT+aged. Further details on printing and post processing are given in the

Methods section.

The as-printed grain structure characterized by electron backscatter diffraction (EBSD)

in the scanning electron microscope (SEM) is shown for both the SLM and EBM processes

with inverse pole figure (IPF) maps in Fig. 5.1(g) and (h). In the higher preheat EBM

process, there is a greater tendency for grains to be columnar and to assume the pre-

ferred solidification growth direction of 〈001〉 aligned with the build direction. There are

occasional clusters of equiaxed grains, which are associated with fluctuations in thermal

conditions, and are not due to lack of fusion locally. In the low preheat SLM process, the

grains are also columnar but have greater variation in their crystallographic orientation

relative to the build direction.
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As-printed chemical segregation. In order to evaluate solute segregation in the

as-printed condition, both EBM and SLM alloys were investigated by electron probe

microanalysis (EPMA) along the XY-plane, i.e. perpendicular to the build direction,

from cross-sections taken 1 mm below the final build layer (Fig. 5.2). By collecting a

20 × 20 point grid of compositional data over a 100 × 100 µm area in the center of the

regions shown in Fig. 5.2(b)-(c), statistics on the alloy composition at various stages of the

solidification process were collected. These measurements have been repeated on a version

of SB-CoNi-10 that was fabricated into a single crystal by the Bridgman method using a

1 mm × 1 mm area grid for data collection over the dendrite florets shown in Fig. 5.2(a).

Accurate compositional measurement requires that the electron probe (and subsequently

detected x-rays) interacts with a volume of sample that is homogeneous in composition.

The interaction volume of the electron probe with the alloy surface is non-negligible at

the accelerating voltages necessary for sufficient characteristic x-ray signal from elements

such as W or Ta. Therefore, compositional measurements were taken on the XY-plane for

all specimens to reduce the impact of compositional fluctuations beneath the alloy surface

on the measured values. By sorting this compositional data from highest Co content to

lowest Co content, the composition of the solid at each apparent solid fraction, or fs, for

each of the major alloying additions can be estimated and is shown in Fig. 5.2(d)-(f).

By fitting these curves with the Scheil equation [55], which describes solute segregation

during solidification under the assumption of no diffusion in the solid and infinite diffusion

in the liquid, the apparent distribution coefficients that describe the intensity of solute

segregation, k, can be experimentally determined. The distribution coefficient k is defined

as k = Cs/Cl where Cs and Cl are the composition of the liquid and solid on either side

of the solid-liquid interface during solidification. These results are shown in Table 5.2.

Apparent distribution coefficients measured in Bridgman-grown single crystals of SB-

CoNi-10 show the same partitioning tendencies as the EBM sample [34]. The degree of
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partitioning in SB-CoNi-10 is much lower in comparison to conventional Ni-base alloys,

resulting in the variation of the fraction liquid with temperature also being lower [34].

Since the length-scale of the segregation present in the as-printed cellular structure is

smaller than the interaction volume of the EPMA electron probe, it is not possible to

resolve the apparent distribution coefficients for the SLM sample. This is demonstrated

by the flat Scheil curves in Fig. 5.2(f) where Scheil curve fits are not applied in this case.

Figure 5.2: As-printed chemical segregation after Bridgman Casting, EBM,
and SLM. BSE micrographs of the XY-plane microstructures of SB-CoNi-10 after
fabrication through (a) Bridgman casting, (b) EBM, and (c) SLM. Quantitative com-
positional data and Scheil curve fits for the apparent distribution coefficients are shown
for the (d) Bridgman, (e) EBM, and (f) SLM samples. EPMA grid scans of 20 × 20
evenly spaced points were collected in the centers of the BSE images shown in (a-c)
with dimensions of (a) 1 × 1 mm and (b-c) 100 × 100 µm. Scale bars for (a), (b),
and (c) are 500 µm, 50 µm, and 50 µm respectively.

Quantitative chemical maps of the EBM and SLM material are provided in Fig. 5.3(a)-

(b) for visualization of this solute segregation, showing that Co, Cr, and W segregate to

the dendrite cores and that Ni, Al, and Ta segregate to the interdendritic regions. As
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noted above, the fine-scale segregation in the SLM samples can not be resolved with this

technique.

Figure 5.3: Quantitative EPMA maps. EPMA elemental composition maps of
the XY-plane microstructures for the (a) EBM and (b) SLM samples. Co, Cr, and
W segregate to the dendrite core while Ni, Al, and Ta segregate to the interdendritic
regions. Each map has a step size of 0.5 µm. The scale bar for (a-b) is 100 µm.

Microstructure evolution. The high preheat temperature employed in EBM (1000

°C) reduces the thermal stresses that develop during solidification, with low orientation

gradients present within individual grains (Fig. 5.1(g) and 5.4(f)). In the case of precip-

itation strengthened alloys such as SB-CoNi-10, preheating results in γ′ microstructural

evolution that varies with the build height [242]. Investigations at varying heights in the
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EBM build (Fig. 5.4(b)-(e)) reveal that near the top of the build the γ′ phase precipitates

are at a length-scale that is difficult to resolve by scanning electron microscopy, and that

the γ′ phase and coarsens along the depth of the build. Traditional post-processing can

be applied to this alloy in order to homogenize the chemical segregation and eliminate

gradients in precipitate size. Hot isostatic pressing applied above the γ′-solvus temper-

ature (THIP = 1245 °C) resulted in a microstructure that was free from porosity and

also resulted in recrystallization of the microstructure into a coarse-grained equiaxed

microstructure. While the γ′ phase has a non-uniform size distribution along with non-

cuboidal precipitate shapes after the HIP, a short 2 h solution heat treatment at 1245 °C

followed by aging at 1000 °C for 50 h produces the γ′ morphology shown in Fig. 5.4(i)-(j)

with a measured volume fraction of approximately 0.7. This heat treatment schedule

has also been applied to single crystals of CoNi-alloys grown by the Bridgman method,

and could be modified if changes in the grain structure or precipitate sub-structure are

desirable [34].

The limited preheat used during SLM (200 °C) does not promote the formation and

coarsening of the γ′ phase during printing as occurs in EBM. The prior weld pools are

visible in Fig. 5.5(a) with columnar grains that grow along the build direction from

the bottom of the melt pools and grains that grow laterally from the walls of the weld

pools towards the laser track centerline, along with limited amounts of porosity. BSE

micrographs at various depths below the final build layer shown in Fig. 5.5(b)-(e) reveal

that the cellular microstructure persists throughout the build. Additionally, where the

EPMA mapping in Fig. 5.3(b) does not detect chemical segregation, these micrographs

reveal that chemical segregation does persist at the cellular level along with the formation

of bright Ta-rich carbides. A sub-solvus HIP at 1177 °C resulted in recrystallization of

the as-printed microstructure (Fig. 5.5(f)-(g)) and solution heat treatment and aging

produced the γ′ morphology shown in Fig. 5.5(h)-(i).
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Figure 5.4: EBM microstructural evolution before and after post-processing.
a) Stitched BSE image of the final build layers in as-printed EBM SB-CoNi-10. BSE
micrographs of the as-printed EBM alloy at different depths below the final build
layer: (b) near the final build layer, (c) 1 mm below, (d) 2 mm below, and (e) 4
mm below. (f) IPF map of the as-printed EBM alloy and (g) IPF map of the fully
heat-treated material. Both EBSD scans were acquired at a similar distance from the
final build layer (∼22 mm) that was representative of the center of the tensile specimen
gauge sections. (h-i) Additional BSE micrographs of the γ–γ′ microstructure after
post-processing. The bright particles are Ta-rich carbides which are a result of the
intentional addition of carbon. The scale bar for (a) is 500 µm. The scale bars for
(b-e) are 5 µm. The scale bars for (f -g) are 500 µm. The scale bar for (h) is 25 µm.
The scale bar for (i) is 5 µm.

Mechanical testing of as-printed and post-processed alloys. Room tempera-

ture quasi-static tensile tests were performed on both the SLM and EBM printed material.

The specimens were machined from bars such as the ones presented in Fig. 5.1(c)-(d)

and tests were performed on both the as-printed and fully heat treated microstructures.

A summary of the mechanical strength results are shown in Table 5.3 [98, 243]. Sam-

ples tested with the tensile axis along the build direction are indicated as Z-orientation,

whereas samples that were tested perpendicular to the build direction are indicated as

XY-orientation. Typically, additively manufactured alloys that contain a high density of

cracks after printing fail shortly after the yield point. The SB-CoNi-10 alloy demonstrates
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Figure 5.5: SLM microstructural evolution before and after post-processing.
(a) Stitched BSE image of the as-printed SLM microstructure of SB-CoNi-10 with
characteristic melt pool boundaries visible. BSE micrographs of the as-printed EBM
alloy at different depths below the final build layer: (b) near the final build layer, (c)
1 mm below, (d) 2 mm below, and (e) 4 mm below. (f) IPF map of the as-printed
SLM alloy and (g) IPF map of the fully heat-treated material. (h-i) Additional BSE
micrographs of the γ–γ′ microstructure after post-processing. The scale bar for (a) is
50 µm. The scale bars for (b-e) are 5 µm. The scale bars for (f -g) are 500 µm. The
scale bar for (h) is 25 µm. The scale bar for (i) is 5 µm.

significantly improved ductility and resistance to cracking compared to similar Ni-base su-

peralloys produced by PBF, as shown by the engineering stress-strain curves in Fig. 5.6(a)

and Fig. 5.6(f). SEM investigations of the fracture surfaces after testing revealed that

failure was ductile and intragranular in all room temperature tests (Fig. 5.6(b-e,g-j)).

This is evidenced by the tendril-like features that are indicative of microvoid coalescence,

along with the significant reductions in cross-sectional area of all specimens after test-

ing. Severe elliptical distortions in the fracture surfaces of the as-printed specimens are

visible in Fig. 5.6(b) and 5.6(g). This is a result of rotations of the columnar grains

where the slip planes of the dominant slip system reorient in order to maximize the re-

solved shear stress they experience [244, 245]. EBSD maps along the build direction of

the post-mortem EBM specimens reveals this grain rotation by showing how the 〈001〉
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crystallographic direction of the columnar grains are now more strongly aligned with

the loading direction after the test (Fig. 5.4f and Fig. 5.7a). Additionally, these EBSD

maps show how strain accumulates in grains oriented favorably for dislocation slip in the

HIP+SHT+aged samples (Fig. 5.7c-d) and that the post-test microstructures of both

specimens are free from cracking along grain boundaries (Fig. 5.7(a-d)).

Figure 5.6: Tensile testing of EBM and SLM SB-CoNi-10 at room temper-
ature. Stress-strain curves for quasi-static tensile tests at room temperature on the
(a) EBM and (f) SLM materials in the as-printed and fully processed conditions com-
pared to EBM CM 247[98] and SLM Inconel® 738 LC [243]. SEM fractography of
the (b-e) EBM samples and the (g-j) SLM samples in the as-printed (b-c, g-h) and
fully post-processed (d-e, i-j) conditions reveal features indicative of ductile fracture
in all specimens. The higher magnification images are taken near the center of each
fracture surface. The scale bars for (b, d) are 1 mm. The scale bars for (g, i) are 2
mm. The scale bars for (c, e, h, j) are 5 µm.
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Figure 5.7: EBSD of post-mortem EBM tensile specimens. IPF maps (a,c)
and grain reference orientation deviation (GROD) maps (b,d) show the accumulation
of plastic strain after tensile testing of the EBM material in the (a-b) as-printed and
(c-d) fully heat-treated conditions. The scale bars are 500 µm.

5.4 Discussion

By utilizing a suite of modern research tools, including first-principles calculations

[46, 157, 237, 246, 247], high-throughput thermodynamic database calculations [34, 156],

combinatorial alloy synthesis [46, 49] and non-destructive characterization techniques

[48], a complex multicomponent space for Co-Ni alloy compositions that are favorable

for AM and also possess favorable mechanical and environmental properties has been

rapidly explored. A particular challenge for alloy design in the additive domain is the

need to fabricate expensive powders in significant quantities (typically greater than 100
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kg); thus the computational suite of design tools was essential for efficient exploration

and selection of a composition likely to be favorable for additive manufacturing. By

fabricating the alloy SB-CoNi-10 with both SLM and EBM methods, it is suggested that

this region of compositional space may yield alloys that are easier to process through ad-

ditive manufacturing, compared to current Ni-base superalloys. Importantly, it has been

demonstrated that the SB-CoNi-10 alloy can printed in a simple bar form (Fig. 5.1c-d),

which is subject to less mechanical constraint during printing, and in a blade-shaped form

(Fig. 5.1e-f), which would be more prone to cracking due the added thermomechanical

gradients associated with this geometry.

The EPMA grid technique described above is often used on single crystal castings

of superalloys fabricated using the Bridgman method to study the microsegregation of

various elements during directional solidification, which strongly affects the liquid density

during solidification and can promote casting defects such as stray grains and freckle

chains [51, 53, 241]. The solidification segregation in the SB-CoNi-10 alloy and related

Co-base alloys is much less pronounced compared to Ni-base alloys (Table 5.2) with

distribution coefficients near 1 for all elements except for Ta which is approximately

0.75. The less pronounced segregation in the Co-rich alloys, particularly in the late

stages of solidification is beneficial for cracking resistance [227, 228]. The intensity of

the segregation is similar in the EBM material compared to the single crystal material,

though the scale of the dendritic structure is clearly refined in the EBM material due

to the higher cooling rates in the EBM process [248]. Similar to single crystal growth

processes which exhibit an annealing effect due to slow withdrawal rates, the layer-by-

layer thermal excursions in the EBM process might be expected to influence the observed

solute segregation due to solid-state diffusion. However, prior research on segregation in

these materials has shown these effects to be minor [51]. In the SLM process, with even

higher thermal gradients and cooling rates (> 106 K/m at the solid-liquid interface [249]),
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the structure is refined further still. Finer scale chemical maps acquired by transmission

electron microscopy are required to conclusively measure the degree, if any, to which

segregation is suppressed in the SLM processed samples.

The alloys described above are readily modified through standard post-processing

such as HIP and heat treatment to remove microstructural inhomegeneites present after

printing, such as chemical segregation and porosity, and to promote a more equiaxed

grain structure after recrystallization. In the case of EBM, where long columnar grains

aligned with 〈001〉 along the build direction are observed in the as-printed state, mod-

ified heat treatments may be desirable to preserve the as-printed grain structure while

removing as-printed segregation and pores, as has been demonsrated in EBM processed

CMSX-4®∗ [250]. The microstructure after EBM resembles the columnar grain struc-

ture formed in directionally solidified (DS) castings used in the aerospace industry for

superalloy turbine blades. The elimination of transverse grain boundaries in DS castings

significantly improves the high temperature creep response (T >900 °C) compared to

equiaxed castings, which extends the usable life of alloys employed where a combina-

tion of high temperature and stress are present [251, 252]. This is partially attributed to

enhanced creep-rupture ductility with columnar microstructures, which has been hypoth-

esized to be due to the reduction of grain boundary intersections with the surface which

are susceptible to stress-assisted grain boundary oxidation and intergranular cracking

[251]. Since these columnar grain structures are industrially relevant, this motivated the

printing of the limited amount of EBM powder available for this study in the Z-orientation

for microstructural investigations and mechanical testing.

The mechanical response at room temperature demonstrates the excellent printability

of the SB-CoNi-10 alloy. The ultimate tensile strength (UTS) and elongation at failure

was high with both Z samples with the tensile axis oriented along the build direction

∗CMSX-4® is a registered trademark of Cannon-Muskegon Corporation
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(EBM, SLM) and XY samples with the tensile axis oriented normal to the build direction

(SLM), demonstrating good properties both parallel and transverse to the axis of the

columnar microstructure. In spite of their high ultimate tensile strength after significant

strain-hardening during plastic flow, tensile ductilities in excess of 32 % are observed for

EBM SB-CoNi-10, which is higher compared to the standard precipitation strengthened

Ni-base alloy CM 247®† fabricated by EBM [98]. For the SLM SB-CoNi-10 specimens,

tensile ductilities in excess of 13 % are observed, which is again greater than the standard

precipitation strengthened Ni-base alloy Inconel®‡ 738 LC manufactured by SLM [243].

An anisotropy in the tensile properties is apparent in the SLM samples that depends

on build orientation. The as-printed XY-oriented samples exhibit higher strength and

lower ductility than their Z-oriented counterparts, which has been observed in other

additively manufactured superalloys with columnar microstructures [253]. This behavior

is often reversed when a high density of cracks is present in the as-printed microstructure,

resulting in reduced yield strengths as the print orientation changes when the preexisting

cracks become oriented perpendicular to the loading direction [254]. The single crystal

Ni-base superalloy CMSX-4® has recently been printed in cylindrical bar form by EBM,

producing a single crystal core with equiaxed grains at the surface [108]. Removing

samples from the as-printed single crystal core yielded a room temperature yield strength

of 829 MPa and elongation of 6.1 %, with no apparent cracking. However, it is unclear

whether the techniques used to create the single crystalline core could be used to print

this alloy into more complex blade shapes. While the SB-CoNi-10 alloy has a lower

yield strength compared to CMSX-4®, the CoNi-base superalloy compositional space

is under-explored and it is likely that future alloy compositions could be designed with

higher yield strengths.

†CM 247® is a registered trademark of Cannon-Muskegon Corporation
‡Inconel® is a registered trademark of Huntington Alloys Corporation
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5.5 Conclusions

In conclusion, a recently developed CoNi-base superalloy, SB-CoNi-10, has been suc-

cessfully printed using both EBM and SLM. Compositional mapping of the as-printed

microstructures reveals that solute partitioning is favorable for suppression of cracking

across the range of solidification conditions encountered in the EBM and SLM processes.

The high thermal gradients and cooling rates in the printing process results in substan-

tial refinement of the as-solidified structure compared to conventional processing routes,

reducing the necessary time for a solution heat treatment. The alloys are processable

through standard post-processing and heat treatments where a fine dispersion of a high

volume fraction of the γ′ phase is precipitated. Tensile testing reveals that these alloys

exhibit excellent ductility and a high ultimate tensile strength due to a low propensity

for defect formation during printing compared to other high γ′ volume fraction Ni-base

superalloys fabricated by EBM and SLM. This study suggests that further investigation

of the CoNi-base superalloy compositional space will be promising for future AM appli-

cations. Emerging high throughput experimental and computational tools now enable

rapid exploration of the high-dimensional composition-spaces needed to discover alloys

for additive manufacturing.
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Chapter 6

Structure evolution and mechanical

properties of a CoNi-base alloy

processed by EBM†

In the following two chapters, more detailed investigations on the use of electron beam

melting (EBM) and selective laser melting (SLM) to process SB-CoNi-10 are presented.

These two powder-bed fusion based AM techniques produce alloys with unique grain

structures, cellular/dendritic substructures, and as-printed chemical segregation. The

relative strengths of the two approaches are described in more detail in Section 1.4. The

as-printed microstructures are presented for both techniques along with the structure

evolution due to various heat treatments. Hardness and tensile mechanical properties for

select alloys are presented at both room temperature and elevated temperatures. These

alloys exhibit excellent tensile ductility compared to Ni-base superalloys which often

†Significant portions of this chapter are reproduced from the following article: S.P. Murray, K.M.
Pusch, A.T. Polonsky, C.J. Torbet, G.G.E. Seward, P. Nandwana, M.M. Kirka, R.R. Dehoff, N. Zhou,
S.A.J. Forsik, W. Slye, and T.M. Pollock, Microstructure and Tensile Properties of a CoNi-Based Super-
alloy Fabricated by Selective Electron Beam Melting. In S. Tin et al. (Eds.) Superalloys 2020, (2020)
pp. 880-890. [doi] [198]
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experience extensive cracking due to the extreme thermal conditions present in additive

manufacturing which severely degrades their mechanical properties.

In this chapter, SB-CoNi-10 is successfully produced through EBM. The elevated pre-

heat temperature of 1000 °C results in an in situ heat treatment that promotes a build-

height dependent γ′ distribution. The microsegregation of the fine dendritic structure

is assessed by EPMA and compared to previous single crystal castings of SB-CoNi-10+.

Room temperature and elevated temperature tensile testing demonstrates that these

alloys have an excellent combination of strength and ductility. Elevated temperature

tensile tests demonstrate that the textured as-printed microstructure performs better

compared to the recrystallized microstructures formed by super-solvus heat treatment.

High strain-rate tensile tests on as-printed and heat treated specimens suggest that a

time-dependent process such as grain boundary oxidation contributes strongly to the

observed reduction in ductility at elevated temperatures.

6.1 Introduction

Selective electron beam melting (SEBM, or EBM) is a powder bed based additive

manufacturing (AM) technique for the fabrication of fully dense metallic components

[97]. This process employs a finely-focused electron beam directed by electromagnetic

lenses to sinter and subsequently melt 50-100 µm thick layers of metal powder in a build

chamber under a controlled vacuum. Rapid manipulation of this directed energy source

allows for innovative scan strategies and reduced build times for components with complex

designs that would be difficult to achieve through other manufacturing techniques. EBM

has been successfully applied to a variety of commercial alloys currently used in energy,

biomedical, automotive, and aerospace applications, such as Ti-6Al-4V, CoCrMo alloys,

316L stainless steel, γ-TiAl, Inconel 625, and Inconel 718 [97].
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Due to their excellent mechanical properties at elevated temperatures, there is a

strong desire to apply additive manufacturing techniques to the high γ′ volume fraction

Ni-based superalloys [98]. However, these Ni-based superalloys are highly susceptible to

cracking during the EBM process, resulting in as-printed microstructures that contain

a high density of pre-existing flaws and cracks that severely degrade the mechanical

properties of the final component [98]. These cracks typically extend across multiple build

layers and are located between misoriented columnar grains that grow epitaxially from

the previous build layer due to the high thermal gradients present during printing [101].

Hot isostatic pressing (HIP) is normally applied after EBM in order to eliminate process-

induced porosity, but this post-processing is often ineffective for closing cracks once they

have formed [99, 174]. Therefore, in order to fabricate components by EBM for elevated-

temperature applications without pre-cracked, as-printed microstructures, it is necessary

to either (i) modify the microstructure through innovative scanning strategies and process

parameters [101] or (ii) develop novel alloy compositions that are less susceptible to

cracking while retaining the desirable high γ′ volume fraction.

The favorable solidification behavior of Co-based superalloys makes them interesting

candidates for additive manufacturing. Cracking during the EBM process is promoted

by large freezing ranges resulting in liquid films between solidifying dendrites in the late

stages of melt pool solidification, accompanied by tensile stresses due to thermal contrac-

tion. The liquid films are solute enriched due to strong rejection of γ′-forming elements

to the liquid. Single crystal casting studies on Co-based superalloys have demonstrated

that Co-based superalloys have a more even distribution of alloying additions between

the solid and liquid, i.e. the distribution coefficients (ki = Cs/Cl) are closer to unity [51].

In the case of CoNi-based superalloys, the distribution coefficients lie between those for

Co- and Ni-based superalloys, indicating that the solidification behavior for CoNi-based

superalloys should also be favorable, which may result in a reduced susceptibility for
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cracking [34].

For these reasons, a recently developed γ′-containing CoNi-based superalloy named

SB-CoNi-10 has been fabricated via EBM to investigate whether CoNi-based superalloys

are promising candidates for future alloy development for AM. This alloy exhibits a

γ′-solvus of 1204 °C, a low density of 8.65 g cm−3, and can form a continuous Al2O3

scale upon high temperature exposure to air at 1100 °C [34]. The microstructure and

mechanical properties of this alloy have been investigated in the as-printed and post-

processed conditions.

6.2 Methods

A 51.7 kg powder heat of SB-CoNi-10 powder was fabricated at Carpenter Technol-

ogy Corporation through vacuum induction melting and inert gas atomization with a

-177/+53 µm particle size distribution. Table 5.1 in Ch. 5 lists the nominal SB-CoNi-

10 composition along with the composition of the powder and the composition of the

as-printed alloy processed by EBM asmmeasured by inductively coupled plasma mass

spectrometry (ICP), glow discharge mass spectrometry (GDMS), and combustion anal-

ysis. An Arcam Q10+ system at Oak Ridge National Laboratory running 4.2.89 EBM

control software was used in this work with the following print parameters: max current

= 18 mA, speed function = 63 (unitless), hatch spacing = 125 µm, layer thickness =

75 µm, pre-heat = 1000 °C. A 3 × 3 array of rectangular bars were printed for tensile

testing experiments along the build direction. These bars had dimensions of 6.4 cm ×

1.6 cm × 1.6 cm. Several of these bars underwent a hot isostatic pressing (HIP) at 1245

°C / 100 MPa / 4 h followed by a 1245 °C solution heat treatment (SHT) for 2 h and a

1000 °C age for 50 h under vacuum.

Tensile testing was performed at room temperature and elevated temperatures in lab-
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oratory air with an Instron 5582 universal testing machine. Tests were also performed at

quasi-static (1 × 10−4) and rapid (1 × 10−2 strain rates at elevated temepratures. Sheet

dogbone-shaped samples with gauge dimensions of 2 mm × 3 mm × 14 mm and total

length of 44 mm were extracted from the top of the printed bars by electric discharge

machining (EDM). Samples were ground with SiC papers down to 1200 grit after ma-

chining to remove any heat-affected zone from EDM. Heat was applied by induction with

an Ambrell 800S series heater with a custom-built water-cooled copper coil. Test tem-

peratures were maintained with a Pyrofiber Lab infrared pyrometer rated for 320–1200

°C focused on sample gauge sections where a black high temperature paint was applied.

Samples were prepared for microscopy by grinding with SiC papers down to 1200 grit

followed by vibratory polishing down to a 50 nm colloidal alumina suspension. Optical

microscopy of the as-printed microstructure was acquired with a Keyence VHX-5000

digital microscope after a 20 s immersion etch with Kallings No. 1 etchant (33 ml water,

33 ml concentrated hydrochloric acid, 33 ml ethyl alcohol, and 1.5 g cupric chloride

dihydrate). 2D optical image stitching was used to acquire photographs along the entire

length of a bar cross-section and 3D-stitching was used for in-focus imaging of post-

mortem dogbone fracture surfaces.

Scanning electron microscopy (SEM) using both secondary electron (SE) and backscat-

tered electron (BSE) imaging was performed at accelerating voltages between 5 kV and

20 kV with a ThermoFisher Apreo C. The primary dendrite arm spacing (PDAS) of the

as-printed alloy were measured using Delauney triangulation within FIJI using BSE mi-

crographs taken perpendicular to the build direction. Electron backscattered diffraction

(EBSD) maps were acquired using an EDAX Velocity EBSD camera in a FEI Versa3D

microscope at 30 kV. Indexing of the collected diffraction patterns was accomplished

using the EMSphInx software package in addition to traditional Hough indexing within

OIM Analysis software [191]. All inverse pole figure (IPF) maps shown in this article
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are indexed with the 〈001〉 crystallographic direction along the build direction. Elastic

stiffnesses were calculated by considering loading along the build direction using single

crystal elastic stiffnesses experimentally determined by resonant ultrasound spectroscopy

(RUS) at 850 °C in air on a single crystal variant of SB-CoNi-10: C11 = 198.3 GPa, C12

= 141.9 GPa, C44 = 99.5 GPa, with Zener anisotropy ratio = 3.53. Further details

on performing RUS measurements have been reported in a previous publication [121].

Schmid factors for {111}〈11̄0〉 slip were calculated by considering loading along the build

direction.

Chemical segregation was assessed by electron probe microanalysis (EPMA) on a

Cameca model SX100 with five wavelength dispersive spectrometers and a CeB6 thermionic

emission gun at 20 kV. Standards-based quantification was performed with a reference

alloy of Co-6.7W-8.9Al-3.3Cr-1.5Ta at.% that was characterized by ICP. The bright spots

in the Al maps (and corresponding dark spots in the Co maps) are a result of porosity

where alumina polishing media persisted after metallographic preparation. Scheil solidifi-

cation simulations were performed on the nominal alloy composition using a 2011 version

of the commercial PANDAT PanCobalt thermodynamic database of the Co-Ni-Al-W-Ta-

Cr system. No phases were suppressed during the calculation, even if the predicted phases

were not experimentally observed. The equilibrium freezing range was measured by dif-

ferential thermal analysis (DTA) at a heating rate of 5 °C s−1 on 0.179 g of heat treated

alloy using a Setaram Setsys 16/18 calibrated with high purity Sn, Ag, Au, Ni, and Pd.
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Figure 6.1: (a,b) Stitched optical micrographs of an etched cross-section along the
build direction of an as-printed bar of EBM SB-CoNi-10. BSE micrographs at different
depths below the final build layer of (c,d) 0 mm, (e,f) 1 mm, (g,h) 2 mm, (i,j) 4 mm,
(k,l) 8 mm, (m,n) 16 mm, and (o,p) 32 mm.

6.3 Results

6.3.1 As-Printed and Fully Heat Treated Microstructure

Optical microscopy on an etched cross-section of an as-printed EBM SB-CoNi-10 bar

reveals the grain structure across the entire length of the bar (Fig. 6.1a). The samples

exhibit a 1 mm thick layer of surface equiaxed grains that are associated with the rough,

powder-sintered surface. Similar to other Ni-based superalloys fabricated through EBM,

a primarily columnar microstructure is present with grains aligned along the build di-
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rection that span multiple build layers [98]. Cracks between these columnar grains were

not observed. Other classes of flaws such as lack-of-fusion defects were also not observed.

Chemical segregation is present between the dendrite cores and interdendritic regions

(Figs. 6.1c, e, ..., o). Additions of carbon in the alloy result in the formation of small,

blocky Ta-rich carbides within the interdendritic regions and along grain boundaries.

EPMA point measurements (not shown) indicate that these carbides are likely MC car-

bides of composition TaC. Columnar grains consist of several well-aligned dendrites with

an average PDAS of 7 µm, which is over an order of magnitude finer than the PDAS

observed after solidification using the Bridgman method [51, 255]. A small amount of

porosity is observed throughout the specimen, usually located within the interdendritic

regions. This porosity is likely gas porosity due to its spherical morphology.

Figure 6.2: IPF maps of (a-b) as-printed and (c) HIP+SHT+Aged EBM SB-CoNi-10.
A focused view of an equiaxed grain region is shown in (a). BSE micrographs of (d,e)
annealing twins and (f,g) the γ′ morphology are from the (d,f) HIP-only condition
and the (e,g) HIP+SHT+Aged condition.

The γ′ size varies across the build direction due to the applied pre-heat temperature

of 1000 °C used for pre-sintering the metallic powder before melting of each layer. This

pre-heating results in regions far from the final build layer experiencing more time at

elevated temperatures than regions near the final build layer. This results in a gradient

174



Structure evolution and mechanical properties of a CoNi-base alloy processed by EBM Chapter 6

of γ′ size that is a function of the build height (Figs. 6.1d, f, ..., p). Additionally, there is a

non-uniform γ′ size distribution at each build height perpendicular to the build direction

that depends on whether γ′ are located within the dendrite cores or the interdendritic

regions.

The IPF map in Fig. 6.2b shows that the columnar grains are strongly 〈001〉 textured

along the build direction in the as-printed condition. However, the columnar grained

microstructure is frequently interrupted by isolated clusters of fine equiaxed grains. A

focused view of one of these equiaxed grain regions is shown in Fig. 6.2a. These regions

are often contained within a single build layer (75 µm) in height, where the columnar

texture is eventually recovered over subsequent build layers. These equiaxed grain regions

are not thought to occur due to lack-of-fusion, since in-plane process-induced porosity

that is characteristic of lack-of-fusion was not observed around these features [256].

To homogenize the alloy and reduce porosity, printed bars underwent a HIP followed

by SHT and aging (HIP = 1245°C / 100 MPa / 4 h, SHT = 1245 °C / 2 h, age =

1000°C / 50 h). These processing steps resulted in a unimodal distribution of the γ′

phase, which is displayed in Fig. 6.2e and Fig. 6.2g. Since the slow-cooling from the HIP

temperature leads to a variety of non-cuboidal precipitate shapes (Fig. 6.2d and Fig. 6.2f),

additional SHT and aging are necessary to create the desired unimodal distribution of

cuboidal γ′ precipitates [257]. This post-processing led to a complete recrystallization

of the columnar microstructure, resulting in large, slightly-elongated equiaxed grains

containing annealing twins that were not present in the as-printed condition. This new

microstructure is compared to the as-printed microstructure in Fig. 6.2c. Microstructural

investigations in the HIP-only condition revealed that the recrystallization occurs during

the HIP process, indicating that modifications to the HIP procedure would be necessary

if the columnar microstructure is to be preserved throughout post-processing, or if a

finer equiaxed grain structure is to be produced. The average grain size measured by
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EBSD for the as-printed, HIP-only, and HIP+SHT+Aged conditions were 67, 248, and

262 µm, respectively. Grain reference orientation deviation maps (not shown) revealed

that the as-printed microstructure contains grains with large gradients in misorientation,

which likely provide sufficient stored strain energy to induce recrystallization at elevated

temperature.

6.3.2 As-Printed Chemical Segregation

Figure 6.3: BSE micrographs of the as-printed chemical segregation perpendicular to
the build direction within (a) an equiaxed grain region and (h) the dendritic-scale
microstructure taken from cross-sections 1 mm below the final build layer. Compo-
sitional heat maps (in at.%) collected by EPMA of both regions are shown for: (b,i)
Co, (c,j) Ni, (d,k) Al, (e,l) Cr, (f,m) Ta, and (g,n) W. The EPMA scan for (b-g) had
a 1 µm step size and the scan for (i-n) had a 0.5 µm step size.

EPMA chemical maps of the as-printed microstructure 1 mm below the final build

layer are presented in Fig. 6.3 along with BSE micrographs of the investigated regions.

These chemical maps describe the chemical segregation of the six major elements in SB-

CoNi-10 (i.e. Co-Ni-Al-Cr-Ta-W) in an equiaxed grain region at lower magnification
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(Fig. 6.3a) and in the dendritic microstructure within the columnar grains (Fig. 6.3h).

The γ-formers such as Co, Cr, and W are observed in higher concentrations in the den-

dritic cores, while the γ′-formers Ni, Al, and Ta are observed to segregate to the inter-

dendritic regions [34]. The higher magnification chemical maps were displayed alongside

similar maps from an SLM-printed alloy in Ch. 5, and are reproduced here for compari-

son with the lower magnification map collected on the EBM printed alloy. Line traces of

the raster scan strategy can be observed in the lower magnification EPMA maps, with

the equiaxed grain region appearing to be bounded by these line traces. This suggests

that these equiaxed grain regions are promoted by AM process parameters and the cor-

responding local thermal conditions, and may be eliminated through appropriate process

control.

Table 6.1: Experimental and simulated distribution coefficients (ki) of SB-CoNi-10

Method kCo kNi kAl kCr kTa kW

SX casting, bottom of bar [34] 1.03 0.99 0.97 1.04 0.69 1.20
SX casting, top of bar [34] 1.03 0.99 0.97 1.04 0.73 1.17
EBM, top of bar 1.03 0.98 0.98 1.09 0.77 1.14
PANDAT Scheil simulation 1.09 0.97 0.84 1.04 0.31 1.80
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Figure 6.4: (a) Scheil solidification simulation using the major elements of nominal
SB-CoNi-10. (b) The composition of each major alloying addition vs. solid fraction
predicted by the Scheil simulation in (a). (c) The composition of each major alloying
addition vs. apparent solid fraction measured by EPMA with a 20 × 20 point grid
scan in the boxed region shown in Fig. 6.3h. The dashed black lines in (b-c) are curve
fits using Eq. 1 to determine the distribution coefficient for each element, ki. These
coefficients are compared in Fig. 6.10.
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Quantitative measurement of the as-printed segregation by EPMA was collected in

the 100 × 100 µm region outlined in Fig. 6.3h. A 20 × 20 point grid of compositional

measurements were collected. These EPMA data were also presented previously in Ch.

5 compared to SLM and single crystal versions of SB-CoNi-10 alloys, and they are repro-

duced here for the following discussion of using Scheil solidification simulations to further

study the solute partitioning behavior. As explained previously in Ch. 5, since Co is the

majority element in the alloy, the collected data were sorted and assigned an apparent

solid fraction (fs) by the Co content assuming that the dendrite core solidifies first with

the highest Co content (apparent fs = 0) and the interdendritic liquid solidifies last with

the lowest Co content (apparent fs = 1). By applying the Scheil equation [55],

Cs = kCo(1− fs)k−1 (6.1)

where Cs is the concentration of the solid, Co is the starting composition in the melt,

fs is the solid fraction, and k is the distribution coefficient, these sorted experimental

curves can be fit to determine the distribution coefficient for each major element. The

experimental EPMA data along with the Scheil curve fits are displayed in Fig. 6.4c in

comparison to simulated results from the Scheil simulation in Fig. 6.4b.

A Scheil solidification simulation using PANDAT (Fig. 6.4a) was performed using

the major elements of the nominal SB-CoNi-10 composition to determine the equi-

librium freezing range, ∆Teq, and the effect of chemical segregation on this freezing

range, ∆TScheil. The simulation predicts the formation of the γ phase followed by the

γ′ phase, a B2-ordered β phase, and a Ta-rich Laves phase (AB2) with a composition

of Ta(Co,Ni,Al)2. However, the β phase and the Laves phase are not observed exper-

imentally in the as-printed microstructures described above. The simulated value for

∆Teq,PANDAT was 84 °C, whereas DTA measurements on the HIP+SHT+Aged alloy mea-
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sured the equilibrium freezing range as ∆Teq,DTA = 48 °C, showing that PANDAT over-

estimates the equilibrium freezing range. The effect of segregation during solidification

widens this solidification range further, resulting in a PANDAT prediction of ∆TScheil

= 198 °C. The simulation accurately predicts the direction of partitioning of each alloy-

ing addition (i.e. whether an element segregates to the liquid or the solid). However,

the β and Laves phase predictions are likely promoted by the inaccurate intensity of

the partitioning of elements such as Ta and Al to the liquid, with kTa,PANDAT = 0.31,

kAl,PANDAT = 0.84. Experimental measurements of the Ta and Al segregation in this

study have yielded values of kTa,EBM = 0.77 and kAl,EBM = 0.98, which are closer to

unity than predicted by PANDAT. Therefore, it is likely that the freezing range predicted

by PANDAT is wider than experimentally observed due to differences in the predicted

solute partitioning during solidification.

6.3.3 Room Temperature Tensile Testing

A summary of the mechanical testing results on EBM SB-CoNi-10 are displayed in

Table 6.2, with the stress-strain curves shown in Fig. 6.5 for the quasi-static tensile tests

at room temperature and elevated temperature. Both the as-printed alloy and the the

HIP+SHT+Aged alloy were tested. These results are compared to Ni-based CM 247®∗

that was also processed by EBM and tested under similar conditions [98].

In the as-printed condition, the CoNi-alloy exhibits excellent tensile ductility at room

temperature exceeding 30 % strain before failure. High ultimate tensile strengths in ex-

cess of 1200 MPa were observed due to significant strain hardening. The effect of the

post-processing heat treatments results in reduced yield strengths and ultimate tensile

strengths along with further enhanced ductility. A repeated tensile test on the CoNi-

based superalloy at room temperature in the HIP+SHT+Aged condition demonstrated

∗CM 247® is a registered trademark of Cannon-Muskegon Corporation
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Figure 6.5: Engineering stress-strain curves from quasi-static tensile tests at room tem-
perature and elevated temperatures on EBM SB-CoNi-10 compared to the Ni-based
EBM CM 247® [98].

consistent mechanical properties. This is in contrast to EBM fabricated Ni-based super-

alloys that exhibit a large variability in their mechanical properties when a high density

of cracks are present after printing [98, 99]. In both the as-printed and heat treated

conditions, fracture was observed to be ductile and intragranular (Figs. 6.6a,c), which is

evidenced by the characteristic tendril-like features observed on the fracture surfaces by

SEM in Figs. 6.6b,d.

6.3.4 Elevated Temperature Tensile Testing

A tensile test performed at 850 °C on the HIP+SHT+Aged alloy reveals that there is

a significant drop in tensile ductility at elevated temperatures, with the ultimate tensile

strength falling to a value below the room temperature yield strength. An additional

test at 950 °C was performed to investigate if this ductility reduction was due to an

intermediate temperature ductility drop, however the ductility was reduced even fur-
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Figure 6.6: (a,c) Optical micrographs and (b,d) SEM micrographs of the frac-
ture surfaces after room temperature tensile tests on (a-b) as-printed and (c-d)
HIP+SHT+Aged EBM SB-CoNi-10 (HIP+SHT+Age = 1245°C / 100 MPa / 4 h
+ 1245 °C / 2 h + 1000 °C / 50 h). SEM micrographs reveal tendril-like features
indicative of ductile fracture in both the (b) as-printed and (d) HIP+SHT+Aged
conditions.

ther at this higher temperature. A similar reduction in ductility is observed in the

as-printed SB-CoNi-10 alloy at 850 °C, but this ductility reduction is not as severe as

in the HIP+SHT+Aged alloy. The as-printed SB-CoNi-10 alloy has a similar response

at 850 °C to EBM CM 247® in Fig. 6.5, which also possesses a fine, columnar grained

microstructure.

Observations of the fracture surfaces displayed in Fig. 6.7 reveal that some amount

of intergranular fracture occurs above 850 °C for both sets of samples, with the HIP

+SHT+Aged specimens being completely intergranular at 950 °C and the as-printed

specimens showing intergranular fracture over roughly 50 % of the fracture surface at 850

°C (Fig. 6.7a). The center of the as-printed specimen remained ductile at 850 °C, which

likely contributes significantly to the superior ductility compared to the HIP+SHT+Aged

specimens. A combination of intergranular and intragranular fracture present on a single

fracture surface will be referred to as a “mixed-mode” failure for clarity.
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Figure 6.7: (a,c,e) Optical micrographs and (b,d,f) SEM micrographs of the fracture
surfaces after high temperature tensile tests: (a-b) as-printed with T = 850 °C, (c-d)
HIP+SHT+Aged with T = 850 °C, and (e-f) HIP+SHT+Aged with T = 950 °C.

Higher magnification SEM images of the fracture surfaces in Fig. 6.7 show the regions

on each fracture surface where intergranular fracture is occurring for the high tempera-

ture tests. Notably, intergranular failures only occur at surface-connected grains in the

as-printed condition, with fracture occurring along transverse grain boundaries perpen-

dicular to the loading direction below the equiaxed grain regions described in Figs. 6.2a,b.

This is visualized in the IPF map presented in Fig. 6.8a, which was taken across the en-

tire width of the gauge section of the post-mortem as-printed specimen tested at 850

°C. The fracture surface has a jagged, stair-case morphology that connects many sepa-

rate equiaxed grain regions. Additionally, cracks are observed underneath equiaxed grain

regions far from the fracture surface as well.

Fig. 6.8b shows a BSE micrograph of one of these surface-connected cracks below an

equiaxed grain region, along with an associated IPF map in Fig. 6.8c. The elastic stiffness

map in Fig. 6.8d shows how certain grains are many times more stiff than the elastically

compliant columnar grains that are aligned with the build direction. Additionally, by

considering the Schmid factor (Fig. 6.8e) for {111}〈11̄0〉 slip for loading applied along
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Figure 6.8: (a) IPF map taken across the entire gauge width of the as-printed alloy
after tensile testing at 850 °C. (b) BSE micrograph and (c-e) EBSD dataset collected
around a surface crack observed in the as-printed alloy after tensile testing at 850 °C.

the [001] direction, it is apparent that a portion of the equiaxed grains are oriented

unfavorably for slip, i.e. have a low Schmid factor. The combination of an elastic modulus

mismatch along with grains not oriented favorably for slip could explain how these regions

are susceptible to fracture. Energy dispersive spectroscopy mapping of similar surface-

connected cracks (not shown) revealed the formation of Co-rich oxides within these cracks

that likely embrittle the grain boundaries and promote intergranular failure. Oxygen

was also observed to be enriched along the grain boundaries ahead of the crack tips.

Interrupted testing at elevated temperatures in air or testing under high vacuum would

clarify the role of these oxides and oxygen enrichment in the fracture process.

In order to investigate the effect of rate-dependent processes such as grain boundary

oxidation, the as-printed and HIP+SHT+Aged samples were subjected to high strain-

rate tensile tests at 850 °C. The results of these experiments are shown in Fig. 6.9.

Increasing the strain-rate from 1 × 10−4 s−1 to 1 × 10−2 s−1 roughly tripled the tensile

ductility at 850 °C in both sets of samples. Observations of the fracture surfaces revealed

a transition to “mixed-mode” failures for both the as-printed and HIP+SHT+Aged alloy,
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Figure 6.9: (a) Engineering stress-strain curves acquired at quasi-static strain rates
and elevated strain rates on EBM SB-CoNi-10 with T = 850 °C. Optical micrographs
of the fracture surfaces for tests at elevated strain-rates for (b) as-printed and (c)
HIP+SHT+Aged EBM SB-CoNi-10 reveal that a “mixed-mode” failure occurs in
both specimens with intergranular fracture at the surface and ductile fracture at the
center of the test specimens.
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with intergranular fracture limited only to surface-connected grains. These high strain-

rate tensile tests provide strong evidence for a time-dependent process such as grain

boundary oxidation contributing strongly to the observed reduction in ductility in these

alloys at temperatures above 850 °C.

6.4 Discussion

The fabrication of crack-free high γ′ volume fraction superalloys through additive

manufacturing is difficult to achieve due to a variety of cracking mechanisms that are

active. These include, but are not limited to, strain-age cracking, liquation cracking,

ductility dip cracking, and solidification cracking [99]. There are several factors that

make γ′-containing CoNi-based superalloys suitable for development as alloys for additive

manufacturing due to their potentially reduced cracking susceptibility in the late stages

of solidification and in the fully-solid state.

Due to the wider processing range between the solidus and the γ′-solvus temperature

exhibited by Co- and CoNi-based superalloys, these alloys are likely less prone to cracking

in the solid state. This “strain-age” cracking mechanism is promoted by the precipitation

of the γ′ phase during cooling below the solidus, resulting from the strengthening due

to the generation of a dislocation substructure before the γ′-solvus is encountered. This

cracking is commonly observed in high γ′ volume fraction Ni-based superalloy welds

during post-weld heat treatment [258]. In Co-based superalloys, the precipitation of γ′ is

delayed to lower temperatures compared to Ni-base alloys such as CM 247®. In the case

of SB-CoNi-10, this processing range is relatively wide with Tsolidus − Tγ′-solvus = 1328

°C−1204 °C = 124 °C. This processing range is smaller in high γ′ volume fraction Ni-

based superalloys, often on the order of 50 °C due to the elevated γ′-solvus in these

alloys [259]. Several studies have developed alloying strategies that seek to elevate the
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γ′-solvus of Co-based superalloys in order to improve high temperature strength and

creep resistance [33, 153]. However, it is possible to control the γ′-solvus within a desired

range for additive manufacturing in order to provide a wider processing window, resulting

in a combination of processability and high temperature strength.
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Figure 6.10: The distribution coefficients, ki, of each major element determined from
the curve fits shown in Fig. 6.4.

The favorable solute segregation during solidification also likely reduces the suscepti-

bility for cracking by reducing the length of solute-enriched liquid films between colum-

nar dendrites [112]. A qualitative index for cracking susceptibility has been described for

other high γ′ volume fraction alloys by the critical temperature range (CTR) between

fs = 0.70 and fs = 0.98 [231, 260]. The exact values for the start and end of this crit-

ical temperature range are somewhat arbitrary, but they are related to the end stages

of solidification where liquid feeding to the solidifying dendrites becomes increasingly

difficult and stresses induced from solidification shrinkage and cooling result in tensile

stresses that promote cracking. The critical temperature range of SB-CoNi-10 predicted

by PANDAT is ∆TCTR = 105 °C. This value indicates a reduced susceptibility to crack-

ing during solidification, since similar Scheil simulations on Ni-based CM 247® result
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in ∆TCTR = 125 °C [231]. If we next consider that the simulated solute partitioning in

SB-CoNi-10 is much stronger than the experimentally determined values, we can infer

that this critical temperature range is likely further reduced. For example, by taking

the predicted β-phase precipitation temperature (1222 °C) as a lower bound for fs =

0.98, then a curve of a similar shape can be drawn between the liquidus and this value

producing an estimate of the critical temperature range for SB-CoNi-10 that is reduced

to ∆TCTR = 1306 °C − 1222 °C = 84 °C. The combined computational and experi-

mental findings presented above indicate that the freezing range and therefore critical

temperature range is likely reduced in this CoNi-based alloy compared to Ni-based su-

peralloys, providing additional resistance to commonly observed cracking mechanisms

during additive manufacturing.

The mechanical testing results demonstrate that these alloys exhibit excellent duc-

tility along the build direction greater than 30 % at room temperature along with high

ultimate tensile strengths above 1.1 GPa. The crack-free microstructures paired with the

precipitation and coarsening of the γ′ phase during printing enabled tensile testing of as-

printed specimens showing high strengths compared to the large-grained, recrystallized

version of the alloy. High temperature tensile tests revealed that the microstructure has a

strong effect on elevated temperature mechanical properties, with the columnar as-printed

microstructure out-performing the equiaxed grain microstructure in yield strength, UTS,

and ductility. In particular, the presence of transverse grain boundaries perpendicular to

the loading direction have a substantial effect at slow strain-rates, resulting in a ductility

drop from 35.7 % at room temperature to 1.4 % at 950 °C for the HIP+SHT+Aged al-

loy. The high strain-rate tensile testing suggests that grain boundary oxidation is largely

responsible for this ductility drop, since intergranular fracture is significantly reduced

at elevated strain-rates. Therefore, it is likely desirable to retain the columnar grained

microstructure after HIP and heat treatment for improved high temperature mechanical
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properties along the build direction. Alloy designs with modifications of the minor ele-

ments are currently being investigated. Further research on EBM processing parameters

such as beam power, scan speed, hatch spacing, and pre-heat temperature and their in-

fluence on as-printed microstructure are needed in this novel class of CoNi-base alloys.

The mechanisms by which the equiaxed grains periodically form within the columnar mi-

crostructure are of specific interest, as they clearly affect crack nucleation and the tensile

properties of the microstructure. Performing a design-of-experiments with multiple print

parameters and evaluating the resultant microstructures could provide insight into the

formation of these equiaxed grains during printing.

6.5 Conclusions

The conclusions of this study are as follows:

• The CoNi-based superalloy named SB-CoNi-10 with low density (8.65 g cm−3) is

amenable to fabrication by EBM, resulting in crack-free as-printed microstructures

in spite of the ability to form a high volume fraction of the γ′ phase after heat

treatment

• Tensile testing at room temperature revealed exceptional ductility greater than 30

% along with ultimate tensile strengths above 1.1 GPa

• The combination of favorable solidification path and γ′-solvus temperature of 1204

°C, which is 124 °C below the solidus temperature, promotes favorable printing

characteristics in the EBM process

• Post-processing consisting of a super-solvus HIP, SHT, and aging removes mi-

crostructural inhomogeneities and promotes recrystallization of the as-printed colum-

nar microstructure
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• The high temperature strength and ductility are strongly dependent on the al-

loy microstructure, with the as-printed alloy exhibiting more favorable mechanical

properties compared to the HIP+SHT+Aged alloy
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Chapter 7

Structure evolution and mechanical

properties of a CoNi-base alloy

processed by SLM†

In this chapter, the high γ′ volume fraction CoNi-base superalloy SB-CoNi-10 along with

a high C containing variant called SB-CoNi-10C were successfully processed through se-

lective laser melting. Heat treatment optimization studies for the SLM version of this

alloy are performed and tensile tests at elevated temperatures are performed and com-

pared to previous results from Ch. 5. In the as-printed state, the alloys have a fine cellular

structure with segregation of Ta and significant built-in misorientation within the colum-

nar grain structure. Super-solvus homogenization promotes complete recrystallization of

the microstructure which degrades elevated temperature tensile ductility. The elevated

temperature tensile ductility can be improved in SB-CoNi-10C compared to SB-CoNi-10

†Significant portions of this chapter are reproduced from the following article: S.P. Murray, E.B.
Raeker, K.M. Pusch, C. Frey, C.J. Torbet, N. Zhou, S.A.J. Forsik, A.D. Dicus, G.A. Colombo, M.M.
Kirka, and T.M. Pollock, Microstructure evolution and tensile properties of a selectively laser melted
CoNi-base superalloy. In preparation.
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by increasing the C content and modifying the heat treatment procedure. An aging study

at 950 °C for various times identified the peak hardness and a sub-solvus heat treatment

schedule involving hot isostatic pressing, solution heat treatment, and aging produces a

bimodal γ′ distribution while retaining the texture of the as-printed alloy. Room tem-

perature and intermediate temperature (760 °C) tensile testing measured parallel and

perpendicular to the build direction revealed that the new heat treatments resulted in

improved yield strengths, ultimate tensile strengths, and ductilities compared to previ-

ous iterations of the alloy. Similar heat treatment strategies could be applied to other

additively manufactured superalloys in order to optimize their mechanical properties at

elevated temperatures.

7.1 Introduction

Selective laser melting (SLM) is a powder-bed fusion based technique where a laser

heat source locally melts and joins metallic powder in a layer-by-layer fashion [94, 261,

262, 263]. SLM has been successfully applied to a variety of structural alloys, such as 316L

stainless steel [264, 265, 266], Ti6Al4V [267, 268, 269], AlSi10Mg [270, 271, 272, 273],

Inconel® 625∗ [274, 275, 276], and Inconel® 718 [277, 278, 279, 280]. Many of these

alloys have been previously studied and developed for their good weldability, which makes

them excellent candidates for SLM, since this fusion-based technique can be considered

as a repetitive micro-welding process.

For high temperature applications, there is a strong desire to apply SLM to high γ′

volume fraction Ni-base superalloys due to their microstructural stability at high tem-

peratures, excellent creep strength, and intrinsic oxidation resistance [1, 98, 281]. High

γ′ volume fraction Ni-base superalloys are often described as ‘un-weldable’ due to their

∗Inconel® is a registered trademark of Huntington Alloys Corporation
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susceptibility to a variety of cracking mechanisms that are active during the solidification

process and when the alloys are cooling after solidification [95, 227, 228, 282, 283]. A

significant amount of microcracking can severely debit the mechanical properties [101].

These microcracks can be difficult to alleviate through hot isostatic pressing (HIP) if they

are connected with the sample surface or if the cracks were formed in the liquid-state

during solidification [174]. A particular challenge for Ni-base superalloys is the inter-

mediate temperature ductility minimum that occurs at temperatures between 600 and

800 °C [284, 285, 286, 287, 288, 289]. This ductility minimum is thought to be caused

by a combination of enhanced grain boundary oxidation at elevated temperatures [284],

increased alloy strength near the yield strength anomaly [175], and slip-assisted grain

boundary sliding which results in the accumulation of dislocations near grain boundaries

[285]. These factors combine to raise the local stresses in the vicinity of oxygen-influenced

grain boundaries, promoting intergranular crack propagation. It is hypothesized that as

the temperature increases above 800 °C, increased grain boundary mobility delays the

accumulation of local stresses and ductility is often restored [285]. The intermediate

temperature ductility minimum is more severe in AM versions of Ni-base alloys due to

the presence of pre-existing microcracks on high angle grain boundaries (HAGBs) along

the build direction of many SLM-fabricated high γ′ volume fraction alloys [282]. This

results in particularly poor ductility at intermediate temperatures for AM versions of

these alloys when tested in the XY-orientation, i.e. perpendicular to the build direction,

whereas tensile testing along the Z-orientation, i.e. parallel to the build direction, often

results in higher ductility [290].

In order to leverage AM for components in high temperature operating environments,

novel alloying strategies and processing methods are currently being investigated [233].

High γ′-volume fraction CoNi-base superalloys that contain roughly equal amounts of Co

and Ni have recently been demonstrated to be successfully printed with both SLM and
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electron beam melting (EBM) [197, 198]. Near fully-dense CoNi-base alloys with limited

porosity have been produced, resulting in excellent tensile ductility at room temperature

[197]. CoNi-base alloys have more favorable solidification characteristics with less severe

partitioning of alloying additions compared to their Ni-base counterparts [34, 52, 218],

similar to what has been observed in Co-base alloys with no Ni content [51], which is

expected to promote both improved castability during single crystal Bridgman growth

and more amenability to the thermal conditions present in additive manufacturing. Ad-

ditionally, these alloys often exhibit lower γ′-solvus temperatures by 50 - 100 °C which

is thought to alleviate thermal stresses in the recently solidified material and reduce the

severity of strain-age cracking [197].

After identification of the range of process parameters for SLM (laser speed, laser

power, hatch spacing, scan rotation, pre-heat temperature) that produces near fully-

dense alloys with limited porosity, appropriate heat treatments must be developed to

promote the formation of the γ′ phase and control the grain structure of the printed

alloy. Several studies have been published on the effect of HIP, solution heat treatment

(SHT), and aging on similar high γ′ volume fraction Ni-base superalloys produced by

AM, including CMSX-4®† [104], CM 247 LC® [290], and Inconel® 738 LC [243].

Preferable heat treatments for SLM versions of legacy alloys may not necessarily be

identical to those used on cast versions since AM alloys have additional complications

of residual stresses, as-built microstructures with largely suppressed γ′ content, and the

need for HIP in order to ensure that microcracks are eliminated as much as possible. Due

to the fine scale of the as-printed segregation produced by the large thermal gradients

and high interfacial velocities in AM, the time needed for solutioning heat treatments

can be reduced, resulting in potential cost savings in processing these alloys [250].

The prior study in Ch. 5 on SLM SB-CoNi-10 applied a super-solvus (1245 °C) HIP to

†CMSX-4® & CM 247 LC® are registered trademarks of Cannon-Muskegon Corporation
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ensure closure of any possible microcracks and porosity reduction, followed by a shorter

2 h SHT at 1245 °C and 50 h age at 1000 °C to precipitate and coarsen a unimodal

distribution of sub-micron cuboidal γ′ precipitates [197]. This heat treatment procedure

resulted in a fully recrystallized and equiaxed grain structure. This had the benefit

of reduced mechanical anisotropy at room temperature such that the yield strength,

ultimate tensile strength, and ductility were similar whether the loading direction during

tensile testing was parallel to the build direction (BD) or perpendicular to the BD.

However, these alloys exhibited limited ductility at elevated temperatures, in particular

at an intermediate temperature of 760 °C where the engineering strain at failure was

less than 1%. Elevated temperature tensile testing on EBM processed SB-CoNi-10 found

that high temperature ductility was superior in the as-printed condition compared to the

super-solvus HIP+SHT+aged condition [198], suggesting that complete recrystallization

of the previously textured fine-grained microstructure may not be desirable in the case of

SLM processed SB-CoNi-10. However, due to the elevated pre-heat temperatures possible

in EBM, which are on the order of the aging temperature of 1000 °C, the as-printed EBM

alloy contained a significant volume fraction of γ′ phase with varying degrees of coarsening

dependent on the build height. This is not the case in SLM processed alloys, with the γ′

phase being largely suppressed due to the high cooling rates present in SLM and limited

pre-heat temperatures of 200 °C.

In the present investigation, microstructure evolution from the as-printed state through

a series of HIP and heat treatment schedules is studied in a CoNi-base superalloy des-

ignated as SB-CoNi-10. The microstructure in the as-printed condition is investigated

via scanning electron microscopy (SEM) and transmission electron microscopy (TEM).

The alloy grain structure and γ′ distribution at various steps of the heat treatment pro-

cess and after various times of aging are observed and described. An alloy variant with

increased carbon content designated as SB-CoNi-10C was processed according to the
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findings of these experiments and was tensile tested at room temperature and elevated

temperatures. By applying sub-solvus HIP and SHT as opposed to super-solvus heat

treatments, optimizing the γ′ distribution with aging, making additions of carbon to the

base alloy composition, improvements in the room temperature yield strength and ulti-

mate tensile strength of SB-CoNi-10C along with a negligible decrease in ductility were

demonstrated. An additional lower temperature aging heat treatment (i.e. double-age

heat treatment) further increased the yield strength and ultimate tensile strength. Ad-

ditionally, an improvement in tensile ductility at intermediate temperatures after these

modifications has been demonstrated.

7.2 Methods

Figure 7.1: (a) The Aconity3D AconityMINI laser powder-bed fusion system at
UC-Santa Barbara, (b) build set up of bars for mechanical testing of SB-CoNi-10C,
and (c) finished print of SB-CoNi-10C on the build plate after extraction from the
build chamber.

SB-CoNi-10 and SB-CoNi-10C powder was fabricated by Carpenter Technology Cor-

poration in a 300 lb. vacuum induction melting inert gas atomizer (VIGA). The com-

positions of the powders are displayed in Table 7.1. The major alloying additions were

measured by x-ray fluorescence. C and O were measured by LECO combustion analysis,

tramp elements such as B were measured by mass spectrometry, and Y was measured
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via a wet chemical anaysis. The SB-CoNi-10C alloy has a higher nominal C content

compared to SB-CoNi-10, at 0.35 at.% compared to 0.08 at.%. A standard powder size

range of -53/+15 µm was selected for SLM printing studies. Density blocks and bars for

tensile testing of SB-CoNi-10 were fabricated by Carpenter Technology Corporation on a

SLM Solutions SLM 125®‡. Printing was performed with an applied preheat of 200 °C

in an inert gas atmosphere. A variety of density blocks were printed with varying scan

speeds, laser powers, and hatch spacings. All SB-CoNi-10 samples were printed with a 30

µm layer thickness and a bidirectional raster strategy with 66.6° scan rotations between

layers. Additional microstructure investigations were performed on two sets of samples

which were both produced with an 80 µm hatch spacing but varying laser parameters.

One set was produced with lower laser power and lower scan speed (134 W, 744 mm s−1)

and the other with higher laser power and higher scan speed (176 W, 1137 mm s−1).

SB-CoNi-10C specimens were printed at UC-Santa Barbara with an Aconity3D Aconi-

tyMINI laser powder-bed fusion system. A photograph of the AconityMINI is displayed

in Fig. 7.1a, along with the build set up for the bars in Netfabb (Fig. 7.1b) and the

build plate containing the finished bars, density cubes, and an example printing artifact

(Fig. 7.1c). Samples for mechanical testing were printed using the higher power and

higher laser speed settings described previously except with a 16° scan rotation between

build layers. The raster strategy, pre-heat temperature, and hatch spacing were not

modified with respect to the previous builds.

Super-solvus (1245 °C) and sub-solvus (1177 °C) HIP treatments for 4 h at 103 MPa

were applied. Additional heat treatments were performed in air and were followed by

either oil quench (OQ), furnace cooling (FC) or air cooling (AC). The full heat treatment

schedules are described in Table 7.2. HT1 represents the heat treatment from a prior

study on SLM SB-CoNi-10 [197] and HT2 and HT3 were applied to the SB-CoNi-10C

‡SLM 125® is a registered trademark of SLM Solutions Group AG Stock Corporation
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tensile specimens for tensile testing. For the aging study at 950 °C shown in Fig. 7.9,

samples were previously HIP’d at 1177 °C / 4 h / 103 MPa and solutioned for 1 h at

1177 °C followed by AC. After the desired aging time was reached, samples were water

quenched (WQ) before microscopic investigations. Area fraction of γ′ measurements were

performed at Carpenter Technology through an automated workflow for Fiji that was

performed independently by six separate researchers and subsequently averaged [125].

Binarized images of porosity in Fig. 7.2a-c were processed by applying the Yen threshold

in Fiji to light optical microscopy images [124]. Binarized images of the carbide content

in Fig. 7.11b,d were created by applying the Minimum threshold in Fiji to the BSE

micrographs presented in Fig. 7.11a,c. Alumina inclusion area fraction measurements

were performed in FIJI on stitched SEM images of alloy cross-sections that were collected

on areas >6 mm2.

Table 7.2: Heat treatment conditions
Label HIP Solutioning Aging
HT1 1245 °C / 4 h / 103 MPa 1245 °C / 1 h OQ 1000 °C / 50 h FC
HT2 1177 °C / 4 h / 103 MPa 1177 °C / 1 h OQ 950 °C / 4 h WQ
HT3 1177 °C / 4 h / 103 MPa 1177 °C / 1 h OQ Above + 800 °C / 20 h AC

Bars of SB-CoNi-10 and SB-CoNi-10C that were printed in the Z-orientation and

XY-orientation were machined for mechanical testing. Room temperature and elevated

temperature tensile testing of SB-CoNi-10 and room temperature tensile testing of SB-

CoNi-10C was performed at Carpenter following the ASTM E8 standard. Sub-size tensile

specimens of SB-CoNi-10C with 4 mm gauge width and 20 mm gauge length were ma-

chined for elevated temperature testing which was performed at UC-Santa Barbara on

an Instron®§ 5582 load frame with an induction heater. All tensile tests were taken to

rupture. For tensile tests performed at Carpenter Technology, ductility was measured as

§Instron® & Vibromet® are registered trademarks of Illinois Tool Works Inc. Corporation
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percent elongation of the post-mortem specimens, while engineering strain at failure was

used for the SB-CoNi-10C elevated temperature tests performed at UC-Santa Barbara.

Post-mortem fracture surface imaging was performed using 3D stitching on a Keyence®¶

VHX-5000 optical microscope.

Samples were prepared for SEM and electron backscattered diffraction (EBSD) map-

ping through grinding to 1200 grit SiC paper, colloidal diamond suspension polishing

down to 1 µm, followed by a colloidal 50 nm silica suspension using a Vibromet® pol-

isher for 4 h. Backscattered electron (BSE) imaging was performed on both a Thermo

Fisher Scientific®‖ Apreo C and a FEI™ Versa™∗∗ 3D at accelerating voltages between

10 and 20 kV. EBSD maps were collected on a FEI™ Versa™ 3D at an accelerating volt-

age of 30 kV and were indexed using either spherical indexing in the EMSphInx v0.2

software package or Hough indexing within OIM Analysis™†† v8 software [191, 291]. All

inverse pole figure (IPF) maps are shown with the 〈001〉 aligned along the BD and were

collected over 500 × 500 µm2 areas with a 0.5 µm step size. Kernal average misorien-

tation (KAM) maps were calculated from these data-sets with a 1st nearest neighbor

kernal using only the perimeter pixels. All EBSD data-sets were cleaned using 2-3 grain

dilation procedures with a 5° grain tolerance angle and a minimum grain size of at least

5 pixels. This typically resulted in 1 to 2% of pixel orientations changed, although es-

pecially noisy data-sets (e.g. SR 1000 °C for 2 h + 1215 °C for 10 min in Fig. 7.7) had

approximately 20% of the pixels modified. Electron transparent lamella 20 µm in length

were extracted from the regions indicated in Fig. 7.3 by focused ion beam (FIB) lift-out

on a FEI™ Helios Dualbeam™‡‡. Bright-field TEM and scanning transmission electron

microscopy energy dispersive spectroscopy (STEM-EDS) were performed on a Thermo

¶Keyence® is a registered trademark of Keyence Corporation
‖Thermo Fisher Scientific® is a registered trademark of Thermo Fisher Scientific Inc. Corporation

∗∗FEI™ & Versa™ are trademarks of Thermo Fisher Scientific Inc. Corporation
††OIM Analysis™ is a trademark of AMETEK Inc.
‡‡FEI™, Dualbeam™, and Talos™ are trademarks of Thermo Fisher Scientific Inc. Corporation
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Fisher Scientific Talos™ G2 at accelerating voltages of 200 kV. The collected x-ray signals

were quantified using the Velox software package and the data-sets were normalized to

100%.

7.3 Results

7.3.1 As-printed microstructure

Binarized optical images of the as-printed SB-CoNi-10 and SB-CoNi-10C alloys over

a 25 mm2 area are shown in Fig. 7.2a-c. Cracks were not observed in any of the collected

fields of view, although porosity was observed in all specimens with a maximum measured

pore diameter of 51 µm in the SB-CoNi-10C (Fig. 7.2c). All of the printed alloys exhibited

a measured density of over 99.6 area % as shown in Fig. 7.2b,e. Focused view EBSD

maps in Fig. 7.2d-f suggest that each of the alloys exhibits a 〈001〉//BD texture which

are distinct from each other depending on the scan settings applied. The sample printed

with laser power of 134 W and scan speed of 744 mm s−1 in Fig. 7.2a,d was chosen for

TEM investigations due to the alignment of the columnar grains with the BD. The scan

settings of laser power of 176 W and scan speed of 1137 mm s−1 that produced the highest

density alloy (Fig. 7.2b,e) were chosen for additional study through heat treatment trials.

The as-printed microstructure of SB-CoNi-10 printed with laser power of 134 W and

scan speed of 744 mm s−1 is shown in Fig. 7.3. An EBSD map of a characteristic region

is shown in Fig. 7.3a. BSE microscopy in Fig. 7.3b shows the columnar grains in relation

to the melt pool boundaries. The grain-scale microstructure is textured with regions of

columnar grains with 〈001〉//BD along the center of the melt pools, with larger grains

in-between the columnar grains that have their 〈001〉 tilted towards the centers of the

melt pools. Two FIB lamella were extracted from the indicated regions in Fig. 7.3b, with
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Figure 7.2: (a-c) Binarized optical microscopy images and (d-f) EBSD maps of (a,d)
SB-CoNi-10 printed on a SLM125 with laser power of 134 W and scan speed of 744
mm s−1, (b,e) SB-CoNi-10 printed on a SLM125 with laser power of 176 W and scan
speed of 1137 mm s−1, and (c,f) SB-CoNi-10C on the AconityMINI printed with laser
power of 176 W and scan speed of 1137 mm s−1 with a 16° scan rotation between
layers.

one lamella having the growth direction of the solidification cells oriented perpendicular

to the foil and the other with the solidification cells oriented close to the plane of the

foil. BF TEM images of these two foils are shown in Fig. 7.3c,d.

High angle annular dark field (HAADF) imaging in Fig. 7.4 shows the regions in

each foil where STEM-EDS mapping was performed. A significant dislocation density

in the as-printed microstructure exists, with a greater dislocation density near the cell

boundaries compared to the cell centers. Similar to previous investigations of chemical

segregations in Bridgman cast and EBM SB-CoNi-10 [34, 197], enrichment of Al and Ta

and depletion of Co and Ni was observed in the intercellular region. Based on the maps

shown in Fig. 7.4, the segregation of Cr and W are not detectable and the segregation

of Ni is less pronounced compared to EBM and single crystal crystal variants of this
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Figure 7.3: As-printed microstructure of SB-CoNi-10 printed on a SLM125 with laser
power of 134 W and scan speed of 744 mm s−1. (a) IPF map, (b) BSE image showing
location of lamella lift-outs, (c) BF TEM looking down the solidification cells, (d) BF
TEM looking along the solidification cells

alloy [34, 198]. Particles rich in Ta and C shown in Fig. 7.4f,h are carbides of the MC

stoichiometry, and appear bright in the HAADF images in Fig. 7.4a,j. The particles that

are enriched in Al and O in Fig. 7.4 are Al2O3 oxide particles that likely formed during

the printing process. Due to their relatively low Z-number, these particles appear dark

in the HAADF image in Fig. 7.4a. The boxed region in Fig. 7.4a indicates where x-ray

signal was integrated for a STEM-EDS line scan across a single cell boundary. This

cell boundary was selected for analysis since there were no carbide or oxide particles

in the vicinity that may have affected the local chemical composition. This data is

plotted in at.% in Fig. 7.5. The enrichment of Ta and Al is clearly shown in addition to

the depletion of Co. Measurable changes in the other elements are not obvious at this

specific cell boundary, although depletion of Ni was seen in several other boundaries.
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Figure 7.4: STEM-EDS measurements of as-printed SB-CoNi-10 from the foils ex-
tracted from Fig. 7.3b

.

7.3.2 Solution heat treatment: Recovery and recrystallization

A solution heat treatment near the γ′-solvus is required to homogenize the chemical

segregation introduced during solidification and to control the final size and distribution

of the γ′ precipitates. Therefore, a series of heat treatment trials were performed on SLM

SB-CoNi-10 in order to assess how the grain structure and precipitate structure can be

controlled in order to produce alloys with balanced mechanical properties. These heat

treatment studies were performed on the SB-CoNi-10 alloys produced on a SLM125 with

laser power of 176 W and scan speed of 1137 mm s−1.

The effect of a sub-solvus HIP of 1177 °C for 4 h at 103 MPa followed by a short 1

h super-solvus SHT at 1245 °C is shown in Fig. 7.6. As the HIP temperature does not
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Figure 7.5: STEM-EDS chemical measurement of the major elements in SB-CoNi-10
across the solidification cell boundary outlined in Fig. 7.4a.

exceed the γ′-solvus temperature (approximately 1200 °C [34]), recrystallization of the

grain structure after HIP does not occur and the columnar morphology is maintained.

KAM maps shown in Fig. 7.6d and Fig. 7.6e show that the sub-solvus HIP reduced the

amount of local misorientation but has not completely removed local misorientations

throughout the grain structure. A subsequent super-solvus heat treatment shown in

Fig. 7.6c,f shows that complete recrystallization can occur despite the reduction of local

misorientation, resulting in an equiaxed grain structure with coarser grains and minimal

misorientations within the grains.

7.3.3 Stress relief, short time solutioning, and aging

It was hypothesized that recrystallization can be suppressed with appropriate stress

relief heat treatments combined with shorter time excursions above the γ′-solvus tem-

perature. This could allow for the retention of the textured grain structure produced

by SLM combined with the improved high temperature mechanical performance of a

unimodal γ′ precipitate distribution. In order to investigate this hypothesis, a series of
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Figure 7.6: Microstructure evolution of SB-CoNi-10. (a-c) IPF maps and (d-f) KAM
maps of SB-CoNi-10 in the (a,d) as-printed condition, (b,e) sub-solvus HIP at 1177
°C for 4 h at 103 MPa, and (c,f) subsequent super-solvus solutioning at 1245 °C 1 h
and aging at 1000 °C for 50 h.

heat treatments were applied on as-printed SLM SB-CoNi-10 with increasing tempera-

ture stress-relieving heat treatments of 1000, 1050, and 1100 °C for 2 h followed by SHT

for 10 minutes at temperatures just below the γ′-solvus (1190 °C) and just above the

γ′-solvus (1215 °C). The impact of this matrix of heat treatment conditions on the grain

scale microstructure is shown in Fig. 7.7, and the associated γ′ morphology after heat

treatment is shown in Fig. 7.8.

The heat treatments performed below the γ′ solvus temperature did not result in

recrystallization of the microstructure. All heat treatments that had a segment that

exceeded the γ′ solvus resulted in complete recrystallization after 10 minutes, even with

a stress-relieving heat treatment performed before the solutioning. The γ′ precipitate

structure varied between the three different stress relief heat treatment conditions, shown

in the “No solutioning” row of Fig. 7.8. The chemical segregation in the intercellular

regions promotes the formation of interconnected γ′ networks upon stress-relieving. As

the temperature of the stress relief treatment increased, these networks coarsened to
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Figure 7.7: IPF maps of SB-CoNi-10 subjected to an array of heat treatment condi-
tions including stress-relieving at 1000, 1050, and 1100 °C for 2 h and solutioning for
10 min at 1190 °C and 1215 °C followed by water quenching.

wavelengths larger than the original cellular spacing. Additionally, carbide precipitation

occured on the grain boundaries after all stress-relieving conditions. A sub-solvus SHT

at 1190˚C results in solutioning of a significant amount of γ′ such that these γ′ networks

are no longer continuous, however the remaining γ′ content during sub-solvus solutioning

coarsens significantly leading to a population of large, elongated γ′ precipitates. The short

super-solvus SHT at 1215 °C results in a more complete solutioning and a unimodal

distribution of fine γ′ upon water quenching, as shown by the bottom row labeled as

“1215 °C / 10 min” in Fig. 7.8. These heat treatment trials indicate that if the textured,

as-printed grain structure is to be retained throughout the heat treatment process, the

temperature can not exceed the γ′ solvus, even for short times.

After performing a 1177 °C for 1 h SHT on as-printed SLM SB-CoNi-10, an aging

study was performed at 950 °C for various times to investigate the ability to develop a

bimodal precipitate structure by precipitating and coarsening γ′ in-between the primary
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Figure 7.8: BSE micrographs of SB-CoNi-10 subjected to an array of heat treatment
conditions showing the γ′ distributions at each heat treatment condition followed by
water quenching. The images correspond to each of the EBSD maps in Fig. 7.7.

γ′ formed during sub-solvus heat treatments. Vickers hardness tests revealed that a peak

hardness occurs at some time between 0 and 4 h of aging, with the highest recorded

hardness measured at 2 h of aging. Imaging of the samples used for the aging study

revealed that in the sub-solvus solutioned state there is a population of larger primary

γ′ with finer secondary γ′ formed upon air cooling. The aging heat treatments clearly

affect the size and volume fraction of the secondary γ′, which continues to coarsen with

aging at 950 °C until it reaches a similar size to the pre-existing primary γ′, as shown

in Fig. 7.9f. The drop in hardness that occurs at 24 h of aging and beyond appears to

be correlated with the coalescence of the two populations of γ′ precipitates. From these

studies, an aging heat treatment of 950 °C for 4 h was selected based on the combination

of high hardness at this condition and the size of the secondary γ′ precipitates present in
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Figure 7.9: (a) Vickers hardness of SB-CoNi-10 after aging at 950 °C for varying
times. All samples were sub-solvus HIP’d and solutioned for 1 hr at 1177 °C before
aging. Each measurement consists of 12 indentations with a 1 kg load and the error
bars represent 95% confidence intervals. (b-g) BSE micrographs of the γ′ distributions
after different times at 950 °C: (b) 0 h, (c) 2 h, (d) 4 h, (e) 8 h, (f) 24 h, (g) 48 h.

the microstructure. An additional aging heat treatment at 800 °C for 20 h was applied to

several samples for mechanical testing to investigate the effect of increasing the γ′ volume

fraction on alloy strength. This resulted in the two heat treatment conditions considered

for further mechanical testing, which are displayed in Table 7.2 as HT2 and HT3. In

comparison to the original HT1 applied to previous versions of SB-CoNi-10, these new

heat treatments remain sub-solvus throughout the HIP and SHT processes and apply a

lower temperature age to increase the γ′ volume fraction and increase alloy hardness.

The microstructural evolution of SB-CoNi-10C after HT2 is shown in Fig. 7.10. The

texture of the as-printed grain structure is largely preserved after HT2, with occasional

instances of recrystallized grains and recovered grains similar to the sub-solvus HIP-

only microstructure shown in Fig. 7.6b,e. The average KAM value reduces from 1.19°

in the as-printed condition to 0.70° in the fully sub-solvus HIP+SHT+aged condition,

indicating that the elevated temperature of the sub-solvus HIP is sufficient in place of

a dedicated stress relieving heat treatment to relieve some thermal stresses. The γ′
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precipitate structure is expected to be similar to what was demonstrated in SLM SB-

CoNi-10 for aging at 950 °C for 4 h shown in Fig. 7.9d. The effect of increased carbon

content on carbide formation in SB-CoNi-10C is shown in Fig. 7.11 compared to SB-CoNi-

10. A stress-relieving heat treatment of 1100 °C for 2 h followed by AC was applied to

both as-printed alloys. After this heat treatment, the SB-CoNi-10C alloy possessed a

carbide content of 0.79 area % compared to 0.26 area % for SB-CoNi-10.

Figure 7.10: Microstructure evolution of SB-CoNi-10C. (a,c) IPF maps and (b,d)
KAM maps of SB-CoNi-10C in the (a-b) as-printed condition and (c-d) after heat
treatment using the HT2 condition.

7.3.4 SB-CoNi-10C tensile testing

The tensile testing results at room temperature (RT) and elevated temperature for

SB-CoNi-10C are compared to the previously reported version of SLM SB-CoNi-10 in

Table 7.3. The 0.2% offset yield strength, ultimate tensile strength, and ductility are also
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Figure 7.11: (a,c) BSE micrographs and (b,d) binarized thresholded images of (a,b)
SB-CoNi-10 compared to (c,d) SB-CoNi-10C after a 2 h stress relieving heat treatment
at 1100 °C followed by air cooling. The higher carbon content alloy contains a higher
carbide area fraction.

presented in graphical form in Fig. 7.12. The stress-strain curves for the elevated tem-

perature tests on SB-CoNi-10C at 760 °C are presented in Fig. 7.13 along with stitched

optical micrographs of selected fracture surfaces. The SB-CoNi-10C alloy exhibits im-

proved ductility at 760 °C compared to the previous version of SB-CoNi-10 that contained

a low carbon content and a fully recrystallized grain structure, with the XY-oriented SB-

CoNi-10C specimens exhibiting an average engineering strain at failure of 3.0% at 760

°C.

It is demonstrated that the yield strength and ultimate tensile strength are tunable

by the application of an additional lower temperature age at 800 °C for 20 h (this heat

treatment is denoted as HT3, see Table 7.2). This additional heat treatment has a small

negative effect on tensile ductility. Additionally, the benefits to the strength are expected

to not be as effective at testing temperatures above 800 °C.

For the Z-oriented specimens, a wide variation in the tensile ductility was observed.
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For example, the Z-oriented HT2 specimen had a tensile ductility of 5.8 % at 760 °C

and 13.5 % in a duplicate tensile test. The fracture surfaces of these two specimens are

shown in Fig. 7.13b for the higher ductility specimen and in Fig. 7.13c for the lower

ductility specimen. The higher ductility specimen exhibited a smoother fracture surface

compared to the rougher surface of the lower ductility specimen. SEM investigations

of the fracture surfaces revealed that all specimens had regions of intergranular failure

that were associated with oxidation of the fracture surface. A fracture surface from an

XY-oriented specimen is shown in Fig. 7.13d perpendicular to the loading direction and

in Fig. 7.13e along the loading direction. The XY-oriented specimens often exhibited

cracking along the gauge length, and the fracture surfaces had features that resembled

the textured grain structure that is characteristic of SLM printed alloys.

Cross-sections of the Z-oriented HT2 specimens shown in Fig. 7.13b,c were made

to investigate the cause of the difference in ductility between these two tests that were

performed at the same test condition. BSE images of these cross-sections from the

grips (Fig. 7.14a-b, e-f) and near the fracture surfaces (Fig. 7.14c-d, g-h) show that

the samples had different amounts of alumina oxide inclusions. The sample with high

ductility had fewer oxide inclusions (0.025 area %) (Fig. 7.14e-h) while the sample with

reduced ductility had many inclusions (0.098 area %) that were present before tensile

testing (Fig. 7.14a-d). Qualitative EDX mapping of one of these inclusions is displayed

in Fig. 7.15 which displayed strong Al and O signals. The inclusions within the gauge

section often contained cracks that were normal to the loading direction while inclusions

located in the grips were uncracked. The cause of the high inclusion density in some

of the SB-CoNi-10C specimens is currently under investigation. Cross-sections of the

virgin alloy powder did not reveal the presence of alumina inclusions before printing.

Periodic oxygen contamination of the build chamber atmosphere was observed in levels

of approximately 1000 ppm O2 which coincided with an excess powder removal procedure
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Figure 7.12: Comparison of the 0.2% offset yield strength, ultimate tensile strength,
and ductility between XY-printed SB-CoNi-10 with the original HT1 heat treatment
and XY- and Z-printed SB-CoNi-10C with the modified HT2 and HT3 heat treatment
schedules.
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Figure 7.13: (a) Stress-strain curves for tensile tests performed on SB-CoNi-10C at
760 °C. Optical images of post-mortem fracture surfaces the following conditions: (b)
Z, HT2 with high ductility, (c) Z, HT2 with low ductility, (d,e) XY, HT2 with low
ductility.

during printing, but it is still unclear why certain tensile bars contained more inclusions

compared to others printed in the same build chamber.

7.4 Discussion

A high γ′ volume fraction CoNi-base superalloy (SB-CoNi-10) and a high carbon con-

taining variant (SB-CoNi-10C) have been successfully processed through SLM. As novel

alloys are designed that are compatible with the extreme thermal conditions present in

powder-bed fusion AM, new post-processing heat treatment paths also need to be de-

veloped to leverage the unique as-printed structure. This is especially true in high γ′

volume fraction superalloys that were originally designed for fabrication through direc-

tional solidification and single crystal Bridgman growth. Super-solvus heat treatments

that create a well-controlled unimodal γ′ distribution are employed after single crystal

growth without recrystallization in the bulk of the alloy. Since recrystallized versions
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Figure 7.14: BSE micrographs of cross-sections along the loading direction of the
post-mortem tensile specimens tested at 760 °C shown in (a-d) Fig. 7.13b and (e-h)
Fig. 7.13c. Micrographs are taken from (a-b, e-f) the center of the sample grips and
(c-d, g-h) near the fracture surface.

Figure 7.15: (a) BSE micrograph and (b,c) qualitative EDX maps of an alumina
inclusion within the lower ductility SB-CoNi-10C sample shown in Fig. 7.14e-h.

of SB-CoNi-10 have been demonstrated to have poor tensile ductility at intermediate

temperatures, modifications to the heat treatment procedure and modifications to the

minor element concentrations have been studied.

One reason for the improved 3D printability of high γ′ volume fraction CoNi-base

superalloys compared to Ni-base superalloys is the more favorable solute segregation

during solidification [34, 51, 198]. The distribution coefficient (k = Cs/Cl, where Cs is

the concentration of the solid and Cl is the concentration of the liquid on either side of

the solid-liquid interface) for each of the major alloying additions in SB-CoNi-10 has been

experimentally measured in Bridgman grown single crystals and EBM processed alloys
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using electron probe microanalysis (EPMA) [197]. Since EPMA is a surface-based SEM

technique, the interaction volume of the electron beam with the metal surface is large

enough such that measurement of the fine scale segregation along cellular boundaries in

as-printed alloys processed by SLM is not possible. Individual point measurements likely

contain signal from both the intracellular and intercellular regions and result in the false

appearance of homogeneous chemical maps of the alloy [197]. This is further complicated

by the fact that the thermal gradients, G, and interfacial velocities, Vi, present in SLM

are very large with G on the order of 106 K/m and Vi on the order of 0.4 m/s [114, 223].

These extreme thermal conditions result in a non-equilibrium condition at the solid-liquid

interface such that the distribution coefficient depends on the interfacial velocity. The

Aziz model describes the velocity dependent distribution coefficient as [295]:

kv =
ko + Pe

1 + Pe
(7.1)

where ko is the equilibrium distribution coefficient and Pe is the solutal Peclet number

given as:

Pe =
aoVi
Dl

(7.2)

where ao is the width of the zone at the liquid-solid interface where diffusion occurs,

Vi is the velocity of the solid-liquid interface, and Dl is the mass diffusivity of solutal

elements in the liquid. As Vi increases, the Peclet number increases such that the velocity

dependent distribution coefficient approaches Kv = 1 at high velocities where solute

trapping occurs and microsegregation is suppressed. Solute trapping is expected to occur

at interfacial velocities in excess of 3 m/s, and deviations from equilibrium solidification

conditions become noticeable above 0.1 m/s [296]. The interfacial velocities typical for the

SLM process are on the order of 0.4 m/s [114], therefore the magnitude of the chemical
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segregation is expected to decrease and chemical differences between the intracellular

and intercellular regions become harder to distinguish in SEM-based techniques [197].

Therefore, TEM or atom probe tomography based techniques must be used to properly

assess the chemical segregation present in these alloys.

The TEM maps and chemical line profile presented in Fig. 7.4 and Fig. 7.5 confirm

that the chemical segregation is reduced by the high thermal gradients and interfacial

velocities present in SLM. Some of the chemical species appeared to have no discernible

segregation to the intercellular regions, such as Cr and W. Depletion of Co and the enrich-

ment of Ni, Al, and Ta within the intercellular regions was observed. The directionality of

the segregation (i.e. whether solute enrichment, k < 1, or depletion, k > 1, occurs along

the cell boundary) is consistent with previous experiments on this alloy class [197]. While

an estimate of the distribution coefficient is difficult without a statistical measurement of

the alloy concentration at various stages of the solidification process followed by fitting

this data with an appropriate model (such as the Gulliver-Scheil equation for equilibrium

solidification processes [51, 55]), it is still useful to compare these results to previous stud-

ies by taking the ratio of the alloy concentration in the intracelluar region, Cintra, and

the intercellular region, Cinter. This was done by taking the average composition of the

STEM-EDS linescan in a 50 nm region in the center of the cell boundary (from 175-225

nm in Fig. 7.5) and by taking the average composition of the regions outside of the cell

boundary (0-175 and 225-400 nm in Fig. 7.5). This resulted in measurements of the

approximate distribution coefficients of ki = Cintra/Cinter to be kCo = 1.03, kNi = 1.01,

kAl = 0.92, kCr = 0.99, kTa = 0.82, and kW = 1.04.

There is a growing body of evidence that the heat treatments for AM processed

superalloys that optimize the mechanical properties will differ from those utilized in

wrought, cast, and powder metallurgy processing routes. The modification of the heat

treatment schedule such that all steps are performed below the γ′ solvus (HIP, SHT, and
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aging) is responsible for the retention of the textured grain structure that forms during the

AM process. This has been shown previously to lead to improved high temperature tensile

ductility in EBM processed SB-CoNi-10 compared to a fully recrystallized microstructure

that developed from super-solvus heat treatments [198]. These changes to the heat

treatment schedule were combined with an increased nominal carbon content from 0.08 %

to 0.35 at.% and a modified scan strategy. Due to the fine-scale of the segregation in AM

processed superalloys, the hold time for super-solvus homogenizing heat treatments can

be reduced from several hours for Bridgman cast single crystals to only several minutes

while achieving similar levels of homogenization [104, 105]. In the case of EBM processed

CMSX-4®, it is even possible to apply a short time, super-solvus SHT (<5 m, 1310 °C)

and not induce recrystallization, likely due to the reduced amount of internal stresses

present in EBM processed materials printed with a high pre-heat temperature [97, 105].

Future studies on SLM processed alloys should consider the use of elevated preheat

temperatures above the conventionally used 200 °C to further reduce the magnitude of

thermal stresses in the as-built condition. This could allow future iterations of CoNi-base

alloys to use short-time, super-solvus homogenization heat treatments while maintaining

the textured grain structure acquired from the additive process. This would allow for

greater control of the γ′ distribution, which could result in enhanced high temperature

mechanical properties.

The SB-CoNi-10C build contained bars that were highly dense and others that had

increased amounts of alumina inclusions that debited the tensile ductility at elevated

temperatures. The formation of alumina inclusions at varied locations within the build

chamber will need to be minimized in order to improve mechanical reliability. The

formation of oxides during fusion-based additive processes can be promoted by the at-

mosphere and/or by the concentration of retained gases in the powders used for printing

[256, 297, 298]. These particles are often on the order of 25-150 nm in diameter, as shown
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in Fig. 7.4a, and can be leveraged for increased dislocation pinning and increased alloy

strength when intentionally added in a controlled manner to the alloy microstructure.

After HT3, the SB-CoNi-10C alloy has the highest recorded room temperature yield

strengths and ultimate tensile strengths in both the XY- and Z-orientations compared

to other iterations of the alloy. This increase in strength is thought to be due to the

additional lower temperature age included in HT3 and due to the retained columnar

grain structure achieved by preventing complete recrystallization with the sub-solvus heat

treatment schedule. Co- and CoNi-base superalloys have been previously demonstrated

to have lower yield strengths than their Ni-base counterparts, especially at temperatures

near the peak of the yield strength anomaly which is less pronounced in Co- and CoNi-

base alloys [24, 25, 192, 299]. These reduced yield strengths are likely due to the reduced

{111} plane anti-phase boundary energies that have been computationally determined for

Co-rich γ′ compositions which make these precipitates less resistant to dislocation shear

by 1/2〈110〉 dislocations [176]. Since the compositional design space of multi-component

CoNi-alloys with balanced properties is large, the design of future CoNi-alloy composi-

tions with elevated room temperature and high temperature strength will benefit from

high-throughput computational approaches. An increased understanding on the effect

of composition on the planar fault energies in the (Co, Ni)3(Al, W, Ta, etc.) L12 phase

combined with thermodynamic phase stability calculations using the CALPHAD method

could result in novel CoNi-alloys with improved strength and high temperature stability

[32, 176]. However, improvements to currently available thermodynamic databases may

be required as alloy compositions continue to be investigated between the Co-rich and

Ni-rich regions of phase diagrams, as systematic inaccuracies in phase boundary locations

and solidification behavior have been observed in CoNi-base systems [32, 198].

The tensile testing results at 760 °C show that SB-CoNi-10C can possess ductilities of

13% in the Z-orientation and in excess of 3% in the XY-orientation. This is in contrast to
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high γ′ volume fraction Ni-base superalloys such as CM 247 LC® which have excellent

yield strength and ultimate tensile strength at 760 °C when processed through SLM yet

have tensile ductilities of 3.5% in the Z-orientation [294] and 1.4% in the XY-orientation

[290]. With respect to strength, the CoNi-alloy has higher yield and UTS at 760 °C

compared to SLM Hastelloy®§§ X and behaves similarly to SLM Inconel® 939, which

is a Ni-base superalloy that is designed to have 30 to 50% volume percent of γ′ after heat

treatment.

The elevated temperature tensile tests on SB-CoNi-10C have demonstrated that this

CoNi-base superalloy exhibits a ductility minimum similar to other wrought, powder

metallurgy (PM), and AM processed Ni-base superalloys [284, 285, 286, 287, 288, 289].

The intermediate temperature ductility minimum in wrought superalloys can be improved

through recrystallization with super-solvus heat treatment that typically results in a

substantial increase in grain size and a corresponding reduction in grain boundary area

[285]. A similar drastic increase in grain size has not been observed after super-solvus heat

treatments applied to AM processed SB-CoNi-10 and SB-CoNi-10C [197]. Observations

of oxidation in the intergranular regions of the fracture surfaces of SB-CoNi-10C after

intermediate temperature testing suggests that a time-dependent process such as grain

boundary oxidation contributes to the observed ductility minimum. High strain-rate

tensile testing at 850 °C on an EBM processed version of SB-CoNi-10 revealed improved

tensile strengths and ductilities compared to quasi-static tensile tests [198], which further

supports the hypothesis that time-dependent processes at intermediate temperatures

promote the occurrence of the ductility minimum in this alloy. Similar tensile tests at

high strain-rates have demonstrated improved ductility in chromia-forming superalloys

as well, suggesting that the specific mode of oxidation does not have a strong effect

on the presence of a ductility minimum [285]. Therefore, the intermediate temperature

§§Hastelloy® is a registered trademark of Haynes International Inc. Corporation
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ductility minimum in the investigated CoNi-base superalloy shows signatures similar to

those observed in Ni-base alloys: a dependence on strain rate, occurrence at temperatures

near the peak in the yield strength, and a transition from intragranular to intergranular

failure at the ductility minimum.

7.5 Conclusions

The conclusions of this study are as follows:

• A CoNi-base superalloy (SB-CoNi-10) and a higher carbon containing variant (SB-

CoNi-10C) were successfully fabricated by SLM.

• Chemical microsegregation in the as-printed condition is less pronounced in the

SLM fabricated SB-CoNi-10 compared to EBM or Bridgman cast versions.

• Super-solvus heat treatments result in complete recrystallization of the grain-scale

microstructure, whereas sub-solvus treatments do not undergo recrystallization and

retain grain structures similar to the as-printed microstructure.

• After a sub-solvus HIP at 1177 °C / 4 h / 103 MPa and sub-solvus SHT at 1177

°C for 1 h, aging at 950 °C results in a peak hardness between 0 and 4 h of aging.

This corresponds with the precipitation and coarsening of a finer population of γ′

in the regions between primary γ′ formed during sub-solvus heat treatment.

• Sub-solvus heat treatments and increased carbon content increased the tensile duc-

tility at 760 °C compared to a recrystallized iteration of SB-CoNi-10 with a lower

carbon content.

• Additional aging for 20 h at 800 °C increases both the yield strength and the

ultimate tensile strength at room temperature and at 760 °C, but this benefit may
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not persist at higher testing temperatures.
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Chapter 8

Conclusions and recommendations

for future work

The development of γ′-containing Co- and CoNi-base superalloys over the past 15 years

has resulted in promising new classes of alloys for high temperature applications. These

alloys may find applications in turbine hot sections, nuclear reactors and chemical pro-

cessing. Depending on the desired properties in service, these alloys may be processed

into a variety of forms including fine-grained forgings, cast single crystals, or through the

burgeoning additive manufacturing processes. However, a transition between currently

employed Ni-base alloys and γ′-containing Co- and CoNi-base alloys for single crystalline

turbine blades is unlikely to occur with the current state-of-the-art. This is due to the

lower γ′ solvus still observed in Co- and CoNi-base alloys, higher mass density, less fa-

vorable oxidation resistance, and higher cost of Co compared to Ni. In spite of this, the

CoNi-base superalloys provide a pathway for developing high γ′ volume fraction superal-

loys for AM due to their better solidification behavior and wider processing window that

results in reduced cracking susceptibility compared to Ni-base superalloys.

The work in this thesis has sought to describe the high temperature mechanical
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properties and 3D printability of a novel class of CoNi-base superalloys. The key results

are as follows:

• The high γ′ volume fraction CoNi-base superalloy SB-CoNi-10 has a γ′-solvus near

1200 °C (∼50 to 100 °C lower than many Ni-base blade alloys), the ability to form

a thin α-Al2O3 scale with small amounts of overlaying oxides after brief exposure

to air at 1100 °C, and a mass density similar to 1st-generation Ni-base superalloys.

• The compositional space that expresses these properties is characterized by a low W

content to reduce density, elevated Al and Cr content to improve oxidation perfor-

mance, and Ta additions that stabilize the γ′ precipitates to higher temperatures.

• This alloy has improved low cycle fatigue response compared to previous single

crystal Co-base superalloys, where single-crystal Co-base superalloys are more sus-

ceptible to oxidation-assisted surface cracking that promotes short fatigue lifetimes.

• These CoNi-alloys have been found to be resistant to crack formation when fabri-

cated by fusion-based AM processing pathways such as SLM and EBM.

• The grain structure and γ′ precipitate structure can be controlled through appro-

priate heat treatment schedules to tune the mechanical properties.

However, the SB-CoNi-10 alloy varients described in this work are likely not opti-

mized and additional improvements to mechanical, thermophysical, and environmental

properties could be realized. In this chapter, some suggested future work will be de-

scribed that could further improve our understanding of Co- and CoNi-base superalloys

with the overall focus of property improvement at elevated temperatures.
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8.1 Low cycle fatigue of Co- and CoNi-base superal-

loys with P-type rafted microstructures

Microstructural degradation known as rafting can occur in Ni-base superalloys due

to the high temperature tensile loading present in creep testing and thermo-mechanical

fatigue testing. The local stress state within the γ channels is determined by both the

externally applied load and the misfit stresses imposed by the small negative misfit of

the Ni3Al γ′ and the matrix. The relaxation of this misfit by dislocations within the

horizontal γ channels creates a driving force for directional coarsening of the γ′ where

the elimination of vertically aligned γ/γ′ interfaces occurs through a diffusion controlled

process. This produces the N-type (i.e. normal-type) rafted microstructure. Since Co-

and CoNi-base superalloys typically have small positive misfit parameters, the directional

coarsening eliminates the γ/γ′ interfaces that are perpendicular to the loading direction,

resulting in the P-type (i.e. parallel-type) rafted microstructure.

Several studies have investigated the impact of the rafted γ/γ′ microstructure on

the creep performance of Ni-base superalloys, but fewer studies have been performed on

the impact of fatigue resistance. By pre-deforming the Ni-base blade alloy CMSX-4 in

tension and compression (producing N-type and P-type rafted microstructures, respec-

tively), elevated temperature strain-controlled LCF tests at R = 0 by Ott and Mughrabi

revealed that the P-type rafted microstructure had better resistance to fatigue failure

than the undisturbed microstructure and the N-type rafted microstructure [181, 182].

An example of their results is shown in Fig. 8.1. Fatigue cracks are frequently observed

to propagate along the γ/γ′ interfaces which are oriented normal to the loading direction

in the unmodified and N-type microstructures. The vertical γ/γ′ interfaces in the P-type

rafted specimen results in significant amounts of crack deflection. Examples of fatigue

cracks that form at 1050 °C for each of these microstructures is displayed in Fig. 8.2
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Figure 8.1: Cyclic deformation curves of CMSX-4 specimens with three different kinds
of γ/γ′-morphology. The three initial γ/γ′-morphologies are indicated schematically.
T = 950 °C, ∆εt = 1.2%. Reproduced from “Dependence of the high-temperature
low-cycle fatigue behaviour of the monocrystalline nickel-base superalloys CMSX-4
and CMSX-6 on the γ/γ′-morphology” by M. Ott & H. Mughrabi, 1999, Mater. Sci.
Eng. A 272, p. 24-30. Copyright 1999 by Elsevier Science S.A. Reproduced with
permission [182].

However, since the Ni-base alloy CMSX-4 has a negative misfit parameter, the P-type

rafted microstructure partially reverts to the N-type microstructure during testing in

tension, resulting in an ambiguously rafted microstructure.

By performing similar high temperature strain-controlled fatigue tests on Co- and

CoNi-base superalloys with R = 0 loading at T = 950 °C it is hypothesized that these

alloys would have excellent fatigue crack growth resistance, due to the formation and

retention of the P-type rafted microstructure. This study could be performed on pre-

deformed microstructures and also on an unmodified microstructure that would direc-

tionally coarsen into the P-type rafted microstructure during fatigue testing. Interrupted

testing could demonstrate that small cracks are blunted by the P-type rafted γ/γ′ in-

terfaces which may reduce the crack propagation rate and delay long crack growth. Ad-
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Figure 8.2: Fatigue crack propagation in the alloy CMSX-4 after fatigue at 1050 °C,
∆εt = 0.9%. SEM-micrographs. Dependence on the γ/γ′-morphology, (010)-section
parallel to [001]. (a, b) A specimen with cuboidal γ′-particles; (c, d) a specimen with
γ/γ′-rafts perpendicular to the stress axis; (e, f) a specimen with γ/γ′-rafts parallel
to the stress axis. Reproduced from “Dependence of the high-temperature low-cycle
fatigue behaviour of the monocrystalline nickel-base superalloys CMSX-4 and CMSX-6
on the γ/γ′-morphology” by M. Ott & H. Mughrabi, 1999, Mater. Sci. Eng. A 272,
p. 24-30. Copyright 1999 by Elsevier Science S.A. Reproduced with permission [182].

ditional tests at a lower temperature (such as 750 °C) on pre-deformed microstructures

could show that the fatigue properties improve across numerous temperature regimes due

to the P-type rafting that is preferred by Co- and CoNi-base superalloys.

These types of fatigue tests at elevated temperatures would have been difficult to

perform on previous low γ′ solvus Co-base alloys (such as ternary Co-Al-W alloys) since

significant γ′ dissolution would occur at temperatures necessary for rafting. Additionally,

it should be noted that significant directional coarsening did not occur in either of the

low cycle fatigue studies presented in Ch. 2 and Ch. 4. In Ch. 2, testing was performed
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with R = 0.1 (i.e. cyclic loading in tension) but at the intermediate temperature of T =

750 °C where rafting is sluggish. In Ch. 4, testing was performed at a higher temperature

of T = 950 °C but with R = -1 (i.e. fully reversed loading). Therefore, new experiments

would need to be carried out at T ≥ 950 °C and R ≥ 0 in order to investigate the effect

of P-type rafting on CoNi-base superalloys. Strain-controlled testing would be preferred

over load-control testing in order to prevent significant ratcheting strains that can develop

in load-control testing with R ≥ 0.

8.2 Rapid experimental alloy modification

While the reduced number of major alloying additions (6 major constituents of Co-Ni-

Al-Cr-Ta-W) has been essential to enable an efficient search of the compositional space

through ion plasma deposition, it is likely that additional complexity would further bene-

fit alloy properties. Using the SB-CoNi-10 alloy composition as a starting point, it would

be interesting to explore the impact of Ti, Nb, Mo, and Re on phase stability, γ′ vol-

ume fraction, yield strength, and creep performance of these alloys. However, exploring

this compositional space would be prohibitively time-intensive through traditional arc-

melting studies. Additionally, making decisions about how much of the novel alloying

addition to add and which elements to replace would likely be arbitrarily determined by

the researcher and have a low guarantee of success at accomplishing the various balanced

properties desired.

One technique that has been recently demonstrated to rapidly explore phase stability

in CoNi-base alloys has been through a combined CALPHAD and diffusion multiple

approach [35, 36, 158]. In these studies, a base alloy of Co-20Ni-7Al-8W-1Ta-4Ti (at.%)

was joined into a complex diffusion multiple with several modified versions of the base

alloy with alloy modifications of interest (e.g. alloy 5Nb3W replaced W content with
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Nb content, 40Ni explored additions of Ni, 0W explored reduction of W, and so on.)

The diffusion multiple was then encapsulated in Ni, HIP’d at 1200 °C and 160 MPa for

5 h, and aged at 1000 °C for 1000 h to get close to equilibrium. A schematic of the

diffusion multiple along with a photograph after heat treatment is shown in Fig. 8.3.

Careful compositional measurements along the diffusion multiple interfaces can provide

information about the alloy content necessary to exit the two-phase γ-γ′ phase field and

produce deleterious phases such as β, χ, and µ phases. This diffusion multiple could then

be tested with Vickers hardness indentation to identify compositional regions of higher

strength. While this may be difficult, it is also possible to oxidize the final diffusion

multiple and employ PSLS to determine the formation of α-Al2O3 or thick overlaying

oxides. Through this approach, a significant understanding of the compositional space

around SB-CoNi-10 could be acquired rapidly and arc-melting studies could be performed

on a select few number of candidate alloys.

Figure 8.3: (a) Cross-sectional schematic of the diffusion multiple used to explore com-
postional space around Co-20Ni-7Al-8W-1Ta-4Ti at.% and (b) a photograph of the
prepared diffusion multiple after heat treatment. Reproduced from “High-throughput
exploration of alloying effects on the microstructural stability and properties of mul-
ti-component CoNi-base superalloys” by W. Li et al., 2021, J. Alloy Compd. 881, p.
160618. Copyright 2021 by Elsevier B.V. Reproduced with permission [36].

Provided that compositional measurements from the diffusion multiple are collected
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using a high-quality standards-based quantification technique such as EPMA, the compo-

sition and phase information could be used to further refine and develop cobalt containing

thermodynamic databases produced by companies such as CompuTherm and Thermo-

Calc. These databases can be used to make predictions about alloy behavior that are

difficult or impossible to produce experimentally, such as Scheil solidification simulations

and phase fraction vs. temperature diagrams. However, as demonstrated at several points

throughout this dissertation, the currently existing thermodynamic databases struggle

with complex compositions in the CoNi-base alloy space. Further enhancement of these

databases will be essential for rapid assessment of numerous candidate alloys. These

databases can provide powerful insights, such as those presented by Tang et al. in their

“alloys-by-design” framework that developed the ABD-850AM and ABD-900AM Ni-base

alloys for additive manufacturing [116, 300]. They were able to assess the Scheil freezing

range and the γ′ volume fraction at 900 °C for >107 trial alloy compositions with a res-

olution of 0.1 at.%. Pareto front approaches with pre-determined cut-off values (e.g. γ′

volume fraction < 0.35, strain-age cracking merit index < 4 wt.%, Scheil freezing range

< 275 °C, etc.) were then used to select several alloys with optimized properties for

experimental validation.

8.3 Minor elements in CoNi-base AM alloys: grain-

boundary engineering and carbide/oxide precip-

itation

While the development of single crystal Ni-base superalloys is marked by the reduc-

tion of grain-boundary strengtheners and precipitate formers such as C, B, and Zr [6], the

fine-scale polycrystalline microstructures that often arise from the additive process re-
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quire the reintroduction of these minor elements to improve grain boundary ductility. For

example, Co-base superalloys with additions of 0.02 at.% B have significantly improved

high temperature ductility compared to B-free alloys, as shown in Fig. 8.4. However,

caution must be exercised when introducing these elements since excess amounts of these

alloys can reduce solidus temperatures and promote the formation of liquid-rich films

that increase the hot cracking susceptibility [99, 301]. The more favorable solute seg-

regation exhibited by Co- and CoNi-base alloys may accommodate greater amounts of

these elements than Ni-base alloys while retaining 3D printability, but this has yet to be

rigorously investigated.

Figure 8.4: (a) Cross-sectional schematic of the diffusion multiple used to explore
compostional space around Co-20Ni-7Al-8W-1Ta-4Ti at.% and (b) a photograph of
the prepared diffusion multiple after heat treatment. Adapted from “Ductility en-
hancement by boron addition in Co–Al–W high-temperature alloys” by K. Shinagawa
et al., 2009, Scripta Mater. 61, p. 612-615. Copyright 2009 by Acta Materialia Inc.
Adapted with permission [119].

Looking at the Ni-C binary phase diagram, the distribution coefficient of carbon is

between 0.3 to 0.35, so carbon segregates strongly to the liquid promoting carbide forma-
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tion within the mushy zone during soldification [53]. As carbon content increases, there

is often a transition from blocky to either script or nodular morphology carbides, with

the blocky carbides being promoted during solidification when high thermal gradients are

present [53]. The AM versions of SB-CoNi-10 presented in this thesis contained greater

carbon contents than the SX version presented in Ch. 3 to increase the TaC carbide

precipitation along the grain boundaries after heat treatment. In all cases, the carbide

morphology was of the blocky type and boride precipitation along grain boundaries was

never observed. Novel versions of SB-CoNi-10 are currently being developed with both

elevated carbon content and boron content, with roughly double the boron content as

before. Processing these alloys through SLM and performing intermediate temperature

tensile testing may reveal increased grain boundary ductility that wasn’t present in pre-

vious iterations of the alloy. The specific precipitates that will form in the as-printed

and heat-treated alloys are not yet clear, especially since the SB-CoNi-10 alloys currently

have a low W content and W-rich borides are commonly observed in other alloys [302],

but the presence of any borides may indicate that the grain boundaries are effectively

saturated with boron compared to previous lower boron alloys [101]. A recent study by

McAuliffe et al. was focused on classifying the precipitates that form in CoNi-base super-

alloys with varying amounts of B, C, Ti, and Zr. They used a combined EBSD and EDS

approach combined with a unsupervised machine learning methods (principle component

analysis, PCA) to make high fidelity estimations of the carbides and borides present in

their CoNi-alloys. This process is significantly simpler than performing site-specific FIB

lift-out and TEM investigations that would normally be necessary for precipitate clas-

sification, especially since light elements such as C, B, and O are difficult to quantify

by EDS and STEM-EDS methods alone. Their work confirmed that carbide contents

greater than 0.2 at.% were needed to produce M6C carbides (M = metallic species) and

boron contents greater than 0.08 at.% B were needed to produce M2B borides in their
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CoNi-alloys systems [302]. This suggests that the higher B content SB-CoNi-10 alloys in

development for SLM studies will likely form borides and carbides.

Figure 8.5: (a) nominal compositions (in at.%) for the alloys developed by McAuliffe
et al., as well as V208C [303]. (b) The EBSD/EDS PCA approach. Chemical and
structural information is combined and corresponding relationships are extracted us-
ing statistical methods from the dataset. (c) Phase diagram of precipitate observations
across investigated composition space for alloys 1–13. Adapted from “Quantitative
Precipitate Classification and Grain Boundary Property Control in Co/Ni-Base Su-
peralloys” by T. McAuliffe et al., 2021, Metall. Mater. Trans. A 52, p. 1649-1664.
Copyright 2021 by the Authors through a Creative Commons CC BY license [302].

Additionally, the formation of oxides and nitrides can occur depending on the atmo-

sphere of the build chamber during printing and the retained gases in the powders used

for printing [256, 297, 298]. These particles are often on the order of 25-150 nm in diam-

eter and can be leveraged for increased dislocation pinning and increased alloy strength

similar to oxide-dispersion strengthened alloys. Interestingly, increased laser energy den-

sity during printing results in a reduced oxygen content in the alloy. This is likely due
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to oxygen removal from the melt pool by the formation of strongly oxidized spatter that

is ejected from the melt pool due to the dynamic fluid flow processes in the melt pool

governed by Marangoni convection and evaporation recoil pressure [297, 304, 305]. How-

ever, excessive oxide formation can deleteriously affect the alloy ductility. The schematic

in Fig. 8.6 shows how gases in the build chamber can be introduced into the melt pool

during the build process. Careful control of the build chamber atmosphere during print-

ing with intentional additions of O2 or CO2 could increase the room temperature yield

strengths of CoNi-base superalloys, which are currently low compared to their Ni-base

counterparts.

Figure 8.6: Schematic of the interactions between laser, gas and liquid melt pool which
effect the sources of oxygen, oxygen pickup, and oxygen loss, showing potential sources
of oxygen uptake, and paths for oxygen removal from the melt pool. Reproduced from
“In-situ synthesis of oxides by reactive process atmospheres during L-PBF of stainless
steel” by M. Haines et al., 2020, Additive Manufacturing 33, p. 101178. Copyright
2020 by Elsevier B.V. Reproduced with permission [297].
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Appendix A

Appendix

A.1 Chemical certifications of CoNi-alloy ingots, pow-

ders, and prints

This appendix contains chemical certifications of the various SB-CoNi-10 alloys ex-

plored in this dissertation. These alloys were frequently referred to internally as “DM-

REF” alloys before publication, and this prior naming scheme was used in many of

these reports. “DMREF10” corresponds to “SB-CoNi-10”, “DMREF10-C” corresponds

to “SB-CoNi-10C”, and so forth. These certificates measure the amounts of the major

alloying additions as well as minor and tramp element concentrations. All results are pre-

sented in wt.% and can be converted into at.% by the reader. The figure captions indicate

which chapters and figures contain the alloy described by the chemical certification.
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Figure A.1: The major alloying additions of an arc-melted button of SB-CoNi-10 and
the polycrystalline ingot of SB-CoNi-10+ before single crystal casting. Results from
the arc-melted button are in Ch. 3, specifically Fig. 3.4, 3.7, 3.8, and 3.9. Results
from the single crystal castings of SB-CoNi-10+ are in Ch. 3, specifically Fig. 3.10,
3.11, 3.12, 3.13, 3.14, 3.15, 3.19, and 3.20.
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Figure A.2: The tramp alloying additions of an arc-melted button of SB-CoNi-10.
Results from the arc-melted button are in Ch. 3, specifically Fig. 3.4, 3.7, 3.8, and
3.9.
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Figure A.3: The tramp alloying additions of the polycrystalline ingot of SB-CoNi-10+
before single crystal casting. Results from the single crystal castings of SB-CoNi-10+
are in Ch. 3, specifically Fig. 3.10, 3.11, 3.12, 3.13, 3.14, 3.15, 3.19, and 3.20, and all
fatigue tests in Ch. 4 were on SX SB-CoNi-10+.
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Figure A.4: The major alloying additions of the EBM powder cut of SB-CoNi-10
(Powder(EBM)) and an as-printed block of EBM SB-CoNi-10 (Solid (EBM)). Results
on EBM SB-CoNi-10 are shown in Ch. 5, specifically 5.1, 5.2, 5.3, 5.4, 5.6, and 5.7,
as well as Ch. 6 which focuses on EBM SB-CoNi-10 exclusively.
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Figure A.5: The minor alloying additions C, N, and O of the EBM powder cut of
SB-CoNi-10 (POWDER EBM) and an as-printed block of EBM SB-CoNi-10 (SOLID
EBM). Results on EBM SB-CoNi-10 are shown in Ch. 5, specifically 5.1, 5.2, 5.3, 5.4,
5.6, and 5.7, as well as Ch. 6 which focuses on EBM SB-CoNi-10 exclusively.
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Figure A.6: The tramp alloying additions of the EBM powder cut of SB-CoNi-10.
Results on EBM SB-CoNi-10 are shown in Ch. 5, specifically 5.1, 5.2, 5.3, 5.4, 5.6,
and 5.7, as well as Ch. 6 which focuses on EBM SB-CoNi-10 exclusively.
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Figure A.7: The tramp alloying additions of an as-printed block of EBM SB-CoNi-10.
Results on EBM SB-CoNi-10 are shown in Ch. 5, specifically 5.1, 5.2, 5.3, 5.4, 5.6,
and 5.7, as well as Ch. 6 which focuses on EBM SB-CoNi-10 exclusively.
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Form 2-303-A 

  
 
 
 
 
  P.O. Box 14662 
  Reading, PA  19612-4662 
  U.S.A. 
 
 
 
  Address Reply To: 
 

 Carpenter Technology Corporation 
P.O. Box 14662 
Reading, PA 19612-4662 
 

 

 
 

CUSTOMER ORDER NO. CARPENTER NO. DATE SHIPPED WEIGHT 

N/A R&D Heat 131300 July 9th, 2019 1.15 lbs. 

PRODUCT DESCRIPTION SPECIFICATION 

DMREF10 Powder (-177/+53 micron) Revised 12/6/19 to correct typographical error. Cobalt is 
39.30% not 39.90%. KMF. Chemistry certified in weight%, 
unless noted otherwise      Powder produced in R&D 300-lb. VIM Atomizer 

 
 
Heat No.       C     S      N     O   Co   Cr Ni            Ta 
131300 0.030         <0.0005 <0.001 0.006 39.30 5.18           36.20      10.50 
 
    W   Al   B Hf 
 
  3.00 5.43 0.010 0.04 
      
 
 
                                                      
 
 

CERTIFICATE OF TESTS 

 

 
 
I certify this information to be true and correct as contained in the records of 

Authorized Representative 
Carpenter Technology Corporation 

 
NOTE:  The recording of false, fictitious or fraudulent statements or entries on this document may be punished 
as a felony under Federal Statutes including Federal Law, Title 18, Chapter 47. 
 
 

Figure A.8: Chemical certification of the SLM cut of the SB-CoNi-10 powder. Results
and alloys printed from this powder are shown in Ch. 5 and Ch. 7, specifically 5.1,
5.2, 5.3, 5.5, 5.6, 7.2, 7.3, 7.4, 7.5, 7.6, 7.7, 7.8, 7.9, 7.11, and 7.12.
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  P.O. Box 14662 
  Reading, PA  19612-4662 
  U.S.A. 
 
 
   Address Reply To: 

 Carpenter Technology Corporation 
P.O. Box 14662 
Reading, PA 19612-4662  

 
 

CUSTOMER ORDER NO. CARPENTER NO. DATE SHIPPED WEIGHT 

N/A R&D Heat 131349 TBD   lbs. 

PRODUCT DESCRIPTION SPECIFICATION 

Alloy DMREF10-C Powder 
Chemistry certified in weight%, unless noted otherwise 

     Powder produced in R&D 300-lb. VIM Atomizer 

 
Particle size  Weight 
-177 / +53 micron  92 lbs. 
-53 / +15 micron  132 lbs. 
 
 
Chemical Composition 
 
Heat No.       C     O      N     S   Ni   Co Ta            Cr            Al 
131349 0.069          0.015          <0.001        <0.001 35.93         39.69        10.40        5.24        5.98 
 
    Hf   W            Nb              Fe             Zr              
                          0.057          3.06        <0.01           0.03          0.01      
 
                            B*                Bi*               Ga*           Pb*          Y** 
                        <.013         <0.3 ppm     <10 ppm    <3 ppm     0.006 
      
Test Methods: 
Carbon, Oxygen, Nitrogen, and Sulfur tested via Leco using the -53/+15 particle size  
Major constituents tested via XRay using dip sample. 
Tramp elements* tested via Mass Spectroscopy using dip sample.   
Yttrium** tested via wet chem analysis using the as-atomized powder.   
 

REPORT OF TEST RESULTS 

 

 
Results compiled by:  Kurt Frantz Powder Product Metallurgy 

Carpenter Technology Corporation 
 

Figure A.9: Chemical certification of SB-CoNi-10C powder. Results and alloys printed
from this powder are shown in Ch. 7, specifically Figs. 7.1, 7.2, 7.10, 7.11, 7.12, 7.13,
7.14, and 7.15.
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  P.O. Box 14662 
  Reading, PA  19612-4662 
  U.S.A. 
 
 
     Address Reply To: 

 Carpenter Technology Corporation 
P.O. Box 14662 
Reading, PA 19612-4662  

 
 

CUSTOMER ORDER NO. CARPENTER NO. DATE SHIPPED WEIGHT 

N/A R&D Heat 131348 TBD   lbs. 

PRODUCT DESCRIPTION SPECIFICATION 

Alloy DMREF10-LC Powder 
Chemistry certified in weight%, unless noted otherwise 

     Powder produced in R&D 300-lb. VIM Atomizer 

 
Particle size  Weight 
-177 / +53 micron 92 lbs. 
-53 / +15 micron 133 lbs. 
 
 
Chemical Composition 
 
Heat No.       C     O      N     S   Ni   Co Ta            Cr            Al 
131348 0.020          0.012 <0.001 <0.001 35.88         39.66         10.43       5.27        5.97 
 
    Hf   W            Nb              Fe             Zr              
                        0.055            3.03          0.01           0.04          0.01     
 
                            B*                Bi*               Ga*  Pb*  Y** 
                        <.013         <0.3 ppm     <10 ppm    <3 ppm         0.007 
      
Test Methods: 
Carbon, Oxygen, Nitrogen, and Sulfur tested via Leco using the -53/+15 particle size  
Major constituents tested via XRay using dip sample. 
Tramp elements* tested via Mass Spectroscopy using dip sample.  
Yttrium** tested via wet chem analysis using the as-atomized powder.    
 

REPORT OF TEST RESULTS 

 

 
Results compiled by:  Kurt Frantz 
 

Powder Product Metallurgy 
Carpenter Technology Corporation 

 

Figure A.10: Chemical certification of SB-CoNi-10LC powder. As of the writing of this
dissertation, this powder has not been processed by SLM and was recently processed
by EBM.
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M. Göken, Improved creep strength of nickel-base superalloys by optimized γ/γ′

partitioning behavior of solid solution strengthening elements, Mat. Sci. Eng.: A
676 (2016) 411–420.

[19] N. C. Ritter, R. Sowa, J. C. Schauer, D. Gruber, T. Goehler, R. Rettig,
E. Povoden-Karadeniz, C. Koerner, and R. F. Singer, Effects of Solid Solution
Strengthening Elements Mo, Re, Ru, and W on Transition Temperatures in
Nickel-Based Superalloys with High γ′-Volume Fraction: Comparison of
Experiment and CALPHAD Calculations, Metall. Mater. Trans. A 49 (2018)
3206–3216.

[20] K. V. Vamsi and S. Karthikeyan, Modeling APB energies in multicomponent
Ni-base superalloys, Intermetallics 132 (2021) 107124.

[21] C. S. Lee, Precipitation-Hardening Characteristics of Ternary
Cobalt-Aluminum-X Alloys. PhD thesis, University of Arizona, 1971.

248



[22] J. Sato, T. Omori, K. Oikawa, I. Ohnuma, R. Kainuma, and K. Ishida,
Cobalt-Base High-Temperature Alloys, Science 312 (2006) 90–91.

[23] T. M. Pollock, J. Dibbern, M. Tsunekane, J. Zhu, and A. Suzuki, New Co-based
γ-γ′ high-temperature alloys, JOM 62 (2010) 58–63.

[24] A. Suzuki, G. C. Denolf, and T. M. Pollock, Flow stress anomalies in γ/γ′

two-phase Co–Al–W-base alloys, Scripta Mater. 56 (2007) 385–388.

[25] A. Suzuki and T. M. Pollock, High-temperature strength and deformation of γ/γ′

two-phase Co-Al-W-base alloys, Acta Mater. 56 (2008) 1288–1297.

[26] N. V. Kazantseva, S. L. Demakov, A. S. Yurovskikh, N. N. Stepanova, N. I.
Vinogradova, D. I. Davydov, and S. V. Lepikhin, Phase diagram of the Co–Al–W
system. structure and phase transformations near the Co3(Al, W) intermetallic
composition range, Phys. Met. Metallogr. 117 (2016) 701–709.

[27] K. Shinagawa, T. Omori, J. Sato, K. Oikawa, I. Ohnuma, R. Kainuma, and
K. Ishida, Phase Equilibria and Microstructure on γ′ Phase in Co-Ni-Al-W
System, Mater. Trans. 49 (2008) 1474–1479.

[28] M. Knop, P. Mulvey, F. Ismail, A. Radecka, K. M. Rahman, T. C. Lindley, B. A.
Shollock, M. C. Hardy, M. P. Moody, T. L. Martin, P. A. Bagot, and D. Dye, A
New Polycrystalline Co-Ni Superalloy, JOM 66 (2014) 2495–2501.

[29] S. Neumeier, L. P. Freund, and M. Göken, Novel wrought γ/γ′ cobalt base
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[99] E. Chauvet, P. Kontis, E. A. Jägle, B. Gault, D. Raabe, C. Tassin, J. J. Blandin,
R. Dendievel, B. Vayre, S. Abed, and G. Martin, Hot cracking mechanism
affecting a non-weldable Ni-based superalloy produced by selective electron Beam
Melting, Acta Mater. 142 (2018) 82–94.

[100] J. H. Martin, B. D. Yahata, J. M. Hundley, J. A. Mayer, T. A. Schaedler, and
T. M. Pollock, 3D printing of high-strength aluminium alloys, Nature 549 (2017)
365–369.

[101] P. Kontis, E. Chauvet, Z. Peng, J. He, A. K. da Silva, D. Raabe, C. Tassin, J. J.
Blandin, S. Abed, R. Dendievel, B. Gault, and G. Martin, Atomic-scale grain
boundary engineering to overcome hot-cracking in additively-manufactured
superalloys, Acta Mater. 177 (2019) 209–221, [arXiv:1905.0953].
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