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Abstract

Quantitative In Situ TEM Studies of Small-Scale Plasticity in Irradiated and Unirradiated Metals
By

Claire Chisholm
Doctor of Philosophy in Materials Science and Engineering
University of California, Berkeley

Professor Andrew M. Minor, Chair

In this work, unirradiated and irradiated model body centered cubic (BCC) and face
centered cubic (FCC) materials are investigated using advanced electron microscopy techniques
to quantitatively measure local stresses and strains around defects, with the overarching goal
of obtaining a fundamental understanding of defect physics.

Quantitative in-situ transmission electron microscopy (TEM) tensile tests are performed
with Molybdenum-alloy nano-fibers, functioning as a model BCC structural material. Local true
stress and strain around an active Frank-Read type dislocation source are obtained using
guantitative load-displacement data and digital image correlation. A mixed Frank-Read
dislocation source, b=a/2[-1-11](112) with a line direction 20° from a screw orientation and
length 177 nm, is observed to begin operating at a measured local stress of 1.38 GPa. The
measured local true stress values compare very well to estimated stresses using dislocation
radius of curvature, and a line-tension model of a large bow-out configuration, with differences
of only ~1%. The degree to which the local true stresses can be measured is highly promising.
However, the ultimate failure mode of these fibers, sudden strain softening after dislocation
starvation and exhaustion, cannot be captured at the typical camera frame rate of 30 frames
per second. Thus, fibers are mechanically tested while under observation with the Gatan K2-IS
direct electron detector camera, where the frame rate is an order of magnitude larger at 400
fps. Though the increase in frame rate adds to the overall understanding of the sudden failure,
by definitively showing that the nano-fibers break rather than strain soften, the failure
mechanism still operates too quickly to be observed. In the final investigation of this BCC model
structural alloy, the mechanical behavior of heavily dislocated, but unirradiated, and He'* and
Ni** irradiated nano-fibers are compared. Remarkable similarities are found in the mechanical
data, as the two defect conditions exhibit similar yield strengths, ultimate tensile strengths, and
number and size of load-drops. This similarity implies that, even if materials contain dissimilar
individual defects, the collective defect behavior can result in similar mechanical properties.
Thus, the origin of mechanical properties can be ambiguous and caution should be taken when
extrapolating to different size scales. Furthermore, such similarities highlight the importance of
in-situ observation during deformation. These experiments provide a key test of theory, by
providing alocal test of behavior, which is much more stringent than testing behaviors
averaged over many regions.



Advanced electron microscopy imaging techniques and quantitative in-situ TEM tensile
tests are performed with Au thin-film as a model FCC structural material. These investigations
highlight the various hurdles experimental studies must overcome in order to probe defect
behavior at a fundamental level. Two novelly-applied strain mapping techniques are performed
to directly measure the matrix strain around helium bubbles in He'* implanted Au thin-film.
Dark-field inline holography (DFIH) is applied here for the first time to a metal, and nano-beam
electron diffraction (NBED) transient strain mapping is shown to be experimentally feasible
using the high frame rate Gatan K2 camera. The K2 camera reduces scan times from ~18
minutes to 82 seconds for a 128x256 pixel scan at 400 fps. Both methods measure a peak strain
around 10 nm bubbles of 0.7%, correlating to an internal pressure of 580 MPa, or a vacancy to
helium ion ratio of 1V:2.4He. Previous studies have relied on determining the appropriate
equation of state to relate measured or approximated helium density to internal bubble
pressure and thus strain. Direct measurement of the surrounding matrix strain through DFIH
and NBED methods effectively bypasses this step, allowing for easier defect interaction
modeling as the bubble can be effectively simplified to its matrix strain. Furthermore, this study
demonstrates the feasibility of fully strain mapping, in four dimensions, any in-situ TEM
experiment. The final set of experiments with this model FCC structural material shows the
attempted correlation of defect interactions and deformation behavior at the nano-scale.
Experimental comparison of mechanical behavior from quantitative in-situ TEM tensile tests of
focused ion beam (FIB) shaped, He'* implanted, and FIB-shaped He'* implanted Au thin-film
show a wide range of behavior that could not be directly linked to irradiation condition. This is
due to the large role that overall microstructural features, such as grain boundary orientation
and texture, play in mechanical behavior at this size scale. However, these tests are some of the
first to in-situ TEM mechanically strain single grain-boundaries free of FIB-damage. It is
expected that, with well-defined grain orientations and boundaries, real conclusions can be
made.
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1. Introduction and Background

1.1 Motivation

The field of materials science is striving toward a more complete understanding of
materials. Ideally, we would like to use our knowledge to start with individual atoms and
eventually form whole rocket engines, nuclear reactors, etc., then predict material behavior
and evolution over the lifetime of the modeled construct. Achieving a greater understanding of
the underlying physics of defects and their role in materials behavior is part of the knowledge
base we would like to build. As a stepping-stone, experiments that probe the fundamental
deformation of materials must be used to shape computational simulations of plastic behavior
in materials. Of particular interest, and explored in this work, are the interaction of defects and
the mechanical response of metals. Though inherent physical limitations exist, experiments are
approaching the spatial and temporal regimes of computational simulations as electron
microscopes and other probes improve.

The first recorded experiment to approach the mechanical testing of single defects came
from Leonardo da Vinci™. Da Vinci outlines in his notebooks an experiment measuring the
tensile strength of iron wire with ever decreasing lengths, finding shorter wires carried higher
load. Classical understanding of the mechanics of materials maintains there should be no
difference in tensile strength as sample length changes, and as such, the results were later
assumed to arise from errors in translation and recordingm. 450 years after da Vinci, S.S.
Brenner confirmed the seemingly erroneous results by demonstrating shorter, single-crystalline
whiskers of several metals are indeed stronger than their longer counterpartsB]. And in one of
the first modern experiment of its kind, M.D. Uchic and coauthors performed quantitative in-
situ scanning electron microscope (SEM) compression tests of bulk materials, machined to the
micron scale with a focused ion beam (FIB)[4]. Not only are the SEM compression results in line
with the previous “shorter is stronger” findings, their sample-preparation method
demonstrated the possibility for similar investigations into almost any inorganic material.
Attributing these results, spanning from ¢.1500 to now, to a decreased presence and likelihood
of weak defects, leads to the premise that mechanical properties of bulk materials are averages
of their individual defect strengths. Thus, the challenge becomes observing and isolating
individual defects and measuring their interactions. This work is an investigation of how to
experimentally quantify the stresses and strains associated with individual defects in metals,
striving toward the exploration of fundamental materials behavior.

1.2 Deformation of metals

From the extensive breadth of materials and defects, this study focuses on two metals, a
molybdenum-alloy with body centered cubic (BCC) crystal structure, and gold with face
centered cubic (FCC) crystal structure. Further focus-refinement is made by limiting
observations to dislocations and common irradiation-induced defects.

1.2.1 Dislocations

Dislocations were predicted as the primary means of carrying plasticity in crystalline
materials in 1934°7%% decades before they were first directly observed in metals in 19564,

1



Indeed many of the equations describing their production, motion, and interaction, though
elegant, were developed before they were observed and are still being refined, largely through
computational means.

Dislocations are driven to straighten in order to minimize energy. As they move under a
resolved shear stress in the glide plane, t, and become pinned, a force, tb acts normal to the
dislocation line to move the dislocation, b, forward, bowing it. The dislocation “line tension”, T,
acts to return the dislocation to the straight, shortest distance path between pins. The line
tension can then be thought of as the change in configurational, or self, energy of the
dislocation as the length of the dislocation changes, or

oW (o
7o WO
aL(0)
where 0 is a term that describes the dislocation configuration. If the following assumptions are
made: the volume is isotropic, other interactions of the new configuration can be neglected,

and the self-energy per length of the curved dislocation is the same as the self-energy per
length of the original straight dislocation, the line tension can be approximated as

T =ub®, (1.2.2)

(1.2.1)

where u is the shear modulus of the material, and b is the Burgers vector. Much has been done
with dislocation theory to eliminate these assumptions[lz]; however, the many details are
beyond the scope of the present study. Thus, by examining a section of the dislocation, dL,
balancing the driving force with the line tension, as shown in Figure 1.2.1, and using the small-
angle approximation, the resolved shear stress can be estimated from the radius of curvature of

the dislocation as

ub
R) =22
7(R) - (1.2.3)

T = ub”

B

Figure 1.2.1: Exaggerated schematic showing the force balance on a dislocation segment
acted on by the resolved shear stress, t.



There are many possible dislocation multiplication mechanisms; considered one of the
most important, is the Frank-Read (F-R) source. In this mechanism a dislocation is pinned
between two nodes, and the dislocation line bows out as the resolved shear stress increases.
Past a critical point, generally when the radius of curvature of the dislocation is equal to half the
distance between the pinning nodes, or half the source length, the dislocation will spiral around
the pinning points until the two sides, of opposite line direction, annihilate, creating a loop that
will expand while leaving behind a dislocation between the two nodes. This process can then
repeat. At this point the anisotropy of the material will play a role. For example, dislocation
dynamics simulations!*® have shown an increase in anisotropy will decrease the critical stress to
activate the mechanism. Most BCC metals have anisotropy coefficients

Ao 2Cu (1.2.4)

Ci—Cn

where c; are the first-order elastic constants, that are larger than the isotropic value of one.
Notable exceptions are molybdenum and niobium, whose anisotropy coefficients are less than
one. Figure 1.2.2 shows representative F-R source configurations for initial dislocations with
edge, screw, and mixed character in a BCC material. For isotropic materials, the generated
loops are generally circular in FCC materials, and elliptical in BCC materials. This is due to the
often larger stress required to move a dislocation beyond one Burgers vector, called the Peierls-
Nabarro stress (PNS), when it has screw character. Anisotropy can also change the shape of the
generated dislocation, as it affords the lower-energy segments the opportunity to straighten, as
in Figure 1.2.2a,b.

);

~
-

~

1
b=1(111)

-

Figure 1.2.2: Schematics of the F-R source in a BCC material with three different initial
dislocation configurations with b=1/2<111> (blue dashed line). (a-b) These show the effect of
increased anisotropy on the dislocation shape, shown just before the activation stress. After
[13]. (a) Edge: The edge portion of the dislocation can easily glide by extending along the
screw segments. (b) Screw: The dislocation must generate edge portions and does not extend
as far. (c) Mixed: This schematic assumes isotropy and shows the source after 4 operations,
with a 5" in progress. The larger screw PNS results in elliptical loops with mixed portions
(solid black lines) that can easily glide, leaving a local dislocation structure of loops confined
by slower-moving nominally-screw dislocation pairs (black dashed lines). After [14].
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To generalize the F-R source activation stress to include the actual dislocation
configuration, a geometrical constant, a, is added to the force balance of eq. 1.2.3. Thus, the
activation stress of a F-R source, as a function of the source length, L, is

_aub
(L) = L (1.2.5)

wherea = 1.
If we now consider external forces acting on the dislocation, the stress to bow a
dislocation to the critical point becomes

oub
TCRSS(L)=%+1’—€X+IO (1.2.6)

where T, is the stress required to overcome external forces, such as other dislocations or
image forces, and T, is the lattice friction stress, or PNS.

The stress to activate a F-R source is investigated in §2.3.1, by comparing local
guantitative stress measurements with the radius-of-curvature method using equation 1.2.3,
and predicted activation stress as a function of source length using equation 1.2.6. High
temporal-resolution experiments, presented in §2.3.2, investigate the possible dislocation
multiplication mechanisms at play at the high stresses often reached in nano-scale mechanical
testing.

1.2.2 Irradiation defects

lon irradiation has been used experimentally to simulate the displacement damage of
materials under neutron irradiation for many decades™ ! The process is much faster, taking
hours to accumulate displacement damage that would take years under reactor conditions, and
the irradiated material usually remains inactive, as ion irradiation rarely leads to fission. This
leaves the sample more easily and safely investigated. By adding helium implantation to
simulate the production of alpha particles, a common decay product, the damage accumulation
can more closely approximate reactor conditions.

One problem facing materials under high-temperature reactor conditions is swelling.
This is a result of helium or other gaseous fission products, which are insoluble in most
materials, accumulating with vacancies to form rapidly growing voids. Voids are 3-dimensinoal
clusters of gas ions and vacancies with little or no internal pressurization, and are in equilibrium
with the surrounding matrix, often resulting in faceted boundaries that correspond to the close-
packed plane of the matrix material. Voids grow from bubbles, which are pressurized cavities of
gas ions and vacancies, and usually spherical in shape. The bubbles grow, acting as sinks for
vacancies and gas ions, until they reach a critical radius and then begin to grow exponentially as
voids. Many of the techniques used to mitigate swelling focus on maintaining bubble radii
below the critical size, often by creating gas ion and vacancy sinks. One ever-present sink in
bulk materials are its grain boundaries. This affords a heterogeneous nucleation site for
bubbles, with the consequence of embrittling the grain boundary[lg’lg]. At present,
experimental observations of the transition from bubble to void are lacking, though this
transition is important for understanding swelling behavior*®?%,



Common defect accumulations in irradiated metals are stacking fault tetrahedra (SFT)
and small vacancy or interstitial defect clusters, often referred to as simply “black spot
damage”, after their appearance in diffraction-contrast transmission electron microscopy
(TEM). These clusters usually act as impedance to dislocation motion, eventually shearing if
they are low strength and pinning the dislocation, as in Orowan strengthening, at higher
strengths, and in general lower the ductility of the material, but can also grow, agglomerate, or
glide, participating in the overall pIasticitym_Z”.

The strains around He'* cavities in a thin film are mapped by two methods to show the
feasibility of 4-D strain mapping of the bubble-to-void transformation in §3.3.1. The mechanical
properties and deformation mechanisms of unirradiated thin-film are compared to three
irradiation cases in §3.3.2, and examine the ductility of single grain-boundaries. The mechanical
properties and deformation mechanisms of an ion irradiated and He'* implanted nano-fiber are
presented in §2.3.3, and compared to an unirradiated nano-fiber with similar initial dislocation
density.

1.3 Small-scale mechanical testing

The American Society for Testing and Materials (ASTM), International Organization for
Standardization (ISO), and European Norm (EN) standard procedures for mechanical testing of
bulk metals are uniaxial tensile testing or plane strain conditions in the case of high strain rate
fracture testing. The advantages of uniaxial tensile testing over compression or indentation
include: a nominally uniform stress and strain state, which allows for straightforward
interpretation of data, and fewer sample-limiting constraints, including aspect ratio or cross-
sectional shape, that can lead to elastic instabilities in compression in the form of buckling or
stress concentrations in non-circular shaped cross-sections. And by maintaining a plane strain
condition, thin-film effects can be avoided. Thus, the challenges faced in small-scale mechanical
testing include tensile sample preparation that isolates individual defect structures with
dimensions that ensure a plane strain condition, stable and refined tensile actuation, and
guantitative, high-resolution measurement of local strain and stress.

1.3.1 Sample preparation

For direct observation of individual defect interactions, the TEM is an obvious choice of
platform. However, this necessitates electron transparent samples. Traditionally, the materials
available to nano-scale mechanical experiments were limited to those that could be grown as
thin-films or fibers. The development of the FIB as a sample preparation tool widened
availability to nearly any inorganic material, with the added flexibility of site-specificity, such as
locating a precise crystal orientation or a grain boundary. However, there are major drawbacks,
including sample surface damage and ion implantation, both of which have been shown to
affect material deformation mechanisms. For example, this damage can manifest as the failure
site of pristine nano-fibers?® or cause grain boundary embrittlement in the case of aluminum
and Ga’ ions, used in most FIB microscopes[zg'sol. There are many papers[31'32] and review
articlest®>3! highlighting the advantages, drawbacks, and damage mitigation techniques[%_sgl of
the FIB as a sample preparation tool, and is further explored in §3.3.2.



1.3.2 Actuation

TEM-based actuation is a unique challenge. The TEM holder must meet vacuum
specifications, operate in the limited space afforded by the pole piece gap of the TEM, and be
stable enough to produce high quality observations. There are many reviews"**!] updated
periodically as technology improves, and this section merely outlines common solutions to the
unique requirements of individual experiments. The first commercially available version of
straining holders was mechanical, using gearboxes and electrical motors for actuation(*?, They
are largely robust, achieving displacement rate control from the microns down to the tens of
nanometers per second. Piezoelectric-based actuation has a displacement resolution that is
largely limited by the electronics, and their associated noise, used to control them, as any
change in electric field will generate a mechanical response of the piezoelectric. They afford
flexibility in testing when used in a stack, which allows for fully 3-D displacement control. With
the advancement of bulk and surface micromachining, the selective etching or building of
silicon-based materials into micro electro mechanical systems (MEMS) devices has resulted in
the ability of many research groups to fabricate their own designs for stand-alone devices
based on thermomechanical™® or electrostatic'** actuation.

1.3.3 Strain measurement and mapping

There are two overarching methods to measure sample strain during in-situ
experiments: imaging based-methods and directly through the actuator. The development and
application of in-situ TEM CCD and other technology-based cameras, along with the increase in
processing speed and data storage, has opened the options of imaged-based strain
measurement and mapping considerably. Electron microscopy-based methods include high-
resolution convergent beam electron microscopy (CBED), nano-beam electron diffraction
(NBED), and many types of holography. The advantages and drawbacks of some of these
methods can be found elsewhere!™ ™) and, as of yet, are not widely used during in-situ TEM
mechanical testing. Experimental hurdles that must be overcome include reducing the effect of
mechanical vibration and drift, data storage, and the ability to simultaneously measure or map
strain while visualizing the sample. Digital image correlation (DIC), when applied to in-situ TEM
acquired video, has been successfully applied to in-situ TEM mechanical testing[40’48’49]. One
difficulty in applying DIC to TEM images is the reliance on unchanging features, which can be
difficult to achieve in diffract-contrast imaging. With appropriately trackable features the
method can achieve sub-pixel displacement resolution®®*Y.  Actuation-based strain
measurement, for example in electrostatic actuators, piezo-electric actuators, and MEMS
devices that use resistive heating, the displacement is a function of the input voltage. These
methods have displacement resolutions that are as high as their electrical noise and
sensitivities allow.

1.3.4 Stress measurement

Stress measurement during in-situ TEM mechanical experiments likewise has two
primary methods, image and device-measured. An example of image-based local stress
measurement relates the dislocation radius of curvature to the stress required to achieve the
shape through the line tension model, with the obvious downside being the reliance on the
presence of dislocations that can be characterized. This method has been discussed in depth
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elsewhere™™? and is further investigated in §2.3.1. An example of device-measured load comes

from electrostatically actuated nano-indenters, which measure applied force through a change
in distance between two capacitive pIates[52'53], one of which is attached to the actuated
crosshead, and the other is fixed.

1.4 Size effect

The original premise of this work postulates that no inherent difference in mechanical
behavior or properties as sample size decreases past the micron limit. The increased strength
can be accounted for by the stochastics of the limitation of size and number of defects that
approach pristine conditions, rather than a change in underlying physics[54]. Indeed, any
intrinsic size effect implies mechanical testing at this size scale cannot directly measure the
fundamental physical phenomena, and as such, properties cannot be extrapolated to the bulk
without a thorough understanding of the intrinsic effects on behavior as sample size decrease.
Size dependence of material properties is seen as the surface to volume ratio increases, for
example increased Young’s modulus in Si nano-wires smaller than 100 nm®>*® and increased
flow stress in FIB-shaped piIIars[57]. However, surface effects can be circumvented with large
enough samples, and the size-effect in FIB-machined samples has been shown®3738 {0 be a
direct result of the FIB-damage, which can be avoided by forgoing FIB-machining.
Measurements of local stress around a dislocation source, presented in §2.3.1, show by direct
comparison to continuum-based models, whether any inherent size effect exists, and whether
direct correlation to the bulk can be made. There are several comprehensive studies and
reviews dedicated to the state of current understanding of the material size effect®® %, One
notable study, by J.A. El-Awady, seeks to establish a constitutive model that would allow
extrapolation of nano-scale dislocation mechanisms to the bulk®. While the results are
extremely thorough and useful, a constitutive model falls short of the goal of true
understanding and may lack applicability to advanced materials, such as gum metal®>%3],



Chapter 2: BCC Molybdenum Alloy Nano-Fibers

Refractory metals, such as Mo, are current candidates for use in advanced fission and
fusion reactor designs due to their high melting points and high strengths even at increased
temperatures, natural resistance to radiation-induced swelling, and resistance to corrosion by
liguid metal coolants. However, there are still problems with radiation induced property
degradation to address, such as the low-temperature radiation-induced increase of the ductile
to brittle transition temperature, or high-temperature helium embrittlement®. Single
crystalline Mo-alloy nanofibers are ideal specimens to use when studying the defect
interactions in BCC materials that are still not fully understood. This is due to the ease of which
uniaxial tensile samples can be prepared without the deleterious effects of focused ion beam
milling (§1.3.1), with sizes that can range from 300 to 1600 nm by varying growth parameters
(§2.1.1), and with tailorable initial dislocation densities (§2.1.2).

2.1 Sample preparation of Mo-alloy nano-fibers
2.1.1 Directional solidification of ternary eutectic alloy

Mo-alloy (Mo-10AI-4Ni at.%) nanofibers were prepared by arc melting and directional
solidification of a Ni-45.5Al-9Mo (at.%) eutectic composite. The Mo, Al, and Ni, all >99.99%
pure, were weighed then mixed using arc melting and drop cast. The drop cast ingot was then
directionally solidified in flowing argon gas using an optical floating zone furnace. Using a fast,
but stable, growth rate of 80mm/h single crystal Mo-alloy nanofibers, with approximately
square cross-sections and edge lengths of ~200 nm, were grown with the fiber axes along the
<001> direction. The edges of the fiber have a {110} orientation, though the corners were often
truncated or rounded, resulting in an octagonal shape with 4 {110} and 4 {100} faces. Faster
growth rates resulted in smaller, but defected fibers, often with kinks, branches, and uneven
cross-sections, as seen in Figure 2.1.1. Fibers were revealed from the composite surface by
selectively etching the Ni-Al matrix with an 18 vol.% HCI + 8 vol.% H,0, + distilled/deionized (Dl)
water mixture for 2 minutes. The etching time was chosen to reveal at least 20 um lengths of
Mo-alloy fibers, which were then rinsed in deionized water and ultrasonicated in methanol to
remove any residue from the etching process. A detailed description of the nanofibers synthesis
procedure and characterization has been reported previously [54,65,66]

There is some evidence of small Al-rich FCC precipitates in the Mo-alloy nanofibers,
detected by Selected Area Electron Diffraction (SAED) and atom-probe tomography (671,
However, after careful examination of similar long-exposure SAED patterns of the fibers
mechanically tested here, no such precipitates were found. This may be due to inconsistencies
in fabrication batches or the fibers themselves, imaging over a larger thickness (the fibers
presented here were not thinned before examination), or some effect from the FIB machining
Oveisi, et. al. used.



Figure 2.1.1: SEM micrograph of common microstructural defects in zone-solidified Mo-alloy
nanofibers. (a) White arrows indicate kinks in the fiber, (b) white arrow indicates fiber with
many branches, and (c) black arrow indicates a fiber with uneven cross-section.

2.1.2 Tailoring dislocation density

Introduction of defects into the nanofibers was achieved in two ways, pre-straining and
irradiation. Varying degrees of dislocation density in the nanofibers can be achieved by pre-
straining the NiAl-Mo composite after directional solidification. The composite was cut for a
starting aspect ratio of 5:1 (10mm disk diameter with a 2mm thickness) and each end
mechanically polished. The disk was then compressed parallel to the growth direction of the
fibers at room temperature to a range of 0-15% engineering strain. 0% pre-strained fibers, or
as-grown, were found to be nominally dislocation free, as seen in Figure 2.1.2a. 15% pre-
strained fibers were found to have a fairly even distribution of dislocations throughout, with
dislocation densities around 1.6x10** m™, as seen in Figure 2.1.2c. Intermediate pre-straining
resulted in heterogeneous packets of dislocations throughout as well as some dislocation debris
in the form of small loops, as seen in Figure 2.1.2b, for dislocation densities between 1x10"* to

5x10" m™.
a b cl
500 nm 500 nm

Figure 2.1.2: TEM micrographs of Mo-alloy nanofibers. (a) 0% pre-strained fiber showing no
dislocations throughout the gage section. The black lines seen in the fiber are bend contours.
(b) 9% pre-strained fiber showing 4 dislocations with some additional small dislocation debris
loops, confined to one end of the sample. (c) 15% pre-strained fiber showing many
dislocations all throughout the fiber. Also seen is residue from the etching process that was
not adequately removed with the methanol wash.
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2.1.3 Characterization of dislocations in pre-strained Mo-alloy fibers

To measure the dislocation density of the nanofibers, a square grid was overlaid on a
projected TEM image of the fibers and the number of intersections of dislocation and grid were
counted. The dislocation density was calculated based on Ham'’s method®® as:

2NAP
L=y (2.1.1)
where N is the total number of intersections, A, is the projected area, V is the total volume of
the portion of the fiber being analyzed, and L is the total length of grid lines used in analysis. A
detailed investigation of the dislocation density of the fibers as a function of pre-strain can be
found elsewhere!®®.

Crystallographic analysis (geb) of the dislocations in the intermediately pre-strained
fibers indicate that the dislocations have a Burger’s vector of type b = %5 <111>{112}. Due to
experimental limitations, these analyses were done with only one axis of rotation, about the
<001> growth direction of the fiber, thus the character (edge or screw) of the dislocation could
not be uniquely determined without making assumptions based on the crystallographic
geometry of the sample (§2.3.1). However, a recent study[69] of pre-strained Mo-alloy
nanofibers using TEM analysis and tomography shows the long, straight dislocations have screw
character, and the small dislocation debris is primarily b=}<111> prismatic loops.

2.1.4 In-situ ion irradiation and implantation of Mo-alloy fibers

Irradiation defects were introduced at room temperature through in-situ TEM ion
irradiation and implantation. The In-situ lon Irradiation TEM (I*TEM) at the lon Beam Laboratory
at Sandia National Laboratories was used for concurrent heavy and light ion irradiation and
implantation. A review of this unique facility can be found elsewhere 701 99 pre-strained fibers
that were fully etched away from the NiAl matrix were gathered onto a normal Cu TEM grid.
Both 2.8 MeV Ni** and 10 keV He'* ion beams were concurrently introduced into the heavily
modified JEOL 2100 TEM along the same beam path, nominally orthogonal to the electron
beam and at a 30° angle to the Cu Grid, as seen in the schematic of Figure 2.1.3. The irradiation
experiments were performed at room temperature with the TEM operating at 200 keV, which is
well below the knock-on threshold of molybdenum.

l [ High-energy ions

200keV
Electron
beam

<

Figure 2.1.3: Graphical representation of I’TEM experimental setup.
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Helium ions were chosen to mimic the alpha particle production that would be seen in
neutron irradiation and the nickel ion species was chosen to simulate the displacement damage
under neutron irradiation, as well as for chemical compatibility, as the nanofiber is already 4
at.% Ni. Chemical compatibility ensures no intermetallic compounds are created if the ion stops
in the sample.

Dose rate, or ion flux, is calculated as

18
c'I)=ix 6.241x10"e/C (2.1.2)
A Z
where | is the current of the ion species, as measured with a suppressed Faraday cup before the
sample, A is the beam spot size, as measured with a beam burn, and Z; is the charge of the ion
species. Beam burns are a method to measure beam spot size where a piece of tape is put on
the end of a TEM holder and exposed to the ions beams, which burn the tape, as seen in Figure
2.1.4. Area of the beam burn is measured using the image processing and analysis program

Imagel. lon flux is now measured directly at the I’TEM with a custom Faraday stage.

Figure 2.1.4: Photo of ion beam burn on tape. Red circle indicates where a 3 mm TEM disk
would be. The tape is affixed to green-lined paper in this image.

10 keV He'* was implanted at a dose rate of 3.2x10™ ions cm™ s to a dose of 3.0x10'°
ions cm™. The fibers were concurrently irradiated with a 2.8 MeV Ni** ion beam at a dose rate
of 1.1x10™ ions cm™ s to a dose of 1.0x10" ions cm™. The damage-thickness profiles per ion,
Figure 2.1.5, and sputter at both entry and exit surfaces were calculated for both ion species
using the Transport of lons in Matter (TRIM) monolayer calculation with a 0° incident angle and
a layer thickness of 300nm 7" An incident angle of 0° rather than 30° was used as the fibers
were randomly distributed on the Cu TEM grid. The number of sputtered atoms was found to
be negligible by SRIM simulation, and was therefore assumed to play no role in the
experimental observations.

Displacement damage is shown as the number of displacements per atom, or dpa. It is
the average number of times a target atom has moved, and is calculated as

D x N, (1)

dpa(t) = (2.1.3)

t

where @ is the dose, or ion fluence, Ny is the total vacancies created at each point of depth t,
as calculated with the SRIM program, and p; is the target density. This results in a calculated
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maximum 5.5 dpa at 24 nm and an average 2.5 dpa for helium and nickel, respectively. The
actual dose may vary per fiber due to variation of beam intensity or shadowing from other
fibers, though care was taken when choosing a sample to take from fibers that were unlikely to
have been shadowed.

Based on similar irradiation experiments and simulations performed by other groups,
the irradiation damage is likely to be predominantly interstitial and vacancy dislocation loops of
type b=}s <111> {110} and small defect clusters [72-78], During and immediately after room
temperature irradiation of the Mo-alloy nanofibers, no irradiation defects were observed. At
room temperature, molybdenum is in Recovery Stage Il, where interstitial point defects and
clusters are mobile "°\. As seen in Figure 2.1.6b, after ten months of room temperature
annealing, there is sufficient defect coalescence such that the final dislocation structure
consists of irregularly shaped loops, dislocation segments, and small defect clusters. It should
be noted that, even with a large He'" dose, no helium cavities were found. Detailed
characterization of dislocations was not performed on these irradiated Mo-alloy fibers as the
thickness restricted optimal TEM conditions. Defect cluster density was found for several fibers
to be between 2x10' and 3x10**cm™, according to the method outlined by Jenkins 8] This is
lower than similar experiments, however it has been shown that substitutional impurities, like
nickel and aluminum in these fibers, decrease the defect number and size 781 There is also the
possibility that the concentration of helium near the incident surface will result in a sort of
layered structure. However, tilting of the irradiated fibers in the TEM shows no difference in
defect density along the fiber thickness, and it is possible the helium escaped to the surface
during the anneal, or diffused evenly throughout the fiber thickness.

6-
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Figure 2.1.5: Depth-damage profile of 10 keV He'* implantation and 2.8 MeV Ni** irradiation
of Mo.
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Figure 2.1.6: TEM bright-field micrographs of Mo-alloy nanofibers (a) before 10 keV He'* and
2.8 MeV Ni** irradiation, and (b) a different fiber after irradiation and 10 month room
temperature anneal.

2.2 Experimental methods

2.2.1 Hysitron, Inc. PI-95 picoindenter

In-situ TEM tensile testing of the Mo-alloy nanofibers was conducted with a JEOL 3010
TEM operated at 300keV. A Hysitron, Inc. PI-95 Picoindenter was used in displacement-
controlled indentation mode, with loading rates of usually 2 nm/s, and a doped-diamond 20 um
flat-punch indenter. The PI-95 simultaneously acquires quantitative raw load and displacement
data. The device uses electrostatic actuation and capacitive plates for displacement sensing,
resulting in an impressive quoted sub-nanometer displacement noise floor and sub 200 nN
force noise floor. However, the experimental setup at the National Center for Electron
Microscopy (NCEM), where the tensile testing was performed, introduces some external noise
that results in load noise on the order of half a uN and displacement noise on the order of a
nanometer (or, on average, ~16 MPa and 1.4x10™ nm/nm).

2.2.2 Hysitron push-to-pull device

The compressive motion of the flat-punch picoindenter was converted to tensile strain
in the Mo-alloy fibers via a MEMS fabricated push-to-pull (PTP) device. The PTP device is
microfabricated on a silicon-on-insulator wafer and has a semicircular end where the flat-punch
indenter contacts the device, as shown in Figure 2.2.1d. The PTP device has four identical
springs distributed symmetrically at the corners so that a sample affixed across the middle gap
of the PTP device is pulled in tension. The springs are designed to be stiffer in the lateral
direction to ensure uniaxial tensile loading. By changing the dimensions of the springs, the
inherent stiffness of the PTP device can be tuned to optimize sample protection during handling
and the subsequent parameters of the test. The springs are arranged such that the force acting
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on them is in parallel with the force on the tensile specimen. Stiffnesses used here ranged from
330 to 450 N/m. The PTP device is loaded in the PI-95 TEM holder by first affixing it to a small
copper stub with the polymer adhesive Crystalbond. The copper stub is then screwed onto the
end piece of the PI-95 TEM holder.

The fibers were transferred to the PTP device using an Omniprobe micromanipulator in
a FEI Strata 235, a dual-beam Focused lon Beam (FIB)/Scanning Electron Microscope (SEM) (Fig.
Xa). Mo-alloy fibers were attached with electron beam induced deposition (EBID) of platinum
(Pt) to the micromanipulator, and their other ends cut free from the bulk with a focused 30 keV
gallium (Ga) ion beam at a current of 10 pA to yield fibers of lengths ranging from 10 to 60 um.
The fibers were then transferred to the PTP device, where both ends were attached with
~2x2x1 um® grip pads, or “welds”, of EBID-Pt (Figure 2.2.1b,c). Electron beam induced
deposition of Pt was achieved with a 5 keV electron beam and methylcyclopentadienyl
(trimethyl) platinum precursor material. To avoid ion beam damage to the fiber gage section
during sample preparation, the fibers were cut using blind FIB cuts, meaning they were never
imaged with the ion beam. This limits the exposure of the fiber to the ion beam to the cut
points, which are well outside the gage sections.

Figure 2.2.1: SEM micrographs of tensile sample making procedure. (a) Mo-alloy nanofibers
are picked up with a micromanipulator, and (b) transported to the PTP device. Shown are the
PTP device, the micromanipulator with attached fiber, and the Pt gas injection system in the
upper right corner. (c) Mounted fiber with Pt “welds” or “grip pads”. (d) Overall image of the
PTP device. Indenter approaches the semicircular feature from the left.
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2.2.3 Quantitative analysis of engineering stress and strain

To calculate the engineering stress on the nano-fiber, its initial cross-sectional area and
the force applied were determined. The initial cross-sectional area of the fibers is assumed to
be octagonal, as SEM images show this geometry is favored by the fibers (Figure 2.2.2a). To
measure the initial cross-sectional area, the nanofibers were first tilted about their longitudinal
axes, <001>, in the TEM to a zone-axis (ZA) condition. For example, when tilted to the <110> ZA,
the fiber edge is orthogonal to the electron beam and the projected width is considered equal
to the fiber edge width (Figure 2.2.2b). If tilted to ZA = <100> the projected width is equal to
the diagonal of the cross section minus two identical right isosceles triangles. At least four
projected widths, usually at ZA= <110>, <100>, <210>, and <310> and both clockwise and
counter-clockwise of the <110> ZA, were acquired to obtain a full idea of the actual cross-
sectional shape. However, it was found that each nano-fiber tested here is symmetric such that
measuring just the <110> and <100> projected widths fully defines the fiber cross-sectional

shape.
b

e-beam

(110)
(100) = = = = = = = = = = =
(310)

Figure 2.2.2: (a) SEM micrograph of Mo-alloy nano-fibers showing octagonal cross-section.
Modified from Y. (b) Schematic representation of rotational procedure in the TEM to
determine CSA of the Mo-alloy nanofibers.

The raw force data is taken to be the force applied to the combination of the sample
and the PTP device, and the raw displacement data is taken to be the motion of the flat-punch
indenter. The spring constant of the empty PTP device used for these experiments was
measured after sample fracture and found to be between 330 and 450 N/m, depending on the
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device used. The force applied to the sample can be determined by subtracting the contribution
of the PTP device from the raw force data. The engineering strain was calculated by dividing the
raw displacement data by the initial gage length, measured in the SEM as the length between
the two Pt grip pads. It must be noted that the calculated strain may be overestimated because
the raw displacement is a homogenous representation of a heterogeneous sample strain.
Additionally, the raw displacement may include not only the fiber displacement, but also any
systemic compliance. The actual contribution of these errors is investigated and addressed in
§2.4.

2.2.4 Calculating local true stress and strain

In-situ video was recorded with a 480x480 pixel resolution at 30 fps using a Gatan Orius
833 CCD camera. The true stress and strain at local areas of plasticity was directly calculated
from the in-situ videos. Digital Image Correlation (DIC) was applied to the still frames extracted
from the recorded videos to measure the local instantaneous projected width and the local
elongation of the sample 821 The cross-sectional area is assumed to reduce symmetrically, i.e.
the <110> and <100> widths reduce by equal amounts, during plastic deformation. This
symmetric reduction is indicated by SEM micrographs of deformed fibers after failure, such as
seen in Figure 2.2.3, and used to calculate the local true stress. The local gage length was
chosen individually for each fiber to be large enough to fully encompass the local area of
interest. Surface features were typically used as markers for the DIC analysis to avoid any
diffraction contrast effects as the fiber deformed. The location of the surface features also
factored into the determination of the gage length used for each DIC analysis.

Figure 2.2.3: Post-mortem SEM micrographs of Mo-alloy fibers showing a symmetric cross
section remains in a (a) 9% pre-strained fiber, and a (b) 15% pre-strained fiber.
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2.3 Results and discussion of in-situ TEM mechanical tests
2.3.1 Source activation strength in Mo-alloy nano-fibers

At room temperature, the mobility of screw dislocations is much lower than edge or
mixed dislocations and thus believed to control the overall rate of plastic deformation of bulk
samples. Screw dislocation motion at room temperature is thought to be controlled by the
nucleation and migration of kinks and kink—pairs[gs], and cross-slip can easily occur, as any <111>
oriented screw dislocation segment has three mutually intersecting (110) planes and three
mutually intersecting (112) planes on which it can nucleate kink pairs and cross—slip[84].
Furthermore, Schmid’s law, that slip will occur at a critical stress on the plane with the
maximum resolved shear stress (MRSS), is known to break down in BCC materials; one
consequence being a tension/compression flow stress asymmetry[gsl. Thus, in-depth
experimental analysis of dislocation behavior in BCC molybdenum is an inherently complicated
3-D problem. Accordingly, this section presents a focused investigation of source activation
strength in Mo-alloy nanofibers.

The correlation of local true stress and the point of activation of a Frank-Read (FR) type
source is compared to estimated stress using the dislocation radius of curvature, and a line-
tension model of a large bow-out configuration. A 9% pre-strained FIB-free sample of a Mo-
alloy nano-fiber was prepared as described in §2.1 and §2.2. All quoted experimental stress
values are local true stress.

A two-node source was found in a fiber with measured projected <110> and <100>
widths of 315 and 340 nm, respectively. The initial dislocation configuration before testing of
the sample is one packet, as shown in Figure 2.3.1a. Upon uniaxial tensile loading, motion of
the initial dislocations is first observed at 0.83 GPa. The dislocation source is observed to
operate at least 2 times starting at 1.38 GPa, then again at 1.51 GPa, while initial and other
generated mobile dislocations annihilate at the surface. However, the observation of slip traces
generated after the first operation and at higher stresses, indicates some instances of initial pile
up, likely caused by the 10 nm of surface contamination layer that is either an oxide residue
from the etching process or Pt-C from diffusion of the grip-pad material. After the fiber is
starved of large mobile dislocations, it suddenly fails at 2.29 GPa, without the sudden, large
elongation seen in other fibers of similar initial dislocation densities.

Figure 2.3.2 shows the application of the fiber crystallographic geometry to propose the
likely slip plane, slip direction, and source length. Slip traces were used to narrow the
possibilities to either a (112) or (1-12) slip plane, and designate the position of the source
within the fiber, assuming no cross-slip occurred. After-failure tilting was used to make a final
determination between the two planes, and (112) was selected. However, this assumes the
source is either responsible for the failure, or has the same slip system as the one that is. This is
a reasonable assumption given recent TEM dislocation analysis of pre-strained Mo-alloy
nanofibers that indicates lower dislocation dense fibers tend to have dislocations with the same
slip system[sgl. The source is mixed with b=a/2[-1-11](112), line direction 20° from the Burgers
vector, and initial length of 177 nm. As seen in Figure 2.3.2, some outside force, such as image
forces or anisotropy effects, or as a result of the mixed character of the dislocation, produce an
asymmetrical dislocation shape. The left side of the dislocation has assumed a shape similar to
Figure 1.2.2 b in §1.2.1 and the right has adopted a mostly edge character, aligning parallel to
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the surface. Thus, the radius of curvature is taken from the leading edge of the bow-out near
each node (Figure 2.3.2) and averaged between the two sides. By modifying equation 1.2.3, the
radius of curvature can be used to measure the local applied uniaxial tensile stress
o(R) = ub (2.3.1)
Rm

where shear modulus w = (c11-¢12)/2 = 129 GPa (more details in §2.4), the magnitude of the
burgers vector b = 0.2725 nm, R is the average radius of curvature of the dislocation, and m=.47
is the Schmid factor for the [-1-11](112) slip system. Table 2.3.1 shows there is good
agreement, ~1% error, between the measured local true stress at points a-c (Figure 2.3.2), and
estimation using the average radius of curvature. This is reasonably expected, as the dislocation
shape necessarily includes the effects of self and outside forces.

Local True Stress (GPa)

0 1 1 1 1 1 J
0 0.002 0.004 0.006 0.008 0.01 0.012

Engineering Strain

e S e

Figure 2.3.1: (a-d) Cropped stills from in-situ TEM video of 9% pre-strained Mo-alloy
nanofiber. (a) At 0 GPa. White arrows indicate double node dislocation source. (b) At 1.19
GPa. White arrow indicates first visible dislocation bowing at a double-node source. (c) At
1.51 GPa. Arrow indicates second visible dislocation bowing at a double-node source. (d) At
2.00 GPa. Large mobile dislocations have been annihilated. Sessile loops and past slip traces
can still be seen in the fiber. (e) TEM micrograph of failed fiber. 2.29 GPa. (f) Local true stress
vs. engineering strain. True stress was calculated using DIC, however DIC was not successful
in tracking strain.
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Figure 2.3.2 (left) Still frame images from in-situ TEM tensile test of a Mo-alloy fiber. Overlaid
in red are the fiber edges and CSA shape. Shown in blue is the (112) plane. (right)
Corresponding view of (112) and dislocation as seen if parallel to the page. Red dashed lines
indicate where radius of curvature was measured. (a) 0=1.13 GPa. A mixed dislocation, b=%[-
111](112), is pinned between two points (green arrows). (b) 0=1.19 GPa. As the stress
increases, the dislocation bows out. (c) 0=1.38 GPa. Final frame before the dislocation source
activates, leaving another dislocation between the two nodes, and operating at least once
more.
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Table 2.3.1: Local stress calculations at points corresponding to Figure 2.3.2, using the radius
of curvature method and indenter measurements of local true stress. Right and left refer to
the node the dislocation section is closest to.

o (GPa) (radius of curvature method) o (GPa)
Image Right Left Average (measured)
a 1.15 N/A 1.15 1.13
b 1.32 1.09 1.21 1.19
c 1.39 1.39 1.39 1.38

Though the source starts as a double-pinned dislocation, Figure 2.3.2 indicates the area
may be too limited for the bowed dislocation to spiral around both pinning points and generate
a loop, as in the F-R source. If this is the case, the dislocation intersects the fiber surface and
becomes two spiral sources, operating at a lower stress. However, if the 10 nm surface
contamination material were a strong enough slip barrier, the mechanism could continue as a
F-R source. Accordingly, both options will be considered.

The expression for the local applied uniaxial tensile stress required to activate a F-R-type
source, or to bow a dislocation to a critical size, as a function of source length, L, can be found
by modifying equation 1.2.6 with the Schmid factor, m, of the slip system to

o(L)= l[a_ub +7T, +7T,
m| L

(2.3.2)

The sum of the external, tex, and friction stresses, 1,, can be estimated by noting the onset of
dislocation motion in the experiment, which was 0.827 GPa for this fiber. Here, the source
strength coefficient of a F-R source, a, using a line tension consideration of a large bow-out
configuration has been calculated as!*

1 v 2 L_ Z
a=m{[l—5(3—4cos /o’)]ln; 1+2} (2.3.3)

where v=0.28 is the Poisson’s ratio, f=20° is the angle between the Burgers vector and the
dislocation line, and p is a cutoff parameter set equal to the Burgers vector.

It has been shown that the source strength coefficient of a spiral, or single-node, source
is about 0.5x that of a F-R, or two-node, source, and screw sources are ~1.5x stronger than edge
sources™>®®. Source strength coefficients and activation stresses for different dislocation
configurations were calculated using eqgns. 2.3.2 and 2.3.3, and are presented in Table 2.3.2. If
the point of source activation were taken to be the point right before the bowed half-loop
becomes unstable, as in Figure 2.3.2c, and does operate as a mixed F-R source, then the error
of the predicted activation stress with respect to the measured local true stress is 1.2% and
0.4% difference using the stress measured by the radius of curvature.
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Table 2.3.2: Calculated source strength coefficients, a, and source activation stresses, o, for
Frank-Read and single-node sources of length L=177nm, using eqns 2.3.2 and 2.3.3.

Frank-Read Single-Node asy="20r
Screw Edge Mixed B=20° Screw Edge Mixed B=20°
a 1.447 | 0.638 1.352 0.724 | 0.319 0.676
o (GPa) 1.438 1.096 1.398 1.132 | 0.962 1.112

It is highly promising that the predicted and radius-of-curvature calculated stresses are
so close to the measured local true stress. First, this implies there is no intrinsic size effect at
this size scale and can be directly related to bulk properties, and two, to use local true stress
measurements, rather than radius of curvature, one does not have to rely on knowing the true
shape of the dislocation, or needing a dislocation at all, for stress analysis. This also allows for
direct comparison of experimental values to models. The applications for such a sensitive
guantitative measurement of stress and strain are numerous, allowing experimental study of
such things as surface effects, source truncation hardening, and defect interactions.
Unfortunately, the speeds at which deformation mechanisms operate are often beyond the
ability of present recording technology to capture. Improvements in camera technology, an
example of which is used in §2.3.2, are a necessary step in probing fundamental mechanical
behavior of materials.

2.3.2 High temporal resolution in-situ TEM tensile experiment

The origin of size-dependent vyield stresses in small-scale samples, whether the
increased strength is due to the stochastic nature of defects or new failure mechanisms, is still
debated. Simulations easily access the nano size scale and can control individual phenomena,
such as image stress and dislocation core structure, but without physical evidence, conclusions
remain theoretical. One notable computational investigation of deformation of small-scale
samples, by Weinberger and Cai, predicts a new size-dependent deformation mechanism in
BCC materials: surface-controlled dislocation seIf—muItipIication[87]. Combining discrete
dislocation dynamics (DD) and molecular dynamics (MD) simulations, it was found that by
accounting for surface effects on the strain field and dislocation mobility, a single dislocation
nucleation event can quickly populate a pillar, under uniaxial compression, with dislocations.
Experimental evidence of this phenomenon is thin, however dislocation free Mo piIIars[37] and
as-grown Mo-alloy nano-fibers®! have been seen to suddenly catastrophically deform under
compression at high stresses. Experimentally, uniaxial compression is very hard to achieve, as
the taper of FIB-machined samples leads to stress concentrations near the tip. This introduces
uncertainties in measured activation stress needed for comparison to the model. Here the
experiment has been replicated for uniaxial tension using a 30 fps and 400 fps camera with the
hope of capturing some evidence of the sudden failure mechanism.

The first Mo-alloy nano-fiber, Figures 2.3.3 and 2.3.4, was prepared as discussed in §2.1
and §2.2, and mechanically tested in-situ in a JEOL 3010 TEM at 300 keV. The test was recorded
with a Gatan Orius 833 CCD camera at 30 fps, and more details of the results can be found
elsewhere!®.. The fiber has a measured projected <110> width of 336 nm, and a calculated
<100> width of 327 nm. DIC was successful for this test, however in order for comparison to the
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second fiber to be made, where DIC was not successful, the engineering stress-strain curve is
presented in Figure 2.3.3b. During deformation, the four initial mobile dislocations (Figure
2.3.4a) start to move at a stress of 387 MPa, and annihilate one by one. Later, slip traces can be
seen on (112) and (-112) planes, disappearing after interacting with the surface layer and
leaving visible steps, or 5-10 dislocations (Figure 2.3.4b,c). One (-112) slip trace appears to have
a dislocation source (Figure 2.3.4c), however this plane is nearly parallel to the electron beam
and cannot be analyzed. The dislocation-exhausted fiber suddenly elongates at an engineering
stress of 2.98 GPa, or calculated local true stress of 3.00 GPa, on the (-112) plane. Figure 2.3.3a
shows 4 successive frames of the failure event, or lack thereof. Despite slip traces on more than
one slip plane, post-mortem SEM investigations indicate one primary slip system responsible
for the failure, [1-11](-112), as the portion of the fiber between the two diagonals retains the
original thickness of the fiber, and accounts for nearly all the induced strain. The sudden strain
event produced a final 1.2% strain along the <001> loading direction, or 725 dislocations, in less
than 1/30" of a second. For a single node source, this is a dislocation production rate of at least
2x10* s, which corresponds to an average velocity of a spiral source tip of 2 cm/s, which is
reasonable® 89 post-mortem tilting shows few dislocations in the thinner portion between
the two slip surfaces of the fiber, and few dislocations extending past the failure planes. This
implies little pileup or dislocation interaction, for a fast-operating source.

The opportunity to observe deformation mechanisms at 400 fps was made with the
development of the Gatan K2-IS direct electron detector camera. A second Mo-alloy fiber,
shown in Figure 2.3.5, with no observable initial defects, was prepared in the same way and
mechanically tested in-situ in an FEIl TitanX using a Hysitron PI-95 indenter for FEI microscopes.
The fiber has a measured projected <110> width of 293 nm, and a calculated <100> width of
293 nm. This fiber fails at 2.40 GPa engineering stress after minimal plasticity that was only
seen by the stress-strain curve. DIC was not attempted for this experiment, as there are few
surface features to use in tracking. However, the local true stress and strain are assumed to be
very similar to the engineering stress and strain as there was little observable plastic
deformation. The local true failure stress was found using the frame before failure and
calculated to be 2.43 GPa, and the slip system responsible for failure appears to be [111](-1-12).
The K2 camera allows observation of the fiber before the indenter feedback loop returns the
sample to the pre-strain burst position, which compresses the two ends. In contrast to the first
fiber, which appears to remain intact with one source responsible for continuously displacing
material, the second fiber fully fails and appears to have two discrete slip locations. Two
separate primary slip locations, with the same slip system, are proposed as a consequence of
three observations: one, that two necking points are present and unrelated to later buckling,
two, the material between them is free of dislocations, and three, the length between them is
greater than the total strain. The total strain produced is 1.0% along the <001> loading
direction, or 375 dislocations, in less than 1/400th s. For two sources, this is a dislocation
production rate of at least 8x10* s™* per source, which corresponds to an average velocity of a
spiral source tip of 8 cm/s, which is reasonable. Unfortunately, the deformation mechanisms
involved in this failure were still not observed, despite the increase of frame rate from 30 to
400 fps, and possible deformation mechanisms of the two fibers are explored below.
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The surface-controlled self-multiplication model requires the applied stress to surpass
the back-stress of the dislocation curvature to keep the surface nodes moving so that a cusp,
created by the motion of surface-nucleated kinks of a single dislocation, can develop into a
loop, thereby creating two new dislocations, and at higher applied stresses can each in turn
create their own loop, and so on. In their paper[87], Weinberger and Cai fit the molecular
dynamics (MD) and discrete dislocation dynamics (DD) simulation data of the critical stress
required for this mechanism as a function of sample size for compression tests of molybdenum
pillars as

A, (D
o(D) Dln(B)’ (2.3.4)
(henceforth referred to as the W-C model) where D is the diameter of the cylindrical sample, A=
57.5 GPa, and B=0.835 nm. If the diameter of the experimental Mo-alloy nano-fibers is taken to
be the average of the <100> and <110> projected widths, the critical stress for loop formation
for the first fiber is 1.04 GPa and 1.15 GPa for the second, which are below the experimentally
measured local true stress values of 3.0 and 2.44 GPa, respectively. The discrepancy could be
due to other unapparent hardening mechanisms in the Mo-alloy tensile experiment, such as the
alloying elements or the 10 nm surface contamination layer. Thus, the calculated critical stress
should be thought of as a lower bound, and the larger the discrepancy, the larger the likelihood
of a dislocation avalanche, where the dislocations created by the cusp-to-loop formation create
their own loops, quickly populating the sample with dislocations. Additionally, though the W-C
model is isotropic, similar shear modulus and Poisson’s ratio, 123 GPa and .305, are used. One
problem in comparing this model to the present experimental observations is the model is in
compression, and these tests are tension. This is particularly important for {112} slip systems,
due to the flow stress asymmetry that may be present[9o]. And finally, though the shape of the
Mo-alloy nanofibers is a hexagonal prism, a good approximation of a cylinder, the image forces
and surface effects are likely more complex. Analysis of the lower fracture surface of the first
fiber (Figure 2.3.3a for frame of reference) shows there are three parallel (-112) slip planes
(white dashed lines in Figure 2.3.4 separated by (011) cross-slip planes (black dashed lines),
with dislocation loops present on both of the mutually intersecting (121) and (-2-11) planes
(Figure 2.3.4d). Further along the slip direction, seen as the thinner portion in Figures 2.3.3a
and 2.3.4d, the slip evens out, with the appearance of single slip on the (-112) plane, and few
dislocations. Above a critical temperature of 60K, the slip steps of screw dislocations are
expected to be equally frequent on mutually intersecting {112} planes, which may appear as
having an effective {110} pIane[gll. As such, the (011) cross-slip along the fracture surface is
likely to be equal cross-slip on the mutually intersecting (121) and (-2-11) planes, similar to the
W-C model, which fixes the surface nodes on two different mutually intersecting {112} planes.
This is then possible experimental evidence for the W-C model, as the fracture surface can be
explain thusly: a single dislocation is nucleated with surface nodes on the (1-21) and (-211)
planes; next, because the applied stress is 3x the W-C critical stress, the initial debris loop
created results in a strain avalanche; then, some of these multiplied dislocations interact,
forming nodes for a source, such as a Frank-Read source, which carries the rest of the strain
more evenly on the (-112) plane, resulting in the thin section between slip surfaces with few
residual dislocations. Unfortunately, the slip of the second fiber, recorded at 400 fps, occurred
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with a projected slip plane nearly orthogonal to the viewing direction, making analysis of the
fresh fracture surface before it is compressed by the other sample half, impossible.

Another collective dislocation motion mechanism, that could explain the sudden strain
softening and the presence of two necking points, is the Portevin-Le Chatelier (PLC) effect®.
The PLC effect primarily presents as serrated stress-strain curves, or load drops, of materials,
usually alloys. In this instance the mechanism as it presents as plasticity band propagation is
considered. For the present experiments, the mechanism requires the presence of dislocations.
Thus, in the first phase of the mechanism, Mo-alloy nano-fibers must first nucleate dislocations;
in the second phase, the dislocations are unpinned from the solute clouds, aluminum and nickel
in the case of the Mo-alloy nano-fibers; in the third phase there is rapid dislocations glide
towards the middle of the sample in the form of a band®®®, at propagation velocities on the
order of 100 um/s[94]; in the fourth phase the dislocations are recaptured and pinned at some
forest obstacles, this location would be on the top (Figure 2.3.3) of the much thinner section of
the first fiber and the second necking point to the left in the second fiber (Figure 2.3.5). In each
fiber the distance between the initial and final band locations is ~500 nm, for a band
propagation velocity 215 and =200 um/s for the first and second fiber, respectively, which are
reasonable®. Additionally, non-dislocation, structural mechanisms could be responsible for
the sudden strain events such as twinning[83], reversible twinning[gsl, or a reversible high-stress
BCC to FCC phase transition'®®.. Though these will not be explored here as the focus is on
dislocation mechanisms.

Despite major advances in in-situ imaging technology, the deformation mechanisms at
play in nano-scaled BCC materials happen at incredibly fast speeds and could not be directly
observed and confirmed, even at a sampling rate of 400 frames per second. This leaves much
room for data interpretation, and if these surface or high-stress driven mechanisms are
energetically favorable or more likely at the nano-size and the much higher stresses of nano-
scale experiments, it could pose a problem in extrapolating to bulk-scale mechanical behavior.
Thus, high temporal resolution TEM experiments, perhaps achieved with Dynamic TEM
(DTEM)®” may be needed for further investigation.
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Figure 2.3.3: (a) Successive still frames from Gatan Orius CCD camera in-situ TEM video of a
Mo-alloy fiber recorded at 30 fps. (b) Engineering stress strain curve. DIC was successful for
this fiber, however to compare to the fiber in Figure 2.3.4, engineering values are used. Image
modified from [49].

Figure 2.3.4: Rotated and cropped still frame images of in-situ TEM tensile test recorded at 30
fps. (a) The dislocation structure a frame before the first dislocation moves at Geng= 387 MPa.
(b) After the two lower dislocations have annihilated the two left are briefly pinned by sessile
loops. The white arrow indicates a (112) slip trace. (c) Frame before failure, Geng= 2.98 GPa.
The left black arrows indicate slip steps, resulting from 5-10 dislocations on the primary slip
system, [1-11](-112). The black arrow on the right indicates where the dislocations have
interacted with the surface contamination layer to clear the slip trace. A dislocation source
can be seen in the (-112) plane, which is nearly parallel to the electron beam (white arrow).
The resulting failure surface position is overlaid using dashed lines. The primary slip plane, (-
112), is shown in white and the (011) cross-slip plane in black. (d) After fracture, the surface
planes (dashed lines) are correlated to the previous image. Some images modified from [49].
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Figure 2.3.5: (a) Still frames from Gatan K2 camera in-situ video. Three consecutive frames
show no observable dislocation activity at the time of failure, however two individual necking
points are observed. (b) Engineering stress strain curve. DIC was not attempted for this
experiment

2.3.3 In-situ TEM tensile tests of unirradiated and irradiated Mo-alloy

The development of advanced computational methods that can be used for predicting
performance lifetimes of materials exposed to harsh radiation environments are highly
dependent on our fundamental understanding of solid-radiation interactions that occur within
metal components. As these computational methods expand their time and size frames, the
focus becomes defect interactions, and how they drive the mechanical response of materials
under extreme environments. To study isolated single irradiation defect interactions, the
microstructural evolution must be highly controlled or characterizable. For decades, in-situ TEM
irradiation has allowed for the direct correlation of defect evolution as a function of
irradiation'™, and affords more control over the resulting microstructure than ex-situ
irradiation, with room for improvement. As a result, the experimental comparison of
unirradiated and irradiated mechanical deformation mechanisms presented here is a study of
collective, rather than isolated, defect behavior. The hope is future advances in technology, for
example He-ion FIBs, allow for more highly focused microstructural control.

To provide a frame of reference for the typical collective defect response of unirradiated
Mo-alloy nanofibers, a brief overview of the mechanical behavior when varying size and initial
dislocation density is presented, followed by the comparison of the mechanical response of
irradiated to unirradiated Mo-alloy fibers. Mo-alloy nano-fibers of varying dislocation densities
and sizes have been mechanically tested by ex-situ nano-indentation®***>*®  and
compression[54'8”, in-situ SEM tension[28’991, and in-situ TEM tension™. A fiber with no initial
dislocations, as in Figures 2.3.6a and 2.1.2.a, will fail under tension by sudden elongation. The
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smaller as-grown fibers tend to fail at higher stresses, however, no systematic study of size
dependence in tension has been done, and compression experiments show no strength size
dependence for as-grown fibers®®*. This discrepancy may be due to the larger surface sampling
in tension. In-situ SEM tensile tests show large scatter, 1-10 GPa, in yield strength for gage
lengths around 10 um for as-grown fibers, and deterministic behavior at very small and very
large gage Iengths[zsl. At intermediate dislocation densities, 4-9% pre-strain (Figure 2.3.6b), the
fibers generally have only a few longer dislocations and dislocation debris loops. As seen in
§2.3.2 (Figure 2.3.3), the onset of plastic behavior begins around 1.4 GPa, which compares well
to the results for compression of 8% pre-strained fibers reported elsewhere*. Intermediately
pre-strained fibers generally fail by sudden elongation on {112} plane with some evidence of
(110) cross-slip, which may actually be the effective plane of two equally active mutually
intersecting {112} planes. Intermediately pre-strained fibers with initial dislocation sources that
activate at lower stresses also fail suddenly, but with a much more moderate strain burst
(Figure 2.3.1 §2.3.1). In comparison to compression studies, which show a wide range of failure
stresses for intermediately pre-strained nano-fibers of a given size, these in-situ TEM tensile
studies have little spread in yield strength, ~1.4 GPa, and ultimate strength, ~2.5 GPa, for fibers
~300 nm wide. This may be a consequence of the ability of the TEM to identify whether or not
there are initial dislocations. As discussed elsewhere!”, the tensile response of fibers with high
initial dislocation densities (Figure 2.3.6c), is similar to less pre-strained fibers only in that
plastic behavior begins around 1.4 GPa, and ultimate strengths are near 2.5 GPa. In contrast,
tensile straining of heavily dislocated fibers results in single necking, or plastic instability, points
with very large resulting reductions in area, stress-strain curves that show several large load
drops, and slip systems that appear to be <111>{110}. Highly pre-strained fibers also show that,
though the failure strains are certainly below typical total elongation values of ~20%M"% the
heavily dislocated fibers are more ductile than their less dislocated counterparts. The
traditional view of work hardening is that it is achieved by increasing the number of
dislocations; this increases the density of forest dislocations, which require greater stresses to
overcome. This seems to be the opposite in samples of this size regime, where dislocations can
more easily escape to the surface and hardening is instead due to mechanical annealing, an
observation made in these tensile experiments as well as in-situ TEM compression[loll.
However, the result is the same: there are fewer mobile dislocations.

Clearly, defect density, and likely sample size, affects the mechanical behavior at these
size scales. Thus, a direct comparison of the mechanical behavior of an irradiated Mo-alloy
nanofiber to the behavior of unirradiated material necessitates a comparison to the mechanical
response of a fiber with similar size, shape, and initial defect density. It is then possible to
explore any change in mechanical behavior exclusively as a function of defect origin.
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Figure 2.3.6: TEM micrographs of Mo-alloy nanofibers. (a) 0% pre-strained, no dislocations or
observable defects. (b) 9% pre-strained with mobile dislocations and sessile loops. (c) Dark-
field micrograph of 15% pre-strained fiber. (d) He'* and Ni** irradiated, 9% pre-strained fiber.

A 15% pre-strained nanofiber, shown in Figure 2.3.7, with initial dislocation density of
1.6 x 10" m?, <110> and <100> edge widths of 244 and 290 nm, respectively, was prepared
according to the procedures outlined in §2.1 and §2.2. The dislocation density was calculated
according to Ham’s method'®®, as discussed in §2.1.3, and more details regarding this nano-
fiber can be found elsewhere*!. Figure 2.3.7f shows the successive loading and unloading of
the fiber done four times. Such a cyclic test was not the initial intention, but was necessary
after taking a conservative approach to testing, and the fiber surpassing elongation
expectations. The curves are arranged such that the elastic loading of the next test corresponds
to the elastic unloading of the previous in order to simulate the behavior of a single tensile test.
The data follows typical work hardening behavior, where the yield point of the next test is near
the highest stress reached previously. Test 3, shown in yellow in Figure 2.3.7f, begins plastic
behavior at a higher stress than expected, which is likely due to the onset of necking. Unloading
after the sample has begun to neck acts to compress the sample, further clearing dislocations.
This is in contrast to the typical work hardening mechanism in that the hardening is due to a
decrease, rather than an increase, in dislocation density. The load-displacement data between
successive tests was found to correspond more closely than the engineering stress-strain data,
appearing as a single test (Figure 2.3.10a). Dislocation motion is first observed at 0.73 GPa,
before the onset of plastic behavior at 1.38 GPa (Figure 2.3.7b). The sample begins to neck at
2.08 GPa (Figure 2.3.7c), after which there is sustained plastic deformation accompanied by
hardening, and later, simultaneous slip events leading to load drops, as seen in Figure 2.3.7d.
Yield followed by sustained plasticity corresponds well with what has been observed previously
in compression tests of highly pre-strained Mo-alloy piIIars[54].

A 9% pre-strained nanofiber, shown in Figure 2.3.8 was concurrently implanted with 10
kev He'* and irradiated with 2.8 MeV Ni* in-situ in the I’TEM at Sandia National Laboratory, as
outlined in §2.1.4. Preparation of a tensile sample with primary irradiation defects of
b=a/2<111>{110} type interstitial and vacancy loops (see §2.1.4), was done according to the
procedure in §2.2. The sample dimensions are 242 and 281 nm for <110> and <100> edge
widths, respectively. This is only a 3% difference in CSA between the unirradiated and irradiated
fibers presented here. Defect cluster density was calculated to be 2.7x10%2 m™ according to the
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method outlined in §2.1.4, and a correlating dislocation density of 4.5x10' m™ calculated

according to Ham’s method (§2.1.3). The tensile testing of this fiber was performed using the
Hysitron PI-95 ECR holder, and the noise in the data is believed to be electrical in nature, rather
than mechanical vibration. Unfortunately, this results in the obfuscation of any small changes in
data. It is worth noting the data of the unirradiated fiber becomes as noisy in Test 4; however
this is vibrational, the source of which is unclear. The frame rate of the video recording was
reduced to 15 fps to increase contrast that was reduced by the many irradiation defects.
Unfortunately, the decreased frame rate makes it less clear when dislocations first move,
though it appears to be between 0.73 and 0.92 GPa, again before the onset of plastic behavior
at 1.52 GPa. Necking begins at 2.41 GPa, after which there is sustained plastic deformation
accompanied by hardening and slip events leading to load drops, similar to the unirradiated
fiber. It is interesting the mechanical behavior, regardless of defect origin, so closely matches.

Comparisons of the load-displacement and engineering stress-strain curves of the two
fibers, Figure 2.3.10, show remarkably similar behavior. They each have similar yield points,
maximum engineering stress reached, number and size of load drops, and onset of necking
strains. Each exhibits continuous plasticity until ~5% strain, whereupon intermittent strain
bursts in the form of load drops begins. Though the irradiated fiber is expected to have more
point defects and defect clusters below the resolution limit of the microscope, the only
indication of their presence is in the increase in initial stress to move a dislocation, however the
reduced frame rate and noisy data makes the exact difference difficult to quantify. It can also
be said that the strain was more localized in the unirradiated fiber, as it achieved a larger
reduction in area per strain, however this may be an effect of having a longer gage length (8.2
vs. 5.6 um).

One downside to displacement controlled testing is highlighted by both these samples in
Figure 2.3.9. The tensile tests runs according to a pre-set loading/unloading profile that cannot
be altered during testing, which can lead to the frustrating result of not quite reaching the point
of failure. For both these samples this resulted in failure during unloading, as the sample
buckles at the necking point. The local true stress was not calculated for either sample due to
load drops and/or sample vibration, which resulted in many blurred single frames, making DIC
intractable. Fortunately, it is unnecessary for the present study of collective defect behavior to
have local stress measurements. Though, the true stress reached at the necking point before
unloading for the fibers can be calculated from still frame images of the video recording. The
unirradiated fiber achieved a 74% reduction in area for a true local stress at the necking point
of 5.1 GPa, and the irradiated fiber achieved a 64% reduction in area and local true stress of 3.8
GPa. As neither test was taken to failure during tensile strain, it is unknown to what extent the
reduction in area and total elongation may have been.

The primary slip system, though many are active as evidenced by the nominal
preservation of the original cross-sectional shape (Figure 2.2.3b §2.2)), for both fibers is
<111>(10-1). This is in contrast to the lower dislocation density fibers presented previously,
which have <111>{112} slip systems. This difference can have one or both of two origins; the
first implies an inherent difference in behavior of the irradiated fibers, and the other implies no
difference. TEM analysis and tomography[sg] show the dislocation structure of pre-strained
fibers is primarily b=a/2<111>{112} dislocations with varying degrees of cross-slip, and small
loops that are primarily prismatic debris loops, a feature also confirmed via simulations®®9. To
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overcome the increase in defect barriers, the dislocations of the heavily dislocated fibers
increase the amount of dislocation cross-slip along mutually intersecting {112} planes, which
can appear as a single {110} plane, depending on the step size. In contrast, the defects of the
irradiated fiber are primarily b=a/2<111>{110} interstitial or vacancy loops (see §2.1.4 for more
details). These loops may either slip accordingly, or like the unirradiated fibers, cross-slip on
mutually intersecting {112} planes in elementary slip steps that result in the appearance of a
{110} primary slip plane.

A low temperature neutron irradiation study of bulk polycrystalline Mo, by M. Li and
coauthors™®, shows a complicated interplay between sample temperature, strain rate, and
irradiation dose. The mechanical behavior is non-linear, with strength and ductility initially
softening then hardening with increasing dose, similar to the Taylor hardening model where the
yield strength follows a 0=p'1/2 dependence to dislocation density. By correlating the size and
number of visible defects created by ion irradiation, implantation, and room temperature
anneal in the irradiated fiber to the size and number created by neutron irradiation, the
mechanical behavior can then be correlated to the results of low-temperature neutron
irradiation by Li, et. al. Defect cluster density is estimated to be 2.7x10%*> m™ which correlates to
a neutron dose in the Li, et. al. study of 3x10° dpa, when considering the minimum resolved
cluster size to be ~10 vacancies. The neutron irradiation experiment shows that at room
temperature and a neutron dose of 3x10” dpa, the mechanical behavior of irradiated bulk
polycrystalline Mo is very similar to its unirradiated counterpart. From their data the yield
strength, total elongation, plastic instability stress (the true stress at the ultimate tensile stress
point), are expected to be the same for a given temperature and strain rate. The unirradiated
%RA is expected to be slightly higher than the irradiated, as was seen here, and surprisingly
their 3x107 dpa data is noisier as well, though the authors do not give an explanation as to why.
Their data also gives an explanation for the slightly higher strength of the irradiated fiber seen
here: though both fibers were deformed at the same displacement rate, 2 nm/s, the irradiated
fiber was strained at a slightly higher strain rate, 3.6 x10 vs 2.5x107 s*. This all implies that the
irradiation-induced defects in this Mo-alloy nanofiber are at the cusp of being thermal or
athermal dislocation motion barriers. Though, because the fiber started with a, presumably,
lower dislocation density, it is likely to have formed as many athermal barriers as the 15% pre-
strained fiber has.

This set of in-situ TEM tensile experiments show that collective defect behavior,
regardless of defect type, can lead to similar mechanical properties; and neutron irradiation
experiments have shown mechanical behavior is dependent on several factors and follows a
Taylor-hardening-like model, thus a range of temperatures, strain rates, doses, etc. must be
done to obtain the overall behavior of irradiated Mo-alloy nanofibers. These complications can
be avoided and fundamental behavior can be explored with a detailed analysis of the initial,
transitional, and final dislocation structures of irradiated Mo-alloy tensile specimens, perhaps
using 4-D electron tomography, provided the initial defect structure can be more finely
controlled.
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Figure 2.3.7: (a-b) Still frame images from in-situ TEM tensile tests of 15% pre-strained fiber in
dark-field and (c-e) bright-field. (a) 0 GPa Initial dislocation structure. (b) 1.38 GPa Onset of
plastic behavior. (c) 2.08 GPa Onset of necking, indicated by black arrow. (d) Resulting
microstructure after a load drop from 2.00 to 0.82 GPa. The sample has been repositioned,
such that the black arrow corresponds to the black arrow in (c). (e) 1.33 GPa Final
microstructure before unloading.
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Figure 2.3.8: (a-e) Still frame images of in-situ TEM tensile test of He'* and Ni** irradiated 9%
pre-strained Mo-alloy nanofiber. (a) 0 GPa Initial microstructure. (b) 1.52 GPa Onset of plastic
behavior (c) 2.41 GPa Onset of necking, with the black arrow indicating the necking point. (d)
Resulting microstructure after a load drop from 1.85 to 0.52 GPa. The electron beam has been
shifted rather than the sample, such that the black arrow corresponds to the black arrow in
(c). (e) 1.34 GPa Final microstructure before unloading.

32



300 nm

Figure 2.3.9: Bright-field TEM micrographs of (a) unirradiated 15% pre-strained and (b)
irradiated 9% pre-strained fibers, after their respective tests failed to take them to tensile
failure, causing buckling at the necking point. The white line in (a) is from a real-time
measurement of the necked region and does not indicate anything here.
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Figure 2.3.10 (a) Load vs displacement for the 5 successive tensile tests of the unirradiated
and irradiated Mo-alloy nano-fibers. (b) Engineering stress vs engineering strain for the two
fibers. Note the similar yield points, maximum engineering stress, number and size of load
drops, and plastic instability strain.
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2.4 Experimental error

Collected properties of the Mo-alloy nano-fibers presented in this chapter, and two
presented elsewhere!® are presented in Table 2.4.1. The Young’s modulus of these fibers is
226117 GPa, averaged over all initial and subsequent tensile tests (Figure 2.4.1). If only the
initial tests are considered, the average Young’s modulus is 217+3GPa. The calculated
anisotropic elastic modulus of the Mo-alloy nano-fibers along the <001> direction is 328415
GPa, using the rule of mixtures to include effects of the alloying elements Al and Nj{1298103-113]
Lower-than-bulk measured moduli are not uncommon in small-scale samples. Kiener and Minor
remark specifically on this observation of their nano-tensile test of copper, which only
measures 52% of the calculated modulus™*. They cite dislocation motion outside the gage
section, compliance of the load frame, easily mechanically annealed surface defects, and
misalignment of the sample as possible sources of error. These Cu samples were FIB-shaped
dog-bones and pulled directly with the PI-95, eliminating the need for Pt grips. Murphy, et. al.
explore the compliance of EBID-Pt grips used in in-situ SEM nano-tensile tests of several single
crystalline materials™®), Using DIC, the actual strain of the samples was measured and used to
calculate the compliance of the Pt grips. They found using DIC-measured strain corrected for
the average modulus error of 19%. A similar observation was made when tensile testing as-
grown Mo-alloy nano-fibers in the SEM. Johanns, et. al. found Young’s modulus increased from
215 to 295 GPa when using DIC measured strain of tracked Pt pads, excluding machine
compliance, to 320 GPa when using DIC to track points on the fiber, presumably excluding both
machine and Pt grip pad compliance[zs]. They further cite possible errors in CSA measurement
due to contamination layer buildup. This section will address these possible sources of modulus
error and additional ones unique to the setup used. A 9% pre-strained Mo-alloy nano-fiber with
added engineered markers, 15 nm diameter Au nano-particles, was chosen to investigate and
address these sources of error (Figure 2.4.2). The <110> and <100> projected widths were
measured to be 296 and 298 nm, respectively, and symmetry of the fiber was confirmed over a
full 60° of sample tilt. In order to provide a reference for presentation of results, this and
previously presented fibers are henceforth referred to as numbered from F1-F8, as shown in
Table 2.4.1.
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Figure 2.4.1: Measured Young's modulus of Mo-alloy nanofibers along the <001> growth axis
of the fibers versus (a) cross sectional area and (b) dislocation density. Initial tensile tests
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measure an average modulus of 21713 GPa. Subsequent testing increases the measured

modulus. Fiber numbers referenced as shown in Table 2.4.1.

Table 2.4.1: Consolidated Mo-alloy nano-fibers with associated properties, presented in Ch. 2.

Gage

. % Pre- CSA SyorS
Fiber | Images Strain Pdislocation (104 nmz) length E (GPa)® ZGPa)r:'?X
(nm)
Fig.2 of
[49]
’ a
1 2.1.2a, 0 V. Low 2.66 5.11 219 7
2.3.6a
Fig.3 of . 217,215, | 1.51, 1.66,
2 [49] 0 Intermediate 2.55 8.43 216,228 | 1.70, 2.09
3 2.3.5 9 V. Low 7.11 5.80 216 2.40
2.4.2,
4 243 9 V. Low 7.31 5.90 225 6.49
5 22:;12' 9 LOWb 8.82 7.43 216, 272 1.13,1.38
2.1.2b,
2.3.3,
6 234, 9 Low 9.08 9.20 216 2.57
2.3.6b
2.3.8, . ,d
7 23.9b 9 High 5.49 5.55 216 1.51
2.1.2c,
2.2.3b
! 216, 240, . .
8 2.3.6¢, 15 High 5.67 8.15 g 1.41,1.89,
246, NA 2.31,1.85
2.3.7,
2.3.9a
a V. Low is no observable intial dislocations, ”1x108 nm_2
b Low is ~1x10™ m™° just a few dislocations and debris loops
o Intermediate is ~5x10" m'z, or many dislocations with debris loops
d High is ~1x10™ m'z, and either heavily pre-strained or irradiated
e Sample may have more than one E and S, depending on if it was a series of tests or not

Sy is engineering stress at the onset of plastic behavior as indicated by the stress-strain curve, or Spmax

is the highest stress reached if mostly linear
Fiber 6, Test 4 E not applicable due to bending during loading

2.4.1. Errors in stress

2.4.1.1 Image magnification

Projected width measurements made in the JEOL 3010 TEM
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correlations were calculated and made self-consistent with respect to 100-200kx. This base
magnification was chosen as measurements made at 100-200kx in the JEOL 3010 TEM most
closely matched those made in the FEI SEM, FEI TitanX, and the I*TEM JEOL 2100. (It should be
noted that the mechanical test of F5, was performed in a different microscope, the FEI TitanX,
with a PI-95 for FEI microscopes.) Had these correlations not been made, the measurements
taken at lower magnifications increase the projected widths up to 115%. For F6, the initial
projected width measurements at 30kx were 105% larger than when measured at 100kx. Using
initial over correlated measurements results in an 11% increase in CSA or a decrease in Young's
modulus from 225 to 201 GPa. It is possible there are further errors associated with image
magnification. However, for this fiber to reach the calculated Eiqo, a further 26% reduction in
image measurements is needed, and up to a 30% reduction for other fibers. A further image
magnification error is thus unlikely to be solely responsible for the low fiber moduli.

2.4.1.2 Cross-sectional shape

Projected widths for all fibers were acquired at a tilt range of at least 20°, when limited
by the fiber being at one end of the PTP gage section, up to 70° when the fiber was in the
middle. The CSA calculation assumes complete fiber symmetry, i.e. that the octahedral edges
are 4 equal <110> sides and 4 equal <100> sides. Measurements are made by tilting both
directions from the (110) ZA to confirm this, and in the location the fiber failed. However, this is
not always possible due to slight variations in fiber thickness or if the fiber fails outside the
observable gage section, as was the case with F6, seen in Figure 2.4.3. This fiber fails outside
the observable gage section, so CSA measurements are made as close to the failure location as
possible. Had the CSA measurement been made at the opposite end of the fiber, the Young’s
modulus reduces from 225 to 219 GPa, which may explain why this fiber’'s modulus is
anomalously high when compared to the other fibers. It is thus possible to over or under-
measure the CSA. However, as stated above, the fiber widths must be ~30% less than
measured. As was mentioned in the Johanns, et. al. study, any contamination layer would
increase widths measured in the SEM. In the TEM, however, transmission allows the
contamination layer to be easily discernable from the fiber, provided the layer is not thick
enough to obscure the true fiber edge. Measurements in those areas are easily avoided and the
contamination layer thickness did not usually exceed 10 nm. Additionally, misalignment of the
fiber, up to 2°, was considered, however, misalignment results in only 0.12% error in measured
CSA. Regardless, measurements were made orthogonal to the straining direction. Efforts were
made to confirm the true cross-sectional shape of the Mo-alloy nano-fibers and thus unlikely to
be solely responsible for the modulus error.

2.4.1.3. Sample load

The actual load seen by the sample is the difference between the load measured by the
PI-95 and the load required to displace the PTP. Assuming the measured load is correct and the
PTP springs are fully linear in this displacement regime, errors would arise from miscalculation
of the PTP load. This occurs when the recorded displacement or measured PTP stiffness are
incorrect. Figure 2.4.2b shows the recorded displacement is identical to the DIC measured
displacement. To calculate the PTP displacement from DIC true strain, the initial gage length
was measured using the SEM and corrected TEM images (see §2.4.1.1 above). Considering a
stiffness error of 100 N/m in the PTP springs, the measured Young’s modulus changes by only 8
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GPa for F6. In fact, even assuming a PTP stiffness of zero will only increase the Young’s modulus
to 270 GPa. Thus, by assuming measured load is accurate and confirming measured
displacement, the measured PTP spring stiffness is also confirmed. As a result, the measured
stiffnesses of reused PTP devices show the consistency between tests.

2.4.1.4. Sample misalignment

Misalignment of the single-crystalline Mo-alloy nanofibers would result in a reduction of
calculated stress using both geometric[m] and crystallographic arguments. Alignment of the
fibers with respect to the PTP displacement axis in both the in-plane and out-of-plane
orientations is confirmed in the FIB at the time of sample preparation. However, while loading
the PTP in the PI-95 TEM holder, misalignment both in and out-of-plane is possible. The PI-95
holder for the JEOL is designed with two setscrews to affix the copper stub and PTP. The PI-95
holder for the FEI microscopes, used to test F5, has a slightly different stub and end-piece
design. The copper stub is affixed with only one setscrew, though the end piece has guide
edges. Both holder designs have some play in the stub orientation so initial in-plane alignment
is checked with an optical microscope before testing and confirmed in the TEM. Out-of-plane
misalignment of the PTP would only occur if the stub was not flush with the holder end piece
and this is checked with an optical microscope before the experiment. The indenter motion is
monitored during calibration to ensure no in-plane movement. Out-of-plane movement can
only be observed through changes in focus, which are rarely obvious, or inconsistencies in
measured and observed indenter displacement. It is fortunate these checks are performed at
high magnification, usually 200kx, as the systemic image magnification errors of lower
magnifications would erroneously indicate a problem. These many checks ensure sample
misalignment is not a possible source of error.

2.4.2. Errors in strain
2.4.2.1 Machine compliance

Machine compliance includes the compliance of the load cell and load frame, which
occurs if the diamond indenter deforms rather than displaces the PTP, or from compliance of
the Crystalbond adhesive used to affix the PTP to the PI-95 holder, to name a few. A 20 um
diameter flat-punch doped-diamond indenter is unlikely to cause material deformation of the Si
PTP device. The machine compliance is investigated by comparing the displacement of the PTP
gage section, as measured with DIC, to the PI-95 recorded displacement. As stated previously,
to calculate the PTP displacement from DIC true strain, the initial gage length was measured
using the SEM and corrected TEM images. As seen in Figure 2.4.2b, these two displacement
values are identical, indicating any compliance between the machine and PTP is either
negligible or accounted for during calibration of the indenter.

2.4.2.2 Pt grip pad compliance

Using the first tensile test of each fiber, no correlation was found between Pt pad
volume or pad/fiber contact area to the Young’s modulus error. The pad volume of F2 was
more than 4x larger than that of F5, yet they have identical modulus errors. The pad/fiber
contact area of F4 was almost 3x larger than for F7 again with identical modulus errors. Indeed
this was also the case in the Murphy, et.al. study, which also found no correlation to deposition
conditions for the same precursor material used here, methylcyclopentadienyl (trimethyl)

37



platinum. Pt grip pad compliance was investigated by eliminating any effect from the Pt grips by
measuring local fiber strain using DIC (Figure 2.4.2). The engineering strain was calculated from
the DIC measured true strain and would not be affected by image magnification errors.
Although the overall DIC-measured strain is lower, the two strain measurements are identical
until 0.64 GPa or 0.28% strain. A similar in-situ TEM tensile study using EBID-Pt grips confirmed
tensile strain measurements with corresponding selected area diffraction'*”). The znO fibers of
the TEM study are of similar size, length, and stiffness to the Si fibers used in the Murphy, et. al.
study, but no pad compliance was measured. It is unclear why the TEM results of ZnO nano-
fibers and the DIC results of F6 contradict the SEM results by Murphy, et.al. and Johanns, et. al.
or through what mechanism the Pt grip pads would fail that would not correlate to their size,
contact area, or deposition conditions.

2.4.3. Dislocation effects
2.4.3.1 Dislocation motion outside the gage section

The Pt grips were placed ~1 um from the PTP edge to reduce the thickness of diffused Pt
in the observable gage section (Figure 2.4.4). The tradeoff being a quarter, or more, of the fiber
length is unobservable. Though Pt diffusion increases the sample thickness, reducing the
likelihood of failure near the grip pad, dislocation motion and plasticity are still possible. For
example, F6 has no observable initial dislocations and fails outside the TEM-observable area.
The data indicates that, like most intermediately pre-strained fibers, it is likely the fiber had a
single packet of dislocations, unfortunately located in this unobserved region. Figure 2.4.2c
shows the DIC and PI-95 measured Ejgp are the same up to 0.64 GPa or 0.28% strain, after
which the DIC slope increases. By excluding the region that fails, the actual strain of the fiber is
seemingly underestimated. Though F6 has no visible dislocations, the dislocation motion for
pre-strained Mo-alloy nanofibers begins around the bulk yield strength, 300-650 MPa. By
increasing the assumed elastic stress-strain data of F6 from 0.64 to 1.2 GPa, the DIC measured
Young’s modulus increases to 265 GPa. This demonstrates the possibility of overestimating the
Young’s modulus by including data after the yield point, and the importance of TEM
observation during testing.

2.4.3.2 Easily mechanically-annealed defects

The Cu tensile samples of the Kiener and Minor study were shaped with the FIB,
creating ion beam damage near the surface. This damage is often easily mechanically or
thermally annealed and has been shown to reduce flow stress for many materials in nano-
compression experiments. For example, a study by Lowry, et. al. compares the compressive
mechanical behavior of FIB-shaped Mo pillars with and without thermal annealingm]. Thermal
annealing is shown to fully eliminate the FIB damage, resulting in pristine pillars that achieve
ideal strength and increase measured Young’s modulus from 50 to 100 GPa. Though nano-
indentation of FIB-irradiated Mo-(3at.%)Nb surfaces found no change in modulus [31], the
discrepancy is likely due to the shape. FIB defects are easily annealed at the surface of nano-
pillars, but do not escape easily during nano-indentation. Figure 2.4.1b shows the measured
Young’s modulus of all tensile tests the fibers presented in this chapter underwent as a function
of the fiber’s initial dislocation density. The measured elastic modulus for F3, with a low initial
dislocation density, shows an increase from 216 to 272 GPa after the first test reduces the
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mobile dislocation density by half. E1go of the heavily dislocated fiber, F8, increases from 216 to
240 GPa after the first test, and to 246 GPa after the second. Presumably, this fiber has many
dislocations that are close to the surface that can easily annihilate. The effect is not as
pronounced as for the low dislocation density fiber due to the many dislocations impeding
dislocation motion. F2 has several packets of dislocations throughout for a mid-range
dislocation density, and subsequent testing only increases Eijgo from 216 to 228 GPa. The fiber
has too many mobile dislocations to appreciably reduce their density, but not enough to
impede their motion. It is interesting the subsequent tensile tests produce moduli that follow
the generalized size-dependent Taylor-strengthening law!®128] indicating the lower modulus
may be defect mobility driven.
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Figure 2.4.2: (a) TEM micrograph of Mo-alloy nano-fiber decorated with gold nano-particles.
Black arrows to the left of the fiber indicate where DIC was used to track the actual
displacement of the PTP gage section. Black arrows to the right of the fiber indicate where
DIC was used to track the actual displacement of the fiber. (b) Displacement vs. time graph
comparing the displacement of the PTP as measured with the PI-95 and DIC. The identical
loading curves indicate no compliance between the PI-95 and the PTP. (c) Engineering stress
vs. engineering strain loading curves comparing the PI-95 measured strain against that of DIC.
(inset) Shows the two curves deviate at 0.64 GPa or 0.28% strain. This is likely due to the fiber
deforming outside the observable gage section rather than compliance of the Pt grips.
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PTP Original Position

1
Figure 2.4.3: Post-mortem TEM micrograph of a Mo-alloy nano-fiber decorated with Au nano-

particles. This fiber failed outside the observable gage section, as indicated by the dashed
line.

1 um

Figure 2.4.4: SEM micrograph of Mo-alloy nanofiber attached to PTP with Pt grip pad. The
dashed lines indicate the true dimensions of the fiber. The white arrow indicates where the
thickness has increased due to Pt diffusion.
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2.5 Summary and conclusions

Quantitative in-situ TEM tensile tests of Mo-alloy nano-fibers were performed for three
purposes. This first is to investigate the feasibility of experimentally measuring defect
interactions with high enough load and displacement resolution to directly compare to
computational simulations. This was investigated by measuring local true stress around a Frank-
Read source activation, with results that compare remarkably well, ~1% differences, to
predicted values using a simple line tension model. The implications of such high-resolution
guantitative measurements are numerous, not the least of which is direct comparison to
computation models. The second purpose was to explore the feasibility of experimentally
measuring defect interactions with a high enough temporal resolution to capture deformation
mechanisms at high stresses. This was evaluated through the attempt to capture the
mechanism responsible for the sudden, large strain bursts seen in dislocation exhausted and
starved Mo-alloy nano-fibers using two different in-situ TEM cameras. Unfortunately, despite
using state-of-the-art imaging technology with the Gatan K2 direct electron detector camera,
which increases the probe rate from 30 fps to 400 fps, the dislocation multiplication processes
are still too fast to be captured. The last purpose was to analyze the effects irradiation-induced
microstructural changes have on the deformation mechanisms responsible for mechanical
behavior. The results show that collective defect behavior, regardless of defect type, can lead
to similar mechanical properties. Thus, to probe fundamental behavior, detailed analysis of the
initial, transitional, and final dislocation structures of irradiated specimens, perhaps by using 4D
electron tomography, is needed.
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Chapter 3: FCC Gold Thin-Films

Gold was chosen as a model FCC material system as it has no native oxide, ensuring
optimal imaging conditions in a wide range of thicknesses, and low stacking fault energy, which
ensures adequate radiation-induced defect production, or high cascade efficiency. Radiation-
induced defects include stacking fault tetrahedra (SFTs) and other vacancy clusters, and gas-
filled cavities resulting from neutron-alpha particle reactions. SFT and dislocation interactions
are of particular interest in understanding the mechanisms of radiation-induced hardening of
neutron-irradiated FCC metals!™*®, and helium embrittlement at higher temperatures must be
understood for the development of new reactor structural materials™?%. Additionally, the most
prevalent irradiation-induced defects of nano-scale mechanical testing are due to FIB
irradiation, as many researchers take advantage of the widely applicable nature of the sample
preparation tool. Presented here are studies that focus on the experimental hurdles that must
still be overcome in order to understand defect interactions in FCC materials at a fundamental
level. They include the application of two novelly-applied strain mapping techniques that pave
the way for 4D in-situ TEM experiments (§3.3.1), and investigations of irradiation-induced
microstructural evolution in FCC materials that affect the deformation mechanisms responsible
for mechanical properties and behavior (§3.3.2).

3.1 Au thin-film sample preparation
3.1.1 Physical vapor deposition and annealing

Gold thin-film was evaporated from 60mg of 99.99% purity Alfa Aesar gold foil in a
tungsten boat onto a freshly cleaved sodium chloride (NaCl) substrate at 150°C. The
contamination level and grain size of the film was optimized by maintaining a pressure of 6x10”
Pa during deposition, then remaining at temperature for 4 hours under vacuum. TEM samples
were prepared by dissolving the NaCl substrate in deionized water then floating the thin film
onto a standard copper TEM grid. Scanning electron microscopy (SEM) was used to confirm the
thickness of the film. A layer of protective Pt was first e-beam deposited onto the film, then a
30keV Ga ion beam was used to cross-section the Pt-Au-Copper grid layers (Figure 3.1.1). The
Au thin-film was measured to be ~100 nm before and after the annealing described below.

To make FIB-free tensile samples from thin-films, an additional annealing step was used
to create holey films from the as-grown continuous film. The holes serve as the edges of the
traditional dog-bone shape of tensile samples, ensuring no FIB damage in the tensile gage
section. The additional annealing process involves vacuum annealing the thin-film for 4 hours
on the NaCl substrate at 300°C, above the sub-grain coalescence temperature of Au of 262°C
(1211 and well below the melting temperature of NaCl, 800°C (1221 This results in a holey
microstructure with many ligands around 100 nm in width, as seen in Figure 3.1.2.
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Figure 3.1.1: SEM micrograph of Au thin-film thickness cross-section at a sample tilt of 45°.

Figure 3.1.2: TEM low-magnification micrograph of annealed Au thin-film. White areas show
the holes formed by the annealing process.
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3.1.2 He' ion implantation and bubble growth

In-situ ion irradiation was performed at the I’TEM at Sandia National Laboratories’ lon
Beam Lab"%. A 10keV He®" ion beam was introduced into a JEOL 2100 TEM, operating at 200
keV, along a nominally orthogonal path to the electron beam, and 30° to the sample (See Figure
2.1.3 from §2.1.4). Unlike typical ion irradiation of bulk samples, the ion beam energy was not
varied so as to homogenously implant He'*, as the I’TEM did not yet have the capability to
continuously vary the ion beam energy. Therefore, a 10keV He'* beam was chosen to maximize
the helium concentration near the mid-plane of the thin film and thus minimize surface effects.
He'* was implanted at a dose rate of 3.8x10" ions cm™ s™* and taken to a total dose of 1.6x10"’
ions cm™. The damage-thickness profile per ion (Figure 3.1.3) and sputter at both entry and exit
surfaces were calculated for He'* using the Transport of lons in Matter (TRIM) monolayer
calculation with a 30° incident angle and a layer thickness of 100 nm”Y. The number of
sputtered atoms throughout the experiment was found to be negligible by SRIM simulation and
was therefore assumed to play no role in the experimental observations. These calculations
show a maximum dose of 33 dpa at 10 nm from the incident surface, with the majority of He
ions reaching a 35 nm implantation depth.

The film was then annealed in-situ in the TEM to grow the helium bubbles to an easily
observable size, but before reaching the critical void size. This is achieved by ramping to 633K
(T=0.47T,,) and holding for 15 minutes. Annealing quickly heals the displacement damage, seen
in Figure 3.1.4b as small defect clusters and loops and larger dislocations. The resulting
microstructure is shown in Figure 3.1.4c. The Fresnel contrast of the bubbles below focus shows
a relatively even distribution throughout the film, with some segregation of He bubbles at grain
boundaries.
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Figure 3.1.3: Depth damage profile of 10 keV He'* irradiation of Au.
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Figure 3.1.4: TEM bright-field micrographs of Au thin film (a) unirradiated, (b) He'* irradiated,
and (c) after in-situ heating of irradiated Au thin-film. Underfocused image shows He bubbles
as small white dots. Image modified from %3,

3.2 Experimental methods

To quantitatively study unit defect interactions with high enough spatial resolution and
strain precision, electron microscopy is the obvious choice, and a recent review!*® of electron
microscopy strain mapping shows no shortage of techniques available, each with their own
advantages and drawbacks. Of particular interest, due to their wide fields of view and
nanometer resolutions, are electron holography and nano-beam electron diffraction (NBED).
Holography is usually achieved with off-axis setups[‘m, however these require an electron bi-
prism, which is difficult to achieve experimentally[124]. To bypass this experimental barrier, an
in-line dark-field holography (DFIH) setup was developed[lzs]. Though initially applied to semi-
conductors, here the applicability of DFIH to metals is investigated. Additionally, major
technological advances in imaging and computational technology have vastly improved the use
of NBED, as presented here. Both demonstrate the feasibility of 4D strain mapping[m] to be
used (§3.3.1), for example, during in-situ TEM mechanical tests of unirradiated and irradiated
Au thin-films (§3.3.2), to map strain as a function of time.

3.2.1 Dark-field Inline Electron Holography

Dark-field inline electron holography (DFIH) was developed to map strain by directly
measuring the phase of diffracted beams 1271 The phase of the diffracted beam is related to the
strain along with other factors such as the specimen thickness, through the mean-inner
potential of the material, and dynamic scattering. By capturing the phase of two non-collinear
diffracted beams, the two-dimensional strain tensor can be precisely determined. The setup for
DFIH is similar to conventional off-axis electron holography except that the experiment is
carried out in dark-field mode, i.e. that the diffracted beam is oriented along the optic axis by
tilting the incident beam, but with more relaxed requirements on the spatial coherence of the
electron beam™*!. A part of the diffracted beam emerging from an unstrained part of the
specimen, in this case away from visible defects, is interfered with the beam emerging from the
region of interest, and for a given specimen thickness and diffraction condition, the resulting
phase difference is due only to strain. With DFIH, a much larger area can be mapped as
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compared to high-resolution strain mapping techniques such as peak—finding[lzg] or geometric

phase analysis (GPA)[m]. This makes DFIH particularly attractive as a technique that could be
combined with in-situ TEM mechanical deformation studies, since large fields of view can be
mapped and the only additional capabilities required are the imaging of a focal series. The
technique of DIH can be pushed to a spatial resolution of 1 nm!% and the precision can reach
2.10-4 in strain profiles if lateral averaging is applied[131].

DFIH was used to map the strain distribution around a He bubble implanted in a Au thin-
film using an in-column Omega energy-filtered Zeiss Libra TEM operating at 200keV, with a 10
um objective aperture for a 0.8 nm spatial resolution. A dark-field focal series using a [111]
diffracting vector consisting was recorded with a step size of 2 um. The Full-Resolution Wave
Reconstruction (FRWR) algorithm software was used to calculate the strain field from the dark-
field focus series™™2.

3.2.2 Nano-beam Electron Diffraction

Nano-beam electron diffraction (NBED) is, as the name implies, a diffraction-based
technique that can be used to measure strain with high strain precision at nanometer spatial
resolution. This is achieved with a quasi-parallel electron beam with a diameter at full-width at
half-maximum on the order of a few nanometers, and convergence angle of only a few
milliradians. With such a nano-beam, lattice strain is probed only in the beam width from the
acquired diffraction pattern (DP). Then, by rastering the beam, a strain map can be made; the
resolution of which is dependent on the beam size, step size, and beam broadening through the
sample. Figure 3.2.1 shows a schematic of the technique used to acquire a strain map. The full-
view of the area to be mapped is shown on top, with a few representative DPs taken at
individual pixels shown below. The collective stack of DPs is then analyzed for lattice strain
along a specific direction, and the above image is re-plotted with the calculated lattice strain
values (see, for example, Figure 3.3.2).

Though not a new technique, nano-beam electron diffraction for strain mapping has
recently become feasible due to advances in both imaging technology, and data processing and
storage. The Gatan K2-IS direct electron detector camera (see also §2.3.2) allows for orders of
magnitude increases in frame rate, up to 1600 fps, which can lower the acquisition rate of a
large map, 128x256 pixels, to less than a minute. For comparison, at the usual 30 fps the same
size map would take over 18 minutes to acquire. This is important for many reasons, not the
least of which is a reduction in drift effects. Additionally, the ever increasing data storage limit
allows for the acquisition and storage of the ~30k images needed for nano-beam diffraction
strain mapping. And since the location of the K2 camera along the beam path allows for
simultaneous detection by a High-Angle Annular Dark-Field (HAADF) detector, concurrent strain
mapping and sample observation during in-situ TEM testing is feasible.
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Figure 3.2.1: Schematic of images acquired for NBED. Top image is a co-obtained HAADF
image of four bubbles in Au thin-film. Lower images are representative DPs taken at
individual pixels in the 128x256 pixel image.

NBED was carried out on the TEAM | instrument at the National Center for Electron
Microscopy at LBNL, whose three independent condenser lenses allow the formation of a sub-
nanometer electron probe with a semi-convergence angle of 1.5 mrad, using a 40 um
condenser aperture at 300 keV. Convergence angle is optimized for brightness and nearly
touching disks, as shown in the representative DPs in Figure 3.2.1. The microscope was set up in
Scanning Transmission Electron Microscopy (STEM) mode, and during simultaneous acquisition
of the HAADF image (256x128 pixel), a DP was acquired for every pixel position by the Gatan
K2-IS direct electron detector camera operating at 400 fps. The strain map was calculated from
the resulting data cube consisting of ~33000 nano-beam DPs using custom scripts[133]
implemented in DigitalMicrograph. The positions of the diffracted peaks are deduced for each
DP by cross correlation with an artificial mask, constructed to fit the size and shape of the spots.
A reference was defined in the unstrained gold thin-film and for each DP the transformation
matrix between the unstrained DP and the DP was calculated. Strain and rotation matrices
were deduced from the transformation matrix using polar decomposition.

3.2.3 In-situ Mechanical Testing

Tensile specimens of Au thin-films were prepared one of two ways. The first uses FIB to
shape the sample. A small piece of film is floated onto the PTP, as shown in Figure 3.2.2. The
PTP is affixed to a copper mounting stub with Crystalbond polymer adhesive, and placed in the
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dual-beam SEM/FIB. The FIB is then used to cut film away from the moving parts of the PTP
device, and finally to shape the sample (Figure 3.2.3). The final shaping step is done using blind
FIB cuts such that th e gage section of the sample is never imaged, and the only FIB damage is
at the shaped edges.

The second method is similar to that used in preparing nano-fiber tensile samples
(§2.2.2). Free-standing film is prepared by floating a small piece onto a standard copper TEM
grid. For holey film, first an appropriate area is selected. Criteria include two holes about 100
nm apart such that the ligand between them is a dog-bone shape, and no holes at least S5um
above where the tensile sample will be, as seen in Figure 3.2.4b. This is to ensure no stress
concentrations in the film aside from the intended gage section. After an appropriate area has
been found, e-beam deposited Pt (EBID-Pt) is laid in four thin support strips (Figure 3.2.4a).
Then three blind FIB cuts are made, leaving the end opposite the nano-manipulator still
attached (Figure 3.2.4b). After the nano-manipulator is attached to one end of the sample with
EBID-Pt, a last blind FIB cut is made to free the sample. It is then transferred and attached to
the PTP device using EBID-Pt. Finally, the side supports are cut away using small, blind FIB cuts,
made quickly and carefully to avoid redeposition and exposure to the ion beam (Figure 3.2.4d).
Tensile testing is then carried out per the method described in §2.2.

Figure 3.2.2: Schematic of thin-film floating technique. A small piece of Au thin-film on the
NaCl substrate, ~1x1 mm?, is placed into a Petri dish of DI water. It will float on the surface as
the NaCl dissolves and remain on the surface, provided it is handled delicately. The PTP is
then maneuvered underneath the floating film with tweezers. The PTP is then carefully raised
such that the film is laid over the gage section of the device.
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Figure 3.2.3 SEM micrographs. Left image shows PTP with floated Au thin-film. FIB cuts are
made to clear the film away from all moving parts. The zoomed-in image shows the final
tensile sample. All FIB cuts in this region have been made blind to minimize FIB exposure
damage.

Figure 3.2.4 SEM micrographs of thin-film tensile sample preparation. (a) 4 Pt support strips
are laid down using e-beam deposition and three sides cut using blind FIB cuts. (b) Nano-
manipulator is attached using e-beam deposition to the freed end of the sample. (c) The last
edge is cut using a blind FIB cut. (d) The sample is transferred to the PTP device and attached
using e-beam deposited Pt. The side supports are then cut away using blind FIB cuts.
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3.3 Results and discussion
3.3.1 Strain mapping irradiation defects

Alpha particles, or helium, are created in some materials during irradiation from
neutron-induced transmutation, particularly in the FCC austenitic steels used in reactor
pressure vessels!¥ and it is well known that helium bubbles affect mechanical propertiesms].
For example, bubbles are shown to be strong obstacles to dislocations in simulations®, and
cause dimensional instability, or swelling, once they grow into voids, which are un-pressurized
cavities. This neutron-irradiation-induced process can be experimentally simulated through
helium ion implantation. Helium is highly insoluble in metals, and helium bubbles, which are
pressurized cavities of helium, will nucleate at a vacancy cluster!*®®!, Experimentally, bubble
properties have been determined using several methods™*”), among them geometric
derivations using irradiation parameters (referred to henceforth as the geometric method or
GM). This is done with helium ion implantation experiments by first assuming all helium has
diffused to a cluster, and then estimating the number of bubbles and their size to gain a total
volume. Thus, an approximate helium density can be calculated from the number of helium
ions implanted. Alternatively, spectroscopic techniques, such as Electron Energy Loss
Spectroscopy (EELS) can be used 1381421 '|n a method developed by Walsh, et al. (1381 EELS is
used to measure the He density directly from the electron energy-loss signal. The appropriate
equation of state must then be used to calculate the pressure in the bubbles from the He
density. Both techniques yield the He density in the bubbles, though neither directly measures
the strain field created by the bubbles. Experimental investigations of bubble-filled
microstructures often use simplified correlations between size and pressure of the bubble to
estimate the mechanical properties. Presented here is an interesting case study regarding the
microstructural change of helium bubbles in irradiated Au thin-film, and more details can be
found elsewhere*??!.

3.3.1.1 Dark-field inline holography results

Free-standing irradiated gold thin-film is prepared using the methods outlined in §3.1.
Dark-Field Inline Holography (DFIH) is performed per the method outlined in §3.2.1. Figure
3.3.1 shows a strain map of a single He bubble in the Au thin-film measured using DFIH. The Au
thin-film is tilted to a [110] zone axis, and a combined dark-field focal series (Figure 3.3.1a)
using a [111] diffracting vector is used to determine a quantitative strain map (Figure 3.3.1b).
The bubble has a symmetric peak compressive strain of 0.67%. Note that the strain field of the
bubble is radially symmetric, such that the strain €, appears negative on one side and positive
on the other.
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Figure 3.3.1: (a) Dark-field focal series of single He bubble in Au thin-film. (b) Resulting &,
strain map of bubble determined through dark-field inline holography with inset strain
profile. The strain field of the bubble is radially symmetric, so the strain will appear negative
on one side and positive on the other. From %1,

3.3.1.2 Nano-beam electron diffraction results

Nano-Beam Electron Diffraction (NBED) on the same irradiated free-standing Au thin-
film used for DFIH, and performed per §3.2.2. Acquisition times were greatly reduced to ~80s
by using the Gatan K2 camera operating at 400 fps. Figure 3.3.2a shows a co-obtained HAADF-
STEM image revealing the presence of multiple bubbles in the acquisition window. For every
pixel position a nano-beam diffraction pattern was acquired. The summed diffraction pattern is
shown in Figure 3.3.2f, showing a [111] zone axis oriented Au grain. Figure 3.3.2b-e shows the
color-coded strain map calculated from the nano-beam diffraction patterns for different
orientations. A compressive strain is revealed at the interface of the bubble, with a maximum
magnitude of 0.7%.
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Figure 3.3.2: Nano-beam diffraction strain mapping. a) HAADF image of 4 He bubbles in Au

thin-film. b) &,, ¢) £,y d) &, e) rotation f) representative mean diffraction pattern. From '*],

52



3.3.1.3 Discussion of transmission electron microscopy strain mapping

The similar sizes and measured strains of the two electron microscopy strain mapping
techniques allow for direct comparisons using a single bubble. Used here is the large, 12 nm
diameter, bubble in Figure 3.3.2. The internal pressure of a gas-filled cavity is

P= ﬂ+or

R (3.3.1)
where the first term is the Kelvin relation****** for a cavity of radius R whose internal pressure
is in mechanical equilibrium with its surface tension, y=1.17 N/m for Au at room
temperature[137]. The second term o, is an all-encompassing term that represents any
mechanical stress at the cavity surface, and is equal to zero when the cavity is in mechanical
equilibrium with the surrounding matrix material. The annealing step, 633K for 15 minutes to
grow the helium cavities, was performed in-situ in the TEM. Thus, through direct observation,
the maximum internal cavity pressure can be estimated, as the cavity pressure must be below
the dislocation loop punching (LP) pressure, as other athermal mechanisms such as self-
interstitial creation or inter-bubble fracture or blistering, require higher internal pressures.
Dislocation loop punching is an athermal process whereby cavities relieve internal pressure and
grow through the creation of dislocation loops around the cavity. No loop formation was
observed during the anneal, the quench, or after. As such, it is likely the internal cavity pressure
is still below the LP pressure in the room-temperature strain mapping experiments. The upper
limit for the internal pressure of the cavity is then

PLP_E"'M_Z)

"R R (3.3.2)

where p=27 GPa is the isotropic shear modulus, and b=.2883 nm is the magnitude of the
Burgers vector. This neglects any energy barriers, and holds true for 2<R/b<10, with the full
expression dependent on the dislocation configuration, as discussed in Ch.2. As the 12 nm
bubble here would result in dislocation loops larger than R/b=10, the second term will be taken
as the extra pressure to create a larger prismatic loop, with the result™”!

Pt R 5GP
R 2aR,(1-v) \r

o

(3.3.3)

where R, is the radius of the nucleated dislocation loop, taken to be equal to R in this case,
v=.43 is the Poisson’s ratio, and r, is the core radius and taken to be equal to b. The maximum
strain at the cavity surface is then e=0,/u=4.1%, which is reasonable™*], Using then the ideal
gas law and the maximum pressure calculated in eq. 3.3.3 the maximum vacancy to helium ion
ratio, or helium density, in the 12nm diameter bubble can be calculated as 1V:6He. Note this
means a maximum of only 10.58% of the implanted helium is present in bubbles, using an
average bubble to film volume ratio of ~0.4% (Figure 3.1.4c), thus without an accurate measure
of the number and size of vacancy/gas clusters, a geometric method approximation would
result in high errors.

Due to volume interactions, the strain at the bubble interface could be higher than the
0.7% that was measured using the DIH and NBED strain mapping techniques. Thus, a minimum
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internal bubble pressure can be found using the strain mapping data. By setting 0,=.007u in eq.
3.3.1, the minimum internal pressure is calculated as P=579 MPa, which corresponds again, by
using the ideal gas law, to a minimum helium density of 1V:2.4He.

Further defect characterization is needed to show the accuracy of the presented
advanced electron microscopy strain mapping techniques, for example, by analyzing different
He implantation and annealing conditions. However, the results demonstrate the feasibility of
adopting 4D strain mapping during in-situ TEM testing to directly quantify strain fields around
individual defects. A particularly important implication of directly measuring strain is the
equation of state of these high-pressure cavities does not need to be known. This removes the
reliance on empirical equations of state, and moves computational methods towards to a more
fundamental understanding of the processes dictating mechanical properties and behavior.

3.3.2 Mechanical testing of unirradiated and irradiated Au thin-film

The role of helium and other irradiation-induced defects in mechanical property
evolution and degradation remains an outstanding issue. Computational studies have modeled
dislocation interactions with bubbles, stacking fault tetrahedra, faulted loops, etc., however no
experiments have quantitatively probed these interactions to date. This section presents a step
towards this goal. As in the testing of Mo-alloy nanofibers (Ch.2), presented here are the
collective defect behavior of edge-localized Ga®* FIB-shaped, He'" implanted, and their
combined effects, as compared to unirradiated, FIB-free Au thin-film. Where possible, the
engineering stress-strain data, the tensile loading crystallographic direction, and the measured
and calculated Young’s moduli are presented.

3.3.2.1 Unirradiated FIB-free (UFF)

Unirradiated holey Au thin-film was prepared following the procedure outlined in §3.1
and §3.2.3, and loaded in uniaxial tension according to §2.2.1. Figure 3.1.2 shows the ligand
between holes, or the gage section, is a single grain with tensile loading direction near <123>.
The surface contamination layer was examined with selected area electron diffraction (SAED)
and found to be primarily redeposited gold in an amorphous carbon matrix, likely forming
during the initial freeing from the film (Figure 3.2.4a,c) and/or the final cutting of the edge
supports (Figure 3.2.4d). In-situ video of the mechanical test was recorded at 30 fps, and the
mechanical data was determined with DIC measured strain. Interestingly, a sudden strain-
softening event occurs at 5.6% strain, or t=90.00s (Figure 3.3.3b-c), resulting in an 8.3%
increase in strain in 1/30™ second. The sample continues to neck in this region and deforms
plastically for a total elongation reaching 27.3% (Figure 3.3.3d). The fracture surface shows
ductile transgranular fracture, with typical ductile cup-cone geometry, indicating multiple active
slip systems.
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Figure 3.3.3: Still frame images from an in-situ TEM tensile test of FIB-free, unirradiated,
holey Au thin-film. (a) Initial microstructure. The black arrow indicates the tensile direction of
this and subsequent tests. (b) Frame before a sudden strain event, which occurs in less than
1/30th second. (c) After the strain event. (d) Frame before failure.

3.3.2.2 Unirradiated FIB-shaped (UFS)

Unirradiated continuous Au thin-film was prepared following the film-floating then FIB-
shaping procedure outlined in §3.2.3, and loaded in tension according to §2.2.1. Figure 3.3.4
shows the stress-strain curve and corresponding microstructure. The sample is loaded fairly
elastically, with some unbending, until it reaches an ultimate tensile strength of 310 MPa and
begins to plastically deform. The thin-film has significantly thinned in the middle of the gage
section by 5% strain (Figure 3.3.4c). A small crack has begun to form by 6% strain at a triple
junction (Figure 3.3.4d) and propagates transgranularly until 8.8% strain (Figure 3.3.4e), when it
quickly propagates through nearly the full width of the sample (Figure 3.3.4). The crack is
arrested before reaching the edge, leaving a small portion attached, requiring further loading
until it fails at 9.5% strain (Figure 3.3.4g). The primary failure grain is oriented with a tensile
direction of <-113>, with resulting highest Schmid factor (m=.44) slip systems of [-101](-1-11)
and [011](111). The measured Young’s modulus is 20 GPa, which is much lower than the
expected anisotropic modulus Eq13= 61 GPal103:105,106:146,147] " 1 discrepancy could be due to
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concurrent de-buckling of the sample in the elastic loading regime, or if the film thickness is
actually much thinner than the assumed 100 nm.
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Figure 3.3.4: in-situ TEM tensile test of FIB-shaped, Hel+ irradiated Au thin-film. (a) o= 0.
Initial microstructure. (b) 0=310 MPa After the first large load drop. At this point the sample
begins to thin noticeably in a band 60° to the loading direction. (c) 6=84 MPa The sample has
begun to thin 60° from the loading direction. Overlaid in blue dashed lines is the triple
junction where a crack will form. (d) 0=71 MPa A crack has formed in the sample at a triple
junction (black arrow). (e) 0=54 MPa The frame before the crack propagates transgranularly
across most of the sample. (f) 0=0 GPa. The sample fully unloads as the crack propagates
through nearly the full width of the sample. (g) 0=0 GPa. Final microstructure.
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3.3.2.3 Irradiated FIB-free (IFF)

Two FIB-free, He'" implanted samples are presented here, with different initial defect
structures. Both have a grain boundary in the middle of the gage section, but the first is
oriented with the primary grain loaded along the <014>, and the second along the <314>.
Additionally, the first sample has no visible He'* cavities, while the second does. The resulting
mechanical behavior demonstrates the effect anisotropy and initial microstructure can have.

The first sample, IFF1 (Figure 3.3.5), has no obvious cavities, and a grain boundary
orthogonal to the tensile direction at the minimum CSA point. The thin-film deforms fairly
elastically, until 4.33 GPa, when yielding is accompanied by plastic instability, similar to the UFS
sample above. This behavior is also seen in neutron-irradiated samples[lozl, where the yield
point increases with dose while the plastic instability point remains constant. In a similar
manner to the UFS sample, localized deformation can be seen near the sample edge, appearing
to crack. However, the crack does not propagate and instead the material glides easily.
Surprisingly, the sample does not fail at the grain boundary, and instead transgranular slip is
initiated at or near a {111} twin boundary, with the deformation geometry appearing very cup-
cone-like. Unfortunately, the sample surpassed the expected total elongation and was
therefore not taken to failure. The tensile direction of the primarily deformed grain is near
<041>, and the adjacent grain was loaded along <101>. If the calculated anisotropic elastic
modulus is taken as the average modulus in the two grains, Egsa1/101=65 GPa[103'105'106'146'147], then
the measured modulus, 63 GPa, compares nicely.

The second He'" irradiated sample, IFF2 was taken from an area less than 100 um from
IFF1, so that variations in beam intensity and film thickness between the two samples are
minimized. IFF2 (Figure 3.3.6), is similar to the first in that it has a grain boundary at the
minimum CSA point oriented orthogonally to the loading direction. However, visible bubbles
are observed in this sample near a twin (Figure 3.3.6a), ~400 nm away from the gage grain
boundary. It is possible there are bubbles closer to the gage section as their size ranges from 4-
10 nm and could be obscured by other damage in the 100 nm thick film, but none were directly
observed. The grains on either side of the gage grain boundary are both <111> oriented with a
28° rotation between the two. The tensile direction is then about +14° from [-101] in the left
grain and -14° in the right, or a mutual <134> tensile direction. The sample loads fairly
elastically until 1 GPa or 1.2% strain, though dislocation motion began at 0.27 GPa (Figure Xc).
In the elastic regime, the measured and calculated anisotropic Young’s moduli are 84 and 82
GPa!!0%105,106,146,147) respectively, or a 2% difference. At the ultimate tensile strength of 1.12
GPa, a crack has formed at the edge of the sample at the grain boundary. It grows slightly
before fully propagating along the grain boundary at 1.07 GPa, for a brittle intergranular failure.
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Figure 3.3.5: IFF1: In-situ TEM tensile test of He'* irradiated, FIB-free, holey Au thin-film. (a-e)
Still frames from in-situ TEM video. Loading direction of the primarily deformed grain is (a)
0=0. (b) Maximum tensile stress reached is 4.33 GPa. Slip is localized on or near a twin
boundary. (c) A crack forms (black arrow) at o= 2.87 GPa. (d) Frame before easy glide at o=
2.24 GPa. (e) At the end of easy glide, o= 0.89 GPa. (f) Frame before the sample begins to
unload at o= 0.84 GPa. The sample was not taken to failure.

58



0.8 . .
04
0.2 C
o 1 L
0 p 0.005 0.01 015 0. 02 300 nm
Engineering Strain

Figure 3.3.6: IFF2: In-situ TEM tensile test of He'* irradiated, FIB-free, holey Au thin-film. (a)
TEM micrograph of an area ~400nm away from gage area. Black arrow indicates several
cavities near a twin. (b-g) Still frames from in-situ TEM video. (b) 0=0. (c) Magnified and
cropped frame showing the first observation of dislocation motion from a spiral source (white
arrow) 0=0.27 GPa. (d) First large collective dislocation motion 6=0.51 GPa. (e) Crack initiates
(black arrow) 0=1.12 GPa. (f) Magnified and cropped last frame before failure 6=1.07 GPa. (g)
Sample after failure.

3.3.2.4 Irradiated FIB-shaped (IFS)

From a continuous region of the same film used for IFF1 and IFF2, a FIB-shaped sample
was cut and transferred according to §3.2.3. Figure 3.3.7 shows the progression of the tensile
test. Note the sample edges appear more irregular than those of the UFS sample (Figure 3.3.4).
A great effort was taken to minimize milling times, and the uneven edge is due to differing
milling rates of the different areas. Had the milling continued longer, the edges would be
smoother. The sample deforms elastically until a crack forms at a triple junction (TJ), shown in
Figure 3.3.7b. The crack slowly propagates transgranularly to the right, orthogonal to the
loading direction, but is stopped before reaching the edge. A crack initiates at the edge and
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propagates to the left before the sample fully fails. The left side of the initial crack begins
propagating intergranularly, but changes direction and finishes as transgranular propagation.
Total elongation was 19% and reduction in width was 23%, demonstrating that in addition to
the crack there was quite a bit of plastic deformation elsewhere. Largest grain, one to the right
of the TJ, is <110> oriented for a loading direction of <002>.

a Os b 17.33s c 146.63s

f 225.33s-end

Figure 3.3.7: Still frame images from in-situ TEM tensile test of He'* irradiated, FIB-shaped Au
thin-film. (a) Initial microstructure. (b) Dashed line overlay of the triple junction where a
crack initiates. (c) Crack has initiated (white arrow). (d) The crack has primarily propagated
transgranularly (black arrow). (e) Another crack has formed at the sample edge (black arrow).
(f) Final microstructure.

3.3.2.5 Discussion

Figure 3.3.8 shows a summary of the mechanical behavior of the four irradiation
conditions investigated and Table 3.3.1 summarizes the maximum strain and stress reached by
each sample. Irradiation-defect free Au, sample UFF, experiences a sudden 8.3% increase in
strain and fails transgranularly; UFS deforms by first initiating a crack at a triple junction and
fails transgranularly with a comparatively low total elongation; IFF1 has no visible He'" cavities,
initiates slip on or near a grain boundary, is highly ductile, and fails transgranularly; IFF2 has
visible cavities near, but not in the gage section, and is the only sample to fail intergranularly;
the combination of He'* irradiation and Ga*" ion beam shaping, sample IFS, results in failure
initiating at a triple junction after a relatively high total elongation.
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Figure 3.3.8: Bright-field TEM micrographs of Au thin-film showing failure modes of the four
irradiation conditions.

Table 3.3.1: Summary of maximum strain and ultimate tensile stress reached for each sample.
UTS could not be determined for UFF and IFS.
Sample UFF | UFS | IFF1 | IFF2 IFS

%E max 27 9.5 | »25 1.7 20
UTS (GPa) NA | 031 | 433|112 | NA

It is possible the sudden strain event (8.3%) of UFF is due to the redeposited Au-C
surface contamination layer acting as a hardened shell, which causes a sudden strain event
once it fails. However, this behavior was not seen in the other two FIB-free samples with similar
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contamination layer thicknesses, and the calculated and measured moduli of the other two
samples match quite well. If the contamination layer were acting as a hardened shell, the
modulus would be higher than expected due to a higher shell modulus and by not including the
shell thickness in the CSA measurement. It appears, then, that the contamination layer is not
contributing any appreciable effect to the mechanical properties. The surface contamination
layer could act as a barrier to dislocation annihilation at the surface, creating a pileup, which
could result in a strain burst once overcome. For a strain of 8.3%, a minimum of 250
dislocations must be created in 1/30" second. If a single spiral source is considered, the surface
node velocity must be ~6mm/s. Presumably, the UFF sample has fewer initial defects, and as
such, the sudden strain event in radiation damage-free films indicates a failure mode that is
defect density driven. And indeed, the sample has far fewer defects after the strain burst. To
explore this hypothesis the irradiated samples are considered.

30 keV Ga3' FIB-shaping defects include amorphization, Ga** implantation, and small
defect clusters, but should be localized to ~10 nm of the incident surface®3%3%! The UFS stress-
strain curve shows similar behavior to in-situ SEM tensile experiments of <100> oriented FIB-
shaped Ault®l, Though the SEM experiments show a strength-size dependence, the vyield
strength is around 300 MPa or below, with failure strains reaching 10-20%. These TEM
observations shed some light on the size-effect seen in the SEM study. Cracks were arrested in
both FIB-shaped samples at the FIB-damaged edges. It is likely, then, that dislocations are
likewise arrested at the edges. For samples fully shaped by the FIB from the bulk, this results in
a core-shell structure. Indeed, 3-D DD simulations of FCC pillars have shown that an increased
external barrier strength will trap dislocations resulting in an increased flow strength as size
decreases™**).

As defect pinning strengths increase, yield strength increases. Irradiation defects such as
SFTs, other vacancy clusters, and low-pressure bubbles are sheared by passing dislocations, and
can result in the removal of barriers in a channel, localizing slip to this band and decreasing the
uniform elongation. As defect pinning strength increases, the Orowan mechanism must take
over, leading to cross-slip, double cross-slip, loop creation, etc, increasing work hardening. Both
FIB-free irradiated samples show increased strength over UFF and UFS, which is expected for
irradiation defects acting as barriers to dislocation motion. However, the remarkable difference
in mechanical behavior between the two IFF samples, one failing with the most ductility and
the other the least, does not inspire confidence in the present testing scheme, as clearly,
crystallographic orientation is a strong factor in these tensile tests.

Only two thing can be said about this set of experiments with any confidence: one, FIB-
shaping clearly has some effect at the edge, as initial cracks start at the edges in FIB-free
samples, but initial cracks form at triple junctions in FIB-shaped samples, with the edges
actually arresting crack propagation; and two, crystallographic orientation plays a large role in
determining mechanical behavior at these conditions. These tests include some of the first FIB-
free single grain boundary tensile tests and demonstrate the feasibility of investigating grain-
boundary effects like embrittlement. However, to effectively study defect mechanisms in thin-
films, more control over the initial microstructure, perhaps with bi-crystalline film, is needed.
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3.4 Summary and conclusions

The local strain around the helium bubbles is an important parameter in understanding
evolving mechanical properties of irradiated materials, but difficult to determine
experimentally. Therefore, two novel strain mapping methods, nano-beam diffraction and dark-
field inline holography, have been implemented. Nano-beam diffraction strain mapping of a
large area at high resolution was carried out using a high frame rate detector. Dark-field inline
holography was used to measure the strain field around a bubble at high precision,
demonstrating the applicability of this technique to metallic systems with nanoscale defects.
Both methods found a peak strain around ~10 nm bubbles of 0.7%, correlating to an internal
pressure of 580 MPa, or a vacancy to helium ion ratio of 1V:2.4He. The present work is of
general interest for materials design, as it demonstrates how to tailor nanoscale strain fields
and measure them with high precision.

Mechanical testing of the same He'* implanted Au thin film did not generate many
conclusions when compared to unirradiated and FIB-shaped films, as grain number and
orientation results in highly anisotropic behavior at this size scale, obscuring any trends.
However, FIB-shaped edges are shown to arrest crack propagation in both unirradiated and
irradiated samples, and failure initiates away from these edges, at triple junctions, which is not
the case for FIB-free samples. Furthermore, FIB-shaped samples, though ductile, do not exhibit
the cup-cone geometry of their FIB-free counterparts. However, crystallographic grain
orientations in the film may preclude multiple-slip or single-slip behavior, thereby leading to
this observation. It is also interesting the only sample with brittle failure has visible He'*
cavities, indicating that helium can indeed embrittle grain boundaries at room temperature.
Again, though, crystallographic orientation plays a factor here and cannot be discounted. Thus,
further testing with well-defined grain orientations and boundaries is needed before drawing
any real conclusions.
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4. Conclusion

Presented in this work are in-situ TEM experiments using a picoindenter and digital
image correlation to quantitatively measure stress and strain at 15 to 400 frames per second,
and dark-field inline holography and nano-beam electron diffraction to map strain in large fields
of view. In-situ TEM experiments of a model BCC material, Mo-alloy nano-fibers, show three
main results: one, the local true stress around a Frank-Read source activation was measured,
with results that compare remarkably well to predicted stress values using the radius of
curvature and a large bow-out model; two, the attempt to capture the mechanism responsible
for the sudden, large strain bursts seen in dislocation exhausted and starved Mo-alloy nano-
fibers using the Gatan K2 camera, show tensile samples fully fail rather than strain soften; and
three, the in-situ TEM mechanical tests of unirradiated and He'* and Ni** irradiated fibers show
that collective defect behavior, regardless of type, can lead to similar mechanical properties
such as yield strength, ultimate strength, number and size of load drops, and total elongation.
In-situ TEM experiments of a model FCC material, Au thin-film, show two main results: one, two
novel strain mapping methods, nano-beam diffraction and dark-field inline holography,
measure a peak strain of 0.7% in the matrix surrounding ~10 nm bubbles, correlating to an
internal bubble pressure of 580 MPa, or a vacancy to helium ion ratio of 1V:2.4He; and two,
mechanical testing of the same He'* implanted Au thin film could not generate many
conclusions when compared to unirradiated and FIB-shaped films, as grain number and
orientation results in highly anisotropic behavior at this size scale, obscuring any trends.

With this thesis, the groundwork for measuring and understanding fundamental defect
physics is laid. Immediate future applications of the presented methods include a more detailed
analysis, perhaps by using transient strain mapping, of defect interactions, as in the pinning and
de-pinning of mobile dislocations by sessile loops in F6 (Figure 2.3.4), which can then be directly
compared to current and future defect interaction simulations. Indeed, as mentioned earlier,
nano-beam electron diffraction has very recently been applied to in-situ mechanical
experiments[lzsl. Another exciting possible application of strain mapping and in-situ heating or
irradiation is the study of the helium bubble to void transition. More long-term experimental
hurdles include increasing camera frame rates to study the dislocation multiplication processes
that are still too fast to be captured.

The findings of this work demonstrate the reality and feasibility of applying these high-
resolution quantitative stress and strain measurement techniques to many in-situ TEM tests.
Perhaps the most exciting result presented in this work is that the activation stress of a Frank-
Read source can not only be measured with high load and displacement resolution using a
commercially available picoindenter and digital image correlation, but that it compares so well
to predicted stress values using the dislocation radius of curvature or a simple large bow-out
model. This demonstrates that there is no inherent difference between a 300 nm Mo-alloy
nano-fiber and a continuum based model. The important implication then, is that small-scale
samples can be used to study unit defect interactions without apparent consequence.
Additionally, these represent some of the first in-situ TEM tensile experiments of FIB-free single
grain boundaries. Results show the sample preparation and testing methods are sound, and
with a more controlled microstructure real insights into defect evolution in extreme
environments can be gained.
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