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The original vision of organic electronics comprises the use of organic conductors 

and semiconductors specifically designed to accommodate large strains to enable highly 

deformable and mechanically robust devices for organic photovoltaics, biosensors, and 

electronic skins. However, mechanical properties of organic materials are often 
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overlooked; as a result, many of these materials are unable to accommodate the mechanical 

stresses required for their intended applications. Thus, it is important to understand the 

parameters that govern mechanical properties of these materials. Chapter 1 provides an 

introduction to the characteristics, applications, and fabrications of stretchable electronics. 

The idea of intrinsically stretchable electronics comprising molecularly designs of 

semiconducting polymers is outlined. Chapter 2 focuses on the mechanical degradation and 

stability of organic solar cells. The key highlights are the importance of mechanical 

properties and mechanical effects on the viability of organic solar cells during manufacture 

and in operational environment. Chapter 3 and Appendix A investigate the effects of the 

length of the alkyl side chains in poly(3-alkylthiophenes) on the deformability of the pure 

polymer films and their blends with fullerenes. Chapter 4, 5, and Appendix B provide 

studies on the inherent competition between good photovoltaic performance and 

mechanical compliance; a critical length of the alkyl side chains on the poly(3-

alkylthiophene) allows for co-optimization of both photovoltaic and mechanical properties. 

In Chapter 6 and Appendix C, the effect of incompletely separated grades of electron 

acceptors on the mechanical deformability of organic solar cells is investigated in an effort 

to simultaneously improve the mechanical robustness of the organic solar cells and reduce 

the energy of production. Chapter 7 describes the plasticization of the common transparent 

electrode using common processing additives. Chapter 8, 9, and 10 investigate the 

mechanical properties of low-bandgap polymers as the function of the molecular structure 

and solid-state packing. Chapter 11 introduces a novel experimental method, photovoltaic 

mapping (PVMAP), which combines the use of non-damaging electrode and gradients in 

processing parameter to spatially map the photovoltaic properties of organic solar cells. 
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Abstract 

 This Perspective describes electronic materials whose molecular structure permits 

extreme deformation without the loss of electronic function. This approach—“molecularly 

stretchable” electronics—is complementary to the highly successful approaches enabled 

by stretchable composite materials. We begin by identifying three general types of 

stretchable electronic materials: (1) random composites of rigid structures sitting atop or 

dispersed in an elastic matrix, (2) deterministic composites of patterned serpentine, wavy, 

or fractal structures on stretchable substrates, and (3) molecular materials—non-composite 

conductors and semiconductors—that accommodate strain intrinsically by the rational 

design of their chemical structures. We then identify a short-term and a long-term goal of 

intrinsically stretchable organic electronics: the short-term goal is improving the 

mechanical stability of devices for which commercialization seems inevitable; the long-

term goal is enablement of electronic devices in which every component is highly elastic, 

tough, ductile, or some combination thereof. Finally, we describe our and others’ attempts 

to identify the molecular and microstructural determinants of the mechanical properties of 

organic semiconductors, along with applications of especially deformable materials in 

stretchable and mechanically robust devices. Our principal conclusion is that while the 

field of plastic electronics has achieved impressive gains in the last several years in terms 

of electronic performance, all semiconducting polymers are not equally “plastic” in the 

sense of “deformable,” and thus materials tested on glass substrates may fail in the real 

world and may not be amenable to stretchable—or even modestly flexible—systems. The 

goal of this Perspective is to draw attention to the ways in which organic conductors and 
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semiconductors specifically designed to accommodate large strains can enable highly 

deformable devices, which embody the original vision of organic electronics.  

 

1.1. Electronics in the 21st century 

1.1.1. Plastic electronics 

Advances in two branches of materials science in the twentieth century left virtually 

no aspect of modern life untouched: plastics and semiconductors. It is little wonder that the 

advent of the hybrid technology, plastic electronics, in the form of conducting and 

semiconducting polymers—for which Heeger, MacDiarmid, and Shirakawa were awarded 

the Nobel Prize in Chemistry in 2000—excited researchers in fields as diverse as 

condensed matter physics and biomedical engineering.1 Early work focused on improving 

the conductivity of polyacetylene2,3 and unsubstituted polymers of aromatic compounds.4 

This period was also characterized by an interest in the bulk properties familiar to polymer 

scientists, namely mechanical and thermal properties, and processability.2-6 The early 

1990s, however, saw the discovery of the polymer solar cell7-9 and light-emitting device,10 

and substantial development of the polymer field-effect transistor.11-13 Research in the area 

turned toward improving the performance of these devices, while bulk properties became 

less prominent. As work on devices began in earnest, researchers have attained electronic 

figures of merit that might have been difficult to predict a decade ago.14,15 Among other 

achievements, organic semiconductor devices have been prepared with charge-carrier 

mobilities well over 10 cm2 V–1 s–1,14 and efficiencies of organic solar cells have surpassed 

ten percent.16 
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Investigating organic semiconductors and devices with the goal of improving the 

electronic figures of merit however, has left important aspects such as mechanical 

compliance behind. The names “plastic electronics” and “flexible electronics” are virtually 

synonymous with organic and polymer electronics,17-19 but the descriptors mask the wide 

variety of mechanical properties possessed by organic conductors and semiconductors.20 

Evaporated films of pentacene20 and drawn fibers of polyacetylene,1 for example, have 

tensile moduli >10 GPa, while polyaniline films can have moduli around 10 MPa (though 

these films were likely plasticized by residual solvent).20 The mechanical properties of 

semiconducting polymers with common structural characteristics, such as polythiophenes, 

vary with a strong dependence on factors such as the length of the alkyl side chain.21,22 We 

previously found large differences in elasticity and ductility between polythiophenes 

whose structures differed by a single carbon atom on the alkyl side chain.22 We measured 

a tensile modulus of 1.15 GPa for poly(3-hexylthiophene) (P3HT, Figure 1.1) and 90 MPa 

for poly(3-heptylthiophene) (P3HpT), and the stiffer material was also significantly more 

brittle.21,22 The transparent conductive polymer PEDOT:PSS also exhibits a large 

dependence of mechanical compliance on the presence of common additives (e.g., 

surfactants and secondary dopants),23,24 and the modulus and ductility of polymer:fullerene 

composites for organic solar cells are strongly dependent on the identity of the 

polymer21,22,25,26 and the conditions used to cast the thin films.27 In the design of new 

organic electronic materials, however, mechanical properties are generally not considered, 

but almost certainly occupy a range of values that is relevant to the stability of devices in 

the solid state. 
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Figure 1.1. Chemical structures of conjugated polymers discussed in the text. 

There are at least two reasons to increase the priority of mechanical compliance in 

research on organic semiconductors. The first reason is to improve the mechanical stability 

of flexible organic devices that now seem destined for commercialization.28-31 Nominally 

flexible devices, especially those for portable outdoor use, will be subjected to bending, 

tensile, and shear stresses produced by roll-to-roll fabrication, manipulation, thermal 

expansion and contraction, and the forces produced by wind, rain, and snow.28 Even small 

forces will produce large strains if the devices are fabricated on ultra-thin substrates,19,32 

which are required to obtain significant reductions in cost32 and embodied energy33 

possible with organic devices. Encapsulating these devices in glass will surrender 

essentially all of the advantages that define the field. The second reason to understand and 

improve the intrinsic mechanical properties of organic semiconductors is for the 

burgeoning field of stretchable electronics.34-39 That is, electronic materials and devices 

designed for form factors inaccessible to conventional metals and semiconductors on stiff, 

planar substrates.36 These applications include consumer devices and textiles,40 systems for 

energy conversion and storage,28,38,41,42 and biomedicine, such as implantable sensors,43,44 
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artificial retinas,45,46 artificial skin for prostheses,19,47-50 and sensors for soft robotics.51,52 

Compared to inorganic semiconductors, an ability that remains mostly unique to organics 

is facile chemical functionalization,53,54 which can tune the bandgaps of individual 

semiconductors for multijunction solar cells,55,56 provide chemoselectivity for chemical 

and biological sensors,57 allow electrochromic behavior for all perceptible colors,58-61 and 

tailor the mechanical compliance for specific applications in portable displays,62 solar 

cells,21,22,25,26 and biomedical devices.19,45 

 

1.1.2. Limitations of conventional semiconductors and devices.  

Silicon integrated circuits (ICs) are man-made devices of unmatched 

sophistication.63 Technological advancements—e.g., purification of silicon, resolution of 

photolithography, and design of integrated circuits—combined with enormous economic 

driving forces have rendered these devices ubiquitous. The scale of investment, 

performance metrics, and extraordinarily low rate of error present in a silicon IC suggest 

that achieving the same level of computational sophistication could take decades to 

accomplish with nanocarbon, nanowires, nanocrystals, and organics.64  Silicon ICs are, 

however, relatively expensive, and the contribution of cost and embodied energy of a 

typical device is dominated by the complexity of the manufacturing phase of its life cycle 

(it consumes comparatively little energy during the “use phase”).65,66 They are also 

generally limited to rigid substrates and planar geometries. For applications in chemical 

and biological sensing, displays, and energy, it may be permissible to sacrifice 

computational speed and other performance metrics for the sake of another attribute, such 

as low cost or mechanical compliance.  
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1.2. Stretchable electronics 

1.2.1. Stretchable (not just flexible) systems 

Stretchable electronics are both an extension and significant departure from flexible 

electronics.36,67-71 Flexible systems are characterized by active materials that can withstand 

small bending radii by virtue of their thinness (though greater bending strains can be 

applied if the thin material is itself highly elastic).19,32,72,73 For thin substrates under bending 

deformation, the tensile strain imposed on the apex of the bend, εpeak, is equal to the ratio 

of the thickness of the substrate, ds, to the diameter of curvature, 2r, or εpeak = ds/2r.72,74 For 

films whose thickness is small compared to that of the substrate and whose mechanical 

properties are similar to those of the substrate,72 it is clear that even very brittle materials 

(such as crystalline silicon, which fractures at 0.7% strain74) can be bent to operationally 

small values of r, but this ability is, nevertheless, critically dependent on the thinness of 

the substrate.32 In one of the most impressive demonstrations of the flexibility of organic 

semiconductors to date, Kaltenbrunner et al. fabricated an organic solar cell based on a 

composite of poly(3-hexylthiophene) and [6,6]-phenyl C61 butyric acid methyl ester 

(P3HT:PCBM) on a 1.4-µm polyester foil and achieved bending radii ~35 µm (Figure 1.2a 

and 1.2b).32 To render this device stretchable, the authors bonded it to a pre-strained 

elastomeric substrate. Release of the pre-strain generated wrinkles that accommodated 

further cycles of strain.32 
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Figure 1.2. Organic solar cells fabricated on ultra-thin polyester substrates. (a) Schematic diagram. (b) 

Device partially wrapped around a human hair. (c) Power-to-mass ratio for several photovoltaic technologies. 

This plot highlights the potential cost savings of OPV devices, which are 5–10 times more efficient than the 

second-most efficient technology per unit mass. Reproduced with permission from ref. 32, copyright 2012 

Nature Publishing Group. 

 

The seminal studies that characterized the behavior of metallic and other thin films 

on compliant substrates for ultra-flexible and stretchable applications were those of 

Hutchinson and Whitesides;75,76 Lacour, Suo, and Wagner;34,77-82 and Lu and Vlassak.83,84 

Rogers and coworkers, in addition to substantially furthering the fundamental thin-film 

mechanics and the design criteria of the geometries intended to accommodate strain in 

flexible and stretchable form factors,35-37,67,85-88 also demonstrated several successful 

applications, including a hemispherical electronic eye camera,46,87,89 the first stretchable 

solar module,42 electrotactile devices,90 and conformable devices for in vivo use in brain43 



9 

 

 

 

and cardiac44 electrophysiology. Recently, tattoo-like69 and bioresorbable91 materials have 

added significantly to the toolkit of stretchable devices. Someya and coworkers have 

pioneered the use of stretchable layouts and conductive elastomers to confer stretchability 

to organic electronics, and have made substantial progress in the areas of electronic skin-

like sensors, solar cells, and conformable light-emitting devices.19,47,70,92-95 These authors 

and others realized that devices exhibiting only flexibility were limited to bending 

deformations and cylindrical or conical form factors. In order to enable deformation in 

response to tensile and compressive stresses, elasticity and ductility—i.e., stretchability—

is required. 

 

1.2.2. Methods of making electronics stretchable 

Methods of rendering otherwise brittle materials stretchable fall into three broad 

categories that can be differentiated, with some overlap, on the size scale at which they 

accommodate strain.28,88 The first approach, based on random compositing (Figure 1.3a – 

1.3c), depends on percolated pathways for charges. This method is broad and includes 

intentionally fractured thin films34,77,78,80-82 and bulk composite materials that contain 

conductive nanoparticles.96-99 The second method, based instead on deterministic 

compositing (Figure 1.3d and 1.3e), converts global tensile strains to local bending strains 

using laterally or topographically patterned thin films.23,79,88,100,101 These two- or three-

dimensionally patterned structures include fishnet47 or fractal88 geometries that 

accommodate strain by out-of-plane twisting.69 A related technique includes exploiting the 

micron-scale sinusoidal wrinkles that form on a thin film on an elastic substrate under 

compressive strain;102,103 these waves accommodate tensile strains by local 
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unbending.35,79,104,105 The third method—the focus of this Perspective—does not in 

principle rely on composite structures. Rather, the conducting and semiconducting 

materials accommodate strain by virtue of their molecular structures and morphology in 

the solid state (Figure 1.3f and 1.3g). The borderline between composite stretchable 

materials and molecularly stretchable materials is not always distinct. An exemplary case 

is the loudspeaker reported by the groups of Suo and Whitesides fabricated from a 

stretchable, transparent, ionic conductive membrane.106 

 

Figure 1.3. Images of representative examples of mechanisms for producing stretchable electronic materials: 

percolation through random networks (a–c), deterministic patterning of waves and fractals (d, e), and use of 

elastic molecular materials. (a) High-contrast photograph of a stretchable, transparent pressure sensor based 

on wavy films of carbon nanotubes embedded in a silicone elastomer (scale bar, 1 cm). (b) Photograph 

exhibiting extreme flexibility and transparency. (c) Atomic force micrograph, phase contrast, of bundles of 

buckled carbon nanotubes (scale bar, 600 nm). (d) Photograph of metallic wires in a fractal pattern adhered 

to skin (scale bar, 1 cm). A blow-up within the region indicated by the red box is shown in the optical 

micrograph (scale bar, 1 mm) and (e) in the scanning electron micrograph (scale bar, 500 µm). (f) 

Photographs of an ultra-flexible and stretchable organic light-emitting device fabricated using carbon 

nanotube-based top and bottom electrodes and an intrinsically stretchable emissive layer based on a 

stretchable polyfluorene conjugated polymer (PF-B), PEO-DMA, and LiTf (g). (a–c) Reproduce with 

permission from ref. 107, copyright 2011 Nature Publishing Group. (d, e) Reproduced with permission from 

ref. 88, copyright 2014 Nature Publishing Group. (f, g) Reproduced with permission from ref. 108, copyright 

2014 Wiley-VCH Verlag GmbH & Co. KGaA. 
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1.2.3. Random composites for stretchable electronics 

One method of producing a material that is on the whole stretchable is to start with 

an intact material—e.g., a film on a stretchable substrate—and stretch it to fracture it 

deliberately.78 Many materials naturally form fractured surfaces that nonetheless maintain 

uninterrupted pathways for conducting charge.34 This approach has enabled stretchable 

interconnects as well as devices whose active components require only conductivity, such 

as capacitive tactile sensors.77 The mechanism of reversible deformation and evolution of 

conductivity under cyclic loading has been characterized by Lacour and coworkers for 

metals.78 A later study determined that intentional fracture is also an effective strategy for 

producing stretchable transparent electrodes from the transparent conductor PEDOT:PSS 

(see Figure 1.1 for structure) on polydimethylsiloxane (PDMS) substrates.23 The authors, 

however, noted that the relationship between strain and conductivity was critically 

dependent on the method by which the hydrophobic substrate was activated: brittle plasma-

oxidized surfaces cracked upon straining and propagated these cracks through the 

PEDOT:PSS film.23 These cracks rendered the film non-conductive upon very small 

strains.23 Another type of stretchable random composite can be produced from micro- or 

nanostructures, such as two-dimensional plates or one-dimensional wires, which sit atop 

or are mixed into an elastomeric matrix. Such materials comprising graphene,98 conductive 

nanowires,108-110 or other conductive particles retain percolated pathways while absorbing 

strain, presumably by sliding motions of the components111 or by dynamic 

reconfiguration—loss and reformation—of electrical connections with strain within or on 

top of the stretchable matrix.23,112 In one study, stretchable transparent conductive films of 

carbon nanotubes were spray-coated on PDMS substrates, stretched, and then relaxed.107 
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The first cycle of stretch-and-release generated buckles whose amplitudes were parallel to 

the substrate, and which accommodated subsequent cycles of stretching.107 Films of this 

type have among the most favorable combinations of elasticity, conductivity, and 

transparency of any material in the literature, and have been used for transparent, elastic 

pressure and strain sensors.107 

 

1.2.4. Deterministic composites for stretchable electronics 

The most successful stretchable electronic devices produced so far have used a 

deterministic strategy that combines photolithography and soft lithographic printing of 

metals and semiconductors on elastic substrates,88 which may or may not bear relief 

structures to localize strain to specific areas of the device.42 One method is to exploit the 

topographic buckles that form when an elastic substrate bearing a relatively rigid film is 

compressed.79 This approach has been developed and utilized with extraordinary success 

by Rogers and coworkers.35,68,74 While the use of buckled silicon nanomembranes35 and 

patterns of metals as interconnects79 are well known, the method has also been used on 

semiconducting polymers for the first stretchable organic solar cell,38 stretchable organic 

thin-film transistors,113 and stretchable supercapacitors based on thick buckled films of 

carbon nanotubes.104 Another approach is to use serpentine or fractal patterns,88 which 

accommodate strain by out-of-plane bending and twisting. This approach has been used in 

optoelectronic devices, along with epidermal, tattoo-like biosensors,69 electrotactile 

fingertip sensors,90 and biologically resorbable devices.91 A common element to both 

random and deterministic compositing is that an elastic substrate provides the restoring 

force, and that typically the most sensitive components (e.g., the semiconductors) are 
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located near mechanically neutral planes90 or on thicker regions of the substrate.42 Thus, 

most of the strain is absorbed in the regions containing the conductors, whose function is 

not generally sensitive to bending strains.  

 

1.2.5. Molecular materials for stretchable electronics 

A complementary approach to random and deterministic compositing is to design 

and use materials that can accommodate strain by virtue of their molecular structure and 

morphology, as opposed to topology.21,22,25,26,108,110,114 These intrinsically—or 

“molecularly”—stretchable materials could simplify patterning (e.g., by printing on 

elastomeric sheets) and in principle would not require design of relief structures to direct 

strain away from sensitive semiconducting components. Molecularly stretchable materials 

based on π-conjugated polymers and small molecules would have additional advantages 

associated with their organic nature, including low-cost,115,116 facile manufacturing,117 and 

tunability by synthesis.118 The remainder of this Perspective focuses on work by our group 

and by other researchers (1) to understand the molecular structural parameters that 

determine the mechanical properties of organic semiconductors and (2) to apply this 

knowledge toward the realization of mechanically robust and intrinsically stretchable 

optoelectronic devices. 

  

1.3. Mechanical properties of organic semiconductors 

1.3.1. Plastic electronics 

The promise of organic—especially polymeric—conductors and semiconductors 

is, somewhat obviously, to produce plastic electronic devices. The common perception is 
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that all organic electronic materials are already highly flexible and elastic. The origin of 

this notion, we believe, arises from both the small bending radii allowable by the thinness 

of organic semiconductors, along with the now-synonymous relationship of the words 

“polymer” and “plastic.” While these words are interchangeable in everyday speech, the 

word plastic implies deformable, and is an adjective that does not describe all π-conjugated 

polymers to the same extent.20,21,119 Conjugated polymers exhibit a range of mechanical 

behavior that depends on the presence of fused or isolated rings in the main chain,114,119 

length and composition of any pendant groups,21,22 propensity to form crystallites,27,119 and 

microstructural order.26 The work of Heeger, Smith, and Wudl characterized the 

mechanical properties of early conjugated2-4 and other comb-like polymers,5 but the 

discovery and development of the polymer light-emitting device by Friend,10 and the 

discoveries of the bulk heterojunction solar cells by Heeger and Wudl,7,120 and 

independently by Friend,9 combined with the steady increase in performance of the organic 

thin-film transistor12,13 in the 1990s, refocused attention from mechanical properties to 

electronic ones. New polymers with bandgaps that can be dialed in by synthesis,15,118,121 

computational tools that relate charge transport to molecular structure and packing in the 

solid state,122 and spectroscopic, micrographic, and synchrotron-based methods of linking 

morphology to charge-transport characteristics are the subject of an enormously successful 

literature123 that has propelled organic devices from laboratory curiosities to modules that 

can compete with or outmatch other thin-film technologies in several important metrics.124 

In the field of “plastic electronics,” the focus on the second word may have come, however, 

at the expense of the first. There are, we believe, both near-term and long-term goals for 

increasing the elasticity, toughness, and ductility of organic semiconductors.21,22,29,30,125-130 
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The first, near-term goal, is to enable organic electronic devices—e.g., roll-to-roll 

fabricated organic solar modules—to survive the rigors of manufacture, transportation, 

installation, and manipulation in portable applications and environmental forces in utility-

scale applications.131 Indeed, the “Workshop on Key Scientific and Technological Issues 

for Development of Next-Generation Organic Solar Cells,” sponsored by the National 

Science Foundation and Office of Naval Research in 2012, identified mechanical behavior 

as an important component of future research:31 

Do organic cells fracture cohesively or at interfaces when temperature 

cycling causes some layers to thermally expand more than others? What has 

to be done to prevent solar cells from failing mechanically?             

                  –NSF/ONR Workshop Report, September 2012. (Ref. 31) 

 

As a matter of fact, the most popular active material for organic solar cells is a blend of 

P3HT and a fullerene derivative (PCBM), which fractures at ≤2.5% tensile strain on PDMS 

substrates.119 Krebs et al. noted that for portable organic solar modules deployed in rural 

Africa:132   

…mechanical failure mechanisms were dominant during the field test and 

therefore these would have to be improved significantly before the 

photochemical stability of the [semiconducting] polymer becomes a 

problem.       –Krebs et al.132 

 

For portable and outdoor applications, it is likely that mechanical degradation is a principal 

route by which organic solar cells fail. Mechanical routes of degradation include cracking 

and cohesive failure29,127,129 of the individual components, and interfacial failure30,128 (e.g., 

between the organic semiconductor and the electrodes). Molecular control over the 

elasticity, ductility, toughness, and surface energy would seem to be a priority for research 

in organic solar cells, but has received relatively little attention in the body of literature 

concerned with the stability of devices133,134 (a notable exception is the work of the 
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Dauskardt laboratory29,30,127-129). Proposed solutions that involve manufacturing and 

encapsulating devices using thick polymeric or glass layers abandon many of the 

advantages of organics, not the least of which is the low production energy of conjugated 

polymers and semiconducting small molecules, and the minute quantities required.33,116,135 

Indeed, the analysis by Anctil et al. has shown that the 130-µm poly(ethylene terephthalate) 

(PET) substrates and encapsulants most commonly employed for flexible organic solar 

cells make up around twenty percent of the embodied energy of conventional modules33 

and by extrapolation around forty percent in modules that do not contain ITO. Exploitation 

of the extraordinarily favorable ratio of power to mass possible with organics32 cannot 

proceed using thick substrates and encapsulants, but thin substrates will endure large strains 

even with relatively small forces. The use of thin substrates and encapsulants is thus 

contingent on favorable mechanical properties of organic semiconductors. A complete 

picture of the factors that describe the interplay between mechanical and charge-transport 

properties of organic semiconductors, however, has yet to emerge. 

The second, longer-term goal that drives our interest in intrinsically stretchable 

electronics is to access form factors that are unavailable to conventional semiconductors. 

Despite the intuitive notion that applications requiring elasticity, toughness, and ductility 

appear to be a problem for which organic materials are an ideal fit, devices based on 

inorganic materials using deterministic composites described in Section 2.4 have overtaken 

organics in terms of electronic and mechanical performance metrics.69 There are, however, 

several compelling reasons to explore molecularly stretchable materials for applications 

that are complementary to inorganic-elastomeric hybrid systems. Such molecularly 

stretchable devices could, if necessary, sacrifice state-of-the-art performance for one or 
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more of the following characteristics for which organics may have advantages: tunability 

of absorption, emission, and chemical sensitivity by synthesis;54,118 simplification of 

fabrication by roll-to-roll printing on planar elastomeric sheets;117,136 the potential for melt 

processing and embossing;137 relaxed standards of purity;138,139 low embodied energy;33,116 

low cost;115 extreme thinness and light weight;32 disposability;132 self-healing and other 

forms of response to stimuli;140 thermally activated charge transport;141 

semitransparency142 and aesthetic  considerations;136 and the fundamental knowledge that 

could be created en route to the development of elastomeric materials that are also high-

performance semiconductors. 

 

1.3.2. Stretchable conjugated polymers 

The effect of stretch aligning on conjugated polymers such as polyacetylene is to 

increase both conductivity and tensile strength.1-3 For polymers with alkyl solubilizing 

groups such as P3HT, stretch aligning has also been shown to increase field-effect charge-

carrier mobility along the strained axis.143,144 The mechanism for increased strength and 

charge transport is by alignment of chains, a phenomenon that is confirmed by X-ray 

diffraction and by polarization-dependent absorption.130,144 Other microstructural changes 

can occur with strain, as O’Connor and coworkers recently reported a reorientation of 

crystallites in P3HT films from predominantly edge-on to highly face-on after uniaxial144 

and biaxial145 stretching. The mechanism for this reorientation has not yet been elucidated, 

but the effect has important implications for solar cells, in which it may be beneficial to 

have the axis of π stacking perpendicular to the electrodes145 (though it may be better still 

to have the molecular axes of the polymers perpendicular to the electrodes14). 
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One of the most successful synthetic attempts to date to produce a tough, stretchable 

semiconducting polymer was that of Müller et al., who synthesized a P3HT-block-

polyethylene copolymer capable of undergoing elongations of 600% (Figure 1.4a).126 

Remarkably, this material retained a high value of field-effect mobility even with weight 

fractions of the insulating component as high as 90%.126 While the ductility of this material 

was impressive (Figure 1.4b), elastic semiconductors that do not have such a high weight 

percentage of an insulating component will be desirable. To this end, we believe an 

effective strategy would be to understand the structural determinants of the mechanical 

properties of well-known conjugated polymers, while applying the insights generated 

toward the synthesis of new materials that exhibit the “best of both worlds”22—favorable 

mechanical and electronic properties. 

 
Figure 1.4. Tough, stretchable diblock copolymers of polythiophene and polyethylene. (a) Stress vs. 

elongation for the block copolymers and for the homopolymers. (b) Images exhibiting the mechanical 

behavior of the block copolymers, and wide-angle X-ray diffraction pattern of a highly stretch-aligned 

sample. Reproduced with permission from ref. 126, copyright 2007 Wiley-VCH Verlag GmbH & Co. KGaA. 

 

 

file:///C:/Users/Suchol%20Savagatrup/Documents/Lipomi%20Lab/Projects/4.%20Molecularly%20Stretchable%20Perspective/Lipomi%20-%20Chem%20mater%20perspective%20-%20r3.docx%23_ENREF_126


19 

 

 

 

1.3.3. Mechanical properties of regioregular polythiophene: A case study 

We began our investigations by considering the effect of the side chain on the 

mechanical properties of the poly(3-alkylthiophene)s (P3ATs).21,22 The P3ATs are 

probably the most well characterized class of organic electronic materials,146-148 and the 

effects of the length of the side chain is their most widely explore aspect.6,148-153 While the 

P3ATs have been the subject of numerous studies,154 the low production energy,33 ease of 

derivatization,147 reports of new benchmarks in efficiency,155 and research investment 

suggests that they will continue to be an important part of research, and also of future 

commercial products.156 We began by measuring the elasticity and ductility of a series of 

P3ATs where A = butyl, hexyl, octyl, and dodecyl.21 We chose this sequence because the 

length of the side chains that separate butyl, octyl, and dodecyl is a constant four atoms 

apart, and hexyl because P3HT is the standard material in the literature. We measured the 

elasticity using the buckling-based metrology,102 which relates the wavelength of the 

sinusoidal wrinkles that form when a film is compressed on an elastic substrate to the 

tensile modulus of the film.103 This method avoids the difficulties in preparing sub-100-

nm, free-standing thin films for tensile testing and effects of the substrate in 

nanoindentation of ultra thin films.102 Our results, plotted in Figure 1.5a, show a dramatic 

decrease in tensile modulus with increasing length of the alkyl side chains, with the 

difference between polymers with hexyl and octyl chains being nearly an order of 

magnitude. This trend was predicted by a semi-empirical theory reported by Seitz,157 used 

for the first time on conjugated polymers by Tahk et al.,20 and applied to polythiophenes 

with different alkyl side chains by us.21 The explanation for the overall trend is familiar in 

the field of comb-like polymers, where longer alkyl side chains dilute the volume fraction 
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of load-bearing, main-chain bonds and a concomitant reduction in secondary interactions 

between the main chains,5 which are responsible for the high strength of oriented 

polyacetylenes.  

We note that an examination of the early literature reveals a reversal in attitudes 

regarding the desirability of high mechanical compliance. For polyacetylenes, a tensile 

modulus >10 GPa was regarded as favorable,1 while the inclusion of alkyl pendant groups 

on comb-like polymers was described as paying the “ultimate penalty” for processability 

(i.e., a substantial lowering of the tensile modulus).5 If one places value on elasticity and 

ductility however, as is implied in plastic electronics, the ability to deform without fracture 

should be maximized. The design of molecularly stretchable electronic materials is 

tantamount to having charge mobilities and other electronic figures of merit that are as 

large as possible with tensile moduli that are as low as possible.  

 

Figure 1.5. Tensile modulus (a) and crack-onset strain (b) as a function of the length of the alkyl side chain 

for n = 4, 6, 8, and 12. Reproduced with permission from ref. 21, copyright 2014 Wiley-VCH Verlag GmbH 

& Co. KGaA. 

 

We also discovered a trend in ductility for P3ATs that followed a similar trend to 

that of the elasticity.21 In a measurement of crack-onset strain for the same sequence of 

materials (Figure 1.5b), we observed a curious reduction in strain (increase in effective 
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brittleness) between polythiophenes with octyl and dodecyl side chains, which is 

unexpected based on the similarity of the tensile moduli. We attributed this effect, however, 

to reduced adhesion to the substrate.21 Indeed, surface energy, as manifested in water 

contact angle, decreased with increasing length of the side chain.21 Locally delaminated 

areas experienced large strains, and thus effective brittleness increased with reduced 

adhesion. The presence of PEDOT:PSS, however, seemed to serve as an adhesion layer for 

conjugated polymers to stick to PDMS, and increased the crack-onset strain.25,114 Lu et al. 

observed the same effect in copper films on polyimide foils with and without chromium 

adhesion layers.73,83 Adhesion is thus an important design consideration for devices 

intended for flexible and stretchable applications.30 

 

1.3.4. Stretchable solar cells 

To examine the differences in photovoltaic properties between two P3AT:fullerene 

composites with disparate mechanical properties, we fabricated devices on PDMS 

substrates and measured the current density vs. voltage (J–V) characteristics before 

stretching and at ten percent uniaxial tensile strain.21 Extensive cracking visible in the 

P3HT:PCBM film (Figure 1.6a) correlated with short circuits (Figure 1.6c), whereas the 

P3DDT:PCBM film, which exhibited completely ductile behavior (Figure 1.6b), produced 

normal photovoltaic plots (Figure 1.6d).21 The resistor-like behavior was probably 

produced by the liquid eutectic gallium-indium (EGaIn, Figure 1.6e) seeping through the 

cracks and making contact directly with the PEDOT:PSS in the P3HT:PCBM devices. The 

electrodes, along with the active materials, were strained during these experiments. While 

uniaxial deformation is important to measure mechanical properties and to characterize the 
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evolution in photovoltaic properties with strain, resiliency in response to biaxial 

deformation is more consistent with realistic applications and potential routes of 

mechanical failure.25 

 

Figure 1.6. Photographs and photovoltaic properties of uniaxially stretched devices based on P3HT:PCBM 

(a) and P3DDT:PCBM (b). The more brittle active layer based on P3HT exhibits behavior resembling a short 

circuit (c) while that based on the elastic and ductile P3DDT exhibits a photovoltaic effect in both the 

equilibrium and strained states (d). The insets are optical micrographs of the device surfaces; the scale bars 

are 0.5 cm. (e) Schematic diagram of the geometry used to collect the photovoltaic data, in which eutectic 

gallium-indium (EGaIn) served as the low-work-function electrode. (a-d) Reproduced with permission from 

ref. 21, copyright 2014 Wiley-VCH Verlag GmbH & Co. KGaA.  
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1.3.5. Conformal bonding to hemispheres 

Conformal bonding of organic electronic devices has long been a goal of the 

community concerned with plastic electronics. Bonding to 3D surfaces other than conical 

and cylindrical ones, however, requires biaxial stretchability, not just flexibility. A 

hemisphere is one of the simplest curvilinear surfaces that requires biaxial stretchability 

for a device to make conformal, wrinkle-free contact.25 Our goal was to bond an all-

elastomeric solar cell to the convex surface of a glass hemisphere (Figure 1.7a).25 We 

began by calculating the strain that would be generated by bonding such a cell to a 

hemisphere with a 16-mm diameter, and determined from a finite-element analysis that the 

greatest equivalent strain of 24% would occur 4 mm from the apex (Figure 1.7b).25 Based 

on our previous measurements of elasticity and ductility, we reasoned that P3OT:PCBM 

films would survive the transfer, but that P3HT:PCBM would not.25 Visual inspection 

revealed significant cracking in the more brittle composite, while as predicted, the more 

elastic composite remained intact.25 The photovoltaic responses (Figure 1.7c) showed 

similar behavior when the light was shone from the convex (device-incident) or concave 

(glass-incident) surface, which exhibited similar qualitative features as the device 

fabricated on planar glass. The P3HT:PCBM device produced plots resembling short 

circuits.25 The low short-circuit current density and fill factor of devices based on P3OT 

(or all alkyl chains ≥ octyl) is well known and struck us as unfortunate that the best 

performing polymer mechanically would be among the worst electronically. This apparent 

competition between mechanical and electronic properties led us to investigate the 

interplay of mechanical and electronic behavior more closely. 
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Figure 1.7. Hemispherical solar cells. (a) Schematic diagram of an all-organic “inverted” solar cell on a 

hemispherical glass substrate. (b) Computational model of the strain produced on the concave and convex 

surface of the solar cell. (c) Photovoltaic properties of the device when the light was incident on the concave 

surface (glass-incident), convex surface (device-incident), and on planar glass. Reproduced with permission 

from ref. 25, copyright 2014 Royal Society of Chemistry. 

 

1.3.6. Trade-off between electronic and mechanical properties 

The all-sp2 hybridization of the carbon atoms in the main chain of a conjugated 

polymer is responsible for semiconducting behavior, but also produces high stiffness.157 

Furthermore, crystallinity in materials is generally regarded as beneficial for charge 

transport, but also reduces the compliance of materials within groups having similar 



25 

 

 

 

molecular structures.119 The trend has been observed in polythiophenes, where the 

copolymer PBTTT (Figure 1.1) forms a highly crystalline structure after thermal 

annealing, which also increases the modulus and the charge-carrier mobility.119 The 

O’Connor group has shown that slow evaporation of the solvent when casting 

P3HT:PCBM active layers produce devices that are not only more efficient, but also stiffer 

and more brittle than their counterparts produced by fast evaporation.27 These differences 

were directly correlated to order in the conjugated polymer film from UV-vis absorption 

spectra27 using the weakly interacting H aggregate model proposed by Spano and 

coworkers.158 Our measurements, combined with the fact that the trend in field-effect 

mobility of P3ATs,159 along with photovoltaic efficiency in polymer:polymer153 and 

polymer:fullerene160 bulk heterojunction solar cells follows the opposite trend as 

compliance, further supported the notion that mechanical compliance and electronic 

performance tend to be in competition.21 

 

1.3.7. Best of both worlds?  

We initially believed that, like transparency and conductivity, compliance and 

charge mobility (or photovoltaic efficiency) might be properties that were fundamentally 

incompatible, and that only by compositing would we be able to maximize both properties 

in a single material. We examined more closely the sharp drop-off in modulus that we 

observed between P3ATs with hexyl and octyl side chains by preparing films of several 

“hybrid” materials whose side chains average to seven carbon atoms: a physical blend 

(P3HT:P3OT), a block copolymer (P3HT-b-P3OT), a statistical copolymer (P3HT-co-

P3OT), and poly(3-heptylthiophene) (P3HpT, whose side chain contains exactly seven 
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carbon atoms, Figure 1.8).22 The results of our mechanical measurements are shown in 

Figure 1.9, which exhibits three salient features. The first feature is that P3HpT (C7) has a 

modulus of a similar order of magnitude as that of P3OT (C8), P3DT (C10), and P3DDT 

(C12). The second feature is the modulus of poly(3-pentylthiophene) (P3PT, C5), which lies 

on the line connecting P3BT (C4) and P3HT (C6). This placement suggests that the low 

modulus of P3HpT is probably not a consequence of an odd number of carbon atoms in the 

side chain. The third feature is the relative placement of the other “hybrid” materials. The 

block copolymer falls on the line connecting P3HT and P3OT—the “synergistic” 

modulus—while the statistical copolymer and the physical blend lie below this line.22 We 

hypothesized that the P3HT and P3OT domains are not cocrystallized in either the block 

copolymer or the physical blend. We based this hypothesis on the spectroscopic similarity 

of the block copolymer and the physical blend and the overlap in the spectra of both of 

these systems to that of a mathematical superposition of the spectra of the pure 

homopolymers. The lack of cocrystallization suggests that in the block copolymer, 

compliant domains of P3OT are tethered by rigid domains of P3HT due to covalent 

connectivity, while no such connectivity exists in the physical blend, whose mechanical 

properties appear to be dominated by the more compliant P3OT.22 The statistical 

copolymer, which could only exhibit one possible form of crystalline packing, had a 

modulus similar to that of the physical blend. 
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Figure 1.8. Chemical structures of the P3ATs with n = 6–8 and “hybrid” polymers including a physical blend 

of P3HT and P3OT (P3HT:P3OT), a block copolymer (P3HT-b-P3OT), and a statistical copolymer (P3HT-

co-P3OT). Reproduced with permission from ref. 22, copyright 2014 American Chemical Society. 

 

Figure 1.9. Elaborated plot of tensile modulus vs. alkyl side chain length that includes the hybrid materials 

whose number of carbon atoms in the side chain averages to n = 7. Reproduced with permission from ref. 22, 

copyright 2014 American Chemical Society. 

 

 We also performed a detailed microstructural analysis of the films formed by these 

polymers of UV-vis spectra in the solid state.22 According to the weakly interacting H 

aggregate model, the extent of order is correlated to the relative intensities of absorption of 

the 00 to 01 vibronic transitions.158 Awartani et al. found a direct correlation between 

the extent of crystallites in the solid state to the mechanical compliance in P3HT:PCBM 

films.27 In comparing the physical blend and the block copolymer, we found nearly 

identical spectroscopically determined order, but a substantially different mechanical 

response.22 We also found substantially similar mechanical behavior between the physical 
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blend and the statistical copolymer, yet different structural order.22 We did not observe a 

correlation between thin-film order and mechanical compliance in our samples, probably 

because of the insensitivity of the UV-vis spectra to spatial distribution and covalent 

connectivity of the compliant and rigid blocks within the film. The correlation between the 

crystalline order and the photovoltaic parameters, however, was roughly present in the 

physical blend, block copolymer, and statistical copolymer. Figure 1.10 plots the power 

conversion efficiency of the P3AT:PCBM blend as a function of tensile modulus of the 

polymer. A pure correlation between efficiency and stiffness would place all data points 

on a line connecting P3OT in the bottom left quadrant to P3HT in the top right one.22 

The observation that some of the hybrid materials lie above and to the left of this 

line—that is, in the “favorable” quadrant—strongly suggests that mechanical and 

electronic properties need not always be in competition. This notion is exemplified by the 

presence of P3HpT in the extreme top-left corner, which is simultaneously the most 

efficient and most elastic material studied. We attribute the uniqueness of P3HpT to its 

tendency to produce crystallites that are similarly well ordered as those of P3HT, while its 

glass transition temperature is the first in the series of P3ATs with increasing side-chain 

length to be extrapolated to be significantly below room temperature (most measurements 

of Tg of P3HT place it near or just below 25 °C).161 The electronic absorption spectra and 

the photovoltaic properties appear thus to be manifestations of the crystalline regions in 

the film, while the mechanical properties seem to be dominated by the amorphous regions. 

These observations may underpin design criteria for truly “rubber” semiconductors.22 
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Figure 1.10. Plot of power conversion efficiency (PCE) of a P3AT:PCBM vs. tensile modulus of the pure 

polymer. The position of P3HpT in the upper-left quadrant suggests that photovoltaic performance and 

mechanical compliance need not be in competition. Reproduced with permission from ref. 22, copyright 2014 

American Chemical Society. 

 

1.3.8. Segmented copolymers 

While P3ATs will almost certainly have a role in the future of organic electronics, 

they are not the highest-performing materials in the literature in terms of charge-carrier 

mobility in OTFTs and efficiency in solar cells.16,118 Donor-acceptor copolymers 

comprising alternating units of electron-rich (e.g., thiophene, benzodithiophene) and 

electron poor (e.g., benzothiadiazole, diketopyrrolopyrrole) heterocycles produce low 

bandgaps and high mobilities for both holes and electrons.15 We were inspired by the fact 

that low-bandgap conjugated polymers can exhibit high mobilities and photovoltaic 

efficiencies even with high disorder.162,163 We hypothesized that structural randomness, 

intentionally introduced by a new type of synthetic strategy based on random segmentation, 

could produce a material that might have increased elasticity without deleterious effects on 

the photovoltaic properties.26 
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 We began our investigation by considering the structure PDPP2FT (see Figure 

1.1), which was first reported by the Fréchet group.164 This material exhibited good 

electronic performance (PCE ~ 5.0%) and a high solubility that is thought to be an effect 

of the furan units in the main chain.164 We started by preparing oligomers of PDPP2FT by 

the Stille polymerization. After a short reaction time (ca. 15 min) in which we observed 

the first formation of coupled species by color change, we introduced bithiophene (2T) 

units, which were included randomly in the polymer backbone (Figure 1.11a).26 Analysis 

by 1H NMR and UV-vis spectroscopy and gel permeation chromatography was consistent 

with the presence of one 2T unit for approximately every 4.4 DPP units. Spectroscopic and 

chromatographic evidence suggested that there was little contamination by the 

homopolymers, PDPP2FT and the poly(terthiophene), PT2T. The segmented sample, 

PDPP2FT-seg-2T, exhibited substantial broadening of features in the UV-vis spectra, 

which is consistent with reduced structural order in the solid state (X-ray diffraction 

studies, which are forthcoming, will be needed to verify this hypothesis). We then made a 

similar plot of PCE vs. tensile modulus of the pure polymer (Figure 1.11b). Our hypothesis 

that it would be possible to increase the elasticity by intentionally randomizing the structure 

is consistent with the plot, in which the segmented material was both more elastic and 

similarly efficient to the unsegmented homopolymer, PDPP2FT.26 This synthetic strategy 

might also be useful for the preparation of functional copolymers analogous to block 

copolymers by polycondensation of two types of macromonomers.165,166 Typical block 

copolymers are synthesized by living, chain-growth mechanisms, and thus materials that 

follow step-growth kinetics, as do low-bandgap conjugated polymers, are generally not 

amenable to block copolymerization.167 We note that efficiencies of our devices based on 
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PDPP2FT (≤3%) were lower than those originally reported for this material (~5.0%). We 

attribute the lower efficiencies of our devices, in part, to our use of stretchable materials 

for the electrodes (PEDOT:PSS for the anode and EGaIn for the cathode), because of our 

ultimate interest in systems in which every component is compliant. 

 

Figure 1.11. Mechanical and photovoltaic properties of segmented polymers. (a) A strategy based on Stille 

polycondensation reactions produces a randomly segmented, low-bandgap polymer, PDPP2FT-seg-2T. (b) 

A plot of power conversion efficiency (PCE) vs. tensile modulus places this material in the “favorable” 

quadrant of the plot. Reproduced with permission from ref. 26, copyright 2014 Royal Society of Chemistry. 
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1.3.9. Intrinsically stretchable light-emitting devices 

Our studies and those of others have revealed several structural characteristics that 

influence the mechanical properties of conjugated polymers, including the length of the 

alkyl side chain,21 the presence of fused vs. isolated rings in the main chain,114 structural 

randomness,26 and the ability of the side chains to interdigitate in the crystallites.119 

Another route may be to replace methylene units with oxygen atoms in the side chain that 

permit a high range of motion.108 This route can be predicted by a preliminary application 

of the semi-empirical theory of Seitz to increase the modulus significantly, probably owing 

to increased configurational entropy of the side chains under strain.157 The laboratory of 

Pei and coworkers used a polyfluorene copolymer that incorporated side chains with 

ethylene oxide units as light emitting devices that maintained their performance up to 

strains as high as 45 percent (Figure 1.3f and 1.3g).108 The authors also introduced one of 

the first stretchable transparent electrodes based on carbon nanotubes embedded in an 

elastic substrate as both the top and bottom electrodes of this device.108 Later, the same 

group produced a stretchable light-emitting device with an active emissive layer 

comprising a poly(phenylenevinylene) derivative, SuperYellow, and electrodes made of 

stretchable films of silver nanowires.110 This approach suggests it is possible to combine 

stretchable random composites (i.e., silver nanowire films on elastic substrates) with 

intrinsically stretchable conjugated polymers (Figure 1.12). The mechanism of reversible 

deformation in this system, that is, whether the emissive layer absorbs the strain elastically 

or plastically, is an open question, as the substrate supplies the restoring force. 

Furthermore, it is likely that the addition of non-electroactive polymers and ionic species 
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to the conjugated polymers increased the compliance of the emissive layer, and thus the 

electroactive polymer may not have absorbed the strain on its own. 

 

Figure 1.12. Intrinsically stretchable light-emitting devices. A stretchable device uses SuperYellow, a 

polyphenylenevinylene derivative, as the emissive material. In this device, stretchable films of silver 

nanowires are used as both the top and bottom electrodes. Reproduced with permission from ref. 110, 

copyright 2013 Nature Publishing Group. 

 

1.4. Outlook 

 This Perspective began by describing the value of stretchable electronics, and how 

the field of plastic—that is, organic—electronics may have fallen behind the significant 

progress made by stretchable composite systems. The two approaches are, however, 

complementary, and there are many compelling reasons for pursuing intrinsically 

stretchable electronic materials and devices whose molecular structures permit truly elastic 

and plastic behavior. The field of molecularly stretchable electronics is in its infancy, but 

significant progress on understanding how molecular structure influences the electronic 

properties has already been made. Such fundamental insights are necessary to develop a 

predictive framework so that, ideally, a device engineer can specify the mechanical and 

electronic properties needed for a particular application, and a chemist can synthesize a 

material that will exhibit these properties. Synthetic techniques will always constrain 

available structures,116 but the several methods identified to produce elastic-yet-high-

performance materials suggest that there may be many functionally equivalent materials 
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with different molecular structures. Several general strategies for imparting intrinsic 

stretchability to semiconducting materials are emerging from work in this area. For 

example, polymers exhibiting low-Tg amorphous domains but well-ordered crystalline 

domains (e.g., P3HpT), along with high-mobility polymers with structural randomness to 

reduce crystalline order (e.g., PDPP2FT-seg-2T), could represent general strategies for 

producing materials with favorable combinations of mechanical and electronic properties. 

From the standpoint of integration, molecularly stretchable materials may offer advantages 

over deterministic composites because most of the engineering takes place at the molecular 

level, as opposed to at the level of the device (i.e., it is relatively easy to swap out a rigid 

semiconducting polymer for an elastic one in the context of an existing manufacturing 

process). 

 The principal challenge in the field is to obtain a better predictive understanding of 

the ways in which molecular structure simultaneously influences electronic and mechanical 

properties. The ability to obtain good electronic properties from highly amorphous films 

seems to represent a way forward. Another strategy, which involves preparing stretchable 

nanowire “fabrics” from solution processing168 or electrospinning,169 represents a middle 

ground between composite and molecular approaches to elastic semiconductors. A 

concerted effort involving a five-way (at least) collaboration between device engineers, 

materials scientists, synthetic chemists, and theorists specializing in both electronic 

structure calculations and the mechanical behavior of soft materials will be required to 

meet the challenges represented by high-performance molecular semiconductors with 

predictable mechanical properties. There is a significant intellectual draw to 

multifunctional materials in which the properties are regarded as antithetical. Stretchable 
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semiconductors join transparent conductors as examples of this class of materials. Another 

class of multifunctional materials that will be required to commercialize stretchable organic 

(and some inorganic) devices is stretchable encapsulants against water and oxygen. 

Significant work will be required to address this challenge, because elastomers generally 

permit significant diffusion of gases. We hope this Perspective will be successful in 

identifying the importance, preliminary results, and potential way forward in this 

technologically and intellectually exciting field. 
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Abstract 

 The mechanical properties of organic semiconductors and the mechanical failure 

mechanisms of devices play critical roles in the yield of modules in roll-to-roll 

manufacturing and the operational stability of organic solar cells (OSCs) in portable and 

outdoor applications. This paper begins by reviewing the mechanical properties—

principally stiffness and brittleness—of pure films of organic semiconductors. It identifies 

several determinants of the mechanical properties including molecular structures, 

polymorphism, and microstructure and texture. Next, a discussion of the mechanical 

properties of polymer:fullerene bulk heterojunction blends reveals the strong influence of 

the size and purity of the fullerenes, the effect of processing additives as plasticizers, and 

the details of molecular mixing—i.e., the extent of intercalation of fullerene molecules 

between the side chains of the polymer. Mechanical strain in principle affects the 

photovoltaic output of devices in several ways, from strain-evolved changes in alignment 

of chains, degree of crystallinity, and orientation of texture, to debonding, cohesive failure, 

and cracking, which dominate changes in the high-strain regime. These conclusions 

highlight the importance of mechanical properties and mechanical effects on the viability 

of OSCs during manufacture and in operational environments. The review—whose focus 

is on molecular and microstructural determinants of mechanical properties—concludes by 

suggesting several potential routes to maximize both mechanical resilience and 

photovoltaic performance for improving the lifetime of devices in the near term and 

enabling devices that require extreme deformation (i.e., stretchability and ultra-flexibility) 

in the future. 
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2.1. Motivation 

 Organic solar cells (OSCs) have achieved benchmarks in the research laboratory 

that may have seemed out of reach only a decade ago: power conversion efficiencies over 

10 percent,1 projected lifetimes of devices on rigid substrates of over years,2 power-to-mass 

ratios of 10 W g–1,3 and projected energy payback times on the order of days.4 These 

achievements have been realized, in general, by an approach that uses power conversion 

efficiency (PCE) or some other figure of merit to guide the design and selection of 

materials and parameters for processing. For organic solar cells to reach the performance 

and robustness needed to provide inexpensive power on the scale of gigawatts or—in a 

best-case scenario—terawatts,5 significant work remains to be done to translate the gains 

in the research laboratory toward the production of modules in a roll-to-roll manner.6 Krebs 

and coworkers have suggested an alternative approach in which the requirements for 

manufacturing inform the design of materials.7 The minimum requirements for low-cost 

and green8, 9 materials to be amenable to manufacturing include stability while printing 

from solution,10 in air,11 at low temperatures, from environmentally benign solvents,12, 13 

without vacuum steps,14 and with tolerance of inhomogeneities in thickness and 

morphology that appear in printed films.7, 15 (Fundamental and theoretical studies designed 

to understand the mechanism of operation, of course, inform all efforts to improve the 

efficiencies of devices.16-19) One aspect of the design of materials that is seldom 

considered20, 21—but that is critical to the stability and lifetime of thin, flexible, lightweight 

modules destined for outdoor or portable use—is mechanical stability.22-24 This attribute is 

generally excluded from an approach that is centered on efficiency,7 but is included in one 
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that is centered on the requirements for manufacturing and viability under conditions in 

outdoor25 and portable environments.26 

 It may seem, because thin films of virtually any material are flexible relative to 

thicker specimens, that organic semiconductors are already sufficiently compliant for 

flexible applications and for high yield in roll-to-roll manufacturing. An examination of 

the modest literature on the mechanical properties of organic semiconductors reveals that 

their responses to mechanical deformation are highly variable22, 24, 27-33 (see Figure 2.1 for 

structures referred to in the text, and Table 2.1 for a summary of the mechanical properties 

of pure organic semiconductors and composites). Moreover, good electronic 

performance—associated with long conjugation lengths and high degrees of crystallinity—

seems to correlate with stiffness and brittleness.24, 28, 33 Some studies, however, have shown 

that this correlation is not a fundamental trade-off and that it is, in principle, possible to 

achieve the “best of both worlds” of mechanical and electronic performance.27, 29, 34-36 

Predicting trends in mechanical properties requires an understanding of the ways in which 

a molecular structure produces a solid-state microstructure,28 and how structures at both 

length scales influence the mechanical and electronic properties of a solid material.24, 27, 33 
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Figure 2.1. Chemical structures of organic conductors and semiconductors discussed in the text. 
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Table 2.1. Tensile moduli (along with crack-onset strains) of all organic electronic materials measured by 

the buckling technique. 

Materials Notes 
Tensile modulus 

[GPa] 

Crack on-set strain 

[%] 
Reference 

P3HT AC 

1.33 ± 0.01  32 

1.3  88 

0.92  31 
0.252 ± 0.06 >150 33 

1.09 ± 0.15 9 ± 1.2 28 

0.22 ± 0.03  24 

P3HT:PCBM 

Ratio 1:0.8, AC 6.02 ± 0.03  32 

Ratio 1:1, AC 4.3  31 

Ratio 1:1, AC 1.97 ± 0.07   131 
Ratio 1:1, AN 2.75 ± 0.09  131 

Ratio 1:0.5, AC 2.02 ± 0.48 3 ± 1.5 28 

Ratio 1:1, AN (ODCB) ~1.74 to 1.97 ~2% to >80% 24 

P3HT:Fullerene 

PC71BM (90%), AC 0.67 ± 0.07   125 
PC71BM (90%), AN 1.76 ± 0.04  125 

PC71BM (90%), AC 2.72 ± 0.40  125 

PC71BM (90%), AN 3.21 ± 0.06  125 
ICBA (99%), AC 3.27 ± 0.86  125 

ICBA (99%), AN 6.53 ± 1.88  125 

P3BT AC 1.87 ± 0.52 6 ± 1.5 28 
P3BT:PCBM Ratio 1:0.5, AC 5.2 ± 0.61 2 ± 0.6 28 

P3PT AC 1.33 ± 0.14  27 

P3HpT 
AC 0.07 ± 0.01 58 27 
AN 0.13 ± 0.01  131 

P3HpT:PCBM 

Ratio 1:1, AC 0.61 ± 0.09  131 

Ratio 1:1, AN 1.46 ± 0.16  131 
Ratio 1:1, AN (ODCB) 1.79 ± 0.35  27 

P3OT AC 0.15 ± 0.05 65 ± 2.5 28 

P3OT:PCBM Ratio 1:0.5, AC 0.52 ± 0.16 47 ± 2.1 28 
P3DT AC 0.12 ± 0.4  27 

P3DDT AC 0.16 ± 0.07 47 ± 3.1 28 

P3DDT:PCBM Ratio 1:0.5, AC 0.47 ± 0.17 44 ± 1.4 28 

DPPT-TT AC 0.99  31 

DPPT-TT:PCBM Ratio 1:1, AC 1.4  31 

DPPT-2T AC 0.74  31 

DPPT-2T:PCBM Ratio 1:1, AC 0.84  31 

PT2T 
AC 1.11 ± 0.19  29 
AN 1.01 ± 0.27  131 

PT2T:PCBM 
Ratio 1:2, AC 1.6 ± 0.36  29 
Ratio 1:1, AC 2.0 ± 0.36  131 

Ratio 1:1, AN 2.61 ± 0.39  131 

PDPP2FT AC 2.17 ± 0.35  29 
PDPP2FT:PCBM Ratio 1:2, AC 2.76 ± 0.77  29 

MEH:PPV 
AC 0.119 ± 0.005  131 

AN 0.023 ± 0.001  131 

MEH:PPV:PCBM 
AC 3.79 ± 0.07  131 

AN 4.92 ± 0.09  131 

PBTTT 

AC (ODCB) 0.879 ± 0.243 <2.5 33 
AN (ODCB) 1.8 ± 0.345 <2.5 33 
AC 1.8 ± 0.19  131 

AN 2.9 ± 0.30  131 

PBTTT:PCBM 
AC 3.76 ± 0.8  131 

AN 4.38 ± 0.68  131 

PEDOT:PSS 

 2.26 ± 0.05  32 
5% DMSO, 10% Zonyl 0.03 ± 0.01  71 
5% DMSO, 1% Zonyl 3.14 ± 0.12  71 

5% DMSO, 0.1% 

Zonyl 
7.49 ± 1.5  

71 

PANI  0.03  32 
Pentacene  16.09  32 

PCBM C60 3.06 ± 0.17  24 
 C60 6.2  88 

† Ratios are reported in weight ratio. Films with thermal annealing treatments are denoted as annealed (AN), while untreated films are 

denoted as as-cast (AC). Films are spin-coated from chloroform or otherwise noted.  
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The range over which mechanical properties vary will have significant 

consequences for the long-term stability of devices, and will thus influence the selection of 

materials for particular applications. Annealed films of pure PBTTT and composite films 

of P3HT:PCBM—the Drosophila of organic solar cells—crack at strains <2.5% on 

polydimethylsiloxane (PDMS) substrates under typical processing conditions.33 

Evaporated films of the molecular semiconductor pentacene (and presumably other van der 

Waals solids) are likely to be more brittle than are films of P3HT:PCBM.32 Other 

researchers have noted the importance of understanding the mechanical failure 

mechanisms.21 In the report of a Workshop on Key Scientific and Technological Issues for 

Development of Next-Generation Organic Solar Cells, sponsored by the US National 

Science Foundation and the Office of Naval Research, researchers asked, “What has been 

done to prevent solar cells from failing mechanically?”37 Moreover, in a well-known paper 

in which researchers deployed roll-to-roll fabricated, OSC-powered, LED lanterns in rural 

Zambia, one of the principal conclusions was that “…mechanical failure mechanisms were 

dominant during the field test and therefore these would have to be improved significantly 

before the photochemical stability of the [semiconducting] polymer becomes a problem.”26 

Mechanical stability is of critical importance not only for portable applications—for which 

accommodation of strain is an operational requirement38—but also for roll-to-roll 

production, transportation, and for utility-scale applications.7, 25 

In large-scale solar farms and in portable applications, thin organic solar modules 

will be subject to a range of stresses due to environmental forces.25 The pressure of wind 

and the weight of rain and snow will strain the devices to an extent that depends on the 

compliance and thermal expansion of the encapsulants and support structures. Robust 
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encapsulants and support structures will add significant expense to the modules,39 and it is 

thus desirable to use active materials that can accommodate at least some strain without 

the need for expensive, rigid supports. Even the thinnest support structures add 

significantly to the production costs of thin-film PV modules: Anctil et al. calculated that 

a 130-µm poly(ethyleneterephthalate) (PET) substrate contributes approximately 10% of 

the embodied energy (along with a roughly equal amount for the encapsulants) of organic 

modules made using conventional materials, and nearly double that amount in ITO-free 

devices.39 One inevitable mode of mechanical deformation that will occur even in the 

presence of protective layers is thermal expansion and contraction due to diurnal and 

seasonal variations in temperature. Materials and devices must thus tolerate the extreme 

conditions in a given geographical area, as well as exhibit resistance to fatigue in the face 

of cyclic loading due to modest thermal cycling. It is possible that the surface of a highly 

absorbing device may reach temperatures of 70 °C in the Southwestern US, and a range of 

as much as 100 °C over the lifetime of a device in the Midwest, if one accounts for 

inevitable extremes in temperatures. One of the goals of the community interested in the 

mechanical properties of organic semiconductors is thus to mitigate the effects of thermal 

expansion and contraction on the lifetime and performance of OSCs. 

There are a large number of competing technologies in the field of solar 

photovoltaics. All of these technologies ostensibly have the same goal: achieving the most 

favorable cost per watt, amortized over the lifetime of the device, for utility-scale 

installations.40 Organic solar cells, however, have several characteristics that would be 

difficult or impossible to replicate in conventional or other thin-film technologies. These 

characteristics include: semitransparency41, 42 and tunable color for aesthetic 
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considerations,43 thermally activated charge transport44 and possibly increased efficiency 

at elevated temperature, high-speed manufacturing under ambient conditions,6, 25 extreme 

thinness and light weight,3 and the potential to tolerate high strains without loss of 

function.30, 31 One strategy to hedge against a winner-take-all outcome (if a non-organic 

PV technology becomes dominant for utility-scale applications) is to focus on areas in 

which OSCs could “run away” with part of the PV market.22 Mechanical compliance is the 

fundamental attribute that provides the basis for all advantages of OSCs.45 Physical 

robustness is a prerequisite for fabricating devices on ultrathin substrates, because small 

forces can produce strains large enough to crack, delaminate, or plastically deform thin 

films of semiconducting polymers.3, 46, 47 Moreover, in some portable,26 wearable,38 and 

implantable48 applications, extreme mechanical compliance30 and resistance to mechanical 

failure is at least as important as photochemical49 and morphological21 stability.50-52 

This article reviews the current state of knowledge of the mechanical failure of 

organic solar cells. The focus is on the ways in which molecular structure influences the 

microstructure of conjugated materials in the solid state, and how these parameters 

combine to dictate mechanical properties. The focus on molecular structure and 

microstructure reflects the expertise of the authors, and we thus invite readers interested in 

other important aspects of mechanical stability, such as continuum theories of deformation 

and fracture, to consult references herein.  

 

2.2. Mechanical properties of organic semiconductors 

The factors that ultimately control the mechanical stability of OSCs can be reduced 

to intermolecular and surface forces present in samples of organic semiconductors and 
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ancillary materials, and how they influence the properties of thin films (mediated by the 

conditions of processing). The early literature—in the 1980s and early 1990s—contained 

several studies of the mechanical properties of some of the first-reported conjugated 

polymers.53-57 It is apparent, however, that the discovery of the polymer solar cell by 

Heeger and Wudl,58 and independently by Friend,59 along with the discovery of the organic 

light-emitting device by Friend,60 and invention61 and refinement62 of the polymer thin-

film transistor, shifted the focus from bulk properties—i.e., mechanical properties—

familiar to polymer scientists and mechanical engineers, to electronic properties familiar 

to physicists and electrical engineers. Mechanical properties thus took a back seat to 

electronic performance, during which time important work was done on improving 

electronic figures of merit (e.g., power conversion efficiency, PCE, in organic solar cells). 

Much of the success of the field in improving the performance of devices came through 

the proliferation of the molecular structures accessible by synthetic chemistry.8, 63-67 

Mechanical properties, such as tensile modulus, ductility, fracture toughness, and other 

parameters of new materials, however, are seldom reported and would be difficult to judge 

based only on molecular structure. Nevertheless, recent work has attempted to produce 

some generalities about the ways in which molecular structure and solid-state 

microstructure influence the mechanical properties of these materials. Far more is known 

about the mechanical properties of semiconducting polymers than is known about their 

small-molecule counterparts, and thus Section 2.1 begins with a discussion of the structural 

determinants of the mechanical properties of pure conjugated polymers.  

There is no single figure of merit possessed by an organic semiconductor or 

composite that will predict the mechanical stability of a whole module: desirable properties 
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will depend largely on the application and on the properties of other materials in the device. 

The substrate and encapsulant provide structural support, and if the substrate fails 

mechanically then the device will most likely fail electronically, so it is not necessary that 

the organic semiconductors provide structural support (e.g., high tensile strength may be 

desirable, but not if the film fractures at low strains). In general, the active materials should 

deform with the substrate. That is, they should have a low modulus and high elastic limit. 

The strain at which cracks appear in a film on an elastic substrate is often taken as a measure 

of the ductility of a thin film, but the so-called crack-onset strain is highly dependent on 

the adhesion between the film and the substrate (poorly adhered films crack at smaller 

strains than well adhered films of the same modulus).28 Adhesive68, 69 and cohesive23, 52, 70 

fracture energies have been proposed to predict the mechanical modes of degradation 

within the active materials and electrodes in whole modules, and we will return to these 

figures of merit in more detail in Section 3.2.2. Adhesive energy, however, is sensitive to 

the order in which layers are deposited,68, 69 and cohesive energy often depends on 

thickness.50 Of all these figures of merit, tensile modulus has the advantages of being easily 

measured, intrinsic to the material (as opposed to its interaction with a substrate or 

overlayer), insensitive to thickness for those typically used in devices (≥ 50 nm), and easily 

relatable (and sometimes predictable) on the basis of chemical structure and 

microstructure. Additionally, tensile modulus and crack-onset strain (i.e., effective 

brittleness) are correlated for every system of conjugated polymers in which both quantities 

are reported in the same paper,24, 27, 28, 33, 71 and thus a low tensile modulus can be used as 

a proxy for a favorable response to deformation in mechanically robust applications. 

Tensile modulus, however, will not predict the mechanical response past the elastic limit, 
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nor will it predict the elastic limit (though we have observed that low tensile modulus is 

correlated with high elastic limit in P3ATs).30 

 

2.2.1. Mechanical properties of pure organic semiconductors 

2.2.1.1. Conjugated polymers 

The basic structural motif of a conjugated polymer—the alternating arrangement of 

single and double bonds along the backbone72—gives rise to the band structure, but also 

restricts conformational freedom of unsubstituted conjugated and other rod-like 

polymers.73 These materials are thus typically insoluble and rigid. The rigidity of all-sp2-

hybridized materials originally made conjugated polymers attractive for their mechanical 

strength,72 which was demonstrated in aligned films of polyacetylene (modulus of 50 GPa 

and tensile strength of 0.9 GPa)54 and other structurally simple polymers.55 For flexible 

electronic devices, however, tensile strength is less important than is elasticity and 

toughness,50 which contributes to the robustness of thin-film devices. The installation of 

aliphatic side chains on conjugated main chains renders these materials soluble,64, 74 and 

also has the effect of increasing the compliance and ductility.28, 57 Polymers can, however, 

have similar molecular structures but adopt different microstructures (e.g., polymorphs,75, 

76 textures,77-79 and degrees of crystallinity33) in the solid state, and highly crystalline 

samples tend to be stiffer and more brittle than samples of the same material that are 

amorphous or have low crystallinity.29, 33, 80 The favorable correlation between crystallinity 

and charge transport on one hand, and the unfavorable correlation between crystallinity 

and brittleness on the other, is an example of a recurring theme in which charge transport 

and mechanical properties tend to be in competition.  
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2.2.1.2. Experimental determination of the mechanical properties of conjugated polymers 

The mechanical properties of conjugated polymers (principally the properties under 

tensile loading, such as ultimate strength and tensile modulus) have been determined in the 

past by direct tensile testing81 and by nanoindentation.82-84 It is, however, difficult to obtain 

mechanical data from the geometry that is most relevant to organic optoelectronics—a thin 

film.85, 86 Films of organic materials can have thickness-dependent mechanical properties 

due to unsaturated intermolecular bonds at interfaces (a skin-depth effect)87 and because of 

confinement of a plastic zone at the crack tip during decohesion of layers sandwiched 

between relatively rigid substrates.50, 52 The mechanical (and adhesive) properties of 

organic thin films are thus not necessarily reflective of the properties of samples that are 

macroscopic in every dimension. Organic films with thicknesses ≤100 nm tend to confound 

measurements by direct tensile testing because (1) it is difficult to produce and manipulate 

free-standing thin films and (2) thin areas, inclusions, and other defects can concentrate 

stress and thus dominate the mechanical response. Nanoindentation has produced useful 

qualitative and relative data, but the accuracy of the mechanical measurements are limited 

by the convolution of the effect of the substrate, viscoelastic behavior of the polymer, and 

the uncertainty of the tip size and contact area of the scanning probes.83, 84, 86 

The mechanical buckling technique has proven useful in determining the tensile 

modulus of a range of inorganic and organic thin films,85, 86 88 and even of individual single-

walled carbon nanotubes.89 The method is based on the buckling instability that gives rise 

to wrinkles in a relatively rigid film on a relatively compliant substrate under compressive 

strain.90, 91 The wavelength of the wrinkling pattern, λb, can be related to the tensile modulus 
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of the film, Ef, in terms of the modulus of the substrate, Es, the thickness of the film, df, 

and the Poisson ratios of the film and substrate, νf and νs, in equation 1.86 

𝐸f = 3𝐸s (
1 − 𝜐f

2

1 − 𝜐s
2

) (
𝜆𝒃

2𝜋𝑑f
)

3 

     (𝟏) 

In practice, plotting λb as a function of df for a series of samples (or for a single sample 

bearing a gradient in thickness) and inserting the slope into equation 1 yields the modulus 

of the film. The modulus scales with the cube of the slope, and this sensitivity thus requires 

that the measurement be carried out with strict adherence to established procedures.86 Poor 

interfacial adhesion92 and surface defects—such as pre-existing wrinkles, delamination, 

and cracking—can produce apparent buckling wavelengths that produce measurements 

that deviate significantly from the intrinsic values of the films. Table 2.1 is a 

comprehensive table containing the modulus of every organic electronic material and 

composite measured by the buckling method. 

 

2.2.1.3. Influence of alkyl side chains on mechanical properties of conjugated polymers 

An analysis of the literature reveals that a critical structural determinant of the 

mechanical properties of solution-processible conjugated polymers is the alkyl side 

chain.27, 28, 57 The role of the side chain in a comb-like polymer in determining its stiffness 

can be understood intuitively: the longer the alkyl chains (n), the lower the density of load-

bearing bonds in the main chain per cross sectional area.56 Indeed, the fraction of volume 

occupied by the main chain (versus the side chain) per molecule are 0.31 for butyl side 

chains and 0.20 for dodecyl chains.57 Additionally, in polymers with long alkyl side chains, 

secondary interactions between adjacent main chains are reduced; Wudl and coworkers 
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observed similar effects in another class of comb-like polymers, the poly(alkyl 

isocyanates).56 Figure 2.2a plots the tensile modulus vs. the length of the alkyl side chain 

for a series of poly(3-alkylthiophenes) (P3ATs).28 The steepest drop-off in modulus occurs 

between polymers having between six and seven76 carbon atoms in the side chain, and 

corresponds to the point at which the glass transition temperature (Tg) drops below ambient 

temperature (25 °C) with increasing n.27 The glass transition refers only to the amorphous 

domains of the polymer, and is always lower than the melting temperature (Tm) of the 

crystalline domains. The behavior shown in Figure 2.2a suggests the intriguing possibility 

that P3ATs with n ≥ 7 might behave as semiconducting thermoplastic elastomers (if the 

crystallites could be melted without decomposing the polymer). Values of Tg for the most 

well studied member of this family, P3HT, have been measured to occupy a range of values 

between 15 to 25 °C.93, 94 This proximity to “room temperature” might account for 

measurements of the modulus that are typical (~1 GPa)28, 32 or substantially lower (~0.1 

GPa).33 Similar to P3HT, the values Tg for other P3ATs are reported as a range, most likely 

due to differences in molecular weight, polydispersity, thermal history, and method of 

measurement.95, 96 The glass transition of the amorphous domains is thus an important 

predictor of the mechanical properties of a conjugated polymer, but the percent crystallinity 

and the order within the crystallites also play important roles.24  
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Figure 2.2. Tensile moduli of poly(3-alkylthiophenes) (P3ATs). (a) Tensile modulus vs. the length of the 

alkyl side chain (n). A sharp drop-off occurs with increasing n as the glass transition drops below ambient 

temperature, from n = 6 to n = 7. (b) Moduli of three “hybrid” materials with equimolar ratios of hexyl and 

octyl side chains: a block copolymer (P3HT-b-P3OT), a statistical copolymer (P3HT-co-P3OT), and a 

physical blend (P3HT:P3OT). Reproduced with permission from ref.28. Copyright 2014, American Chemical 

Society. (c) Overlay of the experimental and theoretical tensile moduli of P3ATs vs. the length of the alkyl 

side chains. Reproduced with permission from ref.28 Copyright 2014 Wiley-VCH Verlag GmbH & Co. 

KGaA. 
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The interesting mechanical behavior of P3ATs in which 6 ≤ n ≤ 8 led us to 

investigate “hybrid” systems, comprising equal molar fractions of hexyl and octyl side 

chains (Figure 2.2b).27 These hybrid systems were a physical blend of P3HT and P3OT 

(P3HT:P3OT), a block copolymer (P3HT-b-P3OT), and a statistical copolymer (P3HT-co-

P3OT). The modulus of the block copolymer sat on a line extrapolated between P3HT and 

P3OT. This average modulus can be attributed to the covalent connectivity of the relatively 

stiff P3HT and the relatively plastic P3OT. The modulus of the physical blend, in contrast, 

sat below the extrapolated modulus, possibly because the P3OT domains—unconstrained 

by covalent tethering to the P3HT domains—absorbed the strain and thus dominated the 

mechanical response of the composite material.27 None of these hybrid materials, however, 

exhibited as low a tensile modulus as did P3HpT, and the factors governing the 

combination of high compliance and good photovoltaic properties of this interesting 

material are still under investigation. It appears, however, that the percent aggregate and 

the order within the crystalline domains of P3HpT are similar to that of P3HT, while these 

quantities for P3OT are substantially reduced. 

The presence or absence of interdigitation of the side chains of conjugated polymers 

could be a predictor of the mechanical properties of the solid film.75 The side chains of the 

P3ATs generally do not interdigitate,75 and thus the lamellae within the crystallites should 

not be as highly registered vertically as in materials in which the side chains do interdigitate 

(such as PBTTT33, 66 and PT2T97). The decreased number of van der Waals interactions 

between side chains in non-interdigitated polymers should produce crystallites that are 

more easily deformable than those in which the side chains are interdigitated. Evidence for 

interdigitation of the side chains in PBTTT comes by way of a reduction in the (a00) 
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lamellar spacing (measured by GIXD) compared to the spacing predicted by the addition 

of the lengths of two opposing alkyl side chains in their fully extended conformations.66 

Smaller lamellar spacing thus implies interdigitation. Mechanical measurements of PBTTT 

by O’Connor et al. are highly correlated with its thermal history and thin-film 

morphology.33 As-cast samples of PBTTT, which have small crystallites,66 exhibited 

tensile moduli that were half those of annealed films,33 which exhibited large crystallites 

(and low amorphous fractions) in an earlier study by AFM.66 Both the as-cast film and the 

annealed film were highly brittle, and both cracked at strains <2.5% on PDMS substrates.33 

PT2T (Figure 2.1), a structural analogue of P3HT that differs from P3HT on the basis of 

the regioisomerism and density of attachment of hexyl side chains (which are incorporated 

in two of every three monomers for PT2T, and in every monomer for P3HT), forms a solid 

film in which interdigitation is the preferred packing structure.97 Interestingly, the tensile 

modulus of PT2T was similar to that of P3HT when cast under similar conditions.29 

Different crystalline polymorphs of the same material are expected to have 

substantially different mechanical properties.75 For example, the crystalline domains of 

P3ATs have two known packing structures.76 Form I is the polymorph found under most 

conditions. It is characterized by side chains that do not interdigitate. Form II occurs in 

oligomers of 3-hexylthiophene,75 and for both P3BT and P3HT, conversion from Form I 

to Form II can occur by exposure to certain solvent vapors (e.g., carbon disulfide).98, 99 The 

defining characteristic of Form II is a shortened lamellar spacing, which is attributed to 

interdigitation of the side chains.76 Koch et al. made qualitative observations about the 

mechanical properties as “somewhat brittle in form II while plastic crystalline behavior 

was observed for form I,” but the mechanical properties were not quantified.75 
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2.2.1.4. Effect of rigidity of the main chain 

 The high modulus of unsubstituted conjugated polymers (e.g., polyacetylene), 

compared to analogous saturated polymers (e.g., polyethylene), is a consequence of at least 

two effects: (1) the inherent rigidity of an all-sp2-hybridized main chain73 and (2) the high 

polarizability of π bonds compared to σ bonds, which produces a high dispersive 

component of the van der Waals force, and strong interactions between the main chains.100 

While the effect of structural rigidity on the mechanical properties of a solid film has not 

been investigated rigorously, a few observations have been made in the literature. First, 

direct comparison of the tensile moduli of PDPP2T-TT (0.99 GPa) and PDPP2T-2T (0.74 

GPa), of similar molecular weight, suggested that the fused thienothiophene (TT) unit lent 

greater structural rigidity to the polymer than did the biothiophene unit (2T).31 A reasonable 

hypothesis is that an increasing proportion of fused rings in the main chain (“ladder-like” 

character101) correlates with increasing modulus of the solid film. A well known ladder 

polymer, the electron acceptor BBL,102, 103 exhibited a high modulus of 7.6 GPa by tensile 

testing.81 Another interesting effect of rigidity of the main chain is on the orientation of 

molecular packing in high-aspect-ratio crystallites. In typical conjugated polymers (e.g., 

P3HT) that form one-dimensional nanostructures, the axis of π-stacking is parallel to the 

long axis of the nanostructure.104 For one-dimensional nanobelts of the ladder polymer 

BBL, however, the molecular axis is parallel to the long axis of the nanostructure.105 These 

observations suggest that the mechanical properties of individual molecules could be 

engineered to produce packing structures in the solid state that optimize charge transport 

for a given application. 
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2.2.1.5. Theoretical predictions of mechanical properties 

The mechanical properties of simple conjugated polymers can be predicted with 

high accuracy using a simple semi-empirical theory first reported by Seitz,106 and applied 

to semicrystalline semiconducting polymers for the first time by Tahk et al.32 Our further 

application of this technique to conjugated polymers with complex molecular structures 

has revealed significant deficiencies in this technique,29 but it is nevertheless remarkable 

in its ability to predict the tensile moduli of the regioregular P3ATs,28 and other relatively 

simple polymers.106 The accuracy of the technique in obtaining the moduli of some 

semicrystalline P3ATs is remarkable because it was originally intended to apply to 

amorphous materials.106 The technique can be used, at the very least, to screen the 

structures of materials intended for applications requiring significant mechanical 

deformation, and to guide the selection of more sophisticated theoretical models.106 The 

approach described by Seitz, based on a topological method for correlating molecular 

structure with bulk properties, is briefly outlined as follows.  

The tensile modulus, Ef, of a thin film (or any material under small strains) is related 

to the bulk modulus (B) and the Poisson ratio (νf) by equation 2, 

𝐸f = 3𝐵(1 − 2𝜐f)         (𝟐) 

The bulk modulus is related, through the Lennard-Jones potential, to the cohesive energy 

(Ecoh), the van der Waals volume at 0 K (V0), and the volume at the temperature of interest 

(V) by equation 3. 

𝐵 ≈ 8.23𝐸𝑐𝑜ℎ [
5𝑉0

4

𝑉5
−

3𝑉0
2

𝑉3
]          (𝟑) 
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The cohesive energy can, in turn, be calculated from semi-empirical parameters derived 

from the bond connectivity indices assigned to each atom in the structure of the monomer, 

in a method described by Fedors.107 The bond connectivity indices are parameters that 

embody the size and the structure of the monomer as well as the conformational freedom 

of its bonds. The Poisson ratio is related empirically to the cross-sectional area of the 

monomer (A), by equation 4. 

𝜈 = 0.513 − 2.37 × 106√𝐴          (𝟒) 

The area is determined by equation 5, 

𝐴 =
𝑉w

𝑁A𝑙m
          (𝟓) 

where Vw is the van der Waals volume and lm is the length of the monomer. Molecular 

dimensions are also estimated from the connectivity indices. The closeness of the 

calculated tensile moduli to those of the experimental values for a series of P3ATs is plotted 

in Figure 2.2c.28  

 

2.2.1.6. Correlation of microstructure and texture on mechanical properties 

The mechanical properties of a polymeric thin film are to a large extent a function 

of its microstructure.108 The π-stacking distance, lamellar spacing, crystalline order, 

molecular orientation, and degree of crystallinity18 will influence the mechanical 

properties, and are determined by thermal history,109 processing conditions,110, 111 and 

plastic deformation by strain.78, 80, 112 Several methods of characterization can be used to 

correlate microstructure and texture to the mechanical properties for several conjugated 

polymers and polymer:fullerene blends. These methods are spectroscopic (e.g., the weakly 
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interacting H-aggregate model),24 imaging-based (e.g., AFM), and those based on 

synchrotron radiation (e.g., grazing-incidence X-ray diffraction, GIXD).113 

 

2.2.1.7. Spectroscopically determined morphology by the weakly interacting H-aggregate 

model.  

 In the seminal paper by Spano and coworkers,114 the authors showed that the UV-

vis spectra of P3HT can be deconvoluted into contributions from the vibronic transitions 

arising from the aggregated—i.e., crystalline—phase, which are superimposed with the 

lower-energy, broad absorption of the amorphous phase (Figure 2.3a). The ratio of the 

absorption, after taking into account the unequal absorption coefficients of the crystalline 

and the amorphous domains, can be used as an approximate measure of the percent 

aggregate (taken to be a percentage of material in well ordered domains). Awartani et al. 

found a strong correlation between the spectroscopically determined order in P3HT:PCBM 

films (the percent aggregate and the inverse of the Gaussian linewidths of the vibronic 

transitions, 1000/σ), the power conversion efficiencies of these blends, and the tensile 

modulus (Figure 2.3b).24 The authors found a similar correlation between order and 

brittleness, as manifested in the crack-onset strain.24 This observation, along with a similar 

one that correlated the tensile modulus and brittleness with charge-carrier mobility of 

P3HT and PBTTT as a function of thermal history,33 suggests that electronic performance 

and mechanical compliance are mutually exclusive properties. This is a theme, to which 

we will return, that represents an opportunity for researchers interested in combining 

properties—e.g., electrical conductivity and transparency—that seem to be antithetical.45 

Poly(3-heptylthiophene) (P3HpT),109 whose side chains contain seven carbon atoms, is an 
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example of a material for which brittleness, crystalline order, and photovoltaic efficiency 

are not correlated.27 Measurements of both tensile modulus and photovoltaic efficiency in 

P3HpT suggest that it exhibits the “best of both worlds.” (We note, however, that 

P3HpT:PCBM composites are nearly as stiff as P3HT:PCBM films, presumably due to the 

stiffening effect of PCBM on the amorphous domains of P3HpT, but a recent trend in the 

literature is to replace PCBM with polymeric or other small molecule acceptors, which 

may not increase the stiffness of bulk heterojunction films to the extent that PCBM does.) 

 

Figure 2.3. Determination of order within P3HT films by the weakly interacting H-aggregate model. (a) 

Deconvolution of UV-vis absorption spectrum of P3HT into vibronic peaks associated with aggregated—

i.e., crystalline—phases and higher energy absorption of the amorphous domains. Reproduced with 

permission from ref.24. Copyright 2013 Wiley-VCH Verlag GmbH & Co. KGaA. 
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2.2.1.8. Morphology of the surface by atomic force microscopy.  

The surface of a polymeric thin film can be readily visualized by AFM.18 

Conclusions about the bulk morphology of such films are often drawn, but the morphology 

visible at the surface of the film does not necessarily resemble that of the bulk.18 

Furthermore, it is difficult to assign apparent differences in phase contrast to specific 

domains in the film. The usual caveats about artifacts, specific to AFM, also apply. It is 

important to use a sharp AFM tip to resolve detail, e.g., the nanowire-like morphology 

observable in low-MW samples of P3HT.115 Despite its shortcomings, under favorable 

circumstances, quantities measurable by AFM images can be used to correlate morphology 

to mechanical properties. For example, PBTTT undergoes a very drastic transition upon 

thermal annealing, from semicrystalline with small crystallites to a highly crystalline state, 

in which the well ordered domains are observable by AFM (Figure 2.4a).66 The annealed, 

well-ordered state of PBTTT had a substantially increased modulus.33 For films of P3ATs, 

roughness is generally correlated to crystallinity, and is thus also loosely correlated to 

stiffness and ductility (Figure 2.4b). We hasten to add that degree of crystallinity is only 

one parameter that defines the mechanical properties of a conjugated polymer. Wholly 

amorphous polymers, such as MEH-PPV and PCDTBT,116 are in the glassy state at room 

temperature and can be relatively stiff, in the case of PCDTBT.  
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Figure 2.4. Correlation of surface morphology by atomic force microscopy with mechanical properties. (a) 

PBTTT undergoes a transition upon thermal annealing from an as-cast form with small crystallites, which is 

relatively compliant, and a highly crystalline annealed form, which is relatively stiff. Reproduced with 

permission from ref.66 Copyright 2006, Nature Publishing Group. (b and c) Roughness is loosely correlated 

to tensile modulus in P3ATs. Reproduced with permission from ref.28 Copyright 2014 Wiley-VCH Verlag 

GmbH & Co. KGaA. 

 

2.2.1.9. Synchrotron-based X-ray techniques 

The most sophisticated approaches to determining the bulk morphology or texture 

of polymeric thin films involve synchrotron-based methods of characterization. Grazing-

incidence X-ray diffraction (GIXD), near-edge X-ray absorption fine structure (NEXAFS), 

and other techniques provide a wealth of information about microstructure and texture of 

films of organic semiconductors18 that can be correlated to mechanical properties. The 
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lamellar spacing can be used to quantify the extent of interdigitation of the side chains in 

pure polymer phases,97, 113 intercalation of fullerenes between the side chains,23, 117, 118 

relative crystallinity (and absolute crystallinity under favorable circumstances),113 

cumulative and non-cumulative disorder,119 alignment of chains,78 and can assign the 

texture as being either edge-on or face-on.120 Correlations that have been found include the 

high tensile modulus of PBTTT because of its interdigitated packing structure and highly 

crystalline morphology when annealed,33 and the observation that P3HT in its kinetically 

favorable Form II structure, in which the side chains interdigitate, is relatively brittle.75 

 

2.2.2. Mechanical properties of polymer:fullerene composites 

While the mechanical properties of pure polymer films have begun to receive some 

attention, and conclusions and design rules can be drawn, blending pure polymers with 

electron acceptors—usually fullerenes—produces effects that can be difficult to predict. 

The general outcome is that a polymer:PCBM composite is stiffer, more brittle, and has 

decreased interlayer adhesion than does the pure polymer. The current model that describes 

the P3HT:PCBM blend comprises (at least) a three-phase system: a crystalline polymer 

domain, a fullerene-rich domain, and a mixed phase.19, 121-124 Each phase is expected to 

contribute to the overall mechanical properties of the film. Processing conditions—e.g., the 

rate at which the bulk heterojunction forms—affects the order within the crystalline 

polymer phase, and thus affects the mechanical properties.24 Intercalation of fullerenes 

between the side chains of conjugated polymers to form bimolecular crystallites117, 118 or 

to prevent crystallization97 is known to have dramatic effects on the tensile modulus and 
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fracture behavior of polymer:fullerene blends.23 Other factors, such as the size and purity 

of the fullerene samples, also play an important role.125 

 

2.2.2.1. Theoretical determination of modulus of composites 

Predicting the tensile modulus of polymer:fullerene composites for P3AT:PC61BM 

is possible using a simple composite theory, which was first applied to these systems by 

Tahk et al.32 In this approach, the tensile modulus of the composite is a function of the 

modulus of the polymer, the Poisson ratio of the film (ν, either calculated by equation 4,28 

or more commonly taken as 0.35,32, 33), the volume fraction of PCBM in the blend (ϕPCBM), 

and the maximum packing fraction of PCBM (ϕm, taken as 0.7,32). 

 

𝐸𝑃3𝐴𝑇:𝑃𝐶𝐵𝑀

𝐸𝑃3𝐴𝑇
=

1 + 𝐴𝐵𝜙𝑃𝐶𝐵𝑀

1 − 𝐵𝜓𝜙𝑃𝐶𝐵𝑀
             (𝟔) 

 

𝐴 =
7 − 5𝜈𝑃3𝐴𝑇

8 − 10𝜈𝑃3𝐴𝑇
, 𝐵 =

𝐸𝑃𝐶𝐵𝑀

𝐸𝑃3𝐴𝑇
− 1

𝐸𝑃𝐶𝐵𝑀

𝐸𝑃3𝐴𝑇
+ 𝐴

 , 𝜓 = 1 +
1 − 𝜙𝑚

𝜙𝑚
2

𝜙𝑃𝐶𝐵𝑀          (𝟕) 

The results from this model are plotted in Figure 2.5 on the same set of axes as the 

experimental data.28 These composite theories do not account, however, for the ways in 

which the presence of the fullerene changes the morphology of the polymer phase. In 

particular, miscibility123 and intercalation118 of the PCBM between the side chains of the 

polymer, can have profound effects on the mechanical properties of films.23 
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Figure 2.5. Tensile modulus vs. alkyl side chain length for P3AT:PCBM composites in a ratio of 

2:1. The composite theory described in Section 2.2.1 nearly overlaps with the experimental values. 

Reproduced with permission from ref.28 Copyright 2014, Wiley-VCH Verlag GmbH & Co. KGaA. 

 

2.2.2.2. Intercalation and molecular mixing 

 The original model of the morphology of the polymer:fullerene bulk heterojunction 

comprised two, generally bicontinuous domains of pure donor and pure acceptor.126-128 The 

current three-phase model has been assigned largely by electron tomography121 (Figure 

2.6a) and X-ray analysis.18, 19, 113, 129 The extent of the mixed phase is governed by the 

solubility of the fullerene in the amorphous domains of the polymer122 and by the presence 

of tie-chains between crystalline domains.130 The tie chains constrain the expansion of the 

polymer and thus limit the amount of fullerene that the amorphous domains of the polymer 

can solubilize.130 Regiorandom P3HT is completely amorphous and can disperse PCBM at 

any concentration.130 The mixing is also dependent on the details of the molecular packing 

(i.e., the ability of fullerenes to occupy free volume between side chains of the polymer).118 
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For example, PT2T is a type of polythiophene that is derived from a tail-to-tail coupled 

bithiophene bearing hexyl chains and an unsubstituted thiophene ring (Figure 2.6c).97 The 

polymer therefore contains a notch (i.e., the absence of an alkyl chain) every third repeat 

unit. This structural motif encourages the formation of crystalline domains in which the 

hexyl chains of adjacent polymer chains interdigitate.97 Favorable positions of the frontier 

molecular orbitals suggest that blending this material with PCBM would produce an OPV 

effect that is possibly greater than that of P3HT:PCBM.97 In the PT2T composite, however, 

the fullerene molecules sit in the notch, and thus prevent interdigitation of the side chains 

of adjacent polymer chains.97 Thermal annealing does not recover the crystalline 

microstructure of the pure polymer, and the absence of pure polymer and pure fullerene 

phases have a disastrous effect on the power conversion efficiency of PT2T:PCBM 

blends.97 Intercalation of fullerenes between the side chains is also the basis of the high 

ratio of fullerenes needed to achieve high efficiencies in blends of PBTTT and PCBM,117 

and probably also MDMO-PPV and PCBM;118 that is, the weight percentage of fullerenes 

must surpass some threshold value, beyond which the crystalline phase cannot 

accommodate additional fullerene molecules. Pure or substantially enriched domains of 

fullerenes are required for high efficiency. Thus, blends of PBTTT and MDMO-PPV and 

PCBM, for example, are typically optimized with ratios of polymer to fullerene around 

1:4.118 
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Figure 2.6. Morphology and packing of organic semiconductor films. (a) Electron tomography using 

endohedral fullerenes reveals a three-phase system comprising polymer- and fullerene- rich phases, and a 

mixed phase, which is substantially reduced by thermal annealing. Reproduced with permission from ref.121 

Copyright 2013, Wiley-VCH Verlag GmbH & Co. KGaA. (b) Two crystalline polymorphs of P3HT exist, a 

thermodynamically favored Form I (spherulites), in which the side chains do not interdigitate, and a 

kinetically favored Form II (solid red phase), in which they do. Form II is expected to have a greater modulus 

and higher brittleness than does Form I. Reproduced with permission from ref.75 Copyright 2013, American 

Chemical Society. (c) Schematic drawings of PT2T and P3HT, and the hypothesized way in which fullerene 

molecules can fit between the side chains of PT2T, but not P3HT. Reproduced with permission from ref.97 

Copyright 2007, Wiley-VCH Verlag GmbH & Co. KGaA. 

 

 The mechanical properties of polymer:fullerene blends were previously reported to 

be intimately related to the details of molecular mixing.23 The tensile moduli of most 

P3AT:fullerene blends are a factor of 3-5 greater than those of the neat polymers.28, 32 The 
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typical rationale for the increased modulus of P3AT:PCBM relative to the neat polymer is 

the stiffness of the fullerene-rich phase.28, 32 Figure 2.7a plots the factor by which selected 

polymer:fullerene composites are greater than that of the neat polymer both before and 

after annealing. The salient example is P3HpT:PCBM (factor of 7 greater than neat 

P3HpT).131 As discussed in Section 2.1.3, P3HpT is the P3AT that maximizes mechanical 

compliance and electronic performance. Differential compliance and ductility of the 

P3ATs is largely a function of the fluidity of the amorphous domains at room 

temperature.27 In a P3AT:fullerene composite, however, the current model predicts the 

absence of pure amorphous domains of P3ATs,130 and thus we conclude that the presence 

of fullerenes produce stiffened mixed domains, which dominate the mechanical properties 

of the blend.  

The dominance by the stiffened mixed domains on the mechanical properties of 

polymer:fullerene blends was observable not only in blends with P3ATs, which do not 

allow fullerene intercalation, but also in other polythiophenes which do allow fullerene 

intercalation. Figure 2.7b plots the tensile modulus of selected polymer:fullerene blends 

against the tensile modulus of the neat polymers. Interestingly, for these polythiophenes, 

there is a linear correlation between the tensile moduli of the neat polymers and the 

polymer:fullerene blends. This linear correlation suggests that the effects of molecular 

mixing play a relatively small role in the tensile modulus of polymer:fullerene blends. A 

striking example is PT2T:PCBM. The neat polymer is relatively highly aggregated due to 

the interdigitation of the alkyl side chains, though the modulus is similar to that of neat 

P3HT (~1 GPa, depending on batch-to-batch variability).28, 29 Blending with PCBM, 

however, destroys the aggregate microstructure of PT2T. Remarkably, the tensile modulus 
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of even a 1:1 blend of PT2T:PCBM is similar to that of P3HT:PCBM, despite the 

completely different microstructures. The mechanical properties of bulk heterojunction 

composites—due to the complex nature of the blend, which has at least three phases—can 

vary widely, and offer interesting opportunities for studying nanocomposite materials. 

 
Figure 2.7. Effect of molecular mixing on the stiffness of polythiophenes. (a) A plot of the modulus of a 

polymer:fullerene blend vs. the modulus of the neat polymer reveals that the presence of fullerenes have a 

stiffening effect on the neat polymer; the correlation, however, implies that the details of molecular mixing—

i.e., whether or not the fullerenes intercalate between the side chains of the polymer—have a relatively small 

effect, at least for the materials examined in this study. (b) Plot showing the factor by which a 1:1 blend of 

polymer and PCBM is greater in modulus than is the neat polymer in both annealed an unannealed forms.  
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2.2.2.3. Purity of fullerene samples 

 Fullerenes are the most popular electron acceptor in organic photovoltaics because 

of their high charge-carrier mobilities132 and their spherical (or quasi-spherical) shapes, 

which permit them to accept electrons from any direction.133 There are, however, several 

disadvantages to fullerenes, including cost,4 embodied energy,134 possible environmental 

degradation,135 and the potential for toxicity. These drawbacks have motivated researchers 

to explore alternatives to fullerenes136 to mitigate environmental concerns, or investigate 

less pure samples of fullerenes to reduce the cost and embodied energy. We undertook a 

study to understand the effect of the size and purity of the fullerene on the tensile modulus 

and crack-onset strain of P3HT:PCBM composites using four different samples of 

derivatized fullerenes: PC61BM (99%), PC61BM technical grade (90% PC61BM, 10% 

PC71BM), PC71BM (99%), and PC71BM technical grade (90% PC71BM, 10% PC61BM). 

The purer films were stiffer, but the less pure samples produced devices that were only 

somewhat—but not catastrophically—less efficient than those made from the purest 

samples (5% degradation in PCE for PC71BM, and 19% degradation for PC61BM.125 These 

effects were attributed to the propensity of the fullerene with higher purity to form larger 

crystalline domains. A slight increase in order of the polymer phase with increasing purity 

of the fullerene was also observed through UV-vis spectra as analyzed by the weakly 

interacting H-aggregate model.125 This study suggests that the use of lower-purity 

fullerenes may substantially reduce the cost and production energy of organic solar cells, 

and also increase the compliance and environmental stability of devices (Figure 2.8).125 
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Figure 2.8. Schematic summary of the effect of purity of fullerenes on the stiffness of P3HT:PCBM blends 

for PC61BM and PC71BM. “Purity” refers to the extent of separation of C60 and C70 derivatives, where 

technical grade (Tech. Gr.) contains ≤10% fullerenes of the other size. The results suggest that it is possible 

to increase the compliance of polymer:fullerene blends while decreasing the purity of the fullerenes to 

decrease the embodied energy (and therefore the cost).   

 

2.2.2.4. Effect of additives and plasticizers 

High-boiling additives are often included in bulk heterojunction films to increase 

the performance of polymer:fullerene blends and PEDOT:PSS films by improving the 

morphology.137, 138 Small-molecule additives in polymer engineering often have the effect 

of plasticizers. Plasticizers increase the free volume within samples of solid polymers, and 

lower the Tg and the tensile modulus. Common additives, such as 1,8-dithiooctane and 1,8-

diiodooctane (DIO),137, 138 have been used for certain bulk heterojunctions comprising low-

bandgap polymers blended with PCBM to improve their performance. Graham et al. found 

that PDMS, often used as a lubricant in the syringes used to dispense polymer “inks” for 

spin-coating, is also associated with generating a favorable morphology and increased 

efficiency in solar cells based on solution-processed small molecules.139 Using 

P3HT:PCBM as a model system, we found a plasticizing effect for both DIO (69% 

decrease in tensile modulus) and PDMS (28% decrease), using concentrations typically 

used in the literature.28 It is not yet known whether the decrease in modulus can be 
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attributed to a typical plasticizing effect (i.e., increasing the free volume) or by a change in 

microstructure that affects the mechanical properties.  

Additives and cosolvents are essentially always used in solution-processed films of 

PEDOT:PSS,140, 141 and these adjuncts have effects on the modulus (Figure 2.9a) and 

ductility (Figure 2.9b),71 along with effects on the sheet resistance (Figure 2.9c),140 some 

of which are already known.142 High-boiling liquids and polar additives, such as 

dimethylsulfoxide (DMSO) and sorbitol, are associated with increasing the size of the 

conductive PEDOT-rich grains, and thus increasing the conductivity of the film.143, 144 

Zonyl fluorosurfactant (now called Capstone by DuPont) is used to enable wetting of 

aqueous dispersions of PEDOT:PSS on hydrophobic plastic substrates,140, 145 or on the 

hydrophobic surface of the bulk heterojunction film in the inverted architecture.146 

Poly(ethyleneimine) (PEI),147 and other amine-containing polymers and small 

molecules,148, 149 is used to lower the work function of PEDOT:PSS to permit its use as the 

cathode (as well as the anode) in all-organic devices. While the use of a thin-layer of PEI 

seems to have a stiffening effect, Zonyl, when present in the ink in concentrations up to 

10%, has a very strong plasticizing effect.71 It seems, thus, that additives may serve a dual 

purpose: as cosolvents for one or more components of the bulk heterojunction, and as 

plasticizers for increased mechanical stability. Interestingly, the concentration of DMSO 

in the ink of 5%, which produced the most conductive films when the concentration of 

Zonyl was kept constant, also produced films of greater stiffness and brittleness.71 The 

interconnected morphology that supports good charge transport may thus embrittle the 

films, but this effect can be mitigated by adding Zonyl (or perhaps another surfactant) 

without degrading the electronic performance substantially.  
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Figure 2.9. Effect of common additives, Zonyl fluorosurfactant and DMSO, on the (a) tensile modulus, (b) 

crack-onset strain, and (c) sheet resistance of the ubiquitous transparent conductive polymer, PEDOT:PSS. 

 

2.2.2.5. Small molecules and oligomers 

Compared to their polymeric counterparts, solution-processed small molecules offer 

advantages of monodispersity and increased overall purity, a greater tendency to produce 

highly crystalline microstructures, and low cost and low production energy. The power 

conversion efficiencies of devices with active layers based on small-molecule:fullerene 

blends are nearly as high as the typical polymer:fullerene system.150 It may be, however, 

that the highly crystalline morphology of π-conjugated small molecule films also renders 

them stiff and brittle. The transition from polymer to oligomeric to small-molecule can 

coincide with a transition between polymorphs, which can have different mechanical 

properties. Koch et al., as mentioned in Section 2.1.3, found that oligo(3-hexylthiophene) 

(degree of polymerization = 4 – 36) exhibited the kinetically favored crystalline 

polymorph—“Form II”—in which the side chains interdigitated, and underwent a 

qualitative increase in stiffness.75 The forms could be interconverted by appropriate 

treatments, but Form II was generally favored for the shorter oligomers. There is far less 

information available on the mechanical properties of small-molecule semiconductors than 

there is about polymeric ones. Films of evaporated pentacene, in addition to having an 
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extraordinarily high tensile modulus of 15 GPa, also exhibited substantial cracking when 

transferred to a PDMS substrate for analysis by the buckling methodology.32 Preliminary 

observations by our group on solution-processible, small-molecule semiconductors, TIPS-

pentacene, SMDPPEH, and pDTS(FBTTh2)2, suggest that these van der Waals solids are 

characteristically brittle. Attempts to measure the moduli and crack-onset strain on PDMS 

substrates have thus far been unsuccessful, because of cracking of the films during the 

process of transferring from passivated glass or silicon to PDMS. In high-modulus 

materials that were eventually measured successfully, this behavior correlated with high 

stiffness and brittleness, as in P3BT:PCBM.28 There is, however, a dearth of literature on 

the mechanical properties of small-molecule films, and definitive statements about the 

mechanical stability of devices based on solution-processed small molecules cannot be 

made. 

 

2.2.2.6. Are mechanical and electronic figures of merit mutually exclusive? 

Analyses of several organic conductors, semiconductors, and composites have 

suggested that good electronic properties—as manifested in conductivity, charge-carrier 

mobility, and photovoltaic efficiency—and mechanical properties (i.e., elasticity and 

ductility) are antithetical.24, 151 Systems in which this competition was observed include 

P3ATs with side chains having an even number of carbon atoms,28 P3HT:PCBM films 

dried at different rates,24 annealed and unannealed PBTTT,33 and PEDOT:PSS deposited 

from inks containing different amounts of DMSO.71 Recent studies, however, have shown 

possible routes toward systems that exhibit substantial compliance along with high 

photovoltaic efficiency. For example, P3HpT has a vibronic structure (as seen in the UV-
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vis absorption spectrum) that nearly overlaps with that of P3HT, which indicates a similar 

percentage of aggregate and a similar level of order within the aggregate. Moreover, 

P3HpT exhibits photovoltaic parameters in blends with PCBM that are similar to those of 

the standard (and more brittle) material, P3HT.27 The amorphous phase in P3HpT is mobile 

at room temperature, however, while the amorphous phase in P3HT is glassy. The similar 

electronic performance thus seems to be a manifestation of the degree of crystallinity and 

the order within the crystalline domains, while the differential mechanical properties are 

dominated by the amorphous domains. These observations point to a design rule, valid at 

minimum for semicrystalline materials, for organic semiconductors that are at once high-

performance and highly compliant. Another route toward films exhibiting the best of both 

worlds is plasticization of the active materials by additives—such as DIO and PDMS for 

semiconductors, and Zonyl for PEDOT:PSS—that are already known to increase the 

electronic figures of merit.28 Other approaches, such as covalent incorporation of flexible 

units (e.g., polyethylene blocks34 or oligoethylene glycol side chains152) may provide 

further routes toward tailoring the mechanical properties of bulk heterojunctions of high-

performance conjugated polymers. Intentional reduction in crystallinity by introducing 

random units in a polymeric backbone represents another possible method to achieve good 

photovoltaic performance and high elasticity,29 as does substitution of fused rings in the 

main chain of a polymer (e.g., thienothiophene) for isolated rings (e.g., bithiophene),31 and 

tailoring the rate at which the bulk heterojunction forms.24 Figure 2.10 shows a plot of 

power conversion efficiency vs. tensile modulus for six samples of polythiophene. 

Materials occupying the top-left quadrant in such a plot are potential candidates for 
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mechanically stable solar cells (e.g., P3HpT), or embody rules that will inform the design 

of high-performance materials in the future. 

 

Figure 2.10. Power conversion efficiency (PCE) of polymer:fullerene blends vs. tensile modulus of the pure 

poly(3-alkylthiophenes): P3HT, P3OT, a physical blend of the two (P3HT:P3OT), a block copolymer (P3HT-

b-P3OT), a random copolymer (P3HT-co-P3OT), and P3HpT. Materials occupying the top-left quadrant 

(e.g., P3HpT) in principle exhibit a favorable combination of mechanical compliance and photovoltaic 

performance. Reproduced with permission from ref.27 Copyright 2014 American Chemical Society. 

 

2.3. Behavior of materials and devices under strain 

 All thin-film technologies are susceptible to damage by environmental forces. If 

changes in the photovoltaic output of devices upon imposition of mechanical stress are not 

prevented, they should at least be anticipated, so that their effects can be mitigated 

downstream. We divide the response to strain into two regimes: (1) pre-catastrophic failure 

and (2) catastrophic failure. The behavior in the first regime, characterized by small-strains 

(prior to cracking or delamination that produces substantial loss of function) is in principle 

affected by elastic or plastic deformation of the active materials and contacts. Deformation 

of the materials continues throughout the second regime, but the photovoltaic output is 

dominated instead by cracking of the active materials and contacts, failure of the barrier 
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films, and short-circuiting of the electrodes. We define catastrophic failure as occurring 

when the device loses most or all of its photovoltaic efficiency. This section also discusses 

the factors that control interfacial debonding, cracking, and the molecular and 

environmental determinants of this type of failure.  

 

2.3.1. Pre-catastrophic failure behavior 

 This section reviews the evolution in photovoltaic properties in response to strain-

evolved microstructures, change in interfacial energies, and the formation of small cracks. 

The defining characteristic of this regime is that the photovoltaic properties remain 

generally intact. Many of the strain-evolved changes in microstructure observed in some 

conjugated polymers—alignment of chains,78 change in texture from edge-on to face-on,78, 

79 and increased degree of crystallinity78—might actually increase the photovoltaic 

performance of devices under some circumstances. 

 

2.3.1.1. Strain-evolved microstructure of organic semiconductors. 

 Charge transport in organic semiconductors is intimately linked to solid-state 

packing structure,44 which is perturbed when an active material is strained (Figure 2.11). 

It is clear, thus, that even the smallest applied strains will change the photovoltaic response 

of the active material. Strained microstructures do not always have deleterious 

consequences on the electronic output. For example, Giri et al. found that crystalline films 

of TIPS-pentacene could exhibit metastable polymorphs with shortened π-stacking 

distances and thus increased charge-carrier mobility in field-effect transistors.153 Some of 

these polymorphs, which are accessible by changing the speed of solution-shearing, are 
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applicable to large-area coverage.154 Furthermore, the direct application of compressive 

strain has been shown to increase the mobilities in films of pentacene and tetracene, where 

the photoconductivity of the crystals increased linearly with applied hydrostatic 

pressure.155 Zinc octakis(-decoxyethyl)porphyrin films have also exhibited a strong 

correlation between the increase in compressive strains and a higher photoconductivity, 

when pressures using a micro tip were applied.156 The authors attributed these effects to a 

compression of the π-stacking axis and better overlap of the molecular orbital 

wavefunctions. 

 

Figure 2.11. Strain-evolved changes in microstructure shown to occur in polythiophenes. (Top) Tensile strain 

aligns chains, (middle) affects a reorientation in texture from principally edge-on to face-on, and (bottom) 

increases the overall percent aggregate. 

 

 The most well known effect of tensile strain on a conjugated polymer is alignment 

of the chains along the strained axis. This effect has been known since early work on 

conjugated polymers, and is responsible for the extraordinarily high tensile strength of 

uniaxially aligned polyacetylene.53, 54 Drawn films of P3HT exhibit highly anisotropic hole 

mobility, which has been noted by Vijay et al.112 and O’Connor et al.78 These studies 

highlight the importance of along-chain transport in the overall ability of a film to transport 
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charge. This fact was reinforced in a paper by Heeger and coworkers, in which low-

bandgap polymers aligned in nanoimprinted grooves exhibited among the highest charge-

carrier mobilities reported to date.157 Aligned films also exhibit polarization-dependent 

absorption, because of the orientation of the π-π* transition, which is perpendicular to the 

molecular axis.158 Awartani et al. has shown substantial birefringence in stretch-aligned 

bulk heterojunction films, and thus organic solar cells with polarization-dependent 

absorption and efficiency.80 The increase in charge-carrier mobility induced by stretch 

aligning may benefit field-effect transistors, but the anisotropy is in the wrong direction to 

benefit organic solar cells, in which charges are transported through the thickness of a film. 

 A secondary effect of strain on the microstructure of conjugated polymer films, as 

seen in P3HT, is on the texture. O’Connor et al. noted that strain produced realignment of 

the π system of the molecules from predominantly edge-on (regarded as the preferred 

orientation for P3ATs and other conjugated polymers) to largely face-on.78, 79 The latter 

orientation may be favorable for OSCs. O’Connor, DeLongchamp, and coworkers have 

observed this effect in P3HT films under both uniaxial78 and biaxial79 deformation. The 

mechanism and fundamental basis for this realignment remains an interesting and 

important question for further inquiry, and has implications for the photovoltaic output of 

devices under strain. It suggests that mechanical strain might actually improve power 

conversion efficiencies of devices under some circumstances.  

A third effect of strain, observed by increases in the intensities of the vibronic 

transitions of P3ATs, is an increase in the percent crystalline aggregate within the film.78 

This strain-evolved microstructural change could, in principle, produce greater 

photovoltaic performance, as percent aggregate in the polymer phase is correlated with 
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increased efficiency in P3HT:PCBM devices.24 While such increases in crystalline order 

produced by other means—i.e., thermal annealing,159 solvent-vapor annealing,160 and 

slowness of evaporation of the solvent during solution casting24—are generally correlated 

with increases in PCE; in a solar cell, tensile strain has possibly detrimental effects on the 

other components of the device, such as the substrates, interfaces, barrier films, and 

electrodes, which make it difficult to isolate the effects of strain itself on the overall 

properties of the device.31 Figure 2.12a and 2.12b shows the evolution in photovoltaic 

properties with tensile strain for two types of devices fabricated on PDMS substrates, one 

based on P3HT:PCBM, and the other based on PDPP2T-TT:PCBM, from 0 to 20% strain.31 

The apparent increase in VOC with small strains for the brittle P3HT:PCBM was attributed 

to fracturing of the oxide “skin” that forms on the liquid eutectic gallium-indium (EGaIn) 

cathode—used because it is stretchable—when extruded in air. The same effect is observed 

if the EGaIn is extruded in air, placed in the glovebox, and then agitated with a wooden 

applicator, but the effect disappears when the EGaIn is extruded in a nitrogen atmosphere. 

The effect is more pronounced for P3HT:PCBM than it is for PDPP2T-TT:PCBM, because 

the former bulk heterojunction is more brittle, and the opening and closing of cracks in the 

active layer perturb the top electrode to a greater extent. This experiment highlights the 

difficulty in isolating the effects of the change in microstructure of the active materials 

from the detrimental effects on the electrodes and other materials. 
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Figure 2.12. Evolution in photovoltaic output with tensile strain, ε. (a) Schematic diagram of a stretchable 

device. (b) Current density vs. voltage for a P3HT:PCBM device from 0% to 20% strain. (c) A similar plot 

for a PDPP2T-TT:PCBM device. Current densities were calculated using the area of the footprint of the drop 

of eutectic gallium indium (EGaIn), which deformed with strain, by the equation A(ε’) = πaL(1+ε’)aT(1–νSε’), 

where ε’ = ε/100%, aL and aT are the longitudinal and transverse semi-major axes, and νS is the Poisson ratio 

of PDMS (and assumed to be constant within the relatively small range of strains, between 0 and 20%.) 

Reproduced with permission from ref.31 Copyright 2012, Elsevier. 

 

 Global strains, applied to whole devices, can manifest as damage at interfaces. 

While the effects of pre-catastrophic bending strains on interfaces have not been rigorously 

determined for organic solar cells, Sokolov et al. has performed relevant studies on field-

effect transistors.161 The authors’ principal conclusion was that the strains applied to these 

transistors changed the alignment of polymer chains and altered the field-effect mobility 

of the strained devices due to reorientation of the surface dipoles.161 Poor interfacial 

adhesion can produce cracks at sites of local delamination that propagate through multiple 

layers in the device.30, 142 Adhesion promoters can reduce this effect substantially, as has 

been observed for PEDOT:PSS,30, 142 which behaves as a prime coat that increases adhesion 
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of bulk heterojunction films to hydrophobic substrates. Lu et al. observed a similar effect 

in films of copper on polyimide substrates, which could be stretched up to 50%, without 

cracking, if a chromium adhesion layer was used.162 

 

2.3.1.2. Pre-catastrophic cracking under tensile strain. 

 There are scenarios in which lateral cracks that appear on the surface of the active 

material would not lead to catastrophic failure in a device. One can imagine, for example, 

that a solar cell that cracks without shorting of the electrodes might behave like many 

smaller solar cells connected in parallel. In fact, Chortos et al. showed that microcracked 

organic semiconductors functioned normally while strained in stretchable field-effect 

transistors.163 In principle, cracking of an electrode would increase the sheet resistance of 

the contact, which would manifest in increased series resistance, and would, in turn, reduce 

the fill factor and short-circuit current. Cracks and thin areas in the active layer could 

produce shunts and lowered parallel (i.e., shunt) resistance, and ultimately decrease the fill 

factor and open-circuit voltage. These qualitative features are consistent with the behavior 

of a device with the architecture PDMS/PEDOT:PSS/PDPPT2T-TT:PCBM/EGaIn 

(Figure 2.12c).31 As the applied strain approaches 20%, the J–V curve resembles a short 

circuit. In contrast to the examples shown in Figure 2.12, which show the evolution in 

photovoltaic output with strain due to cracks that appear in the surface of the film, there 

have not been any studies in which interfacial debonding or cohesive failure were explicitly 

identified as the origin of failure. One intriguing possibility is that some organic 

semiconductors might undergo stimulus-responsive healing or repair after damage. It has 

become clear, for example, that fullerene molecules are highly mobile within the 
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amorphous domains of P3AT films, and can diffuse across interfaces of laminated films.123, 

124 Kahn and coworkers have reported lamination of conjugated polymer films by transfer 

printing, and while the laminated film was reported to be essentially identical to a single 

film with respect to charge transport, the mechanical properties of the welded interface—

in particular, the cohesion—has not been characterized.164, 165 

 

2.3.2. Catastrophic fracture  

In contrast to Section 2.3.1.1, which dealt largely with the theoretical effects of 

strain-evolved changes in microstructure on the photovoltaic properties, the effects of 

cracking are easily seen in plots of current density vs. voltage, and are nearly always 

deleterious.31 The detail to which these effects are characterized in the literature is, 

however, not fine-grained. In general, bending studies are performed to illustrate the 

superior mechanical flexibility of one material (e.g., the transparent electrode) over a 

control device that uses a conventional material (e.g., ITO, though the mechanism by which 

ITO itself degrades under strain is an active area of research166).167 Degradation of function 

is attributed to cracking within the control device, however, strain is almost never estimated 

based on the bending radius and thickness of the substrate, and the specific ways in which 

the damage manifests in the degraded J–V plots are generally not identified. This section 

is subdivided on the basis of the relative orientation of the strain to the plane of the device: 

(1) strain applied parallel to the device plane that generally produces cracking and 

cracking-induced delamination in one or more layers,31, 145 and (2) strain applied normal to 

the device plane, which is associated with cohesive and adhesive failure of the thin films 

that make up the device. 



92 

 

 

 

2.3.2.1. Strain applied parallel to device plane 

 Strain occurs within the plane of the device when stretched or bent (the strain is 

tensile on the convex surfaces above the neutral plane, and compressive on the concave 

surfaces below the neutral plane).168 Strain also appears during deformation associated with 

thermal expansion and contraction.51 Tensile strains can produce cracks in all layers of the 

device and concomitant delamination if one layer deforms more than another in response 

to the same stress. Cracks in either the anode or cathode increase the series resistance of 

the device, and lower the fill factor and short-circuit current; thin areas in the active layers, 

or any scenario in which the electrodes are brought closer together, decrease the parallel 

(i.e., shunt) resistance, and also lower the fill factor and tend to decrease the open-circuit 

voltage. Catastrophic debonding of the electrodes produce open circuits, while cracks in 

the active layer that permit the electrodes to make physical contact produce short circuits,28, 

30 for which the J–V plots resemble resistors in parallel with photovoltaic cells (as in 

Figures 2.12b and 2.12c).31  In another example, Nickel et al. attributed cracking of a 

composite PEDOT:PSS/silver nanowire electrode as the source of degradation of a device 

based on a PTB7:PC71BM active layer while strained, but the device lost only 10% of its 

initial performance even at 14% strain.169 It thus possible in principle for a solar cell to 

retain function even if the electrodes and the active materials are cracked all the way 

through, as long as the pathways leading to the electrodes are not interrupted. Compressive 

strain can also crack layers, especially of brittle materials, such as films of small molecule 

semiconductors (as observed by Tahk et al., Figure 2.13a).32 Wrinkling of the surface 

(Figure 2.13b) can also occur under compressive strain if there is a mismatch in elasticity 

between the device layers and the substrate, or if the layers are poorly adhered.51 
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Figure 2.13. Images of cracks and buckles that appear in organic thin-film devices. (a) A cracked film of 

pentacene evaporated on a PDMS substrate and subjected to a 10% compressive strain. (b) A surface 

wrinkling pattern characteristic of the deformation that occurs in rigid films under compression due to direct 

application of mechanical force or because of thermal contraction. Reproduced with permission from ref.32 

Copyright 2009, American Chemical Society. 

 

2.3.2.2. Strain applied normal to device plane 

In contrast to the experiments described in this review so far, in which strain was 

applied in the plane of the device, the failure patterns of some types of devices may be 

predicted more realistically by experiments in which stress is applied perpendicular to the 

plane of the device. Stressing a multilayered device in this way can produce cohesive 

(within-layer) or adhesive (between-layer) failure. The Dauskardt laboratory published a 

series of studies that related the cohesive or adhesive fracture energy—Gc, the work needed 

to break or separate polymer films or interfaces—to various molecular parameters and 

processing conditions (Figure 2.14).23, 50, 52, 68-70 The authors generally used a four-point 

bending test (Figure 2.14a) or double cantilever beam apparatus to apply strain 

perpendicular to the plane of the device. The setup is intended to mimic modes of 
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deformation that lead to separation within the device plane. Several important conclusions 

were drawn from this research that establish important design rules for improved reliability 

and yield of production of OPV devices. 

 

Figure 2.14. Schematic diagrams and data summarizing cohesive and delaminative fracture under different 

conditions. (a) Schematic diagram of the four bend mechanical test designed to measure the cohesive fracture 

energy of the P3HT:PCBM active layer in an organic solar cell as a function of molecular weight of the 

P3HT. (b) Cohesive energy vs. thickness of the BHJ layer with different molecular weights. Extremely high 

values of cohesion were obtained for thick films of high molecular weight. (c) Schematic illustration of the 

effect of the size of the plastic zone at the crack tip on the cohesion; brittle materials with small plastic zones 

exhibit less of a dependence on layer thickness, because the plastic zone is smaller than the distance between 

plates. Reproduced with permission from ref.50 Copyright 2014, American Chemical Society. 

            The range of values of Gc for cohesion of the P3HT:fullerene bulk heterojunction 

were found to be 1–20 J m–2, although the high end of this range was only measured for 

P3HT:ICBA23 and in systems of thick P3HT:PCBM films in which the P3HT had high 

molecular weight.50 Typical values of 1–5 J m–2 are lower (more unfavorable) than those 

of other dielectric materials—e.g., crosslinked polymers and oxides—commonly used in 
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microelectronics.52 The cohesion was found to be strongly dependent on the composition 

of the bulk heterojunction. In particular, cohesion decreased with increasing PCBM 

concentration, from 0.5 J m–2 for pure PCBM to a maximum of 2.5 J m–2 for BHJs 

containing 75% P3HT.52 The cohesive energy was not found to be affected by thickness, 

at least in the initial report, which the authors noted was different from the behavior of 

more-ductile polymers.52 The cohesion, trajectory of the propagation of the crack, and the 

roughness after cohesive fracture depends on the mechanical properties of the material 

encountered by the crack during propagation. In examples of polymers exhibiting 

substantial plasticity (e.g., high-molecular-weight P3HT, Figure 2.14b), a plastic zone 

forms at the crack tip and expands until it is confined by either crystalline domains in the 

film or by the rigid top and bottom substrate (Figure 2.14c)—i.e., glass or epoxy in these 

experiments.52 This plastic zone dissipates energy of the deformation, and decreases the 

cohesion measured in thin films of polymers with high ductility as thickness decreases, in 

which the volume of the plastic zone is confined by the hard substrate and backing.50, 52 

Dependence of cohesion on thickness is, however, present in high molecular weight 

P3HT,50 which is consistent with a lowered degree of crystallinity and a larger plastic zone 

of the crack tip that is relatively unconstrained by rigid crystallites of samples with lower 

molecular weight. Formation of bimolecular crystals, in the case of PQT-12 and PBTTT 

and their mixtures with monofunctionalized PCBM, tends to produce bulk heterojunction 

films with relatively high cohesion (Gc ~ 2–5 J m–2).23 While this is an important 

observation that informs the selection of materials for mechanical robustness, bulk 

heterojunctions with bimolecular crystals at ratios of polymer:fullerene of 1:1 (i.e., below 

the concentration at which pure PCBM domains form) are inefficient, and those with ratios 



96 

 

 

 

of 1:4 fail cohesively more readily (Gc ~ 1 J m–2) because of the fragility of the pure PCBM 

phase.23 

In roll-to-roll processed flexible devices with the inverted architecture, adhesive 

failure was found to occur most commonly between the bulk heterojunction layers and 

PEDOT:PSS, with values of Gc between 0.1 to 1.6 J m–2.68 The adhesion decreased with 

increasing concentration of PCBM, which can be attributed to low interaction volume of 

fullerenes100 and relatively weak van der Waals attraction to adjacent layers. We note that 

the order in which the layers are deposited has an effect on mechanical stability. For cells 

with the conventional geometry, in which the P3HT:PCBM is coated on top of the 

PEDOT:PSS, this interface survived, whereas the P3HT:PCBM failed cohesively.52 The 

adhesion in the inverted geometry could be increased by increasing the time and 

temperature of annealing, or by replacing the PEDOT:PSS with another hole-transporting 

layer, such as vanadium oxide (V2O5). Use of V2O5, deposited from solution, produced an 

interface that was dramatically stronger (up to 150 J m–2), but a device that was very 

inefficient.68 Increased adhesion was attributed to a 10-nm-thick mixed layer between V2O5 

and P3HT:PCBM. Depth profiling XPS determined that failure occurred between this 

mixed layer and the active layer. Reduced mixing and a weaker interface was found when 

solution processed V2O5 was replaced with vapor-deposited molybdenum oxide (MoO3).
69 

A mixed interfacial layer has also been invoked to explain the good adhesion between 

PEDOT:PSS and the active layer, if the PEDOT:PSS has been deposited first, and is 

possibly concomitant with the formation of P3HT+:PSS– species where the polymer chains 

interact.69 (The pure PEDOT:PSS phase itself is, however, subject to decohesion that 

accelerates in the presence of atmospheric moisture, attributed by DuPont et al. to hydrogen 
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bonds of PSS– to water which disrupt the existing PSS–---H+---PSS– that give the polymer 

its cohesive strength.70) 

 

2.4. Possible routes of increasing the mechanical stability of organic solar cells 

 The experiments described in this review point to several routes that can be 

explored toward the end goal of increasing the mechanical robustness of organic solar cells. 

We identify several approaches that have been proposed explicitly or suggested by the 

results of experiments in the literature, and comment on the probability of success in a 

large-scale environment. 

 

2.4.1. Buckled or wavy solar cells 

 The concepts introduced by Whitesides,90 Rogers,170 Wagner171, 172 and others,173 

involving the production of thin-film devices whose active materials are buckled on pre-

strained surfaces, and which accommodate strain by local bending and unbending of the 

buckles, has been exploited by Lipomi et al.145 and then later by Kaltenbrunner et al.3 to 

form unencapsulated stretchable organic solar cells. (Buckles and deep folds were later 

used as structures to increase light trapping by Loo and coworkers.174)  This concept would 

be difficult to apply in a roll-to-roll scheme, because of the requirement that the substrate 

be under tension and the low probability that a multilayered device could be buckled by 

compressive strain without introducing substantial interfacial stress. The authors’ 

experience suggests that under compressive strain, metallic electrodes, or solution 

processed oxides to modify the work function of one or more of the electrodes, would 

almost certainly crack and have a deleterious effect on the photovoltaic output of the 
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devices. Furthermore, surface wrinkling requires a substantial mismatch in moduli between 

the substrate (~1 MPa for PDMS) and the thin films (≥10 MPa). The use of such deformable 

substrates in roll-to-roll coating apparatuses may not be straightforward. 

 

2.4.2. Use of highly compliant conjugated polymers 

 A promising strategy to increase the mechanical robustness of OPV devices is to 

increase the elasticity, plasticity, or both, of the conjugated polymer. The highly compliant 

nature of P3HpT, a material with well ordered crystalline aggregates, is attributed to the 

amorphous domains whose glass transition is below room temperature, and suggests one 

possible way to achieve the “best of both worlds” of electronic and mechanical properties.27 

Another strategy is to take a material with a low bandgap and high mobility (such as a 

DPP-based material depicted in Figure 2.1) and introduce unlike conjugated monomers at 

random into the backbone, to decrease the degree of crystallinity (which would be effective 

so long as the material maintained high charge-carrier mobility in the absence of high 

crystallinity).29 In general, factors that increase the compliance and ductility (independent 

of their effects on charge transport) are long alkyl side chains,57 high molecular weight (at 

least in P3HT),50 substitution of fused rings in the polymer backbone to isolated rings,31 

and structural randomness to reduce the degree of crystallinity.29 All things being equal, 

highly cohesive and non-brittle conjugated polymers will perform better than brittle ones. 

The extent to which one component of the active material influences the failure behavior 

of the entire device, however, is an open question, and requires more testing. It also requires 

knowledge of the effects of other materials not only in the device stack, but within the 

active layer itself. 
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2.4.3. Substitution of PCBM 

 The ubiquitous acceptor PCBM has many deleterious effects on the mechanical 

stability   of OPV devices. Pure PCBM phases have low cohesive energy,52 high tensile 

moduli,125 low crack-onset strains,125 and weak interfaces with other layers in the device.68 

They can also substantially stiffen active materials that have low moduli by themselves 

(e.g., P3HpT).27 Decreasing the purity of the fullerene might suppress crystallization and 

therefore reduce the modulus, but this is not a guaranteed strategy.125 Another potential 

route would be to find a different acceptor,136 but our (very) preliminary observations on 

the mechanical properties of solution-processed small molecule films suggest that they are 

brittle. Polymer:polymer heterojunctions59, 175 might represent a way forward, and indeed 

all-polymer solar cells have achieved high efficiencies in trials by several groups.176, 177 

The mechanical properties of electron-acceptor polymers are relatively unexplored, but we 

suspect that the design rules for robust donors would be easily translated to acceptors. 

  

2.4.4. Plasticizers 

 The use of plasticizers represents an approach that is familiar to the engineering 

plastics community. For example, small molecules that increase the free volume in a 

polymer sample also tend to reduce its Tg and modulus, and increase its ductility. As 

discussed in Section 2.2.2.4, our group has found that compounds that are added to bulk 

heterojunction blends to increase efficiency (for example DIO or PDMS)28 and to 

PEDOT:PSS to improve conductivity and wettability (DMSO or Zonyl),71 can also have 

plasticizing effects on thin films. Since only a few plasticizers have been thoroughly tested 

in a laboratory setting, their success leads us to believe other combinations of additives 
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could play a key role in improving mechanical stability. The effect of these plasticizers on 

the failure mechanisms of whole devices, however, is an open question; plasticizers may 

segregate to the surface and change the interfacial adhesive properties.68 Another question 

is mechanistic: do these additives increase the compliance and ductility simply by 

increasing the free volume (if they remain in the film) or by altering the morphology or 

extent of mixing, or some combination thereof? 

 

2.4.5. Importance of adhesion 

 Strong interlayer adhesion is an important design characteristic, irrespective of the 

mechanical properties of the isolated materials. Interlayer adhesion68 is generally increased 

if at least one of the interacting partners has a high surface energy, which is typically 

produced by a high dipolar contribution to the van der Waals coefficient of the material. 

Specific interactions, such as hydrogen bonding surfaces could also increase the adhesive 

fracture energy of the interfaces. Adhesion promoters would be beneficial, provided they 

do not have deleterious effects on charge transport in the device stack. In some cases, 

materials behave as serendipitous “prime coats,” which is the case for PEDOT:PSS,30 

which improves the adhesion of bulk heterojunction films to hydrophobic substrates.142 

 

2.4.6. Toward standardization of mechanical testing 

As of yet, there is no standardized procedure for characterization of the mechanical 

stability of organic solar cells. Any international standards must begin with a full 

description of the dimensions and composition of all layers in the device, and the way in 

which it was processed. In particular, the order in which layers are processed will influence 
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which materials or interfaces fail. The temperature and relative humidity must be reported, 

as the mechanical properties of the materials can be highly sensitive to these parameters. 

Devices intended for outdoor use must be tested for the effects of thermal cycling, and the 

effects of thermal expansion and contraction should be isolated from those that occur 

because of thermal cycling independent of the concomitant mechanical deformation. 

Bending and tensile tests should be performed in a way that most realistically mimics the 

deformation expected in the environment. Simply reporting bending radius is insufficient 

for tests of flexibility; the depth of the active materials within the device stack must be 

specified, and their proximity to the mechanically neutral plane should be stated so that it 

is possible to calculate—in most cases by finite-element modeling—the strain on the active 

materials. Stresses that will produce cracks within or between layers will be highly 

dependent on the mechanical properties of the substrates and encapsulants. For devices on 

flexible substrates, torsion should also be tested, and the angle of torsion (e.g., 180° vs 

360°) and number of cycles should be reported. Diligence in reporting these parameters 

will allow for a more thorough understanding of failure mechanisms and streamline the 

process for developing robust organic electronic devices.  

  

2.5. Outlook and future work 

 The majority of all work on the stability of organic electronic devices in general—

and organic solar cells in particular—has focused on photochemical, thermal, oxidative, 

morphological, and other thermodynamic modes of degradation.20, 21 The exclusion of 

mechanical modes of degradation is somewhat surprising, because both the production and 
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use of thin-film flexible solar modules requires—often substantial—bending, shear, and 

tensile deformations and thus requires resistance or at least a predictable response to 

mechanical strain. This review described the literature on the mechanical response of 

organic semiconductors and whole devices with the aim of identifying design principles 

for robust materials and devices to determine avenues of future research on the topic. We 

find several areas in which very little work has been done. For example, while the 

mechanical properties of polymers is a mature field, and many of the principles can be 

applied directly to the properties of semiconducting polymers, the mechanical properties 

of films of small-molecule semiconductors and their effects on the yield of devices in roll-

to-roll production are unexplored. 

 Much of the work has focused on the mechanical properties of single materials or 

interfaces. Only one study to our knowledge used a module fabricated in an industrially 

relevant manner.68 The study of whole modules will require a close connection between 

experiments and computational modeling to determine which materials will absorb strain 

at different depths within the device stack. It might turn out, for example, that the barrier 

foils, which are often multilayered laminate structures of polymers and ceramic films, will 

crack first, and thus mechanical deformation may lead to failure by photochemical damage. 

As the field has not yet “settled” on the ideal barrier technology, attention toward the 

mechanical properties of barrier materials should be increased.  

In the past, thermal stability has implied accelerated degradation by chemical 

processes, or by phase segregation within the bulk heterojunction. The suspected 

mechanism by which phase separation degrades the performance of solar cells is that the 

domains grow to critical dimensions that are larger than the diffusion lengths of excitons. 
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Phase segregation is not, however, the only potential pathway of degradation initiated by 

heat. Differential thermal expansion and contraction of the different layers in an outdoor 

environment will inevitably produce large-scale buckling of support structures in pilot 

organic photovoltaic installations, just as smaller scale deformations will tend to place 

shear stress on the layers and could be especially problematic for the interfaces, which are 

often weak.   

While the topics discussed in this review suggest that all deformation leads to 

fracture and therefore is deleterious to the long-term stability of devices, it is conceivable 

that strain in the pre-fracture regime may produce changes that are either non-degrading or 

perhaps even beneficial to the photovoltaic output of devices. Very little is known about 

the effects of strain on device performance in the pre-fracture regime, but some ideas can 

be put forth. For example, strain has at least three effects on the morphology of 

P3HT:PCBM blends (as illustrated in Figure 2.12): (1) alignment of polymer chains along 

the axis of strain, (2) increase in the percentage of crystalline aggregates and order within 

the aggregated phase, and (3) evolution in texture from one in which the axis of π-stacking 

is parallel to the substrate (edge-on), to one in which the π-stacking axis is perpendicular 

to the substrate (face-on). While it is difficult to predict the effect of (1) on the photovoltaic 

properties, since the direction of charge-transport is orthogonal to the stretch-aligned 

chains, the effects of (2), and especially (3), would seem to be beneficial in a device whose 

charge carriers move vertically through the stack.  

One intriguing aspect of research on the mechanical stability of organic solar cells 

is its interdisciplinarity. It requires teams whose members have expertise in organic 

chemistry, microstructural determination, polymeric science and engineering, device 
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physics, manufacturing engineering, and solid mechanics. It is our hope that this review 

served to stimulate interest in the field in an effort to produce low-cost renewable power 

sources that are both highly efficient and also mechanically stable.  
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Abstract 

 Despite the importance of mechanical compliance in essentially all applications of 

solution-processable conjugated (semiconducting) polymers, the effects of basic structural 

parameters of these materials on the mechanical properties are typically not considered 

during the design and evaluation of the new materials. The core of this paper examines the 

effect of length of the alkyl solubilizing group—from butyl to dodecyl—on the tensile 

modulus and brittleness for a series of regioregular poly(3-alkylthiophenes) (P3ATs: 

P3BT, P3HT, P3OT, P3DDT) and their blends with a soluble fullerene derivative, [6,6]-

phenyl C61 butyric acid methyl ester (PCBM). The tensile modulus decreases with 

increasing length of the alkyl side-chain, from 1.87 GPa for butyl side chains to 0.16 GPa 

for dodecyl side chains. A similar trend exists for blends of the P3ATs with PCBM (with 

a ratio of 2:1), though the moduli of the blended films are greater than those of the polymer 

alone by factors of 2–4. A model that considers structural characteristics along with the 

glass transition temperatures of the polymers produces a trend in the effect of alkyl side 

chain on tensile modulus that follows remarkably closely to the experimental 

measurements. Tensile modulus correlates with brittleness, as the strain at which cracks 

appear is 6% for P3BT and >60% for P3OT. Adhesion of the P3AT film to a 

polydimethylsiloxane (PDMS) substrate is believed to play a role in an apparent increase 

in brittleness from P3OT to P3DDT. The crack density at a fixed strain follows the same 

trend as does the crack-onset strain: the stiffest materials exhibit the greatest density of 

cracks, except for an increased crack density from P3OT to P3DDT, which is also 

attributed to weakened adhesion to the substrate with longer alkyl side chains. 1,8-

Diiodooctane (DIO), a processing additive commonly included to augment the 
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performance of organic solar cells, reduces the tensile modulus of a P3HT:PCBM (2:1) 

blend by a factor of 3. These results could inform the process by which researchers select 

and design organic semiconductors for applications requiring mechanical robustness, 

extreme flexibility, and stretchability. 

 

3.1 Introduction 

One of the most important motivations for research in the field of organic 

electronics is the promise that organic devices can be processed inexpensively from 

solution in roll-to-roll manner.1 A corollary to this driving force is that organic materials 

can be used in applications that demand mechanical compliance.2,3 The assumption of 

mechanical compliance arises from the extremely small bending radii to which organic 

electronic devices can be subjected without failure of the device.2 The extent to which a 

thin (<100 nm) film can be bent without fracture, however, is largely a function of the 

thickness of the substrate in practical systems.4 For very thin substrates—i.e., ≤100 µm—

the mechanical properties of a film that fractures at 2% tensile strain only come into play 

if the film and substrate are bent to very small radii, or less than approximately 2.5 mm.5 

Thus an organic photovoltaic device based on poly(3-hexylthiophene):[6,6]-phenyl C61 

butyric acid methyl ester (P3HT:PCBM) on a 1.4-μm polyethylene terephthalate (PET) 

substrate is extraordinarily flexible even though the active materials would fracture at very 

small (~2%) tensile strain.2 Organic semiconductors exhibit a wide range of tensile moduli, 

from 30 MPa – 16 GPa,6 and also exhibit unequal interfacial energies7,8 and ductilities.9,10 

These disparities suggest that not all films of conjugated polymers can be treated as equally 

“plastic”—in the sense of deformability. Understanding the structural characteristics that 
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determine the mechanical properties of semiconducting polymers is critical for large-scale 

implementation of devices that do not fail as a result of mechanical deformation—e.g., in 

portable,11 ultra-thin,2 and flexible displays,12 biomedical implants13 and prostheses,14 and 

solar cells that survive the forces of wind, rain, snow, and diurnal and seasonal expansion 

and contraction.15 The design of conjugated polymers whose molecular structures permit 

significant tensile deformation without loss of electronic function, moreover, would permit 

applications in stretchable electronics that are not accessible by many of the most 

frequently used organic electronic materials and composites. 

 While the seminal work of Smith and Heeger characterized many aspects of the 

mechanical properties of polyacetylene16 and derivatives of poly(phehylene vinylene)17 

and regiorandom polythiophenes,18 the research community has shifted toward 

regioregular, low-bandgap, and structurally complex polymers that give improved 

performance in thin-film transistors and solar cells.19 These materials and devices are 

typically optimized on the basis of their abilities to transport holes and electrons (i.e., on 

their field-effect mobilities and photovoltaic efficiencies) and, less frequently, on 

photochemical stability.15,20 Interest in the mechanical properties of conjugated polymers 

has given way to the exclusive optimization of electronic performance. The applications 

for which these materials are most promising solutions, however, are the applications that 

place the greatest strains on the active materials.21 Stretchable electronics, and the promise 

that active materials could be designed whose molecular structures permit substantial 

deformation, add urgency to reviving the interest in the mechanical properties of modern 

conjugated polymers and composites. This paper reports the tensile moduli and two 

measures of brittleness (crack on-set strain and crack density at fixed strain) for a series of 
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poly(3-alkylthiophenes) (P3ATs) and their blends with a soluble derivative of C60 (PCBM) 

and the effects of the length of the alkyl side-chain, surface energy, and the presence of 

processing additives on these mechanical properties. We also describe the effect of tensile 

strains up to 10% on the photovoltaic properties of solar cells based on P3AT:PCBM 

fabricated on stretchable poly(dimethylsiloxane) (PDMS) substrates. We show that while 

devices based on the popular P3HT:PCBM are destroyed as a result of the strain, our 

analysis enables the selection of materials that accommodate the strain easily. 

 

3.2 Background 

The field of stretchable electronics is an offshoot of the widely explored field of 

flexible electronics.2,21–27 Several research groups, including those of Rogers,28 Someya,29 

Wagner,30,31 Bauer,2,32 Lacour,33 Suo,4 and Vlassak34 have made extraordinary progress 

toward rendering circuits composed of metals, inorganic semiconductors, and organic 

semiconductors extremely compliant.35,36 Most of these approaches, however, rely on 

directing the strain away from the active components in the circuits. Strategies include 

intentional fracturing,31 use of conductive particles dispersed in an elastic matrix,37 or 

design of structures that convert global tensile strains to bending and unbending of wavy 

or serpentine structures.3,38,39 There still remain, however, significant scientific and 

technological interest in exploring materials that combine the electronic properties of 

semiconductors (or metals) with the mechanical properties of plastics that are intrinsic to 

molecular structure of the materials.40 To this end, Müller et al. synthesized an 

extraordinary ductile block copolymer comprising P3HT and polyethylene that 

accommodated strains of 600% and retained significant charge mobilities with weight 
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fractions of the insulating component of up to 90%.40 For many applications (i.e., solar 

cells and displays) however, it will not be desirable to have such a high weight fraction of 

insulating, non-absorbing, non-emissive material. Some pure films of conjugated polymers 

can exhibit substantial ductility. Pei and coworkers, for example, demonstrated that a 

soluble polyfluorene derivative retained functionality as an emitter of blue light when 

heated and stretched between electrodes comprising carbon nanotubes.12 For application 

requiring one-time bonding to non-planar substrates, plasticity is sufficient. For 

applications that must accommodate reversible deformation under cyclic loading, however, 

elasticity is the more important characteristic.  

 The tensile moduli of organic semiconductors occupy a range that spans nearly 

three orders of magnitude.6,9 Using the buckling-based method, Tahk et al. measured the 

tensile moduli of the transparent conductor poly(3,4-

ethylenedioxythiophene):poly(styrenesulfonate) (PEDOT:PSS), poly(3-hexylthiophene) 

(P3HT), and the molecular semiconductor pentacene; all showed the tensile moduli in the 

range of GPa (similar to those of cross-linked epoxy resins).6 Many of the most prominent 

organic semiconductors and ancillary components of devices (e.g., indium tin oxide) have 

also been shown to crack at modest strains.9,10,41 In addition to the intrinsic stiffness of 

some conjugated materials, the addition of small molecules, such as fullerenes in organic 

solar cells, often have deleterious effects on the compliance of the active layers and the 

adhesion of the active layers with other layers in the device.7 A 1:1 mixture of P3HT and 

[6,6]-phenyl C61 butyric acid methyl ester (PCBM) had a tensile modulus five times greater 

that than of the pure polymer.6 O’Connor et al. have observed an apparent competition 

between electronic performance and mechanical compliance.9 These authors studied the 
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differences in mechanical properties between two thiophene-based polymers, P3HT and 

poly(2,5-bis(3-alkylthiophene-2-yl)thieno[3,2-b]thiophene) (PBTTT), and correlated these 

differences to differences in hole mobility. The authors concluded that hole mobility and 

stiffness is directly correlated for the materials tested.9 In a later study, the authors also 

showed that the details of processing (in particular, the rate of evaporation of the solvent) 

that resulted in improved photovoltaic performance of composite films of P3HT and 

PCBM had the unwanted effect of decreasing the compliance and ductility of the films.42 

The mechanical properties of stretchable organic solar cells comprising of two conjugated 

polymers, P3HT and a copolymer of diketopyrrolopyrrole, thiophene, and thieno[3,2-

b]thiophene (DPPT-TT), and their blends with PCBM, have also been investigated.10 The 

results showed good agreement with those previously described: the addition of PCBM to 

P3HT has a stiffening effect, a factor of five (400%) increase in tensile modulus.10 This 

significant effect was not generalizable to all conjugated polymer films, however, as the 

modulus of a 1:1 blend of DPPT-TT and PCBM was only 40% greater than that of pure 

DPPT-TT.10 Higher tensile modulus is correlated to the tendency of cracks to form in the 

thin film: films of a 1:1 mixture of P3HT:PCBM fracture at strains of around 2% on 

poly(dimethylsiloxane) (PDMS) substrates.10 

 Polythiophenes are a widely studied class of solution-processable organic 

electronic materials.43 Pure polythiophenes or thiophene-containing copolymers are 

ubiquitous materials in the field of organic electronics and are the active materials in some 

of the highest-performing thin-film transistors and organic solar cells.44 Processible 

conjugated polymers have alkyl side chains that permit solubility, as in the regioregular 

poly(3-alkylthiopehenes) (P3ATs).45 These alkyl side-chains also affect the long-range 
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ordering, intra-crystalline ordering, and thermal and charge-transport properties.46–50 For 

example, the side chains in P3BT and P3HT are liquid-like and do not interdigitate.51 

Disordered side-chains lead to two-dimensional crystal structures with poor inter-lamellar 

(“vertical”) registry. PBTTT, in contrast, possesses side chains that do interdigitate; 

interdigitation of side chains improves inter-lamellar registry and form crystallites whose 

order extends in three dimensions.9 This ordering has been implicated in the increased 

tensile modulus of PBTTT as a function of thermal annealing.9 The side-chains of the 

P3DDT, in contrast to those of P3HT, have been shown to be solid-like with a well-defined 

melting temperature.52 Given these effects, we expected that the length of the alkyl side-

chain would play a significant role in the mechanical compliance of the P3AT films. 

 

3.3. Experimental design 

3.3.1. Selection of materials 

 The goals of the experiments were to obtain the fundamental understanding of the 

parameters controlling the mechanical properties of the P3ATs and their blends with 

PCBM. Poly(3-butylthiophene) (P3BT), poly(3-hexylthiophene) (P3HT), poly(3-

octylthiophene) (P3OT), and poly(3-dodecylthiophene) (P3DDT) were selected to extract 

the effects of varying alkyl chain length on mechanical properties of the thin films. 

Researchers have observed several trends in the electronic properties of P3ATs as a 

function of increasing length of the alkyl chain. For example, field-effect mobility was 

found to decrease,53 doped conductivity was found to increase,54 and photovoltaic 

efficiency in a series of P3AT:polyfluorene bulk heterojunction devices was maximized 

when A = hexyl.55 We selected P3HT and PCBM because they are the standard materials 



125 

 

 

 

in the literature for bulk heterojunction OPV devices. We chose to study P3BT, P3OT, and 

P3DDT to produce a data set in which the materials differed by regular intervals of four 

methylene units, and to put the values obtained for P3HT in context. The ultimate goal of 

this research is to develop a model for how structural features of a conjugated polymer can 

influence its mechanical properties. 

 

Figure 3.1. Chemical structures of the organic semiconductors used in this paper. 

 

3.3.2. Measurement of mechanical properties 

 We measured the elastic moduli of thin films of pure P3ATs and their blends with 

PCBM using the strain-induced elastic buckling instability.56 A quantitative description of 

the surface wrinkling pattern of a relatively stiff film on a relatively compliant substrate 

under compressive strain was described originally by Hutchinson, Whitesides, and 

coworkers57,58 and developed into a technique for metrology by Stafford et al.56 This 

method has been used to measure the mechanical properties of otherwise difficult-to-

measure thin films.22 For example, the tensile moduli of organic semiconductors,6,9 nano-

fibrillated cellulose,59 polymer films,56,60 carbon nanotubes,61 polyelectrolyte multilayer 

films,62 and conjugated polymer films for heterojunction OPV devices.10 This technique is 
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ideal for studying a wide range of film types, film thicknesses, and over a wide range of 

tensile moduli. 

 In a system comprising a thin and relatively rigid film adhered to a thicker and 

relatively soft substrate, the buckling instability is a result of the balance between the 

energy required to bend the rigid upper film and the energy required to deform the soft 

underlying substrate.56 The buckling wavelength, λb, is related to the thickness of the film, 

df, the tensile moduli of the film and the substrate, Ef and Es, and the Poisson ratios of the 

two materials, νf and νs by the following equation: 

𝐸f = 3𝐸s (
1 − 𝜐f

2

1 − 𝜐s
2

) (
𝜆𝒃

2𝜋𝑑f
)

3 

     (𝟏) 

We measured the tensile modulus of the substrate, Es, the buckling wavelength, λb, and the 

film thickness, df. The Poisson’s ratios were assumed to be 0.5 and 0.35 for PDMS and the 

conjugated polymer films, respectively;6 the values of moduli produced from this 

calculation agree well with those obtained by traditional methods and dynamic mechanical 

analysis.40,63,64 The tensile moduli of thin polymer films obtained using this method remain 

constant for thin films with thicknesses between 20 to 500 nm.59,65 

 

3.3.3. Calculation of tensile moduli using a theoretical model 

 We employed a theoretical model to estimate the tensile moduli of P3ATs and 

P3AT:PCBMs. Seitz had developed a semi-empirical method to predict mechanical 

properties of polymers from five basic molecular properties: molecular weight, van der 

Waals volume, the length and number of rotational bonds in the monomer, and the glass 

transition temperature (Tg) of the polymer.66 The method was refined by Tahk et al. and 
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applied to conjugated polymers with Tg higher than room temperature.6 We further 

modified the method to account for behaviors for polymer with Tg lower than room 

temperature. A full description of the methodology can be found in the Supporting 

Information. To outline the method briefly, the tensile modulus can be related to the bulk 

modulus, B, and the Poisson’s ratio, νf, by equation 2, 

𝐸f = 3𝐵(1 − 2𝜐f)         (𝟐) 

The bulk modulus was estimated from the Lennard-Jones potential with the resulting 

expression as a function of the cohesive energy, Ecoh, and the molar volume, V, at room 

temperature and at 0 K, 

𝐵 ≈ 8.23𝐸𝑐𝑜ℎ [
5𝑉0

4

𝑉5
−

3𝑉0
2

𝑉3
]          (𝟑)  

The cohesive energy can be estimated from the chemical structure of the monomer using 

the method outlined by Fedors.67 Values for molar volume were calculated using the 

empirical correlations depending on the range of the Tg of the polymer of interest. We used 

three different equations corresponding to the polymer with Tg higher than room 

temperature (P3BT), Tg close to room temperature (P3HT), and Tg below room temperature 

(P3OT and P3DDT), (equation S11, S12, and S13, supporting information). The Poisson’s 

ratio was modeled from empirical data relating the Poisson’s ratio to the molecular cross-

sectional area, A,66  

𝜈 = 0.513 − 2.37 × 106√𝐴          (𝟒) 

This cross-sectional area, A, can then be related to the van der Waals volume, Vw, and the 

length of the monomer in its fully extended conformation, lm, by, 
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𝐴 =
𝑉w

𝑁A𝑙m
          (𝟓) 

where NA is the Avogadro’s number. Both Vw and lm are estimated from the structure of 

the monomer, Figure A.5 (supporting information).  For the blends of P3AT:PCBM, we 

employed a composite theory6 that relates the tensile modulus of the pure film to that of 

the composite film as a function of Poisson’s ratio, volume fraction of the filler (PCBM) 

and the maximum packing fraction of PCBM (equation S14, supporting information). 

 

3.3.4. Selection of processing additives 

 Common processing additives for organic solar cells, 1,8-diiodooctane (DIO) and 

low molecular weight PDMS, were added to the P3HT:PCBM films to measure their 

effects on mechanical properties of the thin films. Lee et al. reported the significantly 

improvement in the efficiencies of bulk heterojunction solar cells from 3.4% to 5.1% with 

the addition of 1,8-diiodooctane (DIO).68 Reynolds and coworkers also have shown that 

the addition of low-molecular weight PDMS improved the power conversion efficiency of 

device comprising of a thiophene and isoindigo-containing small molecule and PCBM.69 

Addition of PDMS greatly reduced the roughness of the film and the sizes of the features 

observable by atomic force microscopy (AFM).69 We expected that these additives would 

also affect the mechanical properties of the films. 

 

3.3.5. Fabrication and testing of organic photovoltaic devices under strain 

 We compared the photovoltaic properties of the standard materials in literature for 

bulk heterojunction solar cells, P3HT:PCBM, with those of a less common blend, 
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P3DDT:PCBM, under the strain of 10%. Existing studies have shown that P3HT:PCBM 

outperforms P3DDT:PCBM.70 Babel and Jenekhe reported the difference in hole mobilities 

for different P3ATs, stating that the value for P3HT is orders of magnitude higher than that 

of P3DDT—0.01 cm2 V–1 s–1 for P3HT compared to 2.4 x 10-5 cm2 V–1 s–1 for P3DDT.71 

Friedel and coworkers demonstrated that in the all-polymer solar cells, P3HT outperformed 

other P3ATs tested when paired with a polyfluorene copolymer as an acceptor, poly((9,9-

dioctylfluorene)-2,7-diyl-alt-[4,7-bis(3-hexylthien-5-yl)-2,1,3-benzothiadiazole]-2’,2”-

diyl) (F8TBT).55 Nguyen et al. showed that optimized annealing conditions produced 

P3HT:PCBM cells that were almost four times more efficient than were P3DDT:PCBM 

cells.70 The performance of polymer:PCBM bulk heterojunction devices under strain is 

highly dependent on the identity of the polymer, however.10 We expected a significantly 

different response to applied strain between devices containing P3HT:PCBM and those 

containing P3DDT:PCBM. 

 We used a previously described technique for fabricating stretchable devices on 

PDMS substrates.10 Briefly, high-conductivity poly(3,4-

ethylenedioxythiophene):poly(styrenesulfonate) (PEDOT:PSS) films on PDMS substrates 

were used as the transparent electrode. PEDOT:PSS—when doped with dimethylsulfoxide 

(DMSO) and Zonyl (FS-300) fluorosurfactant—has been shown to reversibly stretchable 

up to 30% strain (though cracks begin to appear at 12% strain).72 For the stretchable top 

electrode, we used a liquid metal cathode, eutectic gallium-indium (EGaIn).73–75 We 

measured the photovoltaic properties of P3HT:PCBM and P3DDT:PCBM devices under 

two conditions: as-fabricated (0% strain) and stretched (10% strain). 
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3.4. Results and discussion 

3.4.1. Elastic moduli of pure P3AT thin films 

 We began by determining the tensile moduli of the pure P3AT films spin-coated 

from chloroform. For each polymer—P3BT, P3HT, P3OT, and P3DDT—the buckling 

wavelengths were plotted as a function of the film thickness. Figure 3.2a and 3.2b show 

an example of the optical micrographs of the buckled films of P3HT and P3HT:PCBM; 

and Figure 3.2c shows the plot of buckling wavelength vs. thickness. We then substituted 

the slopes of the linear fits, λb/df, into equation 1 to obtain the tensile moduli of the thin 

films, Ef. The error in the tensile moduli was calculated from the propagation of standard 

error of the line fits and the standard deviation of the tensile modulus of the PDMS, Es. In 

our experiment, Es obtained were in the range of 0.8–1.0 MPa depending on the exact mix 

ratio, curing time, and batch-to-batch variability. The values obtained for the pure P3ATs 

are shown in Figure 3.2d and Table 3.1. The tensile modulus of P3HT agrees well with 

the previously reported values of 1.33 GPa6 and 0.92 GPa10 obtained using the same 

method. The values of the tensile modulus decrease dramatically as the length of the alkyl 

side-chain increases from 4 to 8 (P3BT to P3HT to P3OT). The moduli of P3OT and 

P3DDT, however, are similar. Our theoretical calculation of the tensile moduli using the 

molecular structure of the monomer as well as the Tg of the polymer agreed extremely well 

with the experimental data, Figure 3.2e. The calculated values highlighted the trend of 

decreasing values of tensile modulus with increasing side-chain length.  
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Figure 3.2. Mechanical properties of P3ATs and their blends with PCBM. Optical micrographs of buckled 

films of (a) P3HT with λb = 6.34 μm and df = 162 nm and (b) P3HT:PCBM with λb = 11.3 μm and df = 220 

nm; (c) buckling wavelength vs. film thickness, the slope of the linear fit, λb/df, was used to calculate the 

tensile modulus; (d) summary of the tensile modulus of the P3ATs and P3AT:PCBMs as a function of alkyl 

side-chain length; comparison of the experimental and calculated moduli of P3ATs (e) and their blends with 

PCBM (f). 



132 

 

 

 

Table 3.1. Comparison of tensile moduli of P3ATs and their blends with PCBM both from measurement 

with buckling-based method and theoretical calculations† 

Materials 

Tensile Modulus (GPa)  

P3AT  P3AT:PCBM 

(expl) (calc) (expl) (calc) 

P3BT 1.87 ± 0.52 2.08 ± 0.25 5.20 ± 0.61 4.89 ± 0.59 
P3HT 1.09 ± 0.15 1.22 ± 0.15 2.02 ± 0.48 2.84 ± 0.34 
P3OT 0.15 ± 0.05 0.14 ± 0.02 0.52 ± 0.16 0.32 ± 0.04 

P3DDT 0.16 ± 0.07 0.09 ± 0.01 0.47 ± 0.17 0.20 ± 0.02 
†The reported moduli were measured from as-cast films. All P3AT:PCBM weight ratios were 2:1. The errors in the 

experimental moduli were calculated from the propagation of standard errors of the line fits and the standard deviation 

of the tensile moduli of the PDMS substrates. The errors in the calculated moduli were the inherent standard deviation 

associated with the methodology.  

The high modulus of P3BT films rendered them somewhat problematic for the 

buckling technique. We found that 4% compressive strain cracked and delaminated the 

film and led to inaccurate buckling wavelengths, because compressive strain is 

accommodated by cracks and areas of the film that are delaminated from the substrate.6,59 

The critical strain that leads to cracking and delamination has been shown to decrease 

dramatically as the tensile modulus increases.76 To mitigate this problem, we applied the 

compressive strain of 2%, rather than 4%, to all P3BT films. The buckling wavelength is 

not dependent on compressive strains less than approximately 5% because the excess strain 

energy is manifested as an increase in the wave amplitude.22 The ease of film cracking and 

delamination suggested a high degree of brittleness of the P3BT films. 

The effect the length of the alkyl side-chain on the tensile modulus can be 

understood, in part, through the thermal properties of the P3ATs. Crystallization of the 

P3ATs has been studied with the focus on the effects of the side-chains by Causin et al.46 

(P3BT, P3OT, P3DDT), Ho et al.52 (P3HT, P3DDT), and Malik and Nandi47 (P3HT, P3OT, 

P3DDT). All the studies reported the decrease in melting temperature with longer side-

chain length.46,47,52 Elevated melting temperature typically correlates with an increase in 

crystallinity and stiffness of the material resulting from strong intermolecular forces.50 Our 



133 

 

 

 

observation of decreasing values of the tensile modulus with increasing length of the alkyl 

side-chain is consistent with these earlier findings. The relatively high tensile modulus of 

the P3BT is expected because its Tg is well above the room temperature, a property that is 

characteristic of brittle and rigid polymers. The Tg of P3BT has been reported from 55 °C 

to 75 °C.77 Similar to those of the other P3ATs, the Tg of P3BT are reported in literature as 

a range, most likely due to the differences in processing and methods of measurement, 

molecular weight, polydispersity, and thermal history. 

 The trend in mechanical properties as a function of alkyl side-chain length has been 

analyzed for other polymeric systems. For example, Moulton and Smith measured the 

tensile moduli of regiorandom P3AT fibers and have shown that the moduli of the 

regiorandom P3AT fibers decrease with longer alkyl side-chain length.18 The authors 

attributed this effect mainly to the irregularity in the interchain π-π overlap caused by head-

to-head and tail-to-tail couplings.18 However, in regioregular P3ATs, the contributions 

from defects in regioregularity are dominated by the reduction of volume fraction of the 

main-chain with increasing length of the side chain. The fractions of cross-sectional area 

of the main-chain (versus the alkyl side-chain) per macromolecule, based on the crystal 

lattice dimensions, are 0.31, 0.28, 0.25, and 0.20 for P3BT, P3HT, P3OT, and P3DDT 

respectively.18 This dilution of the volume fraction reduces the number of load-bearing 

covalent bonds and may reduce the secondary interaction between the main-chains that can 

lead to decreases in the stiffness and strength of the materials, as observed in previous 

studies involving poly(alkyl isocyanates).78,79  
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3.4.2. Elastic moduli of P3AT:PCBM thin films 

 Blends of P3HT and PCBM have been shown to be stiffer and more brittle than the 

pure polymer.6,10 We expected to observe the same behavior in other P3ATs. The tensile 

moduli of the P3AT:PCBM films were determined in the same manner as the pure P3AT 

films. We found that the moduli of P3AT:PCBM (2:1) were 2 to 4 times higher than those 

of the pure P3AT films, Figure 3.2d. These results agrees well with previously reported 

increase in modulus from pure P3HT to P3HT:PCBM.6,10 Similar to the trend we observed 

for the pure polymers, the moduli decreased as the alkyl side chain length increased. The 

preservation of this trend suggests that the effects on the tensile modulus from the addition 

of PCBM and the varying length of the alkyl side-chain are decoupled. Again, our 

calculated values were consistent with the experimental results, Figure 3.2f.  

While the morphology of the surface a polymer film visible by AFM is not directly 

related to its bulk crystallinity or mechanical properties, an analysis of images of the four 

P3ATs and their blends with PCBM nevertheless informed our analysis. Height images for 

the eight materials are shown in Figure 3.3 and the rms roughness obtained from the 

images is plotted in Figure 3.4. We identified two trends from the data: a general decrease 

in roughness with increasing length of the alkyl side chain from P3BT to P3OT that loosely 

followed the trends measured for tensile modulus and Tg, and a roughened morphology of 

P3HT:PCBM compared to that of the pure polymer. Verploegen et al. found a correlation 

between the sizes of crystallites observed by grazing-incidence X-ray diffraction (GIXD) 

and the roughness measured by AFM for P3HT and P3HT:PCBM films annealed below 

TM.80 It is known that increases in crystallinity can produce dramatic increases in tensile 

modulus, as is the case for PBTTT.9 We therefore can attribute part of the increase in 
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modulus with decreasing length of the alkyl chain to a possible increase in crystallinity in 

our films. 

 

Figure 3.3. Atomic force microscopy height images comparing the pure P3AT films and their blend with 

PCBM spin-coated on Si wafer with no annealing. The dimensions are 1.5 μm × 1.5 μm × 40 nm.  
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Figure 3.4. Root mean squared roughness (Rq) of the height images of the pure P3AT films and P3AT:PCBM 

films obtained from tapping mode AFM.  

 

3.4.3. Ductility of thin films 

 Other studies have found a correlation between tensile modulus and the propensity 

of conjugated polymer films to crack when stretched on a compliant substrate.9,10,42 Figure 

3.5a summarized the strains at which cracks first appear (crack on-set strains) for the 

conjugated polymer films and shows examples of the optical micrographs of the film at 0% 

strains and one at 80%. We observed the expected trend in which pure polymer films of 

P3BT and P3HT crack at much lower applied strains than P3OT and P3DDT. Similarly, 

the blends of P3BT and P3HT with PCBM cracked at smaller applied strains that did 

P3OT:PCBM. These trends correlated well with the measured tensile moduli of the films 

and suggest that tensile modulus—obtained experimentally or calculated—can be used as 

a proxy for brittleness. Both P3OT:PCBM and P3DDT:PCBM films cracked at similar 

applied strains; this observation is consistent with the closeness of their respective tensile 

moduli. Previous studies have shown that the formations of cracks in thin films are 
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influenced by the mismatch between the tensile modulus of the substrate and that of the 

film.81,82 However, this dependency is negligible for material systems with sufficiently 

small values of Es/Ef, which allowed us to compare systems comprising different P3ATs. 

 

Figure 3.5. Ductility of P3AT and P3AT:PCBM films. (a) Crack on-set strains, (b) crack density at a fixed 

strain of 80%, and (c) water contact angle measurements of the pure P3AT films and their blends with PCBM.  

Table 3.2. Summary of the crack on-set strains and crack densities of P3ATs and their blends with PCBM‡ 

Materials 
P3AT  P3AT:PCBM 

Crack on-set 

strain (%) 

Crack density    

(cm–1) 

Crack on-set 

strain (%) 

Crack density    

(cm–1) 

P3BT 6 ± 1.5 67 ± 4.6 2 ± 0.6 94 ± 5.5 
P3HT 9 ± 1.2 35 ± 4.8 3 ± 1.5 50 ± 2.9 
P3OT 65 ± 2.5 13 ± 4.9 47 ± 2.1 19 ± 3.8 

P3DDT 47 ± 3.1 21 ± 6.9 44 ± 1.4 23 ± 4.9 
‡
 The reported moduli were measured from as-casted films. All P3AT:PCBM weight ratios were 2:1. Crack on-set strains 

were observed by optical microscope with the increment of 1% strains. Crack densities were measured from the optical 

micrographs. Errors in both the crack on-set strains and the crack densities were the standard deviations of the sample 

tested.  

A curious feature of Figure 3.5a is the large apparent increase in brittleness from 

P3OT to P3DDT that would not be expected on the basis of the mechanical properties 

intrinsic to the materials. Optical micrographs also showed that the cracks found in P3OT 

films are much smaller than those found in P3DDT films. We attributed the apparent 

increase in brittleness to the weakened adhesion of the P3AT to PDMS with increasing 

side-chain length. From the water contact angle measurements, we observed that the 

contact angle increases with the longer side-chain length, as shown in Figure 3.5c. The 
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values for P3OT and P3DDT films are 103° and 109° respectively. We believe that the 

lower surface energy of P3DDT led to the poor adhesion between the film and the PDMS 

substrate. It has been observed in other systems that poor adhesion of a film to a substrate 

under strain produces cracking in regions of local delamination.83 In such regions, the local 

strain can greatly exceed the global strain. Indeed, chromium adhesion layers inserted 

between copper films and Kapton substrates,83 and PEDOT:PSS films inserted between 

P3HT:PCBM films and PDMS substrates,84 reduced the formation of cracks in the upper 

film substantially. These adhesion-promoting layers distribute strains more uniformly 

across the upper film and permit substantially more deformation than is possible for poorly 

adhered films.  

 We further quantified the formation of cracks by investigating the crack density 

(number of cracks cm–1) of the thin films at a fixed strain of 80%. Figure 3.5b shows a 

trend that was similar to that observed in the tensile modulus. The high-modulus films 

containing P3BT exhibited much higher crack densities than P3HT, P3OT, and P3DDT. 

At 80% strains, we observed the differences in the fracture characteristics between films 

with Tg higher than room temperature and those with Tg lower than room temperature. 

From the optical micrographs, P3BT, P3BT:PCBM, and P3HT:PCBM films showed 

characteristic brittle behaviors while the other films exhibited ductile behaviors. Fractures 

found in P3BT, P3BT:PCBM, and P3HT:PCBM films showed little apparent plastic 

deformation. Specifically, the cracks that formed in these brittle films tended to propagate 

along the entire axis perpendicular to the strained axis. On the other hand, the cracks found 

in the other films were much shorter and exhibited less of a tendency to propagate. From 

the data obtained, we again observed higher crack density in P3DDT compared to P3OT 
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and in P3DDT:PCBM compared to P3OT:PCBM. As in the case of crack-onset strain, we 

attribute the apparent increase in brittleness from P3OT to P3DDT to weakened adhesion 

to the PDMS substrate with increasing length of the alkyl side-chain. 

 

3.4.4. Effects of processing additives on mechanical properties of P3HT:PCBM blends 

 We also measured the tensile moduli of P3HT:PCBM films with processing 

additives, DIO and low molecular weight PDMS. For this part of the experiment, we used 

ODCB rather than chloroform to simulate the conditions used in the literature for systems 

containing processing additives. We expected the resulting films to have different 

mechanical properties because of the structural differences reported in P3HT:PCBM films 

processed from different conditions,42 and also because of possible plasticizing effects of 

residual additive. Thus to establish a meaningful comparison, P3HT:PCBM with no 

additive spin-coated from ODCB, with tensile modulus of 1.23 ± 0.43 GPa, served as a 

control experiment. We observed that the addition of processing additives, that have been 

shown to improve the photovoltaic performance significantly,68,69 also improve the 

mechanical resiliency. The addition of 0.5 mg mL–1 PDMS into the solution of 1-

EtHx:PCBM showed almost two-fold increase in the device efficiency.69 In the same 

manner, the addition of DIO to the solution of PCPDTBT:PC71BM increased the efficiency 

from 3.35% to 5.12%.68 We observed that the small concentration of PDMS lowered the 

tensile modulus of P3HT:PCBM films to 0.88 ± 0.24 GPa; and, the P3HT:PCBM films 

spin-coated from 98% ODCB and 2% DIO showed a significantly lowered tensile modulus 

of 0.38 ± 0.03 GPa (~30% of P3HT:PCBM with no additives). Understanding the exact 

relationship between the improvement in device performance and the mechanical 
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properties is beyond the scope of this work. We attributed the reduction in the films 

brittleness with the additives, however, to plasticizing effects of DIO and PDMS, that is, 

by increasing the free volume. 

 

3.4.5. Photovoltaic properties of OPV devices under strains 

 We fabricated stretchable OPV devices using solutions of P3HT:PCBM and 

P3DDT:PCBM with a 1:1 ratio in ODCB. A layer of PEDOT:PSS, spin-coated from a 

solution containing 7% DMSO and 1% Zonyl fluorosurfactant, served as transparent 

electrode on a UV/O3-treated PDMS substrate. The PEDOT:PSS layer was annealed at 100 

°C for 10 min and cooled slowly to room temperature. The annealing temperature was 

chosen to be lower than the temperature ordinarily used for PEDOT:PSS to avoid the 

generation of wrinkles caused by the thermal expansion and retraction of the PDMS 

substrate. On top of the PEDOT:PSS layer, we spin-coated the active layer of P3HT:PCBM 

or P3DDT:PCBM. We did not anneal the active layers. We applied drops of the liquid 

metal, EGaIn, on top of the active layer to create electrical contact; the areas of the EGaIn 

drops served as the active area in our measurements. EGaIn has been found to be a 

mechanically compliant alternative to evaporated aluminum.39 We measured the 

photovoltaic properties of each sample at 0% strains and then again at 10% strain.  

 When the strains of 10% applied, major cracks on the surface of the P3HT:PCBM 

can be observed without a microscope, Figure 3.6a. No cracks were observed for 

P3DDT:PCBM, Figure 3.6b. Figure 3.6c and 3.6d show the J-V plots that depict the 

change in the photovoltaic properties of P3HT:PCBM and P3DDT:PCBM devices at 0% 

and at 10% applied strain. At 0% strains, the superior performance of P3HT:PCBM is 
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expected and is consistent with the superior electronic properties of P3HT. Under strain, 

however, the photovoltaic properties of the devices based on the two different polymers 

exhibited a striking contrast: the J-V curves of P3HT:PCBM devices at 10% resembled that 

of a solar cell in parallel with a resistor, with slightly non-zero JSC. The device based on 

P3DDT:PCBM exhibited a slight loss in JSC and an increase in VOC when strained. We 

attribute the increases VOC to possible disruption of the gallium oxide “skin” of the EGaIn 

droplets, and possibly better contact of the bulk liquid with the surface of the organic 

semiconductor.10 The resiliency of the P3DDT:PCBM films was expected from the 

measured tensile modulus. We believed that the demonstration of fractures in P3HT:PCBM 

devices provide a substantial motivation to pursue materials with greater compliance for 

applications demanding flexibility or stretchability. 

 

Figure 3.6. Photographs of P3HT:PCBM (a) and P3DDT:PCBM (b) devices under 10% strain; characteristic 

photovoltaic properties of P3HT:PCBM (c) and P3DDT:PCBM (d) devices; the insets are optical 

micrographs of the surfaces of the devices, the scale bar is 0.5 cm. 
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Table 3.3. Figure of merits for OPV devices on PDMS substrates at 0% strains and at 10% strains 

Device (% strain) VOC (V) JSC (mA cm–2) FF (%) PCE (%) 

P3HT:PCBM (0%) 0.37 ± 0.005 5.52 ± 1.14 28.7 ± 3.02 0.594 ± 0.119 
P3HT:PCBM (10%) 0.04 ± 0.003 0.66 ± 0.06 22.1 ± 4.91 0.008 ± 0.011 
P3DDT:PCBM (0%) 0.50 ± 0.001 2.10 ± 0.57 27.7 ± 1.55 0.291 ± 0.088 

P3DDT:PCBM (10%) 0.58 ± 0.034 1.88 ± 0.47 29.8 ± 3.66 0.381 ± 0.029 

 

3.5. Conclusions 

 This paper describes the mechanical properties of a series of poly(3-

alkylthiophenes) as a function of the length of the alkyl solubilizing group. We found that 

the tensile modulus and brittleness of P3ATs and their blends with PCBM decreased with 

increasing length of the alkyl side chain. These trends were predictable using a semi-

empirical model that incorporated knowledge of the glass transition temperature and the 

chemical structure of the polymer. We also found a significant influence of the presence of 

processing additives and the adhesion of the semiconductor film to the substrate on the 

mechanical properties of conjugated polymers and polymer-fullerene composites.  

 It is important to note that the modest strains at which some of the materials 

described in the text fail—i.e., P3HT:PCBM at 2%—could be reached easily during the 

lifetime of a device through standard handling and/or installation as well as environmental 

and temporal changes.85 Additionally, stretchability and flexibility of the active 

components are extremely crucial for devices fabricated in a large-scale roll-to-roll 

manner.86,87 Fabrication of multi-junction solar cells demands iterative deposition of as 

many as 12 layers not including backing and encapsulant;88 all of which can have 

drastically different mechanical properties. This work shows that the mechanical properties 

of each layer must be measured and accounted for when designing the manufacturing 

process such that the most compliant layers can be deposited earliest when possible. 
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Studying bilayer thin films under strain can also give crucial insight into delamination 

behavior; understanding of which will be crucial in designing tandem cells that can 

withstand repeated bending and strain. Future work will also explore the effects of 

chemical structure on yield strain, interlayer adhesion, and cyclic loading of strain brought 

about by direct mechanical deformation or thermal cycling to simulate diurnal and seasonal 

expansion and contraction of multilayer devices. 

 We believe that our analysis could improve the selection and design of organic 

semiconductors for applications that require mechanical compliance. Specifically, the 

apparent competition between charge carrier mobility and other metrics of electronic 

performance with mechanical properties suggests that materials should be chosen on the 

basis of the application. That is, there is a strong possibility that a given application could 

sacrifice state-of-the-art electronic performance for the sake of improved mechanical 

performance. Alternatively, our analysis may suggest alternative polymers that combine 

“the best of both worlds.” It is possible, for example, that high-performance polymers 

exhibiting low crystallinity may provide a way toward compliant organic semiconductors 

that does not put electronic properties and mechanical properties at odds. The abilities of 

certain additives to improve mechanical and photovoltaic properties simultaneously 

suggest that these properties need not be mutually exclusive. Selection and design of 

organic semiconductors on the basis of mechanical compliance (as opposed to on the basis 

of only electronic performance) represents a different perspective from the way in which 

organic semiconductors are typically selected and designed. We believe this approach will 

be necessary to realize the original promise of organic electronics, that is, the combination 
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of high-performance electronic properties with elasticity, plasticity, and processability that 

can be predicted by theory and tailored by synthesis.  

 

3.6. Experimental methods 

3.6.1. Materials 

 The P3ATs were obtained from Sigma-Aldrich with the following approximate 

weight-average molar mass (Mw) of 54k, 97k, 34k, and 60k with regioregularity of 80-90%, 

98%, 98.5%, and 98.5% for P3BT, P3HT, P3OT, and P3DDT respectively. P3BT produced 

poor quality films as received. It was dissolved in chloroform, reprecipitated in methanol, 

and collected by filtration. Separately, we synthesized a sample of regioregular P3HT using 

the method described by McCullough43 and obtained tensile moduli that were identical to 

those of the commercial material. PCBM was obtained from Sigma-Aldrich with >99% 

purity. PDMS, Sylgard 184, Dow Corning, was prepared according to the manufacturer’s 

instructions at a ratio of 10:1 (base:crosslinker) and cured at room temperature for 36 to 48 

hours when it was used for buckling experiments. We observed better adhesion and transfer 

of the P3AT films to the PDMS surfaces when the PDMS was cured at room temperature, 

as opposed to elevated temperature. We cured the PDMS at 60⁰C for 2 h when it was used 

as substrates for stretchable solar cells, and for all experiments, used the PDMS surfaces 

cured at the air interface. 1,8-Diiodooctane (DIO) was obtained from Sigma-Aldrich with 

98% purity and low-Mw PDMS was obtained from Gelest with the weight average molar 

mass of 550. (Tridecafluoro-1,1,2,2-tetrahydrooctyl)-1-trichlorosilane (FOTS) was also 

obtained from Gelest. PEDOT:PSS (Clevios PH1000) was purchased from Heraeus. The 

solid content of the PH 1000 solution was 1–1.3% and had a ratio of PEDOT to PSS of 
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1:2.5 by weight. Chloroform, ortho-dichlorobenzene (ODCB), eutectic gallium-indium 

(EGaIn, ≥99.99%) and Zonyl (FS-300) fluorosurfactant were also purchased from Sigma-

Aldrich and used as received. DMSO was purchased from BDH with purity of 99.9% and 

used as supplied. 

 

3.6.2. Preparation of films 

 We began by preparing the hydrophobic glass slides as the initial substrate for the 

P3AT and P3AT:PCBM films. Glass slides were cut into 2.5 cm × 2.5 cm squares and 

cleaned by bath sonication in detergent, water, acetone, and isopropanol for 15 minutes 

each and dried under a stream of compressed air. The surface of the glass slides was 

activated with an air plasma (30 W, 200 mTorr, 3 minutes) before enclosing them in a 

vacuum desiccator with (tridecafluoro-1,1,2,2-tetrahydrooctyl)-1-trichlorosilane (FOTS). 

The desiccator was left under dynamic vacuum for at least 12 h. The glass slides were then 

rinsed with additional isopropanol and dried under stream of compressed air before use. 

We then spin-coated the polymer solutions directly on the FOTS-treated glass slides. For 

each polymer or blend, we used the following solvents and concentrations: P3AT 

(chloroform, 15 mg mL–1); P3AT:PCBM (2:1 mass ratio, chloroform, 22.5 mg mL–1 total 

solid content). We used a mass ratio of 2:1 for the blended films because greater 

concentrations of PCBM led to weakened adhesion of the film to the PDMS substrate 

during the buckling experiment, delamination, and buckling wavelengths that were 

difficult to measure. We used three different spin speeds—0.5, 1, 1.5 krpm—to obtain three 

different thickness for each polymer samples. For P3HT:PCBM with processing additives, 

the films were spin-coated from ODCB to closely emulate the conditions most often used 



146 

 

 

 

for fabrication of the most efficient devices. The solutions were as followed for P3HT and 

P3OT: (1) P3AT:PCBM (2:1 mass ratio, 100% ODCB, 40 mg mL–1 total solid content); 

(2) P3AT:PCBM with DIO (2:1 mass ratio, 98% ODCB and 2% DIO v/v, 40 mg mL–1 total 

solid content); (3) P3AT:PCBM with DMS (2:1 mass ratio, ODCB with 0.5 mg mL–1 of 

DMS, 40 mg mL–1 total solid content). Films made from ODCB were spin-coated at 0.5, 

0.75, and 1 krpm. 

 

3.6.3. Buckling-based method 

 The elastomer poly(dimethylsiloxane) (PDMS) was chosen as the relatively soft 

substrate for all experiments. The mixed and degassed prepolymer was allowed to cure at 

room temperature for 36–48 hours before it was used in an experiment. We then cut the 

PDMS into rectangular pieces (l = 8 cm, w = 1 cm, h = 0.3 cm) and stretched to strains of 

4% using a computer-controlled stage, which applied strain to samples using a linear 

actuator. While the PDMS rectangles were under strain, microscope slides (5 cm × 2.5 cm 

activated using oxygen plasma and treated with FOTS to later facilitate separation of the 

PDMS) were clipped onto the back of each rectangle using binder clips to maintain the 

strain. Transferring the conjugated polymer films to the pre-strained PDMS substrate was 

performed by initially scoring the films along the edges with a razor and placing the films 

against the PDMS. After applying a minimum amount of pressure to create a conformal 

seal between the PDMS and the conjugated polymer film, we separate the glass/stretched 

PDMS from the glass/conjugated polymer film in one fast motion.89 In most cases, the 

areas in which the films were in contact with the PDMS were successfully transferred to 

the pre-strain PDMS rectangles. We then removed the binder clips and allowed the PDMS 
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to relax to the equilibrium length. Buckles formed in the conjugated polymer films upon 

relaxation of the substrate. 

 

3.6.4. Imaging of polymer films 

 We obtained the buckling wavelength, λb, from optical micrographs, for which we 

divided the length of each images by the number of buckles. We developed a MATLAB 

code to count the number of buckles in each image using the intensity of each pixel, the 

Savizky-Golay smoothing filter, and the peak-finder methodology. The buckling 

wavelengths reported represent the averages from seven different regions of each film. The 

thicknesses of the conjugated polymer films were measured using a Veeco Dektak stylus 

profilometer. Each value of the reported thickness represents an average of seven different 

measurements taken from different locations of the films. We obtained the tensile modulus 

of each batch of PDMS, Es, from the slope of the stress-strain curved generated by a 

commercial pull tester. AFM images were taken using tapping mode from Veeco Scanning 

Probe Microscope. 

 

3.6.5. Measurements of ductility 

 We assayed the ductility of the films by measuring two parameters: the crack on-

set strains and the crack density at a fixed strain. To measure crack on-set strain, the 

conjugated polymer films of each P3AT and P3AT:PCBM were prepared as described 

above. The films were then transferred onto unstrained PDMS rectangles. The rectangles 

were then stretched from 0% to 80% strain using a linear actuator with a step size of 1% 

using a computer-controlled stage. At each step, optical microscope images of the films 
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were taken in order to observe the generation of cracks. The crack on-set strain of each 

conjugated polymer was defined as the strain at which the first crack was observed. The 

crack densities were obtained from the optical microscope images of each film at a fixed 

strain of 80%. The number of cracks was divided by the length of the image to obtain the 

crack density. 

  

3.6.6. Fabrication and characterization of organic solar cells under stains 

 The PDMS used as the substrate of the OPV were cured at 60 °C for 2 h. We then 

activated the surfaces of the substrate by UV/O3 (Novascan 4-inch UV/O3 cleaner 

operating at 20 mW cm–2) for 1 h. We spin-coated PEDOT:PSS films from solutions 

containing 7% DMSO and 1% Zonyl on the substrate at 0.5 krpm for 4 min and 2 krpm for 

1 min. Glass slides were used as support for the PDMS substrates for the whole process to 

avoid applying unwanted strains to the elastomeric substrate during manipulations. The 

PEDOT:PSS films were then thermally annealed at 100 °C for 10 minutes on a hotplate. 

The hotplate was turned off and the substrates were allowed to cool slowly to room 

temperature. We prepared P3AT:PCBM films from a 1:1 (w/w) solution of 40 mg mL–1 

total in ODCB. The active layers were spin-coated on top of the PEDOT:PSS layer using 

the same conditions as those described for pure P3AT films. After spin-coating, the films 

were placed in the antechamber of the glovebox under dynamic vacuum for 15 min to 

completely evaporate residual solvents and to reduce adsorbed water and oxygen. EGaIn 

drops and copper wires were placed to create electrical contacts; and, the photovoltaic 

properties, at 0% strains, were measured using a solar simulator operated at AM 1.5G 

conditions inside a glovebox filled with nitrogen. The devices were then removed from the 
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glovebox, peeled from the glass supports and placed on the computer-controlled stage to 

apply 10% strain. The stretched devices were then clipped back onto the glass supports 

using binder clips to maintain the applied strain. The photovoltaic properties at 10% strains 

were measured under the same conditions.  
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Abstract 

 This paper examines a series of poly(3-alkylthiophene)s (P3ATs), a class of 

materials for which mechanical compliance and electronic performance have been 

observed to be in competition. P3ATs with longer alkyl side chains (n ≥ 8) have high 

elasticity and ductility, but poor electronic performance (as manifested in photovoltaic 

efficiency in blends with fullerenes); P3ATs with shorter chains (n ≤ 6) exhibit the 

opposite characteristics. A series of four polymer films in which the average length of the 

side chain is n = 7 is tested using mechanical, spectroscopic, microscopic, and 

photovoltaic device-based measurements to determine whether or not it is possible, in 

principle, to maximize both mechanical and electronic performance in a single organic 

semiconductor (the “best of both worlds”). The four polymer samples are (1) a physical 

blend of equal parts P3HT and P3OT (P3HT:P3OT, n = 6 and n = 8); (2) a block 

copolymer (P3HT-b-P3OT); (3) a random copolymer (P3HT-co-P3OT); and (4) poly(3-

heptylthiophene) (P3HpT, n = 7). The tensile moduli obtained by mechanical buckling 

correlate well with spectroscopic evidence (using the weakly interacting H-aggregate 

model) of a well-ordered microstructure of the polymers. The block copolymer was the 

stiffest of the hybrid samples (680 ± 180 MPa), while P3HpT exhibited maximum 

compliance (70 ± 10 MPa) and power conversion efficiency in a 1:1 blend with the 

fullerene PC61BM using stretchable electrodes (PCE = 2.16 ± 0.17%) that was similar to 

that of P3HT:PC61BM. These analyses may permit the design of organic semiconductors 

with improved mechanical and electronic properties for mechanically robust and 

stretchable applications. 
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4.1 Introduction and background 

 There is an apparent competition between electronic performance and mechanical 

compliance in semiconducting polymers.1–4 We previously observed the increase in 

elasticity in a series of regioregular poly(3-alkylthiophene)s (P3ATs) with increasing 

side-chain length (from n = 4 to 12, Figures 4.1 and 4.2).1,2 Various groups have 

reported the decrease in electronic and photovoltaic properties with increasing side-chain 

length, including field-effect mobilities5,6 and power conversion efficiency (PCE) in bulk 

heterojunctions (BHJs) when paired with a polyfluorene copolymer7 and fullerene.8 

O’Connor and coworkers had reported a similar trend in competition between field-effect 

mobilities and tensile moduli of various conjugated polymers.3 This competition has been 

attributed to the rigid, π-conjugated main chains and the three-dimensionally ordered 

crystallites generally regarded as beneficial for charge transport.1–4 These crystallites, 

however, are correlated with high stiffness and low ductility of the highest-performing 

pure polymers and—for organic solar cells (OSCs)—polymer:fullerene composites.1–4 

The competing attributes of compliance and performance have significant consequences 

for the environmental stability of ultra-thin OSCs9 and devices based on organic thin-film 

transistors (OTFTs).10 Beyond the near-term goal of rendering devices already known in 

the literature more mechanically stable, intrinsically elastic and ductile (“stretchable”) 

semiconductors could find applications in new types of systems, such as wearable and 

implantable biomedical sensors11 and in soft robotics.12 This paper represents an attempt 

to find the “best of both worlds”—i.e., to co-engineer the mechanical compliance and 

photovoltaic efficiencies—in a series of regioregular poly(3-alkylthiophene)s (P3ATs), 

the most-studied class of materials in the field of organic electronics.13 The lengths of the 
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alkyl side-chains in P3ATs have very large effects on virtually all mechanical and 

electronic properties of the materials.1,5,14 The largest increase in mechanical compliance 

occurs in a series of P3ATs having between six and eight carbon atoms—poly(3-

hexylthiophene) (P3HT) and poly(3-octylthiophene) (P3OT). We thus sought to 

determine the effect of the length of alkyl side-chain in the “sweet spot” on the elasticity 

and photovoltaic performance and to attempt to maximize the two parameters. Toward 

this goal, we obtained or synthesized a series of four materials exhibiting an average side-

chain length of n = 7: (1) a physical blend (P3HT:P3OT); (2) a block copolymer (P3HT-

b-P3OT); (3) a random copolymer (P3HT-co-P3OT); and (4) poly(3-heptylthiophene) 

(P3HpT), whose side chain contains exactly seven carbon atoms (Figure 4.1) and its field 

effect mobility had been reported between those of P3HT and P3OT.6 

 

Figure 4.1. Chemical structures and schematic diagrams of the organic semiconductors examined in this 

paper. 

 

Plastic electronics. The vision of organic electronics has always been to fabricate 

traditional semiconductor devices using inexpensive materials that can be processed from 

solution in a roll-to-roll manner.15–17 The thinness of the active layers (≤200 nm) required 

to realize applications such as OSCs, OTFTs, and organic light-emitting devices 
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(OLEDs) permits extremely small bending radii and substantial overall flexibility, as long 

as the device is fabricated on a sufficiently thin substrate (OSCs with a total thickness of 

2 µm have been demonstrated).16 The strains imposed on materials under bending are 

rarely >2%, however, and for a material to accommodate substantial tensile strain for 

integration with ultra-thin substrates,18 textiles,19 the moving parts of machines and 

portable devices,20 medical prostheses and implants,11 robotics,21 and three-dimensional 

surfaces other than cones and cylinders,2 significantly more mechanical robustness is 

required of these nominally plastic semiconductors.22 The best-performing organic 

semiconductors—including pentacene,  poly[2,5-bis(3-tetradecylthiophen-2-

yl)thieno[3,2-b]thiophene] (PBTTT), and P3HT:PCBM blends—are stiff (elastic moduli 

>1 GPa) and brittle (crack-onset strain on elastomeric substrates <2%)3,23,24 

 Electronic properties for organic electronic materials and devices have surpassed 

or are approaching those of their inorganic counterparts.25–27 Semiconducting polymers 

now exhibit ambipolar field-effect mobilities greater than those of amorphous silicon,25 

and organic solar cells have reached efficiencies over ten percent.28 Studies on roll-to-roll 

manufacturing suggest that modules can be made at low-cost.29 While some of the most 

impressive demonstrations have used high-mobility, low-bandgap polymers,30 

regioregular P3HT is still the archetypal conjugated polymer and serves as a reference 

point for comparing the properties of new materials.13 Even though the photovoltaic 

properties of structurally complex, donor-acceptor copolymers have surpassed those of 

P3HT (though perhaps not by much31), P3HT has significant advantages including 

synthetic accessibility32 and low embodied energy,33 facile functionalization by side-
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chain engineering,14 amenability to block copolymerization,34 and a band gap that is 

complementary to modern donor-acceptor copolymers for tandem cells.26 

 While the power conversion efficiency (PCE) is frequently the focal point for 

studies of organic solar cells, the mechanical resiliency is often overlooked. Despite its 

good photovoltaic performance under ideal conditions,31 P3HT—especially when 

combined with PC61BM—has been shown to fracture at relatively low applied 

strains.1,4,23,24 Our laboratory has shown that small changes in the structure of a 

conjugated polymer,35 such as varying the length of the alkyl side chains, can 

significantly alter the electronic and mechanical properties of the poly(3-alkylthiophene)s 

(P3ATs).1,2 For example, increasing the length of the side chain of P3AT from butyl to 

hexyl decreases the tensile modulus from 1.87 GPa to 1.09 GPa; increasing it further to 

octyl decreases the modulus to 150 MPa (Figure 4.2).1 The extreme compliance of 

P3OT—even in a blend with PCBM1—permits it to be strained to conform to 

hemispherical objects without wrinkling.2 The elasticity and ductility of P3OT, however, 

come at a cost of significantly degraded field-effect mobility and photovoltaic efficiency 

compared to P3HT.2,5   

 Elasticity and ductility are regarded as antithetical to electronic performance; 

several studies are consistent with this perception. O’Connor et al. noted a correlation 

between stiffness and charge-carrier mobility in two types of polythiophenes, P3HT and 

PBTTT.3 Intercalation of the side-chains in the case of PBTTT led to good vertical 

registration and a highly crystalline morphology.3 This ordered microstructure was 

correlated with good charge transport properties (although high crystallinity is not always 

a prerequisite for good photovoltaic performance36). Poor vertical registration in the case 
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of P3HT, whose side chains are liquid-like at room temperature, produces a 

semicrystalline film that is relatively stretchable but has a field-effect mobility that is no 

longer considered state-of-the art.3 In another system, Awartani et al. showed that slow 

evaporation of the solvent during casting of P3HT:PC61BM blends led to greater order of 

the polymer (as determined by applying the weakly interacting H-aggregate model to 

UV-vis spectra of the solid films)37 and greater photovoltaic performance, but also 

greater stiffness and brittleness.4 This paper explores the range in side-chain length 

between n = 6 and n = 8 (Figure 4.2) within which we postulated the existence of a 

“sweet spot” that maximizes mechanical resilience and photovoltaic performance. In 

particular, we compared the tensile moduli, structure as deduced by ultraviolet-visible 

(UV-vis) spectroscopy and atomic force microscopy (AFM), and photovoltaic properties 

(when blended with PC61BM) of the six polymeric samples shown in Figure 4.1.  

 

Figure 4.2. Plot of tensile modulus vs. alkyl side-chain length. Tensile moduli of the pure polymer thin 

films spin-coated from chloroform were measured via buckling methodology. Materials examined for the 

first time are indicated in red. The “sweet spot” between n = 6–8 is highlighted. 
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4.2 Experimental design 

4.2.1 Selection of materials 

 P3HT, P3OT, and P3HpT. We chose P3HT because it is the most studied 

conjugated polymer for organic solar cells.13,26 The photovoltaic performance of 

P3HT:PC61BM was used as the benchmark for the performance of all other tested organic 

photovoltaic devices. P3OT was selected for its low tensile modulus,1 which is a 

necessary characteristic for polymers that are to be used in stretchable and flexible 

electronics. P3HpT was selected because the number of carbons in its alkyl side-chain 

(seven) is the average of the number of carbons in the alkyl side-chains of P3HT and 

P3OT. Our initial hypothesis was that the properties of P3HpT would be intermediate 

between those of P3HT and P3OT.6 

Block and random copolymers. We also synthesized block and random 

copolymers having both hexyl and octyl side chains. Jenekhe and coworkers have 

measured differences in photovoltaic properties between physical blends of P3BT and 

P3OT and the covalently bonded block and random copolymers.38,39 The authors found 

that the copolymers outperformed not only the physical blend, but also the 

homopolymers.38,39 We expected that comparison of the properties of a physical blend, 

and block and random copolymers of P3HT and P3OT would provide insights into the 

relationship between molecular structure, morphology, and mechanical properties. 

 

4.2.2 Mechanical characterization 

 Buckling-based metrology. We measured two parameters—the tensile modulus 

and the crack on-set strain—that permitted comparison of the elasticity and ductility of 
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each thin film. The tensile moduli were measured using the mechanical buckling 

technique originally described by Stafford et al.40 This method provides rapid quantitative 

measurements and is well suited for analyzing the mechanical properties for various thin-

film systems including conjugated polymer films.1,4,23,24 The technique relates the tensile 

modulus of the film to the quantitative description of the surface buckling pattern of the 

film under compressive strains on a relatively compliant substrate—as described 

originally by Hutchinson, Whitesides, and coworkers.41,42 The advantages of using the 

buckling technique are twofold: (1) conventional mechanical testing devices typically 

lack the sensitivity to measure the forces involved in straining a thin film;40 and (2) 

techniques with adequate sensitivity such as nanoindentation do not provide accurate 

measurement for polymeric materials with viscoelastic behavior.43 Briefly, the 

conjugated polymers were spin-coated onto passivated glass slides, then transferred to 

poly(dimethylsiloxane) (PDMS) substrates each bearing small pre-strain. After transfer, 

the PDMS substrates were relaxed; this action created a compressive strain that forced 

the conjugated polymer film to adopt sinusoidal buckles. The buckling wavelength, λb, 

and the thickness of the film, df, can be related to the tensile moduli of the film and the 

substrate, Ef and Es, and the Poisson ratios of the two materials, νf and νs by the following 

equation: 

                                                        𝐸f = 3𝐸s (
1 − 𝜐f

2

1 − 𝜐s
2

) (
𝜆𝒃

2𝜋𝑑f
)

3 

                                               (𝟏) 

We measured the tensile modulus of the substrate, Es (using a commercial pull tester), the 

buckling wavelength, λb (by optical microscopy), and the film thickness, df (by stylus 

profilometry). The slope of a plot of λb vs. df for three different film thicknesses was 
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inserted into Equation 1. The Poisson’s ratios were taken as 0.5 and 0.35 for PDMS and 

the conjugated polymers films.1,23 The experimental method is described in detail 

elsewhere.1  

 Ductility. Crack on-set strains have been shown to provide qualitative measure of 

the ductility of the thin polymer films,1,3,4 with the caveat that poor adhesion of the P3AT 

to PDMS for long alkyl side chains (n > 8) leads to increased apparent brittleness.1 The 

propensity of the conjugated polymer films to form cracks when stretched on a compliant 

substrate was measured by transferring the film to the PDMS substrate bearing no pre-

strain, which was then stretched uniformly using a computer-controlled actuator. Optical 

micrographs of each film subjected to the strain of 1% to 80%, with a step size of 1%, 

were examined for the first sign of crack formation. 

 

4.2.3 Theoretical determination of tensile modulus 

 We attempted to compare the tensile moduli obtained experimentally to those 

calculated by a semi-empirical theory that takes into account the chemical structure and 

thermal properties of the polymers. This approach was originally described by Seitz,44 

applied to conjugated polymers by Tahk et al,23 and then modified to account for 

differential glass transition temperatures between polymers.1 The model successfully 

predicts the tensile moduli of pure polythiophenes and, in conjunction with composite 

theory, blends of conjugated polymers with fullerene derivatives.1,23 However, the simple 

theory does not account for the sequence of monomers within copolymers, and predicts, 

for example, the same tensile modulus for both block and random copolymers. A more 
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sophisticated approach is necessary to describe these copolymers and is being pursued by 

us in a separate project. 

 

4.2.4 Fabrication of devices 

 We compared the photovoltaic properties of the various conjugated polymers 

using PC61BM as the electron acceptor. All conjugated polymer samples—P3HT, 

P3HpT, P3OT, physical blend (P3HT:P3OT), block copolymer (P3HT-b-P3OT), and 

random copolymer (P3HT-co-P3OT)—were mixed with PC61BM in a 1:1 ratio. We 

deposited a layer of PEDOT:PSS containing 7% DMSO and 0.1% Zonyl fluorosurfactant 

as the transparent anode.45 For the top contact, we used a liquid metal cathode, eutectic 

gallium-indium (EGaIn), extruded manually from a syringe. The use of EGaIn (work 

function 4.1–4.2 eV) has been reported in the literature to give similar results to those of 

devices comprising evaporated aluminum.46–48 We chose EGaIn because it facilitated 

rapid characterization of our devices and because of our overarching interest in 

stretchable materials and devices, in which EGaIn is a ubiquitous stretchable conductor.49 

 

4.2.5 Weakly interacting H-aggregate model 

Order in films of semiconducting polymers is associated with both greater 

electronic performance and increased stiffness.3 The extent of order, as determined by 

UV-vis spectroscopy, has been correlated to increased tensile moduli in P3HT:PCBM 

films.4 Spano et al. and others have shown that aggregates of P3HT in solid films can be 

considered as weakly interacting H-aggregates, due to cofacial - stacking and weak 

excitonic coupling.4,37,50–53 We used this model to compare trends in conjugation length 
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from the UV-vis absorption spectra of the polymers, in an attempt to correlate these 

values with the mechanical stiffness and device performance. The model works as 

follows. Upon absorption of a photon, an electron is excited from the ground electronic 

state to an excited electronic state. In H-aggregates, these electronic excitations are 

coupled with nuclear vibrations.37 This coupling can be understood by a semi-classical 

picture, in which the nuclei of the polymer aggregates can be thought of as existing in 

potential wells with quantized vibrational levels, analogous to an electron trapped in a 

potential well.54 At lower vibrational levels, the potential wells can be approximated as 

harmonic oscillators; in this approximation, the vibrational energy levels are equally 

spaced.37,54 In conjugated molecules, such as P3ATs, the vibrational levels arise from the 

symmetric stretching and ring breathing of the C = C bonds.4,37,51,53 When an electron is 

excited, the position of the nuclear potential well in the excited state is shifted from the 

ground state and the electron and vibrational modes are therefore coupled.37  

In the aggregated state (i.e., crystallites in solid films), these coupled electron-

vibrational (vibronic) transitions determine the adsorption of weakly interactive H-

aggregates and can be modeled as Gaussian fits by:4,37,50,51,53   

𝐴(𝐸) ∝ ∑ (
𝑆𝑚

𝑚!
)

𝑚=0

× (1 −
𝑊𝑒–𝑆

2𝐸p

∑
𝑆𝑛

𝑛! (𝑛 − 𝑚)
𝑛≠𝑚

)

2

× 𝑒𝑥𝑝 (
− (𝐸 − 𝐸00 − 𝑚𝐸p −

1
2

𝑊𝑆𝑚𝑒–𝑆)
2

2σ2
)   (𝟐)   

In the above equation, A is the absorption by an aggregate as a function of the photon 

energy (E). E00 is the energy of the 00 vibronic transition, which is allowed assuming 

some disorder in the aggregates.37 S is the Huang-Rhys factor, which quantifies the 

nuclear potential well shift upon vibronic transition from the ground state to the excited 

state.37 It is calculated from absorption and emission spectra, and is set to 1 for 
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P3ATs.37,51 Ep is the intermolecular vibration energy, which (in the case where S = 1) is 

the difference in energy between the vibrational levels in the excited state. It is set to 

0.179 eV as determined by Raman spectroscopy.55 W is the free exciton bandwidth, 

which is related to the nearest neighbor interchain excitonic coupling. Upon coupling, a 

dispersion of the energies occurs, the width of which is equal to W (which is four times 

the nearest neighbor coupling).37 W is also inversely related to conjugation length; a 

lower W indicates better ordering of the aggregates.50 The terms m and n are the ground- 

and excited state vibrational levels and  is the Gaussian linewidth.  

 

4.3. Results and discussion 

4.3.1 Characterization of the polymers 

 After synthesizing P3HT-b-P3OT and P3HT-co-P3OT, we examined the 1H NMR 

spectra to estimate the ratios of 3HT and 3OT in the polymers. Because the signals 

arising from the terminal methyl groups of the hexyl and octyl side-chains were partially 

overlapped, we estimated the ratio of 3HT and 3OT monomers was the same as the molar 

ratios of the starting materials, approximately 1:1. The percent regioregularity for each 

sample was as follows: P3HT, 88%; P3HT-b-P3OT, 90%; P3HT-co-P3OT, 89%; P3HpT, 

92%; P3OT, 82%. While the mechanical properties of most polymeric materials exhibit 

dependency on the molecular weight, this effect tends to saturate at a sufficiently high 

molecular weight.56 Our laboratory has shown that the difference in tensile moduli 

between the commercial sample of P3HT (Mw = 29,000 g mol–1, PDI = 2.0) and the 

sample synthesized in-house by the Grignard Metathesis polymerization57 (Mw = 7500 g 

mol–1, PDI = 1.2) was minimal: 1.09 ± 0.15 GPa for the commercial sample and 1.05 ± 
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0.35 GPa for the sample synthesized in-house.2 Dauskardt and coworkers also reported 

the dependency of the mechanical properties on molecular weight, and found similar 

storage and loss moduli for samples with Mw ranging from 28,000 to 100,000 g mol–1 

(samples with Mw < 28,000 g mol–1 were not tested).58 These data suggest that in the 

elastic regime, Mw does not significantly affect the tensile moduli for the values of Mw of 

P3AT samples typically reported in the literature. We assumed covalent connectivity of 

the blocks in P3HT-b-P3OT by following the same synthetic protocol as used in several 

previous studies on P3AT block copolymers.38,59–62 

 

4.3.2 Mechanical properties of pure polymer films 

 We began the characterization of the mechanical properties of each conjugated 

polymer by measuring the tensile modulus of the pure polymer film spin-coated from 

chloroform. In a previous report from our group, we measured decreasing moduli with 

increasing length of the alkyl side-chain in a series of P3ATs where A = butyl, hexyl, 

octyl, and dodecyl.1 Figure 4.2 and Table 4.1 show the values obtained for the hybrid 

polymers on the same set of axes as those obtained in our previous study (we have since 

added pentyl and decyl to the plot for the purposes of this paper). The tensile moduli of 

the three individual polymer films containing both hexyl and octyl side-chains—the 

block and random copolymer and the physical blend—lie in between those of the P3HT 

and P3OT, as expected; however, the tensile modulus of block (680 ± 180 MPa) was 

determined to be almost three times those of random (260 ± 50 MPa) and physical blend 

(250 ± 20 MPa), which were nearly identical. For all three samples, the molar 

concentration of the 3HT and 3OT were approximately 1:1. We thus attributed the 
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differences in moduli to unequal microstructures of the three samples in the solid state 

rather than solely from the ratio of total hexyl and octyl side chains in the samples. 

Previous work on polymer-polymer blends that exhibit some extent of mutual solubility 

suggested that the tensile modulus of the blend is the synergistic modulus (weighted 

average) of the two homopolymers. For example, in the blend of poly(ether ether ketone) 

(PEEK) and poly(aryl ether sulfone) (PES),63 and a blend of poly(ether imide) (PEI) and 

poly(trimethylene terephthalate) (PTT),64 the authors demonstrated that the tensile moduli 

of each blend can be plotted against the molar concentration of one of the components to 

yield a linear relationship. Interestingly, we observed that the modulus of the block 

copolymer (P3HT-b-P3OT) was close to the synergistic modulus, while the moduli of the 

random copolymer and physical blend lied below (Figure 4.3a). To determine if the 

differences in moduli were attributable to variations in surface morphology, we examined 

thin films of these polymers by AFM; the results for these experiments are discussed in 

section 4.3.5.  

 
Figure 4.3. Tensile moduli of the polymers and polymer:fullerene blends in this work. (a) Tensile moduli 

of polymer films containing both hexyl and octyl side-chains along with the pure polymers. The dashed line 

shows the weighted average of the pure polymers. (b) Comparison between the pure polymer films spin-

coated from chloroform (as-cast, AC) and the films comprising 1:1 polymer:PC61BM blends spin-coated 

from ODCB and thermally annealed at 100°C (AN). 
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Table 4.1. Tensile moduli of pure polymers spin-coated from CHCl3 as-cast and their blends with PC61BM 

spin-coated from ODCB and thermally annealed at 100°C. *Values taken from ref. 1.  

Polymer Tensile Modulus (GPa) 

 
Pure polymer                     

(CHCl3, As-Cast) 

1:1 Polymer:PC61BM          

(ODCB, Annealed) 

P3HT 1.09 ± 0.15 * 3.85 ± 0.32 

P3HT-b-P3OT  0.68 ± 0.18 2.72 ± 0.91 

P3HT-co-P3OT  0.26 ± 0.05 2.12 ± 0.22 

P3HT:P3OT  0.25 ± 0.02 2.32 ± 0.24 

P3HpT 0.07 ± 0.01 1.79 ± 0.35 

P3OT 0.15 ± 0.05* 0.51 ± 0.07 

  

Block copolymer. We attributed the higher value of tensile modulus of the block 

copolymer to the covalent bonds between the P3HT and P3OT segments that promote the 

formation of connected crystalline domains comprising both P3HT and P3OT. Jenekhe 

and coworkers observed two distinct interchain (lamellar) spacings by grazing incidence 

X-ray diffraction (GIXD) in a block copolymer of P3BT (n = 4) and P3OT of equal 

composition of monomers.38 These two distinct signals corresponded to the lamellar 

spacings of the blocks of P3BT and P3OT.38 We expected that P3HT-b-P3OT would 

behave similarly and form two distinct crystalline domains. Because the domains are 

covalently linked through the conjugated main chain, the more compliant P3OT phase is 

bound to the more rigid P3HT phase and thus the block copolymer is less able to 

accommodate strain than is the physical blend, P3HT:P3OT, discussed in the next 

paragraph.  

 Random copolymer. Unlike P3HT-b-P3OT, P3HT-co-P3OT, which has 

statistically incorporated monomers, is not likely to form two distinct crystalline 

domains. In films of a similar copolymer, P3BT-co-P3OT, Jenekhe and coworkers 

observed a single type of crystalline domain whose lamellar spacing correlated with the 
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ratio of the monomers.39 The standard model for packing within P3HT crystallites 

assumes no interdigitation of side chains;65 although interdigitation has been observed in 

the oligomer of 3HT with repeat units ≤ 20.66 The randomness in packing of side chains 

in the interlamellar regions, along with decreased registration between the lamellae, could 

contribute to the tensile modulus that was lower for P3HT-co-P3OT than for P3HT-b-

P3OT. 

Physical blend. Our next task was to understand the mechanical behavior of the 

physical blend of P3HT and P3OT (P3HT:P3OT). A tensile modulus for P3HT:P3OT 

that was lower than the synergistic modulus would be consistent with a blend in which 

the phases were at least partially separated. In phase-separated blends, the more 

compliant P3OT phase may accommodate the strain, thus rendering the modulus of the 

blend closer to that of P3OT. This behavior is in contrast to that of P3HT-b-P3OT, in 

which the covalent connectivity of the domains resists deformation of the film. We note 

that co-crystallization has been observed in P3HT:P3OT blends by Nandi and coworkers 

by observation of a single lamellar spacing by X-ray diffraction.67 The authors found, 

however, that the tendency to co-crystallize was extremely sensitive to differences in 

both the ratio of the components and regioregularity between the two isolated polymers.67  

Poly(3-heptylthiophene). The P3ATs are a class of comb-like polymers68 whose 

properties represent a compromise between the rigid main chain and the paraffinic side 

chains. For many systems, a monotonic decrease in Tg accompanies increasing side-chain 

length, n, up to a critical side-chain length, nc. The trend exhibits a discontinuity at nc, 

and for n > nc, Tg changes little or even increases.69 If one defines the critical alkyl side 

chain length in terms of the tensile modulus, then it appears that nc = 7 for P3ATs, even 
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though Tg continues to decrease up to at least n = 12.70 The observed modulus of P3HpT 

(70 ± 10 MPa) is within the same order of magnitude as that of P3OT and P3DDT 

(Figure 4.2).1 Unlike the copolymers and the physical blend, the compliance of P3HpT 

cannot be a consequence of the interaction between monomers with different side chains. 

Our measurement of the modulus of poly(3-pentylthiophene) (P3PT, n = 5) (1.33 ± 0.14 

GPa) and its placement on the line connecting P3BT and P3HT suggest that the 

conspicuously low modulus of P3HpT is also not a manifestation of the odd number of 

carbon atoms in the side chain. While the overall reduction in modulus with increasing n 

is expected on the basis of a corresponding reduction in Tg and the dilution of volume 

fraction of the main-chain with increasing length of the alkyl side-chains,1 the sharp drop 

in modulus from n = 6 to n = 7 is nonetheless conspicuous. This drop in modulus is 

consistent with the fact that P3HpT is the P3AT with the shortest side chains whose Tg is 

extrapolated to be significantly below room temperature (Tg for P3HT has been measured 

in the range of 12–25 °C for P3HT and –14 °C for P3OT).4,71 Our theoretical calculation 

of the tensile moduli using the molecular structure of the monomers1,23,35,44 predicted a 

value for P3HpT (130 ± 20 MPa) that was close to the experimental value (70 ± 10 MPa). 

This simple model, however, was unable to simulate the moduli for the hybrid polymer 

samples. We believe that its failure arises from its inability to incorporate the interaction 

between different polymer chains within the films and the distribution of the monomers 

in the backbones (in both block and random copolymers).  

Ductility. While the theoretical model failed to predict the tensile moduli of the 

copolymers and the physical blend, the trend in the apparent brittleness agrees well with 

the experimental values. Our group and others have found that the tensile modulus of 
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P3AT correlates with brittleness when stretched on a compliant substrate.1,3,4,24 We 

measured the strain at which the first crack appeared on the surface of the film (crack on-

set strain) of pure polymer films, spin-coated from chloroform without annealing (as-cast, 

AC). We observed that thin films of P3HT-b-P3OT crack at much lower applied strains 

(8%) than those of P3HT:P3OT and P3HT-co-P3OT, whose crack on-set strains are 

similar (30% and 32% respectively). In addition, P3HpT was observed to have a high 

crack on-set strain (58%), which was similar to those of P3OT and P3DDT.1 

 

4.3.3 Mechanical properties of polymer:PC61BM composites 

 The presence of fillers has a strong influence on the mechanical properties of 

composite materials.1,24 For bulk heterojunction solar cells, polymers are usually blended 

with fullerene derivatives (PC61BM or PC71BM) at a ratio by weight of 1:1 to 1:4 

(polymer:fullerene).26,28 We measured the moduli of polymer:PC61BM films in a 1:1 

ratio, which were spin-coated from ODCB and thermally annealed. All samples were 

annealed at the same temperature (100 °C) for consistency and to decouple the effect of 

temperature on the mechanical and electronic properties. Various studies have 

demonstrated that the addition of fullerenes to conjugated polymers produces composites 

that are stiffer and more brittle than are the pure polymers.1–3,23,24 We have also 

previously shown that the moduli of 2:1 blends of P3AT:PC61BM (including P3BT, 

P3HT, P3OT, and P3DDT) are 2–3 times that of pure P3ATs.1 The exact factor by which 

the blend is stiffer than the pure polymer, however, depends strongly on the identity of 

the polymer24 and the processing conditions (e.g., as in fast-dried and slow-dried films).4 

A previous report showed that the increase in modulus of a P3HT:PC61BM film over that 
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of the pure polymer was a factor of approximately five, whereas the increase in modulus 

of DPPT-TT:PC61BM over the pure polymer was only 40 percent.24 This behavior 

suggests that interaction between the polymer and the PC61BM additive depends heavily 

on the morphologies of the blend, including miscibility of the polymer and the 

fullerene,72 intercalation of the fullerene molecules between the side chain of the 

polymer,73 and possible formation of bimolecular crystallites.74 Each of these effects 

would strongly influence the mechanical properties of the blended films, and we are 

investigating these effects separately. Figure 4.3b and Table 4.1 show the values of the 

tensile moduli of polymer blends with PC61BM. The P3AT:PC61BM composites are 

observed to have higher tensile moduli than the pure polymers for all cases. The value of 

P3HT:PC61BM reported here is similar to those reported previously in literature.23,24  

 

4.3.4 Photovoltaic properties 

We fabricated photovoltaic devices by mixing the polymers in a 1:1 ratio with 

PC61BM. PEDOT:PSS was used as the transparent anode and eutectic gallium-indium 

(EGaIn) as the cathode.46 Figure 4.4a shows the current density vs. voltage (J–V) plots 

for the devices based on P3AT homopolymers. The P3HT:PC61BM (PCE = 2.04 ± 0.27, 

N = 8) and P3OT:PC61BM (PCE = 0.67 ± 0.06, N = 7) devices performed as expected 

relative to each other and the results agree with previously published results.8 The 

P3OT:PC61BM devices performed poorly due to the low short-circuit current (Jsc), 2.71 ± 

0.32 mA cm–2, and fill factor (FF), 43.7 ± 1.0%. Surprisingly, the performance of 

P3HpT:PC61BM (PCE = 2.16 ± 0.17, N = 8) did not fall between these values. Compared 

to P3HT:PC61BM, these devices had a similar Jsc (6.95 ± 0.91 for P3HT:PC61BM vs. 6.27 
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± 0.48 mA cm–2 for P3HpT:PC61BM), open circuit voltage (Voc) (568 ± 9 vs. 598 ± 5 

mV), and FF (51.7 ± 1.9 vs. 57.5 ± 1.8 %).  

The J-V plots for the blended and copolymer devices are shown in Figure 4.4b. 

Among these polymers, the physical blend P3HT:P3OT:PC61BM (PCE = 1.24 ± 0.21, N 

= 7) performed the poorest, while P3HT-b-P3OT:PC61BM (PCE = 1.56 ± 0.25, N = 8) 

and P3HT-co-P3OT:PC61BM (PCE = 1.50 ± 0.19, N = 7) performed similarly. The poor 

performance by the physical blend devices is likely due to its much lower Jsc (3.67 ± 0.56 

mA cm–2) compared to P3HT-b-P3OT:PC61BM (5.80 ± 0.58 mA cm–2) and P3HT-co-

P3OT:PC61BM (5.19 ± 0.76 mA cm–2). The reduced Jsc in the physical blend devices is 

attributed to the incorporation of P3OT phases, which have a low Jsc as shown in the 

homopolymers devices. The photovoltaic properties for all devices tested are summarized 

in Table 4.2.  

Table 4.2. Summary of the averaged Jsc (short-circuit current), Voc (open-circuit voltage), FF (fill factor), 

and PCE (power conversion efficiency) for the solar cells fabricated in this work (N ≥ 7). The solar device 

architecture was PEDOT:PSS/Polymer/PC61BM/EGaIn. The active layer was spin-coated from a solution 

of 1:1 Polymer:PC61BM in ODCB (40 mg mL–1). To ensure the preparation of solar devices was consistent 

with the preparation of samples for mechanical testing, all devices were annealed at 100 °C in an inert 

atmosphere. 

Polymer 
Jsc Voc FF PCE 

(mA cm–2) (mV) (%) (%) 

P3HT  6.95 ± 0.91 568 ± 9 51.7 ± 1.9 2.04 ± 0.27 

P3HpT  6.27 ± 0.48 598 ± 5 57.5 ± 1.8 2.16 ± 0.17 

P3OT  2.71 ± 0.32 570 ± 14 43.7 ± 1.0 0.67 ± 0.06 

P3HT:P3OT  3.67 ± 0.56 592 ± 11 57.0 ± 1.6 1.24 ± 0.21 

P3HT-b-P3OT  5.19 ± 0.76 607 ± 5 49.4 ± 0.5 1.56 ± 0.25 

P3HT-co-P3OT  5.80 ± 0.58 549 ± 9 47.0 ± 1.6 1.50 ± 0.19 
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Figure 4.4. J-V curves of average devices (N ≥ 7) with an active layer of 1:1 blend of polymer and 

PC61BM. The architecture of the devices was PEDOT:PSS/polymer:PC61BM/EGaIn. 

 

 

4.3.5 Microstructural characterization of the polymer films 

AFM analysis. To determine if the mechanical and photovoltaic properties were 

due to differences in the morphologies of the films, films of the pure polymers were 

characterized by atomic force microscopy (AFM). We characterized both as-cast films 

and films annealed at 100 °C. Figure 4.5 shows the phase images obtained by AFM for 

these films. Fibril structures were observed in all as-cast films except for P3OT. Upon 

annealing, there was an increase in the phase contrast, which is indicative of an increase 

in order,75 for all of the polymers except for P3HT-b-P3OT and P3HT-co-P3OT. The 

increase in order demonstrated by pure polymers and the physical blend was expected, 

but the apparent lack of further ordering in the P3HT-b-P3OT and P3HT-co-P3OT films 

was surprising. The covalent connectivity of the copolymers might suppress a change in 

microstructure that is too small to be visible by AFM. For a finer-grained analysis of the 

evolution in microstructure with annealing, we turned to UV-vis spectrophotometry.  
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Figure 4.5. Phase images of pure polymers spin-coated from ODCB both as-cast and annealed. The 

dimensions are 1.5 μm x 1.5 μm.  

 UV-vis spectrophotometry. To extract information about the relative 

conjugation lengths of the pure polymers, we characterized them by UV-vis 

spectrophotometry. The polymers were spin-coated onto glass out of CHCl3 and the 

absorption of the films was measured over the range 1.46–4.13 eV ( = 850–300 nm). 

The UV-vis spectra of the homopolymers are shown in Figures 4.6a and 4.6b and those 

of the polymer blend and copolymers are shown in Figures 4.6c and 4.6d. The polymers 

represented in Figures 4.6a and 4.6c were unannealed, while those represented in 

Figures 4.6b and 4.6d are after annealing at 100 °C in an inert atmosphere. Two 

observations can be made from visual inspection of these absorption spectra. First, all of 

the curves for the annealed polymer films have better defined shoulders than their 

unannealed counterparts. The increase in definition of the shoulders indicates an increase 
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in order in the polymer films upon annealing.4,37,50–53 Second, after annealing, P3HT and 

P3HpT have very similar absorption spectra, which implies similar electronic structures 

and order in the solid film. The absorption spectrum of P3OT suggests less ordering. The 

annealed P3HT-b-P3OT and P3HT:P3OT samples also have very similar absorption 

spectra which are consistent with similarly ordered crystallites in the films. Jenehke and 

coworkers have previously shown that block copolymers of P3BT and P3OT form 

distinct domains of each polymer.76 From our analysis, we believe that our samples of 

P3HT-b-P3OT and P3HT:P3OT likely form distinct crystallites of P3HT and P3OT, as 

these materials have UV-vis spectra that essentially overlap with the superposition of the 

pure P3HT and P3OT films.  

To explore further the effects of annealing on the polymer films, we utilized the 

weakly interacting H-aggregate model. The absorption spectrum of P3HT, and by 

extension other P3ATs, can be envisioned as a superposition of the absorption by 

polymer crystallites and the absorption by the regions of amorphous polymer. The 

absorption by crystallites dominates the lower energy region, while the absorption at 

higher energies occurs predominantly by the amorphous polymer.4 The weakly 

interacting H-aggregate model was used to deconvolute the absorption spectra and 

determine the absorption by the polymer aggregates. From this model, we attempted to 

correlate the conjugation length (from the exciton bandwidth) to mechanical stiffness and 

device performance. With the Huang-Rhys factor, S, set to 1, the exciton bandwidth, W, 

can be calculated from the approximated expression:50 

𝐴0−0

𝐴0−1
 ≈  (

1 − 0.24𝑊/𝐸𝑝

1 + 0.073𝑊/𝐸𝑝
)

2

        (𝟑) 
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where A0–0 and A0–1 are the absorption intensities of photons with the energies of the 00 

and 01 vibronic transitions, respectively. Qualitatively, a decrease in the ratio of A0–0 to 

A0–1 is related to an increase in local order.4,37,50 More specifically, W is inversely related 

to conjugation length and order; a lower W is indicative of a longer conjugation length 

and better order.50  

 

Figure 4.6. Absorption of polymer thin films cast from CHCl3. (a) Homopolymers as-cast (AC). (b) 

Homopolymers annealed at 100 °C in an inert atmosphere (AN). (c) Blend and copolymers as-cast (AC). 

(d) Blend and copolymers annealed at 100 °C in an inert atmosphere (AN). 

 

 The energy of the 00 vibronic transition, E00, was found by calculating the 

second derivative of the absorption curves using a Matlab program. The same procedure 

was repeated to find the energy of the 01 vibronic transition. The absorption at these 

energies was then used to calculate the exciton bandwidth, W from Equation 3. The 
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Gaussian linewidth, , and the scaling factor for the calculated absorption were then 

found by a least squares fit to the experimental absorption in the region of 1.93 to 2.25 

eV.4,53,77 This region was selected because the absorption is dominated by the polymer 

aggregates. Above 2.30 eV, the amorphous polymer dominates absorption.51,77 The 

results are summarized in Table 4.3. 

Table 4.3. Summary of the weakly interacting H-aggregate model parameters for the polymers in this 

work. All materials were cast from CHCl3 and then annealed at 100 °C in an inert atmosphere. 

Polymer W (eV) 1/W (eV–1)  (eV) E00 (eV)  (nm) 

P3HT  0.160 6.250 0.079 2.043 607 

P3HpT  0.158 6.335 0.081 2.050 605 

P3OT  0.189 5.278 0.091 2.039 608 

P3HT:P3OT  0.174 5.762 0.079 2.036 609 

P3HT-b-P3OT  0.169 5.922 0.079 2.050 605 

P3HT-co-P3OT  0.145 6.889 0.077 2.039 608 

       Among the homopolymers cast from chloroform after annealing, we found that 

the inverse of W, and thus conjugation length, of P3HT is similar to P3HpT and greater 

than P3OT. These values agree with our observations of the materials in our photovoltaic 

measurements and suggest that a contributing factor for poor device performance in 

P3OT is a shorter conjugation length than P3HT (and P3HpT). The conjugation length 

also appears to fit the trend (but not as strongly) of the tensile moduli of the materials. 

O’Connor and coworkers first noted the correlation of order derived from UV-vis data 

with tensile moduli.4 

 

4.3.6 Correlations between tensile modulus and photovoltaic performance 

 We began our investigation motivated by our observations and those of others that 

mechanical compliance and electronic performance of organic semiconductors were 
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apparently in competition. Our analysis of four conjugated polymer samples with 

characteristics that represented different methods of hybridizing P3HT (stiff but good 

electronic properties) and P3OT (compliant but poor electronic properties) revealed 

P3HpT as the material that best combined both mechanical compliance and photovoltaic 

performance. In particular, the similarities of the photovoltaic properties and the order as 

measured by UV-vis spectroscopy and the H-aggregate model are largely manifestations 

of the crystalline regions in a polymer film, which were of similar extent in both P3HT 

and P3HpT. The mechanical properties for a material operating above its Tg, however, are 

largely manifestations of the amorphous regions of a polymer. The relatively long side 

chains of P3HpT and P3OT tend to suppress Tg well below room temperature, and 

provide increased elasticity and ductility compared to P3HT. The effect of blending 

PC61BM into polymers to form bulk heterojunctions is to increase the modulus of the 

polymer:fullerene composite relative to that of the pure polymer. Because the fullerenes 

exist in fullerene-rich and mixed phases (they do not intercalate into the crystalline 

phases of P3ATs), the increase in modulus is most likely dependent on the solubility of 

the fullerene in the amorphous regions of the polymer, which in turn depends at 

minimum on the length of the alkyl side chain. While the field has recently achieved an 

impressive model of the morphology of the bulk heterojunction,78–80 additional work will 

be required to develop a composite theory that predicts accurately the mechanical 

properties of these types of blends. Figure 4.7 presents our best evidence that combining 

mechanical compliance and electronic performance in the same material is possible in 

principle. That is, P3HpT lies in the extreme corner of the quadrant that combines 

favorable mechanical and electronic properties, as manifested in good photovoltaic 
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properties in blends with fullerenes. While the P3HpT:PC61BM blend is considerably 

stiffer than is the pure polymer, PC61BM is not the only acceptor that can be used in 

organic solar cells; it is likely that blending P3ATs with other acceptors will produce 

composites with mechanical properties that are far different from polymer:fullerene 

blends.  

 

Figure 4.7. Plot of tensile moduli of the pure polymers vs. power conversion efficiency of the polymers in 

a 1:1 blend with PC61BM. The position of P3HpT well above and to the left of the line connecting P3HT 

and P3OT suggest that in principle it is possible to co-engineer mechanical and photovoltaic properties in a 

single material. 

 

4.4. Conclusion 

 This paper described our efforts to synthesize or discover a conjugated polymer 

that exhibited high values of mechanical compliance and electronic performance 

manifested in good photovoltaic properties using P3ATs as the model organic 

semiconductor. We discovered a very large effect of the alkyl side chain (between six and 

eight carbon atoms) in determining the mechanical and electronic properties. In 
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particular, we found that polythiophene with side chains containing seven carbon atoms, 

P3HpT, exhibited the optimal combination of mechanical compliance and photovoltaic 

efficiency. Examination of the mechanical and photovoltaic properties of the block and 

random copolymers and a physical blend of P3HT and P3OT revealed that the block 

copolymer exhibited the synergistic (average) modulus, while the random copolymer and 

physical blend did not. 

 Our findings may provide insights toward the design and synthesis of organic 

semiconductors that combine state-of-the-art electronic properties with extreme softness. 

It also highlights the critical role played by small changes (from six to seven carbon 

atoms in the alkyl side chain) in determining the bulk and electronic properties of these 

materials. Our work on copolymers exposed the shortcoming in a common semi-

empirical approach to predicting the moduli of semiconducting polymers in its inability 

to differentiate the spatial distribution of unlike monomers (block vs. random copolymers 

with identical mole fractions of the components). Understanding of the role of chemical 

structure on the mechanical properties of organic semiconductors could lead the way 

toward truly multifunctional materials with tunable properties.  

 

4.5. Experimental methods 

4.5.1 Materials 

Poly(3-pentylthiophene), Poly(3-heptylthiophene), and Poly(3-decylthiophene) 

were purchased from Rieke Metals, Inc. and used as received. Poly(3-hexylthiophene) 

and poly(3-octylthiophene) were purchased from Sigma-Aldrich and used as received. 3-

Hexylthiophene and 3-octylthiophene were purchased from TCI and used as received. 
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Dichlorobistriphenylphosphinopropane nickel(II) was purchased from Strem. [6,6]-

phenyl C61 butyric acid methyl ester (PC61BM) was obtained from Sigma-Aldrich with 

>99% purity. PDMS, Sylgard 184 (Dow Corning), was prepared according to the 

manufacturer’s instructions at a ratio of 10:1 (base:crosslinker) and cured at room 

temperature for 36 to 48 h before it was used for mechanical testing. (Tridecafluoro-

1,1,2,2-tetrahydrooctyl)-1-trichlorosilane (FOTS) was obtained from Gelest. PEDOT:PSS 

(Clevios PH1000) was purchased from Heraeus. DMSO was purchased from BDH with 

purity of 99.9% and Zonyl (FS-300) fluorosurfactant were purchased from Sigma-

Aldrich. All reagents were obtained from commercial suppliers and used without 

purification. Chloroform (CHCl3), ortho-dichlorobenzene (ODCB), acetone, isopropyl 

alcohol (IPA), methanol, hexanes, and tetrahydrofuran (THF) were obtained from Sigma-

Aldrich and used as received. 

 

4.5.2 Synthesis of block and random copolymers 

 P3HT-b-P3OT. Poly(3-octylthiophene)-block-poly(3-hexylthiophene) (P3OT-b-

P3HT, “block”). In the first round-bottom flask (flask A), a solution of 2,5-dibromo-3-

octylthiophene (2.00 g, 5.65 mmol) was prepared in THF (60 mL) at ambient 

temperature. To this solution was added isopropyl magnesium chloride (4.5 mL of a 1.3 

M solution in THF, 5.65 mmol). A suspension of Ni(dppp)Cl2 (61 mg, 0.113 mmol, in 10 

mL THF) was added by syringe in one portion. The polymerization proceeded to produce 

a dark red solution that fluoresced red-orange when illuminated with a long-wave 

ultraviolet lamp. This reaction was allowed to proceed for 10 min. Meanwhile, in a 

separate round-bottom flask (flask B), a solution of 2,5-dibromo-3-hexylthiophene (1.84 
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g, 5.65 mmol) was prepared in THF (60 mL). This solution was treated with isopropyl 

magnesium chloride (4.5 mL of a 1.3 M solution in THF, 5.65 mmol). After the 10 min 

reaction time in flask A, the contents of flask B were added to flask A by syringe. The 

combined solution was allowed to stir for 3 h. The reaction mixture was quenched by 

pouring into 400 mL of methanol. The quenched mixture was poured into centrifuge 

tubes, spun at 2.5 krpm, and decanted. The pellets were combined, placed on filter paper, 

and inserted into a Soxhlet extractor. The material was washed with methanol and 

hexanes, and extracted with chloroform. The chloroform fraction was concentrated in 

vacuo to give 562 mg (16% yield) of a red solid. 1H NMR (300 MHz, CDCl3):  (ppm) = 

7 (s, 1H), 2.92-2.45 (br, 2H), 1.82-1.63 (br, 2H), 1.54-1.23 (br ovlp, 8H), 0.94 (t ovlp, 

approx. 1.5H), 0.91 (t ovlp, approx. 1.5H). 

 P3HT-co-P3OT. Poly(3-octylthiophene)-co-poly(3-hexylthiophene) (P3OT-co-

P3HT, “random”). In a round-bottom flask, a solution of 2,5-dibromo-3-octylthiophene 

(2.00 g, 5.65 mmol) and 2,5-dibromo-3-hexylthiophene (1.84 g, 5.65 mmol) was 

prepared in THF (120 mL) at ambient temperature. To this solution was added isopropyl 

magnesium chloride (9.0 mL of a 1.3 M solution in THF, 11.3 mmol). A suspension of 

Ni(dppp)Cl2 (122 mg, 0.113 mmol, in 10 mL THF) was added by syringe in one portion. 

The reaction was allowed to stir for 3 h, then quenched and purified in the manner 

described for the block copolymer. The chloroform fraction was concentrated in vacuo to 

give 693 mg (18% yield) of a red solid. 1H NMR (300 MHz, CDCl3):  (ppm) = 7 (s, 

1H), 2.92-2.45 (br, 2H), 1.82-1.63 (br, 2H), 1.54-1.23 (br ovlp, 8H), 0.94 (t ovlp, approx. 

1.5H), 0.91 (t ovlp, approx. 1.5H). 
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4.5.3 Preparation of substrates 

 Glass slides used as substrates for solar devices were cut into 1-in squares with a 

diamond-tipped scribe. They were then subsequently cleaned with Alconox solution (2 

mg mL–1), deionized water, acetone, and then isopropyl alcohol (IPA) in an ultrasonic 

bath for 10 min each and then rinsed and dried with compressed air. Next, the glass was 

plasma treated at ~30 W for 3 min at a base pressure of 200 mtorr ambient air to remove 

residual organic material and activate the surface. 

 Glass slides used as substrates for thin films for UV/vis spectrophotometry 

measurements were cut into 1-in squares with a diamond-tipped scribe. The slides were 

then rinsed with water and ultrasonicated in IPA for 20 min. The slides were then rinsed 

with IPA and dried by compressed air. Next the glass was plasma treated as described 

above. Blanks used to subtract the absorption of the glass were cleaned in the same 

manner. 

 Silicon substrates used for AFM measurements were cut into 1-cm2 pieces. To 

remove debris from the surfaces, the silicon substrates were ultrasonicated in acetone for 

10 min, followed by IPA for 10 min and subsequently rinsed with IPA and then dried 

with compressed air. The wafers were then plasma treated as described above. 

 

4.5.4 Preparation of polymer solutions 

Solutions of P3HT, P3HpT, P3OT, and hybrid materials of P3HT and P3OT 

(physical blend, random copolymer, and block copolymer) in CHCl3 (15 mg ml–1) were 

prepared for the buckling technique and UV-vis. Solutions of the polymers in ODCB (20 

mg ml–1) were prepared for AFM, and 1:1 polymer:PC61BM solutions in ODCB (40 mg 
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ml–1) were prepared for solar cells. All solutions were allowed to stir overnight and 

filtered with a 1-µm glass microfiber (GMF) syringe filter immediately before being 

spin-coated onto glass or silicon substrates.  

 

4.5.5 Fabrication of solar cells 

  We deposited a layer of PEDOT:PSS from an aqueous solution containing 92.9 

wt% Clevios PH 1000 (~0.9-1.2 wt% PEDOT:PSS), 7.0 wt% DMSO, and 0.1 wt% Zonyl 

fluorosurfactant as the transparent anode. The solution was filtered with a 1-μm glass 

microfiber syringe filter and then spin-coated at a speed of 500 rpm (250 rpm s–1 ramp) 

for 60 s, followed by 2000 rpm (750 rpm s–1 ramp) for 60 s. The samples were 

subsequently dried at 150 °C for 30 minutes. The photoactive layer was then spin-coated 

onto the electrode layer at a speed of 500 rpm (250 rpm s–1 ramp) for 240 s, followed by 

2000 rpm (750 rpm s–1 ramp) for 60 s. A thin strip of the PEDOT:PSS electrode was 

exposed by wiping away some of the photoactive layer with chloroform so that electrical 

contact could be made. The samples were then immediately placed in a nitrogen-filled 

glovebox and annealed at 100 °C for 30 min. The substrates were then allowed to cool 

slowly to room temperature. EGaIn (extruded by hand from a syringe) was used as the 

top contact. The photovoltaic properties were measured in a nitrogen-filled glovebox 

using a solar simulator with a 100 mW cm–2 flux that approximated the solar spectrum 

under AM 1.5G conditions (ABET Technologies 11016-U up-facing unit calibrated with 

a reference cell with a KG5 filter). The current density versus voltage was measured for 

both dark and under illumination using a Keithley 2400 SourceMeter. 
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4.5.6 Characterization of materials 

The absorbance of the materials was measured using a PerkinElmer Lambda 1050 

UV-vis-NIR spectrophotometer. The wavelength range measured was 850–300 nm with a 

step size of 1 nm. The polymer solutions were spin-coated onto the glass slides at a spin 

speed of 500 rpm (250 rpm s–1 ramp) for 240 s followed by 2000 rpm (750 rpm s–1 ramp) 

for 60 s. For each solution, two films were prepared. The first film was left as-cast and 

the second film was immediately placed in a nitrogen-filled glove box and annealed at 

100 °C for 30 min under a Pyrex petri dish covered in aluminum foil. After 30 min, the 

samples were allowed to slowly cool back down to room temperature.  

 Atomic Force Microscopy (AFM) micrographs were taken using a Veeco 

Scanning Probe Microscope in tapping mode. Data was analyzed with NanoScope 

Analysis v1.40 software (Bruker Corp.). The samples were prepared in the same manner 

as the samples for UV-vis, except the substrates used were Si pieces. 

All compounds were characterized by 1H NMR (300 MHz, Varian) using CDCl3 

as the solvent. The residual chloroform peak at 7.26 ppm was used to calibrate the 

chemical shifts.  
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Abstract 

Mechanical compliance is a critical attribute for organic semiconductors in 

flexible, stretchable, mechanically robust, and biologically integrated electronics. This 

paper substantially develops the observation that a small change in the length of the alkyl 

side chain of regioregular poly(3-alkylthiophene)s has a dramatic effect on the interplay 

between their mechanical and charge-transport properties. Specifically, the thermal, 

mechanical, and charge-transport properties of poly(3-heptylthiophene) (P3HpT, n = 7), 

which we found to be an unusual example of a stretchable semiconducting thermoplastic, 

are described in comparison to those of poly(3-hexylthiophene) (P3HT, n = 6) and 

poly(3-octylthiophene) (P3OT, n = 8). Neat P3HpT was found to have mechanical 

properties similar to that of P3OT, and when mixed in 1:1 blends with the fullerene [6,6]-

phenyl C61 butyric acid methyl ester (PCBM), exhibited electronic properties comparable 

to P3HT. However, the charge-carrier mobility of neat P3HpT is substantially inferior to 

that of P3HT; the good performance of P3HpT-based solar cells is the result of improved 

mobility in P3HpT:PCBM blends compared to the neat material. While P3HpT may be a 

favorable alternative to P3HT in ultra-flexible, stretchable, and mechanically robust 

organic solar cells, P3HpT would only make a good field-effect transistor in situations in 

which mechanical compliance was more important than high mobility.  

 

5.1 Introduction 

Given the vast literature devoted to the regioregular poly(3-alkylthiophenes) 

(P3ATs), it may seem that every aspect of the chemical, physical, and optoelectronic 

properties of this class of materials have been characterized exhaustively. This paper 
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shows that a small change in the length of the alkyl side chain—in the range of 6 ≤ n ≤ 

8—nevertheless has profound effects on these properties, in particular the flexibility, 

stretchability, and resistance to mechanical failure of devices. The mechanical properties 

of organic semiconductors are highly variable and sensitive to small molecular and 

microstructural changes.1–4 Moreover, there is substantial evidence that suggests that 

good charge-transport and mechanical compliance are mutually exclusive properties.5,6 

We recently reported the tensile moduli of a series of P3AT homopolymers and 

copolymers and their power conversion efficiencies (PCEs) when combined in 1:1 blends 

with [6,6]-phenyl C61 butyric acid methyl ester (PCBM) in organic solar cells (OSCs).2 

We found that the tensile moduli of the thin films (Ef) exhibited a drop-off of more than 

one order of magnitude when the length of the side chain was increased from six carbon 

atoms—as in poly(3-hexylthiophene) (P3HT, Ef = 1.0 GPa) the workhorse of organic 

electronics—to seven carbon atoms,  as in poly(3-heptylthiophene) (P3HpT, Ef = 0.07 

GPa).2 Spectroscopic evidence using the weakly interacting H-aggregate model showed 

similarities in the level of order between P3HT and P3HpT, and both materials exhibited 

similar photovoltaic performance. The good performance of P3HpT, especially in the 

context of OSCs, suggested to us that P3HpT could be useful in applications that demand 

mechanical flexibility, stretchability, and robustness (that is, some applications of organic 

semiconductors that currently use P3HT). The purpose of this paper is to develop 

substantially our previous finding by characterizing the thermal, mechanical, 

photovoltaic, and charge-transport properties of P3HpT in comparison to P3HT and 

poly(3-octylthiophene) (P3OT) for pure films (i.e., for thin-film transistors) and when 

blended with PCBM (i.e., for solar cells, Figure 5.1a). Our measurements point to 
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seemingly minor changes in the chemical structure of polymers that can have dramatic 

effects on their physical properties. We found that P3HpT is in fact an unusual example 

of a stretchable semiconducting thermoplastic. While we believe P3HpT is an excellent 

candidate to replace P3HT in OSCs, its high mobility in this context seems to be the 

result of blending with fullerenes. In pure form, as required for organic thin-film 

transistors, the material is more elastic and ductile than P3HT, but the charge-carrier 

mobility of P3HpT is inferior to that of P3HT. 

 

Figure 5.1. Mechanical, electronic, and thermal properties of the P3ATs in this work. (a) Plot of power 

conversion efficiency of the P3ATs in a 1:1 blend with PC61BM vs. tensile moduli of the pure polymers. 

The position of P3HpT well above and to the left of the line connecting P3HT and P3OT suggests the 

possibility of co-optimization of photovoltaic and mechanical properties (data reproduced from ref. 2) (b) 

DSC thermograms of representative P3HT, P3HpT, and P3OT samples at a heating rate of 10 °C min–1. 

The chemical structures are inset in the figure. Tg values of 11 to 13 °C were determined for P3HT, –5 to –4 

°C for P3HpT, and –10 to –8 °C for P3OT. Tm values were observed at 225, 192, and 155 °C for P3HT, 

P3HpT, and P3OT respectively.  

 

5.2 Results and discussion 

5.2.1 Characterization of the polymers 

P3HT, P3HpT, and P3OT were examined for regioregularity and purity using 1H 

NMR spectra. The percent regioregularity for each sample was as follows: P3HT, 88%; 
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P3HpT, 92%; and P3OT, 82%. We observed no additional peaks beside those expected 

(Figure B.1, Supporting Information). From size-exclusion chromatography, we 

determined that the molecular weights of the polymers are as follows: P3HT, Mn = 44 

kDa, PDI = 2.0; P3HpT, Mn = 35 kDa, PDI = 1.5; and P3OT, Mn = 34 kDa, PDI = 2.5.  

 

5.2.2 Thermal properties 

The intuitive rationale for the increase in elasticity and ductility measured as a 

function of increasing length of the side chain P3AT (a comb-like polymer) is a reduction 

in the density of load-bearing carbon-carbon bonds along the main chain per cross 

sectional area.1,7 The glass transition temperature (Tg) for comb-like polymers also 

decreases with increasing length of the side chain until a critical value, after which Tg 

remains roughly constant or even increases.8 Long side chains installed for solubility on 

otherwise rigid backbone structures thus have deleterious consequences for polymers 

intended for structural applications.9 For flexible and stretchable organic devices, 

however, high compliance (low tensile modulus) is desirable. Values of Tg in the 

literature occupy a wide range of values for P3HT, but it seems that the consensus value 

is equal to or slightly less than room temperature (i.e., 15–25 °C, though our experience 

is that research laboratories are often kept at temperatures significantly below 25 °C).5 

The value for P3OT is unequivocally below room temperature,10 and we have used the 

ductility of P3OT:PCBM composites at ambient temperature to stretch, conform, and 

bond whole OSCs to hemispherical surfaces without generating cracks or wrinkles.11 

We used differential scanning calorimetry (DSC, Figure 5.1b) to measure the Tg 

and melting temperature (Tm) of P3HpT (red curve) and compared it to those of P3HT 
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(blue curve) and P3OT (black curve). From the analysis of the total heat flow for the 

heating of the pure polymer samples, we found values of Tg between 11 and 13 °C for 

P3HT, –5 and –4 °C for P3HpT, and –10 and –8 °C for P3OT. These data are consistent 

with decreasing Tg with increasing length of the side chain, and that Tg is substantially 

below room temperature for P3HpT and P3OT. The melting temperatures, Tm, also 

decreased with increasing length of the side chain, which agreed with previously reported 

results.12 We note that the values of Tg found in literature can vary significantly due to the 

different heating rates employed and the thermal history of the sample. The relationship 

of Tg for P3HpT and P3OT to ambient temperature suggests that these materials can be 

treated as stretchable semiconducting thermoplastics. Our experience with OSCs based 

on either P3HpT or P3OT, however, suggest that the two polymers have significantly 

different semiconducting performance.  

The addition of fullerene to P3HT has previously been reported to produce a 

greater Tg in the blend compared to that of the neat polymer.13 We reasoned that this 

increase in Tg would occur in all P3ATs, and that the good photovoltaic performance of 

P3HpT:PCBM might be produced concomitantly with anti-plasticization of P3HpT by 

PCBM. To determine if the Tg of the P3ATs increased significantly with the addition of 

PCBM, we analysed the total heat flow for the P3AT:PCBM samples. We found the Tg of 

P3HT:PCBM increased to the range between 37 and 40 °C, which agrees with previously 

reported results,14 and the Tg of P3OT:PCBM increased to the range between –5 and 0 

°C. Interestingly, the Tg of P3HpT:PCBM increased to the range between 33 and 35 °C, 

which is close to that of P3HT:PCBM. The similarity in Tg between P3HT:PCBM and 

P3HpT:PCBM is consistent with their similar photovoltaic properties.2 
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5.2.3 Band structure 

Increasing the length of the side chain in P3ATs has a very small effect on the 

bandgap, however, with a side chain longer than n = 6, the absolute positions of the 

frontier molecular orbitals decrease in energy (become more negative relative to the 

vacuum level).15 To verify this trend previously identified in the literature for P3ATs with 

an even number of carbon atoms in the side chains,15 we measured the positions of the 

HOMOs for the three P3ATs by cyclic voltammetry. The onset of oxidation for P3HT, 

P3HpT, and P3OT can be seen in Figure 5.2a, which reveals a linear dependence on 

ionization potential with the length of the side chain. To determine the LUMO, we added 

the optical band gap, Eg,opt, and 0.3 eV to the HOMO. The 0.3 eV is added because it is 

the typical difference between the optical and electrochemical band gaps, previously 

attributed to the exciton binding energy.16 The absorption spectra of the solid films, 

shown in Figure 5.2b, reveal similar onsets of absorption, 1.92–1.94 eV (639–646 nm). 

The spectra also show better order in P3HT and P3HpT compared to P3OT. The optical 

and electrochemical properties of the P3ATs are summarized in Table 5.1. We initially 

hypothesized that similar order when n = 6 or 7 would produce similar charge-carrier 

mobilities, though the effect of unequal Tg between P3HT and P3HpT could also have an 

effect.  

Table 5.1. Optical and electrochemical properties of the P3ATs. 

Polymer Eox (V) HOMO a (eV) Eg,opt (eV) LUMO b (eV) 

P3HT 0.54 –5.25 1.94 –3.01 

P3HpT 0.68 –5.39 1.92 –3.17 

P3OT 0.75 –5.46 1.92 –3.24 
 

a HOMO = –e(Eox + 4.71) (eV)   b LUMO = Eg,opt + 0.3 + HOMO (eV) 
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Figure 5.2. Determination of the HOMO and LUMO for P3HT, P3HpT, and P3OT. (a) Cyclic 

voltammetry oxidation curves measured at a scan rate of 100 mV/s. (b) Absorption spectra of the polymer 

thin films on ITO and annealed at 100 °C for 30 min. 

 

5.2.4 Charge transport properties 

The good charge-transport properties of P3ATs are generally attributed to the 

semicrystalline morphology in which well ordered aggregates (observed 

spectroscopically or by X-ray diffraction) have been correlated with high hole mobilities 

in organic thin-film transistors (OTFTs) and good efficiencies in OSCs.5,17 To compare 

directly the field-effect hole mobility, µh, for P3HT, P3HpT, and P3OT, we fabricated 

bottom-gate, bottom-contact thin-film transistors with the dimensions of 500 µm (width) 

and 10 µm (length). Figures 5.3a, 5.3b, and 5.3c show the output plots and Figure 5.3d 

shows the transfer plots for P3HT, P3HpT, and P3OT. The field effect mobilities, µh, 

were extracted from the slopes of the linear fits in the saturation regime on the plots of (-

IDS)1/2 vs. VGS (Figure 5.3d), and the threshold voltages, VT, were extracted from the 

interception of the linear fits and the x-axis using the following equation,18,19 
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                                                          √𝑰𝐃𝐒 = √𝝁𝐡𝑪𝐝

𝑾

𝟐𝑳
(𝑽𝐆𝐒 − 𝑽𝐓)                                        (𝟏) 

where Cd = 1.38 × 10–8 F cm–2, W = 500 µm, and L = 10 µm. The mobilities, threshold 

voltage, and on-off ratios extracted from the current-voltage characteristics for the three 

materials are listed in Table 5.2.  

 
Figure 5.3. Electrical characteristics of P3AT organic thin films transistors (OTFTs): current-voltage 

output characteristics of a 10 µm (length) by 500 µm (width) channel for (a) P3HT, (b) P3HpT, and (c) 

P3OT. (d) Transfer characteristics (–IDS)1/2 vs. VGS at VDS = –80V with respect to alkyl side chain length. 

Dashed lines represent the linear fit in the saturation regime.    

As expected, P3HT exhibited the greatest mobility, 0.01 cm2 V–1 s–1, while P3OT 

exhibited the lowest, 0.0001 cm2 V–1 s–1. The mobility of P3HpT was intermediate, 

0.0006 cm2 V–1 s–1, but closer to that of P3OT than to that of P3HT. Although P3HT, 

P3HpT, and P3OT have different HOMO values (Table 5.1), the injection barriers at 
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Au/P3AT interfaces are sufficiently small (work function of Au ΦM ≈ 5.1 ~ 5.3 eV)20,21 

and should only result in minimal differences among three different P3AT samples in 

contact resistance values, which are largely dominated by the polymer nano-

morphologies at the Au/channel contact edges in bottom-contact OTFT configuration.22 

The disparity in hole mobilities could be a manifestation of the thermal properties, where 

the amorphous domains are less mobile for P3HT than they are for P3HpT or P3OT. The 

relative rigidity of the amorphous domains of P3HT could be conducive to greater charge 

mobility than P3HpT, despite the similarity in aggregation apparent in the UV-vis spectra 

of the solid films (Figure 5.2b).  

Table 5.2. Average mobility values obtained from the transfer curve of the P3HT, P3HpT, and P3OT 

OTFTs. 

Materials Mobility, µh (× 10–3) (cm2 / V s) Threshold Voltage, VT 

(V) 

On-off ratio† 

P3HT 11 ± 1.8 34.5 ± 3.63 13.8 ± 3.00 

P3HpT 0.55 ± 0.082 36.4 ± 4.25 10.2 ± 2.44 

P3OT 0.14 ± 0.032 180 ± 32.0 1.68 ± 0.21 

P3HT:PCBM 10 ± 3.3 12.8 ± 5.63 375 ± 231 

P3HpT:PCBM 4.0 ± 1.0 23.5 ± 4.47 165 ± 86.8 

P3OT:PCBM 1.2 ± 0.66 45.0 ± 18.1  48.8 ± 33.2 
 

† On-off ratios were calculated through I (vgs = –80 V) / I (vgs = +20 V) 

 

The low hole mobility of P3HpT should be deleterious to photovoltaic 

performance, yet we found that P3HpT:PCBM devices performed as well as 

P3HT:PCBM devices.16 It has been reported by others that blending MDMO-PPV with 

PCBM can improve the hole mobility of the polymer by orders of magnitude.23,24 The 

exact mechanism that produces the improvement in mobility is unknown, but it has been 

speculated that the presence of the fullerene improves ordering in the polymer.25 We 

therefore tested this hypothesis for the three P3AT:PCBM composites. The hole mobility 

of P3HT, 0.01 cm2 V–1 s–1, remained similar to that of the neat polymer, however, the 
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mobilities of P3HpT and P3OT increased by an order of magnitude to 0.004 cm2 V–1 s–1 

and 0.001 cm2 V–1 s–1, respectively. Such a large increase in h for P3HpT and P3OT 

with the addition of fullerene correlates with the increase in Tg. These results support the 

hypothesis that immobilization of polymer chains with the incorporation of an anti-

plasticizer may increase the mobility and thus the photovoltaic performance. 

 

5.2.5 Combined mechanical and photovoltaic properties 

Given that the charge-transport properties of P3HpT compare favourably to those 

of P3HT, we believed that P3HpT might be useful as a stretchable and mechanically 

robust semiconductor for flexible solar cells and wearable devices. Figure 5.4a compares 

the representative J-V curves of the three P3AT:PCBM devices and the figures of merit 

are summarized in Table 5.3. P3HT:PCBM and P3HpT:PCBM exhibited similar power 

conversion efficiencies, while P3OT:PCBM performed considerably poorer.  

Table 5.3. Characteristics of P3HpT:PCBM films as a function of weight percentage of PCBM. All films 

were spin-coated from ODCB and thermally annealed at 100 °C.  

Wt% 

PCBMa PCE b (%) Ef
 c

 (GPa) CoS d (%) W e (eV) Agg. Fractionf 

0% – 0.19 ± 0.05 54 ± 2 0.181 0.547 

10% 0.014 ± 0.002 0.33 ± 0.07 40 ± 2 0.165 0.552 

16.7% 0.12 ± 0.01 0.82 ± 0.28 26 ± 2 0.168 0.555 

25% 0.59 ± 0.03 1.01 ± 0.22 16 ± 2 0.169 0.550 

33.3% 1.24 ± 0.09 1.75 ± 0.35 12 ± 2 0.169 0.547 

40% 1.58 ± 0.06 1.84 ± 0.28 6 ± 1 0.172 0.518 

50% 2.16 ± 0.17 1.92 ± 0.22 4 ± 1 0.179 0.464 
aThe weight percentage of PCBM in the solution prepared in ODCB. bThe architecture of the OSC devices 

was PEDOT:PSS/P3HpT:PCBM/EGain. The thickness of the active layer for each sample was ~150 nm. 

The power conversion efficiencies were averages of N ≥ 8 devices.  cTensile modulus of each sample was 

determined by the buckling-based methodology.  dCrack-onset strain was determined by transferring the 

film of each sample (~150 nm) onto an unstrained PDMS substrate and incrementally increasing the 

induced strain. Optical micrographs were taken to observe the formation of cracks. eThe exciton bandwidth, 

W, which is inversely correlated to aggregate order, and fthe Aggregate Fraction were calculated from a 

least-squares fit of the weakly interacting H-aggregate model to the absorption spectra. 
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Figure 5.4. Optoelectronic and mechanical properties of P3AT:fullerene blends. (a) J-V curves of average 

devices (N ≥ 7) with an active layer of 1:1 blend of P3AT and PC61BM. The architecture of the devices was 

PEDOT:PSS/P3AT:PCBM/EGaIn. The data were reproduced from ref. 2. (b) Power conversion efficiency 

of average devices (N ≥ 7) comprising P3HpT and PCBM as a function of weight fraction of PCBM. (c) 

Values of tensile modulus and crack-onset strain of P3HpT:PCBM as a function of weight fraction of 

PCBM. All films were fabricated by spin-coating from solutions of ODCB and thermally annealed at 100 

°C. (d) Example of deconvolution of the absorption spectra into vibronic transitions of ordered P3HpT and 

amorphous absorption using the weakly interacting H-aggregate model. 

The necessity to add fullerenes (e.g., PCBM) to conjugated polymers to make a 

bulk heterojunction has the unwanted effect of increasing the stiffness and brittleness of 

the composite film.1,2,26 We hypothesized that there may be a concentration of PCBM that 

maximized both compliance and power conversion efficiency (PCE) of solar cells with 

the architecture glass/PEDOT:PSS/P3HpT:PCBM/eutectic gallium-indium (EGaIn). 

Figure 5.4b plots the PCE of P3HpT:PCBM blend as a function of the weight fraction of 

PCBM in the blend. The tensile modulus (Ef, left vertical axis) and the crack-onset strain 

(CoS, right vertical axis) as a function of PCBM concentration are plotted in Figure 5.4c. 
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We observed that the three quantities were highly correlated. This apparent trade-off 

between stiffness and electronic performance has been observed before in polythiophenes 

exhibiting different levels of crystalline order, specifically P3HT:PCBM blends with 

different order in the polymer phase produced by different rates of drying during solution 

casting,5 and in the conductive polyelectrolyte complex PEDOT:PSS, when spin-coated 

from inks containing different concentrations of dimethylsulfoxide (DMSO).27  

We also examined the effect of PCBM concentration on the extent of ordering in 

the polymer component, as measured by UV-vis spectroscopy and analysed by the 

weakly interacting H-aggregate model (Figure 5.4d). The UV-vis spectra can be de-

convoluted into contributions from the aggregated material (the lower-energy shoulders 

in the spectra) and from the amorphous material. The percent aggregate has been 

correlated to increased stiffness and crack-onset strain in P3HT:PCBM blends.5 

Interestingly, small concentrations of PCBM appear to have an ordering effect on the 

polymer, however this effect disappears with larger loading of PCBM. Both the W value, 

which is inversely related to the aggregate order, and the aggregate fraction suggests that 

a decrease in ordering begins with a loading of PCBM above 33.3%. At lower loadings, 

the PCBM is likely to be dispersed in the amorphous domains of the polymer;28 at higher 

loadings, larger PCBM-rich domains form that serve as electron-conducting regions 

required for efficient solar cells, but are also hard inclusions in the film that stiffen and 

embrittle the film and are deleterious to polymer ordering. Of note, these results suggest 

that the increase in hole mobility we measured in 1:1 P3AT:PCBM blends is not due to 

increased polymer ordering, and thus, further studies are required to fully understand the 

mechanism responsible. 
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We note that molecular weight affects the mechanical properties of the P3ATs in 

ways that have not yet been fully characterized. For example, Dauskardt and coworkers 

found that cohesive fracture energy of P3HT increases with molecular weight (Mw) in a 

range of 28 to 100 kDa,29 while the entanglement molecular weight has been estimated to 

be 10–20 kDa for P3HT.28 Koch et al. observed that monodisperse samples of P3HT with 

exceptionally low degrees of polymerization (dp = 12) can exhibit structures in which the 

side chains intercalate that have been described qualitatively as brittle.30 We have 

previously found that the tensile modulus was similar within experimental error for P3HT 

with Mn between 7 and 44 kDa.2,11 We thus did not attribute differences in mechanical 

properties to differences in the molecular weight (Mn) of the samples used in this study 

(P3HT 44 kDa, P3HpT 35 kDa, P3OT 34 kDa).  

 
Figure 5.5. A summary of the electronic and mechanical properties of the polymers and polymer:fullerene 

blends studied in this work. Favourable properties are highlighted in green, while unfavourable properties 

are highlighted in red. 
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A summary of the electronic and mechanical properties of P3HT, P3HpT, and 

P3OT is presented in Figure 5.5. While P3HT has a favourable µh and PCE, it exhibits 

poor compliance and ductility. P3OT, on the other hand, has high compliance and 

ductility, but poor µh and PCE. In contrast, P3HpT is a chimera; in neat films, it has a 

similar compliance and ductility to P3OT, and when blended with fullerene, its electronic 

performance becomes closer to or equal to that of P3HT. While P3HpT is stiffened by 

PCBM, the blend is still less stiff than P3HT:PCBM by a factor of approximately two: Ef 

= 1.46 ± 0.16 GPa for P3HpT:PCBM compared to 2.75 ± 0.59 GPa for P3HT:PCBM.31 

 

5.3 Conclusion 

Poly(3-heptylthiophene) is an interesting example of a stretchable semiconducting 

thermoplastic. While P3OT could also be described as an STE, the semiconducting 

performance of P3HpT is better, especially when blended with PCBM. The mechanical 

compliance of P3HpT arises from the fact that its glass transition is the first in the series 

of P3ATs that is well below ambient temperature. When compared to P3HT and P3OT, 

the PCE of an organic solar cell with an active layer comprising P3HpT:PCBM is 

comparable to that of P3HT:PCBM, while the hole mobility of P3HpT is poor—closer to 

P3OT than P3HT—it is increased by nearly an order of magnitude with the addition of 

PCBM. P3HpT is thus attractive as a potential replacement for P3HT in flexible, 

stretchable, wearable, and mechanically robust solar cells, though it would not make an 

especially good transistor. More generally, the behaviour observed in these relatively 

simple conjugated polymer systems should provide insight into designing highly elastic 
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and high performing organic electronic devices in outdoor, portable, and wearable 

applications that require mechanical robustness 

 

Acknowledgments 

This work was supported by the Air Force Office of Scientific Research (AFOSR) 

Young Investigator Program, Grant Number FA9550-13-1-0156. Additional support was 

provided by the National Science Foundation Graduate Research Fellowship, awarded to 

both S.S. and A.Z., and by laboratory startup funds from the University of California, San 

Diego. The authors thank Prof. Joseph Wang and Amay Bandodkar for helpful 

discussions and use of their equipment to perform cyclic voltammetry experiments. 

Chapter 5, in full, is a reprint of the material as it appears in Synthetic Metals, 

2015, 203, 208. Elsevier B.V., 2015. Suchol Savagatrup,† Adam D. Printz,† Haosheng 

Wu, Kirtana Rajan, Eric J. Sawyer, Aliaksandr V. Zaretski, Christopher J. Bettinger, and 

Darren J. Lipomi († Equal contribution). The dissertation author was the primary 

investigator and author of this paper.  

 

References 

(1)  Savagatrup, S.; Makaram, A. S.; Burke, D. J.; Lipomi, D. J. Mechanical Properties 

of Conjugated Polymers and Polymer-Fullerene Composites as a Function of 

Molecular Structure. Adv. Funct. Mater. 2014, 24, 1169–1181. 

(2)  Savagatrup, S.; Printz, A. D.; Rodriquez, D.; Lipomi, D. J. Best of Both Worlds: 

Conjugated Polymers Exhibiting Good Photovoltaic Behavior and High Tensile 

Elasticity. Macromolecules 2014, 47, 1981–1992. 

(3)  Printz, A. D.; Savagatrup, S.; Burke, D. J.; Purdy, T. N.; Lipomi, D. J. Increased 

Elasticity of a Low-Bandgap Conjugated Copolymer by Random Segmentation for 

Mechanically Robust Solar Cells. RSC Adv. 2014, 4, 13635–13643. 



215 

 

 

 

(4)  Tahk, D.; Lee, H. H.; Khang, D.-Y. Elastic Moduli of Organic Electronic Materials 

by the Buckling Method. Macromolecules 2009, 42, 7079–7083. 

(5)  Awartani, O.; Lemanski, B. I.; Ro, H. W.; Richter, L. J.; DeLongchamp, D. M.; 

O’Connor, B. T. Correlating Stiffness, Ductility, and Morphology of 

Polymer:Fullerene Films for Solar Cell Applications. Adv. Energy Mater. 2013, 3, 

399–406. 

(6)  O’Connor, B.; Chan, E. P.; Chan, C.; Conrad, B. R.; Richter, L. J.; Kline, R. J.; 

Heeney, M.; McCulloch, I.; Soles, C. L.; DeLongchamp, D. M. Correlations 

between Mechanical and Electrical Properties of Polythiophenes. ACS Nano 2010, 

4, 7538–7544. 

(7)  Moulton, J.; Smith, P. Electrical and Mechanical Properties of Oriented Poly (3-

Alkylthiophenes): 2. Effect of Side-Chain Length. Polymer (Guildf). 1992, 33, 

2340–2347. 

(8)  Reimschuessel, H. K.; Chemical, A. On the Glass Transition Temperature of 

Comblike Polymers : Effects of Side Chain Length and Backbone Chain Structure. 

1979, 17, 2447–2457. 

(9)  Postema, A. R.; Liou, K.; Wudl, F.; Smith, P. Highly Oriented, Low-Modulus 

Materials from Liquid Crystalline Polymers: The Ultimate Penalty for Solubilizing 

Alkyl Side Chains. Macromolecules 1990, 23, 1842–1845. 

(10)  Kim, J. Y.; Frisbie, C. D. Correlation of Phase Behavior and Charge Transport in 

Conjugated Polymer/Fullerene Blends. J. Phys. Chem. C 2008, 112, 17726–17736. 

(11)  O’Connor, T. F.; Zaretski, A. V.; Shiravi, B. A.; Savagatrup, S.; Printz, A. D.; 

Diaz, M. I.; Lipomi, D. J. Stretching and Conformal Bonding of Organic Solar 

Cells to Hemispherical Surfaces. Energy Environ. Sci. 2014, 7, 370–378. 

(12)  Salammal, S.; Mikayelyan, E.; Grigorian, S.; Pietsch, U.; Koenen, N.; Scherf, U.; 

Brinkmann, M.; Kayunkid, N. Impact of Thermal Annealing on the 

Semicrystalline Nanomorphology of Spin-Coated Thin Films of Regioregular Poly 

(3-Alkylthiophene) S as Observed by High-Resolution Transmission Electron 

Microscopy and Grazing Incidence X-Ray Diffraction. Macromolecules 2012, 45, 

5575–5585. 

(13)  Zhao, J.; Swinnen, A.; Van Assche, G.; Manca, J.; Vanderzande, D.; Van Mele, B. 

Phase Diagram of P3HT/PCBM Blends and Its Implication for the Stability of 

Morphology. J. Phys. Chem. B 2009, 113, 1587–1591. 

(14)  Bruner, C.; Novoa, F.; Dupont, S.; Dauskardt, R. Decohesion Kinetics in Polymer 

Organic Solar Cells. ACS Appl. Mater. Interfaces 2014, 6, 21474–21483. 



216 

 

 

 

(15)  Friedel, B.; McNeill, C.; Greenham, N. Influence of Alkyl Side-Chain Length on 

the Performance of Poly (3-alkylthiophene)/Polyfluorene All-Polymer Solar Cells. 

Chem. Mater. 2010, 22, 3389–3398. 

(16)  Heeney, M.; Zhang, W.; Crouch, D. J.; Chabinyc, M. L.; Gordeyev, S.; Hamilton, 

R.; Higgins, S. J.; McCulloch, I.; Skabara, P. J.; Sparrowe, D.; Tierney, S. 

Regioregular Poly(3-hexyl)selenophene: A Low Band Gap Organic Hole 

Transporting Polymer. Chem. Commun. (Camb). 2007, 5061–5063. 

(17)  Pingel, P.; Zen, A.; Abellón, R. D.; Grozema, F. C.; Siebbeles, L. D. A.; Neher, D. 

Temperature-Resolved Local and Macroscopic Charge Carrier Transport in Thin 

P3HT Layers. Adv. Funct. Mater. 2010, 20, 2286–2295. 

(18)  Giri, G.; Verploegen, E.; Mannsfeld, S. C. B.; Atahan-Evrenk, S.; Kim, D. H.; Lee, 

S. Y.; Becerril, H. A.; Aspuru-Guzik, A.; Toney, M. F.; Bao, Z. Tuning Charge 

Transport in Solution-Sheared Organic Semiconductors Using Lattice Strain. 

Nature 2011, 480, 504–508. 

(19)  Bettinger, C. J.; Bao, Z. Organic Thin-Film Transistors Fabricated on Resorbable 

Biomaterial Substrates. Adv. Mater. 2010, 22, 651–655. 

(20)  Singh, K. A.; Young, T.; McCullough, R. D.; Kowaiewski, T.; Porter, L. M. 

Planarization of Polymeric Field-Effect Transistors: Improvement of 

Nanomorphology and Enhancement of Electrical Performance. Adv. Funct. Mater. 

2010, 20, 2216–2221. 

(21)  Sachtler, W. M. H.; Dorgelo, G. J. H.; Holscher, A. A. The Work Function of 

Gold. Surf. Sci. 1966, 5, 221–229. 

(22)  Park, Y.; Kim, D.; Jang, Y.; Cho, J.; Hwang, M. Effect of Side Chain Length on 

Molecular Ordering and Field-Effect Mobility in Poly (3-Alkylthiophene) 

Transistors. Org. Electron. 2006, 7, 514–520. 

(23)  Choulis, S. a.; Nelson, J.; Kim, Y.; Poplavskyy, D.; Kreouzis, T.; Durrant, J. R.; 

Bradley, D. D. C. Investigation of Transport Properties in Polymer/fullerene 

Blends Using Time-of-Flight Photocurrent Measurements. Appl. Phys. Lett. 2003, 

83, 3812–3814. 

(24)  Melzer, C.; Koop, E. J.; Mihailetchi, V. D.; Blom, P. W. M. Hole Transport in 

Poly(phenylene vinylene)/Methanofullerene Bulk-Heterojunction Solar Cells. Adv. 

Funct. Mater. 2004, 14, 865–870. 

(25)  Beaujuge, P. M.; Fréchet, J. M. J. Molecular Design and Ordering Effects in Π-

Functional Materials for Transistor and Solar Cell Applications. J. Am. Chem. Soc. 

2011, 133, 20009–20029. 



217 

 

 

 

(26)  Lipomi, D. J.; Chong, H.; Vosgueritchian, M.; Mei, J.; Bao, Z. Toward 

Mechanically Robust and Intrinsically Stretchable Organic Solar Cells: Evolution 

of Photovoltaic Properties with Tensile Strain. Sol. Energy Mater. Sol. Cells 2012, 

107, 355–365. 

(27)  Savagatrup, S.; Chan, E.; Renteria-Garcia, S. M.; Printz, A. D.; Zaretski, A. V.; 

O’Connor, T. F.; Rodriquez, D.; Valle, E.; Lipomi, D. J. Plasticization of 

PEDOT:PSS by Common Additives for Mechanically Robust Organic Solar Cells 

and Wearable Sensors. Adv. Funct. Mater. 2015, 25, 427–436. 

(28)  Treat, N. D.; Chabinyc, M. L. Phase Separation in Bulk Heterojunctions of 

Semiconducting Polymers and Fullerenes for Photovoltaics. Annu. Rev. Phys. 

Chem. 2014, 65, 59–81. 

(29)  Bruner, C.; Dauskardt, R. Role of Molecular Weight on the Mechanical Device 

Properties of Organic Polymer Solar Cells. Macromolecules 2014, 47, 1117–1121. 

(30)  Koch, F. P. V.; Heeney, M.; Smith, P. Thermal and Structural Characteristics of 

Oligo (3-Hexylthiophene) S (3HT) N, N= 4–36. J. Am. Chem. Soc. 2013, 135, 

13699–13709. 

(31)  Printz, A. D.; Savagatrup, S.; Rodriquez, D.; Lipomi, D. J. Role of Molecular 

Mixing on the Stiffness of Polymer:fullerene Bulk Heterojunction Films. Sol. 

Energy Mater. Sol. Cells 2015, 134, 64–72.  

 

 



218 

 

 

 

 

Chapter 6 

 

 

[70]PCBM and incompletely separated grades of methanofullerenes produce bulk 

heterojunctions with increased robustness for ultra-flexible and stretchable 

electronics 

 

 

Suchol Savagatrup,a Daniel Rodriquez,a Adam D. Printz,a Alexander B. Sieval,b Jan C. 

Hummelen,b,c and Darren J. Lipomia 

 

 

a Department of NanoEngineering, University of California, San Diego, 9500 

Gilman Drive Mail Code 0448, La Jolla, CA 92093-0448. 

b Solenne BV, Zernikepark 6-8, 9747 AN Groningen, Netherlands  

 c Stratingh Institute for Chemistry and Zernike Institute for Advanced Materials, 

University of Groningen, Nijenborgh 4, 9747 AG Groningen, Netherlands   



219 

 

 

 

Abstract 

 An organic solar cell based on a bulk heterojunction (BHJ) of a polymer and a 

methanofullerene ([60]PCBM or [70]PCBM) exhibits a complex morphology that controls 

both its photovoltaic and mechanical compliance (robustness, flexibility, and 

stretchability). Methanofullerenes are excellent electron acceptors, however they have 

relatively high cost and production energy (in the purest samples) compared to other small-

molecule semiconductors. Moreover, [60]PCBM and [70]PCBM—typical of van der 

Waals solids—can be stiff and brittle. Stiffness and brittleness may lower the yield of 

working modules in roll-to-roll manufacturing, shorten the lifetime against mechanical 

failure in outdoor conditions, and jeopardize wearable and portable applications that 

demand stretchability or extreme flexibility. This paper tests the hypothesis that “technical 

grade” PCBM (incompletely separated but otherwise pure blends containing ≥90% 

[60]PCBM or [70]PCBM) could lower the cost of manufacturing organic solar cells while 

simultaneously increasing their mechanical stability. Measurements of tensile modulus of 

five methanofullerene samples, “technical grades” and 99% grades of both [60]PCBM and 

[70]PCBM, and a 1:1 mixture [60]PCBM and [70]PCBM, along with their blends with 

regioregular poly(3-hexylthiophene) (P3HT), lead to two important conclusions: (1) Films 

of pure [70]PCBM are approximately five times more compliant than films of pure 

[60]PCBM; BHJ films with [70]PCBM are also more compliant than those with 

[60]PCBM. (2) Bulk heterojunction films comprising technical grades of [60]PCBM and 

[70]PCBM are approximately two to four times more compliant than are films made using 

99% grades. Tensile modulus is found to be an excellent predictor of brittleness: BHJs 

produced with technical grade methanofullerene accommodate strains 1.4 to 2.2 times 
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greater than those produced with 99% grades. The smallest range of stretchability was 

found for BHJs with 99% [60]PCBM (fracture at 3.5% strain), while the greatest is found 

for technical grade [70]PCBM (11.5% strain). Mechanical properties are correlated to the 

microstructures of the blended films informed from analyses of UV-vis spectra using the 

weakly interacting H-aggregate model. Photovoltaic measurements show that solar cells 

made with technical grade [70]PCBM have similar efficiencies to those made with higher-

grade material, but with decreased cost, and increased mechanical robustness. 

 

6.1 Introduction and Background 

6.1.1 Methanofullerenes in organic solar cells 

Increasing the mechanical compliance of organic semiconductors in a way that does 

not sacrifice electronic performance will accomplish two goals. The first goal is to improve 

the lifetime against mechanical failure for printed, flexible devices.1 The second goal is to 

enable a new class of ultra-flexible and intrinsically stretchable devices for portable, 

lightweight power sources,2 wearable and implantable health monitors,3 and fracture-proof 

consumer electronics.4 One important application of organic semiconductors is the organic 

solar cell, in which fullerenes and their derivatives are present in all of the most efficient 

devices produced to date.5 The high electron mobilities of fullerenes,6 the solubility of 

methanofullerenes (e.g., [60]PCBM and [70]PCBM, Figure 6.1), high rates of charge 

transfer,7 and their spherical (or quasi-spherical) shape, which permits transfer of an 

electron from any direction, suggest that fullerenes will continue to be the material of 

choice for a variety of applications. These materials, however, have high embodied energy 

in their purest form,8,9 and polymer:methanofullerene bulk heterojunction films are stiffer, 
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more brittle, and have lower cohesive energy in comparison to films of the pure polymer.10–

12 Additionally, the high energies of production (because of the resources needed to 

separate them by chromatography) are correlated with the high cost of methanofullerenes 

(compared to conjugated polymers and small molecules, such as copper phthalocyanine).9 

We hypothesized that disorder introduced into BHJ films in the form of isomers or mixed 

sizes within the PCBM phases would affect the mechanical properties of 

polymer:methanofullerene bulk heterojunction blends, which will influence the yield of 

working devices during roll-to-roll coating13 and the lifetime against mechanical failure in 

outdoor or portable environments, or in stretchable and ultra-flexible applications.1,14 

Using “technical grades” of PCBM,15–17 in which the C60 and C70 derivatives are 

incompletely separated but otherwise pure, it might be possible to address two problems at 

the same time: reducing the cost and production energy of organic solar cells, and 

simultaneously increasing the mechanical resilience. While our group and others have 

examined the role of the polymer in determining the deformability of the active 

components in ultra-compliant systems, the role of small molecule semiconductors—of 

which methanofullerenes may be the most prominent class—has not been explored.  
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Figure 6.1. Chemical structures of P3HT and the methanofullerenes studied. Isomers of [70]PCBM 

depicting the structures of the chiral α-type isomer (left) and the two possible β-type isomers (right). 

The α-type isomer is present in 85% and the two β-type isomers are present in approximately equal 

amounts. More isomers exists in theory (not in figure), but at most in very small amounts (from 

HPLC and 1H NMR) (see also ref. 18). 

 

6.1.2 Embodied energy of methanofullerenes 

Fullerenes have high energies of production, in part, because they need to be 

separated from the carbon soot produced by the two common methods of production: 

pyrolysis (of toluene or tetralin) or arc plasma with graphite as a feedstock.9 According to 

the analysis by Anctil et al., pyrolysis requires 146 kg tetralin to produce 1 kg of C60 and 

0.78 kg of C70.
9 C70 has a greater production energy than does C60 largely because C70 is 

more difficult to separate from higher-order fullerenes than is C60; the purification steps 

(from 95% to 99.9% purity) increase the embodied energy of C60 by a factor of two and of 

C70 by a factor of three.9 The net result is that the embodied energies of [60]PCBM and 

[70]PCBM (after functionalization of the fullerene core) at 99.9% purity are 65 GJ kg–1 

and 90 GJ kg–1, respectively.9 (While these values are nearly an order of magnitude higher 

than those of polysilicon,19 methanofullerenes are present in much smaller absolute 
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amounts in organic solar cells than polysilicon is present in conventional cells.) The 

contribution of methanofullerenes to the cumulative energy demand of an entire module, 

however, is substantial: from 19% to 31%, depending on the choices of other materials in 

devices in which the electron donor is a polymer.20 Substantial savings in embodied energy 

(which correlates well with cost for manufactured products)9 are thus possible if one can 

use mixtures of methanofullerenes. The use of these mixed methanofullerene derivatives 

(technical grades) will produce different morphologies in bulk heterojunction films than 

will highly purified samples. For example, Andersson et al. showed a drastic change in the 

morphology of a polymer:[60]PCBM blend with the addition of <10% [70]PCBM to the 

methanofullerene component.15 One expects these different morphologies to affect not 

only the electronic performance of the blend, but also its compliance and mechanical 

stability,15,21 through the effect of increased free volume in mixtures of molecules of 

different sizes or isomers.  

 

6.1.3 Mechanical properties and morphology of the bulk heterojunction 

Organic semiconductors exhibit a wide range of tensile moduli, ranging from 30 

MPa to 16 GPa,11 and propensity to fracture, from <2.5% strain to greater than 150% strain 

on elastic substrates.22 This disparity suggests that modules composed of different organic 

semiconductors may have unequal yields during mechanically rigorous roll-to-roll 

manufacturing processes, unequal lifetimes in the environment, and unequal amenabilities 

to stretchable and ultra-flexible applications.23 One key determinant of the variation in 

mechanical properties in the active layer of an organic solar cell is the morphology of the 

donor-acceptor bulk heterojunction. Morphology refers to the details of molecular mixing, 
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the texture and degree of crystallinity of the phases, and the extent of phase separation.24 

These key parameters have a large influence on the power conversion efficiencies of 

organic solar cells, given materials with good charge-transport properties, complementary 

absorption, and favorable relative positions of their frontier molecular orbitals. It has been 

shown that the mechanical properties of bulk heterojunction systems comprising 

conjugated polymers and small molecules are influenced by many aspects of the chemical 

structure (e.g., the presence of the fused or isolated rings in the main chain,25,26 length and 

the composition of pendant groups,10,27 size and intermolecular forces within crystallites)22 

and microstructural order (e.g., the addition of methanofullerene,10,11,21,25–27 intercalation 

of methanofullerenes between side chains of polymers,28,29 effect of processing 

conditions,21 presence of plasticizing additives).10,30 One aspect of the makeup of the bulk 

heterojunction whose effects on the mechanical properties have not been explored is the 

makeup (i.e., size and purity) of the methanofullerene phase.  

We thus investigated two methanofullerene derivatives—[60]PCBM and 

[70]PCBM—at two different grades—99% grade, and technical grades (≥90% either 

[60]PCBM or [70]PCBM, and the remainder the other) along with their blends with 

regioregular poly(3-hexylthiophene) (P3HT). The hypothesis that guided our experiments 

was that the use of methanofullerene samples with technical grades of [60]PCBM and 

[70]PCBM (i.e., incomplete separation of C60 and C70 derivatives) would form BHJ films 

with greater compliance than films in which the methanofullerene sample was of 99% 

grade. We measured two mechanical properties, the tensile modulus and the ductility (as 

manifested in the crack on-set strain), of P3HT:methanofullerene films before thermal 

annealing (as-cast, AC) and after thermal annealing (annealed, AN), as well as pure 
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methanofullerene films. The tensile moduli were measured using the mechanical buckling 

technique.31,32 The crack on-set strains were used to measure the ductility of the film on a 

stretchable substrate. We observed trends in the mechanical properties that were correlated 

with the microstructures of the blended films informed from analyses of UV-vis spectra 

using the weakly interacting H-aggregate model. Our results led us to conclude that it is 

possible to increase the mechanical compliance of a bulk heterojunction film by using 

technical grade methanofullerenes (thereby lowering the cost and embodied energy), which 

produce statistically similar photovoltaic efficiencies.  

 

6.2 Results and discussion 

6.2.1 Mechanical properties of pure methanofullerene and bulk heterojunction films 

We measured the tensile moduli of films using the buckling technique.11,31 Briefly, 

the film of interest was spin-coated onto passivated glass slide, then transferred to an 

elastomeric substrate bearing a small tensile pre-strain. The pre-strain was then released, 

and the resulting compression forced the film to adopt buckles. For the bulk heterojunction 

films, the tensile modulus of each film, Ef, was calculated from the measured buckling 

wavelength, λb, the thickness of the film, df, the tensile modulus of the substrate, Es, and 

the Poisson’s ratios of the film and the substrate, νf and νs, using equation 1: 

𝐸f = 3𝐸s (
1 − 𝜐f

2

1 − 𝜐s
2

) (
𝜆b

2𝜋𝑑f
)

3

     (𝟏) 

However, the high stiffness and brittleness of the pure methanofullerenes caused the films 

to fracture when the pre-strain was released; this damage precluded accurate 

measurements.10,33 To avoid this problem, we performed the measurement on a bilayer 
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system comprising a PEDOT:PSS film and the pure methanofullerene film. We chose the 

layer of PEDOT:PSS as the second layer to behave as a substrate with favorable surface 

energy and allow for a uniform film of pure methanofullerene. Studies on the interface 

mixing of PEDOT:PSS and the layer of P3HT:PCBM by Huang et al.34 and Dupont et al.35 

have shown that very little methanofullerene diffuses into PEDOT:PSS at room 

temperature, and thus we assumed the presence of a distinct interface. We then used 

equation 2 to calculate the modulus of the methanofullerene film (Ef,2) (Figure 6.2a, dark 

grey bars) from the effective modulus of the bilayer (Eeff) and the modulus of the 

PEDOT:PSS film (Ef,1);
32 both Eeff and Ef,1 are obtained separately via the typical buckling 

method. (A detailed explanation of the calculation is provided in the Supporting 

Information.)  

𝐸eff =  
1 + 𝑚2𝑛4 + 2𝑚𝑛(2𝑛2 + 3𝑛 + 2)

(1 + 𝑛)3(1 + 𝑚𝑛)
𝐸f,1;  where 𝑚 =

𝐸f,2

𝐸f,1
,  𝑛 =

𝑑f,2

𝑑f,1
       (𝟐) 

From the results summarized in Figure 6.2a and Table 6.1, the moduli of the pure 

[60]PCBM films were higher than the pure [70]PCBM films for both technical grade 

(Tech. Gr.) and 99% samples. We attributed this observation to the greater tendency of 

[60]PCBM to pack efficiently and to crystallize.36,37 The difference in behavior is 

consistent with the presence of isomers in [70]PCBM, which hinder efficient packing. 

Importantly, we observed that technical grade [60]PCBM had a lower modulus than 99% 

[60]PCBM. The average value for technical grade [70]PCBM was somewhat lower than 

for 99% [70]PCBM, but within experimental error. In addition, we observed that value of 

the 1:1 mixture of [60]PCBM and [70]PCBM sat between the values of the technical grades 

of [60]PCBM and [70]PCBM.  
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Figure 6.2. Mechanical properties of the bulk heterojunction and pure methanofullerene films, arranged from 

left to right in order of increasing content of [70]PCBM. (a) Tensile moduli of films tested in this work. The 

dark gray bars represent the tensile moduli of pure methanofullerene films as obtained from the bilayer 

method. The bilayer systems consisted of PEDOT:PSS/methanofullerene. The light gray bars and gray bars 

represent the moduli of blends of P3HT:methanofullerene (1:1 ratio) spin-coated from chloroform solution 

for both as-cast and annealed films. The value of the tensile modulus of the pure P3HT film measured in 

parallel to these experiments was 0.55 ± 0.09 GPa. (b) Uniaxial crack-onset strains of the thin films 

transferred onto PDMS substrate. All pure methanofullerene films cracked at strains below 0.5%. (c) Plot of 

the correlation between crack-onset strains and tensile moduli of all the films tested. 
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Table 6.1. Summary of tensile moduli of the methanofullerene films tested in this work from measurement 

with the buckling-based method and the bilayer technique.† The value of the pure as-cast P3HT used in this 

experiment, obtained in parallel, was 0.55 ± 0.09 GPa.  

Materials 

Tensile modulus (GPa) 

[60]PCBM         

(99%) 

[60]PCBM        

(Tech. Gr.) 
1:1 Mixture 

[70]PCBM        

(Tech. Gr.) 

[70]PCBM       

(99%) 

Pure methanofullerene§ 25.6 ± 1.95 17.5 ± 1.55 9.86 ± 0.91 5.13 ± 0.50 5.39 ± 1.42 

P3HT:methanofullerene        

(1:1, As-cast) ‡ 
1.37 ± 0.19 0.77 ± 0.11 0.58 ± 0.13 0.67 ± 0.07 2.72 ± 0.40 

P3HT:methanofullerene        

(1:1, Annealed) ‡ 
4.37 ± 1.13 2.39 ± 0.29 1.53 ± 0.44 1.76 ± 0.04 3.21 ± 0.06 

† The bilayer technique uses the buckling-based method to obtain the effective modulus of the bilayer system comprising 

a layer of PEDOT:PSS film (modulus obtained separately) and pure methanofullerene film, and then backs out the 

modulus of the pure methanofullerene film. § Obtained from the modified bilayer technique.  ‡ Obtained from conventional 

buckling-based method.  

  
Table 6.2. Summary of crack-onset strains of the thin films when transferred onto PDMS substrate.  

Materials 

Crack-onset strain (%) 

[60]PCBM        

(99%) 

[60]PCBM         

(Tech.Gr.) 
1:1 Mixture 

[70]PCBM        

(Tech. Gr.) 

[70]PCBM       

(99%) 

Pure methanofullerene < 0.5 < 0.5 < 0.5 < 0.5 < 0.5 

P3HT:methanofullerene       

(1:1, As-cast) 
3.5 ± 0.58 7.75 ± 0.98 14.7 ± 1.53 11.5 ± 1.29 5.25 ± 0.96 

P3HT:methanofullerene        

(1:1, Annealed) 
1.25 ± 0.5 1.75 ± 0.5 5.0 ± 1.0 4.0 ± 0.82 1.5 ± 0.58 

 

We then characterized the mechanical properties of the P3HT:methanofullerene 

blends. We used a single polymer (regioregular P3HT) to isolate the effects of the 

methanofullerene. We selected regioregular P3HT because it is the most widely studied 

material in the literature for bulk heterojunction OPV devices.38 While it has not produced 

state-of-the-art values of PCE in several years39 (though some recent reports have been 

favorable),40 it seems to be especially amenable to scale-up by roll-to-roll coating41 because 

it works well in relatively thick films, and it has a low cost due to its short synthetic 

route.8,42 Moreoever, the morphology of P3HT when mixed with [60]PCBM is the basis 

for many studies in the field,38 and the mechanical properties of pure P3HT and 

P3HT:[60]PCBM films have been well characterized.10,11,21,25 In previous publications by 

our group, we reported the tensile modulus of pure P3HT to be 1.09 ± 0.15 GPa.10 This 
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value was in the range of those reported by various groups, or 0.22 to 1.33 GPa.11,21,25 The 

modulus of the batch of pure P3HT used in this study was 0.55 ± 0.09 GPa, approximately 

half the value we obtained in our previous study.10 We attribute the differences in moduli 

commonly obtained for P3HT (and generally not other materials) primarily to the closeness 

of its glass transition temperature (Tg = 12–25 °C)43,44 to ambient temperature, and possibly 

to the sensitivity of its Tg to batch-to-batch variability. Our principal concern, however, 

was not with the absolute values of the tensile moduli, but with the effects of the 

methanofullerene component.  

Figure 6.2a shows the tensile modulus of the BHJ films, and Table 6.1 summarizes 

the tensile moduli of the films tested in this work. The crack-onset strains (Figure 6.2b) 

correlate well with the measured tensile moduli: films with higher modulus are more brittle 

(Figure 6.2c). While we note that the crack-onset strains provide a measurement of the 

apparent brittleness of the active layer films, the mechanical properties of complete solar 

cell devices will be dependent not only on the P3HT:methanofullerene actively layer, but 

also on all other components of the device (e.g. the substrate and the electrode). However, 

in the case that the substrate and the electrode are more compliant than the active layer,30 

the active layer will be the limiting factor in the mechanical compliance and robustness of 

solar cell devices. In stretchable devices for wearable or biologically integrated 

applications, all components must accommodate tensile strain in a specified range.  

The data in Figure 6.2 reveal four salient features: (1) all BHJ films were stiffer 

than films of the pure polymer (consistent with previous results10,11,21,25); (2) thermal 

annealing increased the stiffness of all BHJ films;22,27 (3) technical grade 

methanofullerenes and 1:1 mixture of [60]PCBM and [70]PCBM produced lower moduli 
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in the BHJ films; (4) films containing principally [70]PCBM were more compliant than 

films containing principally [60]PCBM given the same thermal history in three of four 

cases. The following discussion attempts to explain these key observations using 

spectroscopic and photovoltaic measurements, and arguments from the literature.  

 

6.2.2 Stiffening effect of methanofullerenes on the pure polymers 

The current model of the bulk heterojunction, which has been derived principally 

from blends of poly(3-alkylthiophene) (P3AT) and [60]PCBM, comprises a three-phase 

system: an aggregated polymer-rich phase, a methanofullerene-rich phase, and a well-

mixed amorphous phase.38 The mixed phase forms as a consequence of the miscibility of 

methanofullerene molecules within the amorphous domains of the polymer,45,46 and thus 

the current model predicts the absence of pure amorphous polymer domains in 

P3HT:PCBM films. In a compelling visualization of the evolution in morphology of the 

BHJ, Roehling et al. used electron-tomographic three-dimensional reconstructions of a 

blend before and after annealing (using an endohedral methanofullerene for phase 

contrast), and showed a clear reduction of the fraction of the mixed phase.47 The ratio of 

phases within the ternary system went from (P3HT:methanofullerene:mixed) 28:28:44 (as-

cast) to 50:37:13 (annealed), or “mostly mixed” to “mostly crystalline P3HT.”47  

The crystalline phases of methanofullerenes have been characterized in detail.48 In 

particular, Zheng et al. observed a striking evolution in crystalline morphology in pure 

[60]PCBM films from needle-like, to axialite, to faceted crystalline slices.49 A similar 

transformation was observed in crystallites grown in the interface between a solvent and a 

non-solvent.50 In blended films of P3HT:[60]PCBM, Verploegen et al. used grazing 
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incidence X-ray scattering (GIXS) to measure the evolution in crystallization of the two 

components during thermal annealing, and observed diffraction peaks consistent with 

crystalline [60]PCBM.36 Indeed [60]PCBM is known to form crystals upon extended 

annealing that are large enough to be visible by optical microscopy.51 Thus, the current 

model predicts that the [60]PCBM-enriched phase in the bulk heterojunction is at least 

partially crystalline.38 Due to the presence of isomers in [70]PCBM, however, has not been 

observed to crystallize in neat films or in blends. The disorder in [70]PCBM was the basis 

of our hypothesis that the larger methanofullerene might produce films with reduced 

stiffness.  

In every instance in which the moduli of pure conjugated polymers and their blends 

with fullerenes are reported in the same paper, the blends are stiffer than the pure 

polymer.10,11,21 The mechanical properties of pure P3ATs are influenced, among other 

factors, by the degree of crystallinity and the Tg of the amorphous domains relative to 

ambient temperature. The proximity of Tg to ambient temperature suggests that the 

temperature at which experiments are carried out is near the high end of the range in which 

P3HT is in the glassy state. While the ordered domains of P3HT are generally unaffected 

by the presence of methanofullerenes in BHJ films,52 the pure amorphous phase of the 

polymer is consumed by methanofullerene to form the mixed phase. Methanofullerene 

molecules not dispersed in the mixed phase form a third, methanofullerene-enriched phase 

that is either amorphous or partially ordered (in the case of [60]PCBM, which can pack 

efficiently because it is a single isomer). Differences in mechanical properties between the 

pure polymer and the BHJ can thus be attributed to the effects of the mixed phase and the 

methanofullerene-enriched phase. Because the pure methanofullerene films are stiffer than 
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either pure P3HT or the corresponding BHJ, we predicted that the methanofullerene-

enriched domains behave as stiff inclusions within the BHJ film. We also suspect that the 

mixed phase in a BHJ film is stiffer than the amorphous phase in pure P3HT. This behavior 

is consistent with the observation by Hopkinson et al., and confirmed by us, that the 

addition of [60]PCBM increases Tg of P3HT—i.e., [60]PCBM is an anti-plasticizer.53 The 

high modulus of the P3HT:[60]PCBM blend relative to the pure polymer is also predicted 

on the basis of the composite theory applied to BHJ films by Tahk et al.,11 but the 

agreement may be serendipitous because it does not take into account the presence of pure, 

unmixed phases. In a separate study, our group has shown that the ratio of the polymer to 

methanofullerene also strongly influenced the mechanical properties of the resulting BHJ 

films; the tensile modulus increased when the weight percentage of methanofullerene was 

increased from 0% to 50%.54  

 

6.2.3 Stiffening effect of thermal annealing 

A trade-off between electronic and mechanical properties has been observed in the 

context of thermal history of organic semiconductors.21 Generally, post-processing 

treatment such as thermal annealing increases the crystallinity of the materials, which 

usually improves the electrical properties while in some cases increases the stiffness. For 

example, films of PBTTT doubled in tensile modulus after thermal annealing,22 while pure 

P3HT films exhibited a minimal change in modulus.21,25 The effect of thermal annealing 

of pure polymer films on the mechanical properties is thus not generalizable. 

Polymer:methanofullerene blends, however, have been consistently shown to increase in 

tensile modulus with thermal treatment.27 The origin of the increase in modulus is the 
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thermally evolved microstructure of the ternary blend. As-cast P3HT:PCBM films are 

characterized by low order and a large percentage of mixed phase. 

An increasing volume fraction of ordered polymer and methanofullerene-enriched 

phases should be correlated with an increase in modulus of the blended film. Order in P3HT 

can be determined using a widely practiced method, based on the work of Spano and 

coworkers, who showed that the UV-vis spectra of the polymer can be deconvoluted into 

contributions from the aggregated (i.e., ordered) and amorphous phases utilizing the 

weakly interacting H-aggregate model.55 The ratio of these contributions, after taking into 

account the unequal absorption coefficients of the ordered and the amorphous domains, 

can be used to determine the percent aggregated polymer. To analyze the order of different 

P3HT:methanofullerene blends, we first obtained the UV-vis spectra of the blend and then 

subtracted the absorption of the pure methanofullerene. Figures 6.3a and 6.3b show the 

evolution in the ultraviolet-visible (UV-vis) spectra of the P3HT component of the 

P3HT:methanofullerene blends. The absorption due to the methanofullerenes was 

approximated as the absorption of thin films of the methanofullerenes (prepared in the same 

manner as the blends) and subtracted from the spectra of the blends.21,56 (Before 

subtraction, the methanofullerene absorption spectra were normalized to the peaks at 335 

nm for [60]PCBM and 379 nm for [70]PCBM.) Though this method of subtraction 

overestimates the methanofullerene contribution to the absorption spectra, it has a minimal 

effect on the strongly absorbing regions of P3HT. (While we note that [70]PCBM is more 

strongly absorbing in the visible region than [60]PCBM, the absorbance is still dominated 

by the P3HT component of the blend in the visible region.) The absence of vibronic peaks 

(longer-wavelength shoulders) in the as-cast films suggests the absence of ordered 
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aggregates of pure polymer. A clear increase in order upon thermal annealing is observed 

from the differences in the UV-vis spectra. To obtain the percent of the polymer in the 

aggregated phase of the annealed films, we used a MATLAB program to perform a least-

squares fit of the weakly interacting H-aggregate model to the experimental data. This 

method was introduced by Clark et al. and later used by Awartani et al. to correlate 

microstructure to mechanical properties,21,57 and produces consistent fits that are relatively 

insensitive to the range of bounds for the fit (as long as it is performed in the strongly 

absorbing region for aggregated polymer).56 The morphology as assayed by UV-vis was 

not dependent on the substrate: spin-coating the BHJ films on glass treated with oxygen 

plasma, passivated with a fluorinated silane monolayer, or on glass bearing a film of 

PEDOT:PSS produced indistinguishable UV-vis spectra (Figure C.1, Supporting 

Information). 
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Figure 6.3. Absorption of P3HT:methanofullerene thin films after annealing treatment with the 

methanofullerene signal subtracted. (a) P3HT with [60]PCBM for 99% grade and technical grade (Tech. Gr.) 

along with the 1:1 mixture of [60]PCBM and [70]PCBM. (b) P3HT with [70]PCBM for technical grade 

(Tech. Gr.) and 99% grade. (c) Percent aggregate of the P3HT:methanofullerene films as calculated via the 

weakly interacting H-aggregate analysis. (d) Example of deconvolution of the absorption spectra using the 

weakly interacting H-aggregate analysis. 

 

6.2.4 Effect of incomplete separation of [60]PCBM and [70]PCBM in technical grades 

Enrichment of [60]PCBM and [70]PCBM from technical grade to 99% increased 

the tensile modulus of the resulting films. We attributed this effect to two factors. The first 

factor is that neat films of the technical grade methanofullerenes had lower tensile moduli 

(though the moduli of neat films of technical grade [70]PCBM and 99% [70]PCBM were 

within error, those of the corresponding BHJ films were not). If the packing structures of 
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the methanofullerene-enriched phases in the BHJ films resemble those of the neat 

methanofullerene films, then it stands to reason that the stiffening effect of the 

methanofullerene-rich inclusions would be reduced for technical grade samples in the BHJ 

films. One possible reason for decreased stiffness of the technical grade samples may be a 

consequence of less efficient packing of methanofullerenes in the presence of molecules of 

the “wrong” size. There may be a differential stiffening effect between [60]PCBM and 

[70]PCBM on the mixed phase of the BHJ, which may account for the fact that the moduli 

of the BHJ comprising technical grade [70]PCBM were less stiff than the one comprising 

99% [70]PCBM, even though the moduli of the neat [70]PCBM films of both grades were 

similar. We admit to some uncertainty in rationalizing the greater modulus (though also 

greater ductility) of the as-cast P3HT:methanofullerene blend comprising 99% [70]PCBM 

compared to that of the as-cast blend comprising 99% [60]PCBM, especially in light of the 

significantly lower modulus of unblended 99% [70]PCBM compared to 99% [60]PCBM. 

We note however, that the mechanical properties will not necessarily be proportional to the 

modulus of the pure methanofullerene component, because differences observed between 

blended films comprising [60] and [70]PCBM are dependent on at least four factors: (1) 

unequal miscibility of [60]PCBM and [70]PCBM in amorphous P3HT; (2) unequal anti-

plasticization even given the same miscibility; (3) unequal influence on the aggregation 

behavior of the polymer; and (4) packing structures—and thus mechanical properties—

within the methanofullerene-enriched phases that do not necessarily resemble those in the 

neat methanofullerene films. Ultimately, the expected behavior was recovered upon 

annealing. That is, the annealed blend comprising 99% [70]PCBM had a lower modulus 

and greater ductility than the annealed blend comprising 99% [60]PCBM. 
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Another factor that may account for increased modulus of the BHJ film for 99% 

grade methanofullerenes is the increase in the order within the polymer phase induced by 

the higher-grade methanofullerene. Analysis of the spectra shown in Figures 6.3a and 6.3b 

by the weakly interacting H-aggregate model21,27,55 reveal that the percent aggregate of the 

polymer increases from 44.6% to 45.2% (for technical grade [60]PCBM to 99% 

[60]PCBM) and from 41.2% to 44.0% (for [70]PCBM technical grade to [70]PCBM 99%) 

(Figure 6.3c). The reason that the ordered polymer phase increased with increasing purity 

of the methanofullerene is not immediately clear. We tentatively assigned this effect, 

nevertheless, to the expectation that efficient packing of methanofullerene-enriched phases 

might remove methanofullerenes from the mixed phase, and thus permit additional 

polymer chains to form aggregates, which are correlated with stiffer films. 

 

6.2.5 Effect of methanofullerene size and isomerism 

Increasing the size of the fullerene core, from [60]PCBM to [70]PCBM, decreased 

the tensile moduli of the resulting blended films. While holding the grade and the post-

treatment of the film constant, the moduli of the P3HT:methanofullerene films were lower 

in [70]PCBM samples compared to [60]PCBM samples (with one exception out of four 

pairs, the as-cast BHJ film made with 99% grade [60]PCBM was more compliant than the 

as-cast BHJ film made with 99% grade [70]PCBM, though the relationship was reversed 

after annealing). We attributed the lower compliance of BHJs comprising [70]PCBM 

compared to [60]PCBM principally to the presence of isomers of [70]PCBM, which 

impede crystallization. As shown in Figure 6.1, [70]PCBM exists as isomers because C70 

has D5 symmetry.  
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6.2.6 Photovoltaic properties 

We then measured the photovoltaic properties of the four BHJ blends for which we 

obtained mechanical data. We fabricated the devices by mixing the methanofullerenes in a 

1:1 ratio with P3HT, using o-dichlorobenzene (ODCB) as the solvent. Given our ultimate 

interest in systems in which every component is stretchable, we chose PEDOT:PSS, doped 

with DMSO and Zonyl,27 as the transparent anode, and eutectic gallium-indium (EGaIn) 

as the cathode. Figure 6.4a shows the current density vs. voltage (J-V) plots and Table 6.3 

summarizes the figures of merit. We observed increases in the short-circuit current (Jsc) in 

devices comprising [70]PCBM when compared to those with [60]PCBM. The observation 

agreed well with previously published results.15–17 The effect of purity on Jsc and Voc 

between the same methanofullerene size were minimal—similar values were obtained from 

[60]PCBM with technical grade and 99% grade as well as [70]PCBM with technical grade 

and 99% grade. However, in this study, the 99% [60]PCBM produced an increase in the 

fill factor (FF) and therefore the power conversion efficiency (PCE), compared to technical 

grade [60]PCBM. The difference in performance between technical grade [70]PCBM and 

99% [70]PCBM was within experimental error. The only methanofullerene sample of the 

four measured with statistically lower PCE than the other three was technical grade 

[60]PCBM. 

External quantum efficiency (EQE) of the devices are shown in Figure 6.4b. The 

effect of the size of the methanofullerenes were observed to be similar to that on the Jsc. 

High EQE values were observed in devices prepared from both technical grade and 99% 

[70]PCBM, suggesting that the photon-electron conversion processes are efficient. The 

purity of the methanofullerene increased the EQE values slightly, however the trend in the 
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EQE values generally corresponded with the PCE values obtained in the solar cells. We 

calculated the expected short-circuit current (JSC,Calc), shown in Table 6.3, using the 

following equation: 

𝐽SC,Calc = ∫ 𝑒 𝐸𝑄𝐸(𝜆) 𝑁p(𝜆) 𝑑𝜆          (𝟑) 

Where e is the elemental charge, λ is the wavelength, EQE(λ) is external quantum 

efficiency, and Np(λ) is the total number of incident photons per second per square 

centimeter, obtained from the reference solar spectral irradiance AM 1.5G. The differences 

in the calculated JSC between technical grade and higher purity samples were small, 8% for 

[60]PCBM and 5% for [70]PCBM.   We also observed that our measured JSC are lower 

than the calculated values, though within the 20% error margins outlined by Zimmermann 

et al.58  

 

Figure 6.4. (a) Photovoltaic characteristic of averaged devices (N ≥ 8) with an active layer of 1:1 blend of 

P3HT and respective methanofullerenes. The architecture of the devices was 

PEDOT:PSS/P3HT:methanofullerene/EGaIn. (b) External quantum efficiencies of the devices with the same 

composition. 
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Table 6.3. Summary of the photovoltaic figures of merit for P3HT:methanofullerene solar cells fabricated in 

this work (N ≥ 8) † 

Device 
VOC                  

(mV) 

JSC                        

(mA cm–2) 

FF                

(%) 

PCE             

(%) 

JSC, calc 

from EQE         

(mA cm–2) 

P3HT:[60]PCBM (99%) 602 ± 5.5 6.74 ± 0.2 59 ± 3.0   2.36 ± 0.2 8.27 
P3HT:[60]PCBM 

(Tech.Gr.) 
602 ± 3.7 6.60 ± 0.4 48 ± 4.8 1.89 ± 0.2 7.58 

P3HT:[70]PCBM 

(Tech.Gr.) 
598 ± 11.2 7.41 ± 0.3 53 ± 1.7 2.35 ± 0.1 8.92 

P3HT:[70]PCBM (99%) 606 ± 7.5 7.47 ± 0.4 55 ± 1.3 2.48 ± 0.1 9.40 
†The solar cell device architecture was PEDOT:PSS/P3HT:methanofullerene/EGaIn. PEDOT:PSS, doped with 7% 

DMSO and 0.1% Zonyl, was spin-coated to create a layer of ~150 nm thick. The active layer was spin-coated from a 

solution of 1:1 P3HT:methanofullerene in ODCB (40 mg mL–1) and thermally annealed at 125 °C in an inert atmosphere. 

EGaIn droplets were extruded to create the active area of ~0.02 cm–2.  

 

6.3 Conclusion 

Organic solar cells are in principal capable of producing substantial amounts of 

renewable energy at low cost, but only if they can be made in high yield using techniques 

for high-speed (e.g., roll-to-roll) manufacturing. Furthermore, organic solar cells have the 

potential to occupy niches in ultra-flexible, stretchable, wearable, collapsible, and portable 

applications, which would not be amenable to conventional—or even other thin-film—

technologies. Mechanical compliance is often assumed for organic optoelectronic devices 

because of the ability to bend thin films to small radii of curvature. The mechanical 

properties, however, are not favorable for every organic semiconductor; it is important to 

understand these properties to mitigate potential routes of mechanical failure during 

fabrication and use in the outdoor environment (due to the forces of thermal expansion, 

wind, and precipitation, for example) and to enable stretchable and ultra-flexible 

applications. All applications demanding moderate to extreme mechanical deformation, 

however, require elucidation of the interplay between molecular structure and 

microstructure, and their influence on the mechanical properties of organic 

semiconductors.  
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This paper explored the effect of the size and the extent of mixing of two ubiquitous 

methanofullerene materials on the mechanical properties of organic solar cells. Our 

analysis, summarized in Figure 6.5, illustrates the effect of the extent of mixing on the 

mechanical properties of polymer:methanofullerene bulk heterojunction blends. In 

particular, use of technical grade [70]PCBM instead of 99% [60]PCBM increased the 

stretchability by a factor of three (from a crack-onset strain of 3.5% to 11.5%). This 

increase in compliance would, for example, substantially increase the range of tensile 

strains available in a wearable or portable device. The influence on flexibility is also 

significant: the less compliant film on the surface of a substrate with a thickness of 200 µm 

could be wrapped around a cylinder with a diameter of approximately 6 mm without 

fracture, while the more compliant film could be wrapped around a cylinder with a diameter 

of approximately 2 mm. Increased deformability should also increase the lifetime against 

damage during repeated loading.  

While an earlier study found no statistically significant influence of the ratio 

between [60]PCBM and [70]PCBM of several methanofullerene derivatives on the power 

conversion efficiency of the P3HT:methanofullerene OPV devices,15–17 the photovoltaic 

measurements in this study suggest that devices made using [70]PCBM of lower grade may 

be slightly but not substantially less efficient than those made using materials of higher 

grade. We note however, in contrast to earlier studies, that we used ITO-free anodes and 

EGaIn cathodes because of our underlying interest in stretchable and ultra-flexible 

applications. These substitutions could in principle lead to small differences observed 

between this study and earlier ones. Lowered efficiency could be tolerated if 
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counterbalanced by decreased cost and increased yield and lifetime, as appears to be 

possible in principle, based on our observations.  

 
Figure 6.5. Schematic summary of the effect of mixed grades of methanofullerenes on the mechanical 

properties of P3HT:methanofullerene blends. 

 

6.4. Experimental methods 

6.4.1 Materials 

Methanofullerene derivatives were synthesized by Solenne BV, Groningen, The 

Netherlands. We conducted our experiments using four different methanofullerene 

samples: [60]PCBM (99% and technical grade, which was 90% [60]PCBM with the 

remainder [70]PCBM), and [70]PCBM (99% and technical grade, which was 93.5% 

[70]PCBM with the remainder [60]PCBM). Mixtures with a 1:1 ratio were prepared by 

mixing 99% grades of [60]PCBM and [70]PCBM by weight. Regioregular poly(3-

hexylthiophene) (P3HT, Mn = 44 kDa, PDI = 2.0) was purchased from Sigma-Aldrich and 

used as received. PDMS, Sylgard 184, Dow Corning, was prepared according to the 

manufacturer’s instruction at a ratio of 10:1 (base:crosslinker) and cured at room 

temperature for 36 to 48 h when it was used for buckling experiments. (Tridecafluoro-
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1,1,2,2-tetrahydrooctyl)-1-trichlorosilane (FOTS) was obtained from Gelest. PEDOT:PSS 

(Clevios PH1000) was purchased from Heraeus. DMSO was purchased from BDH with 

purity of 99.9%. Zonyl (FS-300) fluorosurfactant, chloroform, ODCB, acetone, 

isopropanol, and eutectic gallium-indium (EGaIn) were purchased from Alfa Aesar. 

 

6.4.2 Preparation of films 

For the buckling-based method and crack-onset experiments, hydrophobic glass 

slides were prepared as the initial substrate for the thin films. Glass slides (2.5 cm × 2.5 

cm) were cleaned by bath sonication in detergent, deionized water, acetone, and 

isopropanol for 15 min each and dried under a stream of compressed air. The surface was 

then activated with an air plasma (30 W, 200 mTorr, 3 min) before enclosing in a vacuum 

desiccator with FOTS. The desiccator was left under dynamic vacuum for 12 h. The glass 

slides were rinsed with deionized water and isopropanol and dried under a stream of 

compressed air before use. For buckling-based method, P3HT:methanofullerene films 

were spin-coated onto FOTS treated glass slides using three different spin speeds to achieve 

three thicknesses. For the crack-onset experiments, all films were spin-coated at the 

parameters to obtain similar thicknesses. The as-cast (AC) films were then placed under 

vacuum for 1 h to remove any residual solvent. The annealed (AN) films were placed on 

the hot plate under inert atmosphere at 125 °C for 30 min before use. The films were spin-

coated on plasma cleaned glass slides for UV-vis absorption experiments. We observed 

minimal differences in the UV-vis absorption when the films were spin-coated onto 

plasma-treated, FOTS-treated, and PEDOT:PSS glass slides (Figure C.1, Supporting 

Information).  
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6.4.3 Buckling-based methodology and crack-onset experiment 

The elastomer poly(dimethylsiloxane) (PDMS) was chosen as the substrate for all 

mechanical measurements. The mixed and degassed prepolymer was allowed to cure at 

room temperature for 36 to 48 h before it was used in an experiment. The PDMS was then 

cut into rectangular pieces (l = 8 cm, w = 1 cm, h = 0.3 cm) and stretched to strains of 2% 

using a computer-controlled stage, which applied strain to samples using a linear actuator. 

While the PDMS rectangles were under strain, microscope slides (5 cm × 2.5 cm activated 

using oxygen plasma and treated with FOTS to later facilitate separation of the PDMS) 

were clipped onto the back of each rectangle using binder clips to maintain the strain. 

Transferring the P3HT:methanofullerene films to the pre-strained PDMS substrate was 

performed by initially scoring the films along the edges with a razor and placing the films 

against the PDMS. After applying a minimum amount of pressure to create a conformal 

seal between the PDMS and the P3HT:methanofullerene films, we separated the 

glass/stretched PDMS from the glass/conjugated polymer film in one fast motion. In most 

cases, the areas in which the films were in contact with the PDMS were successfully 

transferred to the pre-strained PDMS rectangles. The binder clips were then removed and 

the PDMS allowed to relax to the equilibrium length. Buckles formed in the 

P3HT:methanofullerene films upon relaxation of the PDMS. Buckling wavelengths were 

obtained from the optical micrographs. Due to the inherent brittleness of the pure 

methanofullerene films, we employed the bilayer technique to obtain the tensile moduli. In 

these sets of experiments, a layer of PEDOT:PSS film of known tensile modulus is used as 

interfacial layer. The PEDOT:PSS films were spin-coated onto the FOTS glass slides 

before spin-coating the desirable layers of the pure methanofullerene films. The 
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PEDOT:PSS layer assisted in modifying the surface energy such that the methanofullerene 

solutions can be easily deposited and facilitate the buckling-based experiment by lowering 

the effective modulus of the bilayer system. From the known modulus of the PEDOT:PSS 

and the measured thickness ratio between the PEDOT:PSS and the methanofullerene layer, 

the modulus of the methanofullerene layers were calculated using equation 2.  

 For crack-onset experiments, the PDMS substrates were cut into rectangular pieces 

(l = 8 cm, w = 1 cm, h = 0.15 cm). The P3HT:methanofullerene films were transferred onto 

the PDMS substrates baring no pre-strain in the same manner as described above. The 

P3HT:methanofullerene films/PDMS was then subjected to incremental increase in 

uniaxial strain with a step size of 0.5%. At each step, an optical micrograph was taken and 

the strain at which the first crack formed was recorded.  

 

6.4.4 Fabrication of organic solar cells 

We deposited a layer of PEDOT:PSS from an aqueous solution containing 92.9 wt 

% Clevios PH 1000 (∼0.9−1.2 wt % PEDOT:PSS), 7.0 wt % DMSO, and 0.1 wt % Zonyl 

fluorosurfactant on plasma treated glass slides as the transparent anode. The solution was 

filtered and spin-coated at a speed of 500 rpm for 120 s, followed by 2000 rpm for 30 s. 

The films were then dried at 150 °C for 30 min. The photoactive layers were subsequently 

spin-coated on the PEDOT:PSS layer at a speed of 500 rpm for 240 s, followed by 2000 

rpm for 60 s. A thin strip of the PEDOT:PSS anode was exposed by wiping away a section 

of the photoactive layer with chloroform for electrical contact. The samples were then 

immediately placed in a nitrogen-filled glovebox and annealed at 125 °C for 30 min. EGaIn 

was used as the top contact.  
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6.4.5 Characterization of films 

The photovoltaic properties were measured in a nitrogen-filled glovebox using a 

solar simulator with a 100 mW cm–2 flux under AM 1.5G condition (ABET Technologies 

11016-U up-facing using calibrated with a reference cell with a KG5 filter). The current 

density versus voltage was measured using a Keithley 2400 SourceMeter. The absorbance 

of the materials was measured using a PerkinElmer Lambda 1050 UV-vis-NIR 

spectrophotometer. The wavelength range measured was 300-850 nm with a step size of 1 

nm. The films were prepared in the same manner as described in the above section of 

preparation of films. EQE measurement were measured in air. The photocurrent as a 

function of wavelength were recorded by a multifunction optical power meter (Newport 

Model 2936-R) using 300 W xenon lamp and Cornerstone monochromator (Newport 

Model 74004) illumination. 

 

6.4.6 Weakly interacting H-aggregate model 

In the aggregated state (i.e., crystallites in solid films), the coupled electron-

vibrational (vibronic) transitions determine the absorption of weakly interactive H-

aggregates and can be modeled as Gaussian fits by:21,55–57  

𝐴(𝐸) ∝ ∑ (
𝑆𝑚

𝑚!
)

𝑚=0

× (1 −
𝑊𝑒–𝑆

2𝐸p

∑
𝑆𝑛

𝑛! (𝑛 − 𝑚)
𝑛≠𝑚

)

2

× 𝑒𝑥𝑝 (
− (𝐸 − 𝐸00 − 𝑚𝐸p −

1
2

𝑊𝑆𝑚𝑒–𝑆)
2

2σ2
)     (𝟒)   

In the above equation, A is the absorption by an aggregate as a function of the photon 

energy (E). E00 is the energy of the 00 vibronic transition, which is allowed assuming 

some disorder in the aggregates.55 S is the Huang-Rhys factor, which is calculated from 
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absorption and emission spectra, and is set to 1 for P3HTs.55,57 Ep is the intermolecular 

vibration energy, which (in the case where S = 1) is set to 0.179 eV as determined by Raman 

spectroscopy.59 W is the free exciton bandwidth, which is related to the nearest neighbor 

interchain excitonic coupling. Upon coupling, a dispersion of the energies occurs, the width 

of which is equal to W (which is four times the nearest neighbor coupling). The terms m 

and n are the ground- and excited state vibrational levels and  is the Gaussian linewidth. 

The Gaussian linewidth, , Ep, W, and the scaling factor for the calculated absorption were 

found by a least squares fit to the experimental absorption in the region of 1.93 to 2.25 

eV.21,56,60 This region was selected because the absorption is dominated by the polymer 

aggregates. Above 2.30 eV, the amorphous polymer dominates absorption.57,60  
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Abstract 

Despite the ubiquity of poly(3,4-ethylenedioxythiophene):poly(styrenesulfonate) 

(PEDOT:PSS) in applications demanding mechanical flexibility, the effect on the 

mechanical properties of common additives—i.e., dimethylsulfoxide (DMSO), Zonyl 

fluorosurfactant (Zonyl), and poly(ethyleneimine) (PEI)—has not been reported. This 

paper describes these effects and uses plasticized films in solar cells and mechanical 

sensors for the detection of human motion. The tensile moduli of films spin-coated from 

solutions containing 0%, 5%, and 10% DMSO and 0.1%, 1%, and 10% Zonyl (nine 

samples total) are measured using the buckling technique, and the ductility is inferred from 

measurements of the strain at which cracks form on elastic substrates. Elasticity and 

ductility are maximized in films deposited from solutions containing 5% DMSO and 10% 

Zonyl, but the conductivity is greatest for samples containing 0.1% Zonyl. These 

experiments reveal enlargement of presumably PEDOT-rich grains, visible by atomic force 

microscopy, when the amount of DMSO is increased from 0% to 5%. PEI—which is used 

to lower the work function of PEDOT:PSS—has a detrimental effect on the mechanical 

properties of the PEDOT:PSS/PEI bilayer films. Wearable electronic sensors employing 

PEDOT:PSS films containing 5% DMSO and 10% Zonyl are fabricated, which exhibit 

detectable responses at 20% strain and high mechanical robustness through elastic 

deformation.  

 

7.1 Introduction 

Poly(3,4-ethylenedioxythiophene):poly(styrenesulfonate) (PEDOT:PSS, Figure 7.1) is a 

polyelectrolyte complex used ubiquitously as an electrode in organic electronic and 
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optoelectronic devices.1 Its high conductivity2 and transparency,3 low sheet resistance,4 and 

versatility of processing from aqueous solution5 make it an attractive choice for transparent 

anodes in organic solar cells,6 and light-emitting devices,7 and as electrodes in organic 

bioelectronics.8,9 It can be used either alone6 or in concert with indium tin oxide (ITO) or 

transparent conductors based percolated networks of conductive nanoparticles.10,11 General 

methods of lowering the work function of PEDOT:PSS—e.g., using thin layers of amine-

containing small molecules7,12 and polymers13—enable its use as the cathode for organic 

solar cells in all-organic devices.14 The use of transparent electrodes as both the top and 

bottom contacts enable semitransparent solar cells and displays.7 The use of polymeric top 

and bottom contacts, in particular, enables all-solution-processing6 and could pave the way 

toward ultra-compliant—i.e., stretchable and extremely flexible—devices.15–18 The use of 

PEDOT:PSS in flexible and stretchable electronics,5 however, demands a rigorous 

characterization of its mechanical properties. While the tensile modulus of the most 

common formulation of PEDOT:PSS can be quite high (≥ 2 GPa),19 it has also 

demonstrated potential value as a stretchable transparent conductor for mechanically 

robust, portable devices for energy20 and biomedical applications.9 Additives, such as co-

solvents,21 surfactants,4 and other polymers13 designed to improve the processability or 

work function of PEDOT:PSS for a given application are also likely to change drastically 

the mechanical properties of the pure material.22 Despite the necessity of additives in 

essentially all applications to PEDOT:PSS in flexible electronics,14 quantification of the 

substantial effects of these additives on the mechanical properties has received relatively 

little attention,15–18 though previous reports have described the mechanical properties as a 

function of relative humidity under strain applied parallel23 and perpendicular to the 
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films.24 This paper describes the effect of dimethylsulfoxide (DMSO, added to 

PEDOT:PSS to increase its conductivity14) a flurosurfactant (Zonyl, added to increase its 

wettability on hydrophobic substrates21), and polyethyleneimine (PEI, laminated to 

PEDOT:PSS to alter its work function13) on the tensile modulus and ductility of 

PEDOT:PSS. We then used these highly plasticized films to produce (1) organic solar cells 

using the plasticized formulation of PEDOT:PSS and (2) wearable electronic sensors 

exhibiting detectable responses at 20% strain and high mechanical robustness through 

elastic deformation. 

 

 

Figure 7.1. Chemical structure of PEDOT:PSS, PEI, P3HT, DMSO, and Zonyl 

 

 Stretchable (i.e., elastic or ductile) electronic devices based on organic 

semiconductors could have applications in a wide range of fields, from energy25 to 

medicine.26,27 The most successful approaches to the realization of stretchable organic 

electronic devices have relied on directing strain away from the active components by using 

stretchable interconnects or buckled, wavy layouts to convert global tensile strains into 

local bending strain to minimize deformation.28,29 Another approach is to use fractured 

films of organic materials that nevertheless maintain percolated pathways to the 
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electrodes.30 Materials that accommodate strain by virtue of their molecular or solid-state 

packing structures—intrinsic stretchability—could simplify processing and fabrication, 

and lead to better performing devices than those that rely on topographic patterns or 

fractured thin films.31 Our group and others are attempting to understand the molecular and 

microstructural parameters that influence the mechanical properties of organic 

semiconductors.32,33 We believe that a complete understanding of these properties will not 

only facilitate processing of devices for near-term applications, but could also further the 

development of a new form of stretchable electronics in which every component of the 

device accommodates the strain due to its molecular or microstructural characteristics.31 

PEDOT:PSS is a polyelectrolyte complex prepared by the oxidative polymerization 

of EDOT in the presence of PSS.1 In solution, it exists as relatively high-MW chains of 

PSS decorated by relatively shorter oligomers of PEDOT.19 It is perhaps the most 

technologically ubiquitous conductive polymer, and is used commonly as an antistatic 

coating on photographic film.34 In research laboratories, it is a component of essentially all 

organic solar cells and light-emitting diodes. Commercially available formulations differ 

primarily on the basis of the ratio of PEDOT and PSS. The formulation Clevios PH1000, 

manufactured by Hereaus, has a weight ratio of 1:2.5. It has achieved bulk conductivities 

of ~500 S cm–1 when 5–7% dimethylsulfoxide (DMSO) is added as a secondary dopant.35 

 PEDOT:PSS is generally cast into films from aqueous suspension by spin-coating 

for laboratory-scale devices;4 recent work has shown its amenability to spray-coating,5 

gravure printing,21 and slot-die coating.36 The surface tension of pure water renders as-

received formulations incompatible with hydrophobic substrates.21 Co-solvents (e.g., 

isopropanol5) or surfactants (e.g., Zonyl fluorosurfactant,21 now called Capstone by 
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DuPont) are generally required to coat plastic foils or organic active layers as is required 

in “inverted” solar cells. 21 The dramatic effects of these additives on the morphology and 

intermolecular forces of PEDOT:PSS—as manifested in the surface energy—suggests that 

the effect on the mechanical properties might be equally dramatic. These effects have not, 

however, been described.  

The mechanical properties of pure films of PEDOT:PSS have been measured by 

several research groups. Measured by tensile testing of relatively thick (≥10 µm) films and 

fibers at 50% relative humidity, PEDOT:PSS exhibited moduli of 1.1–2.2 GPa.23 Tahk et 

al. used the method based on the mechanical buckling of thin films of PEDOT:PSS films 

on PDMS substrates and found a similar modulus of 2.2 GPa.19 Interestingly, the modulus 

was relatively insensitive to the ratio of PEDOT to PSS in the film.19 The authors attributed 

this effect to the fact that the PSS component had a significantly greater molecular weight 

and dominated the mechanical response of the composite material.19 Dupont and coworkers 

have noted that thin films of PEDOT:PSS exhibit moisture-assisted decohesion.24 Other 

PEDOT-containing composites have achieved impressive combinations of elasticity and 

conductivity. For example, EDOT electropolymerized in a solution containing para-

toluenesulfonate and polyurethane can form a conductive composite that can be stretched 

reversibly up to 50%, while maintaining a conductivity of up to 100 S cm–1 when stretched 

up to 100% strain.37 A PEDOT:PSS-polyionic liquid blend achieved strains of 350% with 

an decrease in conductivity of only a factor of two at the maximum strain (but from a low 

initial conductivity of 10–3 S cm–1).38 The commercial formulation of PEDOT:PSS can also 

accommodate strains of up to 30% reversibly, on stretchable substrates, though smaller 

strains of about 10% cause the film to deform plastically; repeated strains above the onset 
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of plastic deformation are thus accommodated by topographic buckles, as opposed to the 

intrinsic elasticity of the material.22  

In addition to its role as an electrode, PEDOT:PSS has a serendipitous role as an 

adhesion promoter between compliant substrates and organic semiconductors. For 

example, our laboratory observed that the presence of the PEDOT:PSS—which has good 

adhesion to both UV/ozone-activated PDMS and polymer:fullerene films—significantly 

suppressed the formation of cracks in devices under biaxial tensile strain.39 The importance 

of adhesion on suppressing the formation of cracks in compliant thin-film devices has been 

observed before in copper films on polyimide substrates, in which systems employing a 

chromium adhesion layer can accommodate strains up to 50% without cracking the copper 

film.40 For film-substrate systems exhibiting poor adhesion, global strains localize in the 

film to delaminated regions and cause premature cracking.41 Moreover, cracks propagate 

through layers, and thus the strain at which an organic electronic device fails may therefore 

depend entirely on the mechanical properties of the PEDOT:PSS, regardless of the 

elasticity or ductility of the active materials. In situations that impose stresses at the 

interface between layers in a device, it is often the interface between PEDOT:PSS and the 

active material that fractures. Fracture energies in the range of 0.1 – 1.6 J m–2, depending 

on the ratio of P3HT to PCBM in the active layer, have been reported by Dupont et al. for 

organic solar cells.42 Factors known to weaken the adhesion of PEDOT:PSS with other 

layers include relative humidity, temperature, mechanical stress, and the percent 

incorporation of PCBM in P3HT:PCBM bulk heterojunctions.43 Our experiments were 

designed to isolate other parameters and test only the effect of DMSO, Zonyl, and PEI on 
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the elasticity and ductility of PEDOT:PSS for devices in which each component was highly 

stretchable. 

Dimethylsulfoxide (DMSO) is added to aqueous inks containing PEDOT:PSS in 

weight percentages of 5%–10% in essentially all applications. The role of polar “secondary 

dopants” such as DMSO, ethylene glycol, and sorbitol is to increase the conductivity 

significantly, from a native conductivity of <1 S cm–1 to conductivities approaching 103 S 

cm–1.4 The effect of these secondary dopants is attributed to the enlargement and 

coalescence of conductive grains of PEDOT in the solid film upon drying at elevated 

temperature, which produces large regions of uninterrupted pathways for charge carriers 

to traverse the film.44 While it is not believed that DMSO persists in films after drying (e.g., 

on a hotplate), and thus cannot behave as a plasticizer, differences in microstructure 

produced by different processing conditions could easily lead to large differences in the 

mechanical properties of thin polymeric films.45  

Zonyl is a fluorosurfactant comprising a poly(tetrafluoroethylene) segment and a 

poly(ethylene oxide) segment (Figure 7.1). When added to commercial formulations of 

PEDOT:PSS in concentrations as low as 0.01–0.1%, Zonyl permits wetting of hydrophobic 

substrates. It is widely used to improve the wetting behavior in roll-to-roll production, 

especially given the inability of unmodified PEDOT:PSS formulations to wet organic 

active layers in organic solar cells with the inverted architecture.21 Zonyl was also found 

to have the additional advantage of improving the conductivity of PEDOT:PSS beyond 

what is possible with DMSO alone—i.e., as a “tertiary dopant.”4 The rationale for this 

improvement was similar to that of the improvement brought about by DMSO, namely a 

coalescing of conductive grains of PEDOT within an insulating, continuous phase of PSS, 
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as supported by atomic force microscope (AFM) images.4 The conductivity was 

maximized for films cast from solutions containing 5% DMSO and 0.01–0.1% Zonyl. In 

addition to improved wetting behavior and conductivity, an incidental observation noted 

in an earlier publication suggests that Zonyl may also behave as a plasticizer.22 In 

particular, for PEDOT:PSS on PDMS substrates treated with oxygen plasma, the increase 

in electrical resistance of films cast from solutions containing 1% Zonyl was an order of 

magnitude less than that of films prepared without Zonyl, when both types of films were 

strained by 50%.22 Direct measurements of tensile modulus and ductility as a function of 

the concentration of the additive, however, were not performed. 

Polyethyleneimine (PEI) was introduced by Zhou et al. as a universal method of 

altering the work function of electrode materials for thin-film applications.13 In particular, 

a thin film of PEI changes the work function of PEDOT:PSS from 5.1 eV to 4.3 eV.13 This 

addition of PEI enables the modified PEDOT:PSS to behave as the cathode and the 

unmodified PEDOT:PSS to behave as an anode when used together in a single cell. Our 

group has applied this approach to fabricate biaxially stretchable, all-polymer solar cells in 

order to bond them to hemispherical surfaces, but we did not examine the influence of the 

thin (~20 nm) PEI layer and its solvent on the mechanical properties of the PEDOT:PSS.39 

In addition, the solvent used to deposit PEI, 2-methoxyethanol (MOE), could potentially 

have an effect on the mechanical properties of the PEDOT:PSS films.  

We measured two parameters of mechanical properties, tensile modulus and the 

crack on-set strain, of PEDOT:PSS films comprising different composition of DMSO and 

Zonyl as well as PEDOT:PSS films with a PEI layer laminated on top at constant room 

temperature of 23 °C and relative humidity of 50%. The tensile moduli were measured 
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using the mechanical buckling technique originally described by Stafford et al.46 The 

PEDOT:PSS films were first spin-coated on a passivated glass substrate then transferred 

to a PDMS substrate bearing a small pre-strain (2–4%). Release of the pre-strain produced 

buckling in the PEDOT:PSS films. The slope of a plot of buckling wavelength vs. the 

thickness of the film was used to determine the tensile modulus of the film. The crack on-

set strain can be used to measure the effective ductility of a film/substrate system. We 

measured the electrical conductivity of the films using a two-terminal measurement with 

silver paint as electrodes. The absence of significant contact resistance was verified using 

four-terminal measurements for randomly selected samples.  

 

7.2. Results and discussion 

The results of the mechanical measurements are shown in Figure 7.2. Zonyl has a 

dramatic plasticizing effect on PEDOT:PSS, as seen in the decrease in tensile modulus 

(Figure 7.2a) and increase in crack-onset strain (Figure 7.2b). In each triad on the plots in 

which the concentration of DMSO in the ink was kept constant at 0, 5, or 10 wt.%, the 

concentration of Zonyl dramatically increased the ductility of the film, as manifested by an 

increase in the crack-onset strain from ≤5% strain for all samples with 0.1% Zonyl, to up 

25 – 40% strain for all samples coated from inks containing 10% Zonyl. These values are 

a factor of three greater than previous highest ductility reported in PEDOT:PSS films, 

which cracked at strains of 12%.22 Ductility was highly correlated with tensile modulus 

(Figure 7.2b). An increase in Zonyl from 0.1 wt.% to 1 wt.% produced a decrease in the 

tensile moduli by a factor of two for samples with 5% and 10% DMSO, and by a factor of 

eight for samples with 0% DMSO. Due to the high vapor pressure of Zonyl, we expected 
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that a significant fraction remained in the PEDOT:PSS film, and that it functioned as a 

typical plasticizer, i.e., by increasing the free volume in the film and weakening 

intermolecular forces between the polymer chains. We note that obtaining the tensile 

moduli of films containing 10% Zonyl by the buckling method was difficult, because the 

buckling technique requires that the modulus of the film be at least two orders of magnitude 

greater than that of the PDMS substrate.46 We did not observe buckles for the sample spin-

coated from a solution with 0% DMSO and 10% Zonyl. We believe this film simply 

compressed along with the PDMS substrate after release of the pre-strain, rather than 

formed buckles. 
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Figure 7.2. Mechanical properties of PEDOT:PSS films as a function of DMSO and Zonyl concentration in 

the ink. (a) Tensile moduli obtained via the buckling methodology. The asterisk (*) refers to the absence of 

data from the sample coated from ink containing 0 wt% DMSO and 10 wt.% Zonyl, which was too soft to 

measure. (b) Crack-onset strains of the thin films transferred onto PDMS substrates. 

The data shown in Figures 7.2a and 7.2b also revealed a dependence of the 

mechanical properties of PEDOT:PSS on the amount of DMSO present in the ink. Films 

deposited from solutions containing 5% DMSO were the stiffest and least ductile, though 

the effect was not nearly as strong as for Zonyl. Unlike Zonyl, significant amounts of 

DMSO were not likely to remain in the film after drying at 100 °C on a hotplate, and thus 

effects produced by DMSO were attributed to changes in the microstructure of the film. 
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The relative stiffness and brittleness of the films containing 5% DMSO mirrored the effects 

of DMSO on the conductivity (a topic to which we will return), which suggest that the 

interconnectedness of the PEDOT-rich domains in the film that are associated with the 

greatest conductivity also produced the greatest stiffness. 

While the substantial increase in ductility of the PEDOT:PSS films could be 

optimized by varying the concentration of DMSO and Zonyl, we note that the mechanical 

properties of the solar cell devices will be dependent on all of the components and not 

solely on the properties of PEDOT:PSS films. Other components of the devices—the active 

component layer, the electrode, the substrate, and the encapsulation—may generate cracks 

that lead to the device failure prior to the crack-onset strain of the PEDOT:PSS films. 

However, in the case which the active layer and the top electrode are more mechanically 

compliant than the PEDOT:PSS films, the PEDOT:PSS films had a deleterious effect on 

the effective ductility of the devices.39 Further work in determining the final architecture 

and components of the solar cell will be required before the crack-onset strain experiment 

on the full solar cell could be executed.  We also attempted to correlate the mechanical data 

to the conductivity as a function of both the concentrations of DMSO and Zonyl present in 

the aqueous solution. Figure 7.3a shows the measured sheet resistance of the PEDOT:PSS 

films with constant thickness of 150 nm. While the effect of DMSO on the conductivity of 

PEDOT:PSS has been studied exhaustively,14 the effect of Zonyl has only been examined 

one other time, and with only one concentration of DMSO.4 Our results are largely 

consistent with those previously reported: the sheet resistance of the films coated without 

DMSO were too high for most device applications (>100 kΩ sq–1). Similar values of sheet 

resistance were obtained for inks containing both 5% and 10% DMSO, with 5% producing 
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somewhat more conductive films (other reports suggest 7% may be the optimum value).35 

The lowest sheet resistance of 63 Ω sq–1 was achieved using 5% DMSO and 0.1% Zonyl. 

While small concentrations of Zonyl increased the conductivity (lowered the sheet 

resistance) of PEDOT:PSS compared to samples without Zonyl, concentration in excess of 

0.1% increased the sheet resistance of the samples spin-coated from solutions containing 

either 5% or 10% DMSO. This result agreed well with the previous findings by 

Vosgueritchian et al. where Zonyl at the concentration of 0.01% and 0.1% lowered the 

sheet resistance of PEDOT:PSS films containing 5% DMSO when compared to 

PEDOT:PSS films containing 5% DMSO and no Zonyl; however, when the concentration 

of Zonyl increased to 1% and 10%, higher sheet resistances were obtained.4 The 

conventional rationale for the improvement in conductivity with either DMSO or Zonyl is 

the apparent enlargement of PEDOT-rich grains within a PSS matrix; which are generally 

assigned on the basis of AFM; however, morphology at the surface is not necessarily 

representative of the microstructure of the bulk.14 
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Figure 7.3. Resistance measurements of PEDOT:PSS films studied in this work. (a) Sheet resistance as a 

function of both DMSO and Zonyl concentration in the ink. (b) Plot of normalized resistance (R/R0) vs. strain 

for PEDOT:PSS films spun from 0.1% and 10% Zonyl (with constant 5% DMSO) transferred onto PDMS 

substrates. Shaded areas represent the crack-onset strains (CoS) of the respective films. The widths of the 

shaded areas are two times the standard deviations for the measurements of crack-onset strain. The different 

marker symbols (squares, triangles, etc.) refer to different films coated from the same solution. (c) Typical 

(dashed red) and modified (solid blue) photovoltaic properties of bulk heterojunction devices with the 

architecture PEDOT:PSS/P3HT:PCBM/EGaIn. Each curve represents the average of 8 devices.   
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We examined the evolution of resistance as a function of strain for PEDOT:PSS 

films coated from solutions containing 0.1% Zonyl and 10% Zonyl (with a constant 5% 

DMSO), Figure 7.3b. The PEDOT:PSS films were spin-coated on passivated glass then 

transferred to unstrained PDMS substrate. Electrical contact was made using eutectic 

gallium-indium (EGaIn). The resistances of the films were then measured as a function of 

the linear strain applied by a computer-controlled linear actuator. As expected from the 

values of the respective crack-onset strain, the relative resistance (R/R0) of the films spun 

using 0.1% Zonyl increased rapidly at relatively low strain compared to those of the films 

spun using 10% Zonyl. For the films containing 0.1% Zonyl, the increase in relative 

resistance occurred at the strain slightly greater that the crack-onset strain of 2%, and after 

8% strain, the resistance of the films were greater than the sensitivity limit of our 

electrometer. We attributed the initial increase in resistance to the generation of minor 

cracks on the films and the result of increase in the particle separation when the films are 

stretched. The large increase in resistance thereafter to major cracks that led to the 

catastrophic failure of the films. We observed a much smaller increase in the relative 

resistance for the films with 10% Zonyl for up to ~40% strain and catastrophic failure at 

~80% strain. We note that the observed relative resistance had a wider spread between 

samples after the films were stretched beyond the crack-onset strain. We attributed this 

effect to the idiosyncratic nature of the formation and propagation of cracks between 

samples prepared similarly. For example, a sample with a crack spanning nearly the entire 

width of the sample will have a much higher resistance than one with two disconnected 

cracks, which permit substantial conductance.  
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We fabricated bulk heterojunction organic photovoltaic (OPV) devices to evaluate 

whether the increase in the sheet resistance of the PEDOT:PSS films spun using 10% Zonyl 

will have a deleterious effect on the device performance when compared to films spun 

using 0.1% Zonyl. The sheet resistance of the transparent electrodes plays an important 

role in the performance of the OPV devices. High values of sheet resistance directly 

influence the value of series resistance within an OPV device; high series resistance lowers 

the fill factor (FF) and the overall power conversion efficiency (PCE). We compared OPV 

devices based on P3HT:PCBM with cell architecture of PEDOT:PSS/P3HT:PCBM/EGaIn 

using two different PEDOT:PSS solutions: (1) 5% DMSO, 10% Zonyl and (2) 5% DMSO, 

0.1% Zonyl. We chose the solution containing 5% DMSO and 10% Zonyl because we 

found the composition of the films spun from this ink to be the most mechanically 

compliant while retaining adequate conductivity. The solution containing 5% DMSO and 

0.1% Zonyl was chosen to isolate the possible effect arising from the concentration of 

DMSO; and, the solution with 0.1% Zonyl was used previously by our group to optimize 

PCE in OPV devices comprising P3AT:PCBM.33 Figure 7.3c shows that the J-V curves of 

devices using two different compositions of the PEDOT:PSS solutions were relatively 

similar. The photovoltaic performances for the two configurations were constant, within 

experimental error, exhibiting FF of 54% to 56% and PCE of 1.7%, which agrees well 

with results reported earlier in literature with similar cell architecture.4 These results 

suggested that the higher sheet resistance of the solution containing 5% DMSO and 10% 

Zonyl had minor effects on the performance of the solar cells and could be employed in 

highly stretchable devices. 
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To attempt to correlate the microstructure of the films as apparent on the surface to 

the conductivity (sheet resistance), we obtained AFM phase images of samples spun from 

inks with all nine combinations of concentrations of DMSO and Zonyl (Figure 7.4). 

Samples deposited from solutions containing either 0% or 5% DMSO and 0.1% or 1% 

Zonyl (the top-left four images) exhibited a qualitative increase in size of the PEDOT-rich 

domains as visible in the phase-contrast images (from 0% to 5% DMSO). Increasing the 

concentration of DMSO further to 10%—again ignoring the right-hand column—

decreased the sizes of these grains (which is particularly clear in the transition from 5% 

DMSO/1% Zonyl to 10% DMSO/1% Zonyl); this reduction in size is correlated to a 

decrease in conductivity, as we expected due to precedent in the literature.14 All samples 

containing 10% Zonyl exhibited high-aspect-ratio fibrils at the surface whose size showed 

no correlation with conductivity at any concentration of DMSO; these samples did however 

exhibit the greatest compliance and ductility. The morphology of the surface, however, 

may not have been representative of the microstructure of the bulk, given the likelihood 

that Zonyl segregated to the surface. 
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Figure 7.4. AFM phase images of PEDOT:PSS films as a function of the content of DMSO and Zonyl 

additives in the solution used for deposition. The dimensions of each AFM image are 1.5 µm × 1.5 µm. 

Additives such as poly(ethyleneimine) (PEI) have been used to lower the work 

function of PEDOT:PSS.13 Such materials are necessary to produce asymmetry in the work 

functions in devices in which PEDOT:PSS serves as both the anode and cathode, such that 

the electrons and holes drift in the proper direction. The effect of treating PEDOT:PSS with 

PEI on the mechanical properties has not been characterized. Figure 7.5a compares the 

crack-onset strains of three pure PEDOT:PSS films (i, ii, and v) and two PEDOT:PSS/PEI 

bilayer films (iii and iv) prepared using 5% DMSO and 10% Zonyl and stretched on PDMS 

substrates. Sample (i) represents the PEDOT:PSS films that were spin-coated on passivated 

glass and transferred to PDMS substrates; the value is duplicated from Figure 7.2; sample 
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(ii) represents the films that were spin-coated directly onto PDMS substrates. The minor 

increase in crack-onset strain, or the apparent ductility, of films that were spin-coated 

directly from the films that were transferred is attributed to increased adhesion between the 

PEDOT:PSS films and the PDMS substrates when spin-coated directly on the PDMS. In 

samples represented by (iii) and (iv), a layer of PEI was deposited on the PEDOT:PSS 

films by spin-coating from a dilute solution of PEI in 2-methoxyethanol (MOE) after the 

initial annealing of the PEDOT:PSS films. We observed significant decreases in the crack-

onset strain with the addition of PEI layer for both transferred and directly spin-coated 

samples, sample (iii) and (iv) respectively. We investigated this increase in apparent 

brittleness by conducting a control experiment in which we treated the PEDOT:PSS films 

with the solution of pure MOE via the same spin-coating parameters. The further decrease 

in the crack-onset strain exhibited by sample (v) suggested that the MOE significantly 

embrittled the PEDOT:PSS films, perhaps by extracting some of the Zonyl from the films. 

Figure 7.5b shows the evolution of relative resistance as a function of tensile strain. The 

results correlated well with the crack-onset strains in which the films that were treated with 

MOE, the most brittle films, experienced a rapid increase in R/R0 values at low strains, 

~8%. Films with a thin layer of PEI showed relatively constant R/R0 values up to 16% 

strain, at which point the resistance increased over the detection limit. We observed a very 

different trend in the sample spin-coated with PEI when compared to the other samples 

where the relative resistance remained relatively constant through the crack-onset strain 

and suddenly increased beyond the detection limit. We attributed this effect to the sudden 

development of large cracks in the bilayer films rather the generation of minor cracks found 

in the other samples. The major cracks that spanned the whole length of the films led to the 
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sudden failure of the devices rather than the gradual increase in the relative resistance. The 

increase in apparent brittleness in PEDOT:PSS films laminated with PEI or exposed to 

MOE solvent was an unfortunate yet important observation that should be taken into 

account when designing organic electronic systems requiring mechanical robustness or 

substantial deformation.  

 

Figure 7.5. (a) Comparison of the crack-onset strains of the PEDOT:PSS films spun using 5% DMSO and 

10% Zonyl with five different treatments: neat PEDOT:PSS films (both transferred from passivated glass, 

(i), and directly spin-coated onto PDMS substrate, (ii), films with a layer of PEI (both transferred, (iii), and 

directly spin-coated, (iv), and films treated after deposition by spin-coating with neat 2-methoxyethanol, (v). 

(b) Evolution of relative resistance as a function of strain. Shaded areas refer to the crack-onset strains of 

respective samples. The widths of the shaded areas correspond to two times the standard deviation of the 

measurements of crack-onset strain. 
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To demonstrate the utility of these plasticized films of PEDOT:PSS in devices, we 

fabricated wearable electronic sensors in which we measured the change in resistance as a 

function of bending strain (i.e., to indicate the motion of a joint). A piezoresistive effect—

i.e., a change in electrical resistivity upon the application of mechanical strain—has been 

described for PEDOT:PSS by Lang and coworkers.47 The authors patterned PEDOT:PSS 

films on polyimide membranes using standard photolithography of photoresist and lift-off 

procedure and fabricated resistors with dimensions of 4 × 4 mm.47,48 We reasoned that films 

of PEDOT:PSS, when plasticized by common additives (i.e., cast from inks containing 5% 

DMSO and 10% Zonyl), might behave as piezoresistive strain gauges for applications 

requiring extreme mechanical deformation (as would be required for medical prostheses 

and soft robotics). Unlike capacitive sensors, resistive modalities are much simpler to 

implement, as they are relatively unaffected by electric fields or by nearby conductors. The 

skin-like resistive strain sensors comprised PEDOT:PSS films that were transferred onto 

thin PDMS substrates and adhered to a nitrile glove using copper tape, Figure 7.6a. We 

selected materials for this experiment based on a finite-element analysis whose goal was 

to predict the maximum strain associated with the bending and unbending of the fingers, 

Figure 7.6b. The computational simulation accounted for the dimension of the 

PEDOT:PSS films and PDMS substrate and subjected them to the bending onto a 5 mm 

radius of curvature, approximately the radius of curvature of the second knuckle. As 

expected, the maximum strain occurred at the apex of the curvature with the strain of ~20%. 

Our analysis suggested that PEDOT:PSS films with 10% Zonyl would survive the repeated 

deformation of 20% strain and that the change in resistance would be measurable.  
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Figure 7.6. Images showing the characteristics of the skin-like resistive strain sensors. (a) Photograph of the 

devices comprising PEDOT:PSS films with 5% DMSO and 10% Zonyl transferred onto thin PDMS 

substrates (1 mm thick) and adhered to a nitrile glove using conductive copper tape. (b) Computational 

analysis of strain produced in the thin films when subjected to bending with the radius curvature of 5 mm, 

approximately the radius of curvature of the second knuckle. The peak strain occurred at the location of the 

second knuckle with an equivalent strain of ~20%. (c) Plot of relative resistance (R/R0) as a function of time 

for the devices placed on the human hand. The shaded areas refer to when strains are applied by bending of 

the fingers. (d) R/R0 vs. time of the devices on the linear actuator cycling between 0% and 20% strains. The 

inset shows the average R/R0 at both positions as a function of the number of cycle. 

 

Figure 7.6c shows the representative result obtained from the resistive sensor 

placed on the nitrile glove. The measured relative resistance increased by a factor of 2–3 

when the strains were applied (fingers bent). The resistance returned to the original value 

when the strains were removed. This behavior was sustained during cyclic loading; we 

tested 20 cycles. We observed instantaneous increases in R/R0 when the strains were 

applied, and relatively slower decays to constant values over the period of applied strains; 

however, the signal to noise ratios remained relatively high throughout the experiment. We 
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attributed the different increase in R/R0 values among different cycles to the inability of the 

human hand to apply consistent strains. We note that the use of four-terminal probe will 

likely decrease the hysteresis in the measurement; however, the average increase in relative 

resistance due to the bending motion would likely remain unchanged. To control for the 

inconsistency of human motion, we subjected the sensors to the cycling of 0% and 20% 

tensile strains using a computer-controlled linear actuator (Figure 7.6d). Unlike the 

wearable sensor shown in Figures 7.6a and 7.6c, the electrodes used for the experiment 

shown in Figure 7.6d were droplets of EGaIn rather than copper tape. Given the similarity 

in results obtained between four-terminal measurements with brass contacts, and two-

terminal measurements using EGaIn and copper tape, we suggest an absence of substantial 

contact resistance. We observed a substantial reduction in noise, however, the non-

instantaneous decays to the original resistance values upon relaxation remained. Such 

delays could be attributed to the viscoelasticity of the PDMS (the elastic regime of PDMS 

is approximately 10%) and the inherent properties of PEDOT:PSS. Measurement 

performed at the strain below the elastic limit of PDMS provided measurable change in the 

relative resistance; however, as shown in Figure 3b, the increase in relative resistance in 

that region are not sufficiently pronounced to isolate the origin of the time dependence. 

The inset of Figure 7.6d shows the cyclability of the mechanical sensor. After 20 cycles, 

the relative resistance of the stretched state remained constant: approximately double its 

value in the relaxed state.  
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7.3. Conclusions 

 This paper described the mechanical and electrical properties PEDOT:PSS thin 

films as a function of concentration of the common additives in the solution used to deposit 

the films. We discovered that the addition of Zonyl significantly improved the mechanical 

compliance, while good electrical properties (i.e., sheet resistance) were retained. The 

effect of the concentration of DMSO on the mechanical properties was relatively small. 

Our findings may provide insights toward the design of mechanically robust, highly 

flexible, or stretchable displays and solar cells, and resistive strain sensors for medical and 

robotic applications. Our experiments also highlighted a deleterious effect of incorporating 

PEI into all-rubber electronics; examination of the additional layer of PEI or exposure to 

its common solvent, MOE, revealed embrittlement of the PEDOT:PSS films. Using highly 

plasticized PEDOT:PSS films as resistive strain sensors could be valuable in providing 

electronic feedback for soft actuators in robotic applications. Understanding the role of 

common additives on not only the electrical properties—but also the mechanical ones—

will be necessary for virtually all applications of organic semiconductors destined for 

stretchable, ultra-flexible, and mechanically stable applications in energy, consumer 

electronics, and biomedicine.  

 

7.4. Experimental methods 

7.4.1. Materials 

 PEDOT:PSS (Clevios PH1000) was purchased from Heraeus. The solid content of 

the PH 1000 solution was 1–1.3% and had a ratio of PEDOT to PSS of 1:2.5 by weight. 

Dimethyl sulfoxide (DMSO) was purchased from BDH with purity of 99.9% and used as 
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supplied. Zonyl FS-300 (Zonyl), ortho-dichlorobenzene (ODCB), poly(3-hexylthiophene) 

(P3HT), [6,6]-phenyl C61 butyric acid methyl ester (PCBM, >99%), eutectic gallium-

indium (EGaIn, ≥99.99%) were purchased from Sigma-Aldrich and used as received. 

Polyethylenimine (PEI) was also purchased from Sigma-Aldrich and was dissolved in 2-

methoxyethanol (Sigma-Aldrich) with the concentration of 1 mg mL–1 prior to usage. 

(Tridecafluoro-1,1,2,2-tetrahydrooctyl)-1-trichlorosilane (FOTS) was obtained from 

Gelest. PDMS (Sylgard 184, Dow Corning) was prepared according to the manufacturer’s 

instructions at a ratio of 10:1 (base:crosslinker) and cured at room temperature for 36 to 48 

hours. The dimensions of the PDMS substrates are 8 cm × 1 cm; the thickness varied 

depending on the experiment: 3 mm for buckling; 1.5 mm for crack-onset strain; and 1 mm 

for resistive strain sensors.  

 

7.4.2. Preparation of PEDOT:PSS solutions and films 

 PEDOT:PSS solutions with different concentrations of DMSO and Zonyl were 

prepared in solution phase. The PEDOT:PSS films were prepared on FOTS-passivated 

glass slides as the initial substrate for all experiments. Glass slides, 2.5 cm × 2.5 cm, were 

cleaned by bath sonication in Alconox solution, pure deionized water, acetone, and 

isopropanol for 10 min each. The glass slides were then treated in a plasma cleaner (30 W, 

200 mtorr ambient air, 3 min) before enclosing them in a vacuum desiccator with a vial 

containing ca. 100 µL FOTS. The desiccator was left under dynamic vacuum for at least 

12 h. The FOTS-treated glass slides were rinsed with isopropanol and dried under a stream 

of compressed air before use. PEDOT:PSS solutions were spin-coated directly onto FOTS-

treated glass slides with spin speeds determined by the desired thicknesses. The 
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PEDOT:PSS films were then dried on the hot plate at 100 °C for 30 min and cooled to 

room temperature before further testing.  

 

7.4.3. Characterization of PEDOT:PSS films 

 The tensile moduli of the films were measured using the buckling-based method. 

The PDMS substrates were prepared according to the manufacturer’s instruction and cured 

in air at room temperature for 36-48 hours before use. We then cut the PDMS into 

rectangular pieces (l = 8 cm, w = 1 cm, h = 0.3 cm) and stretched to strains of 4% using a 

computer-controlled actuator (Newmark model ET-100-11). While the PDMS substrates 

were under strain, clean glass slides (5 cm × 2.5 cm, treated with FOTS to later facilitate 

separation of PDMS) were clipped onto the back of each PDMS substrate to maintain the 

strain. For each PEDOT:PSS solution, films with three different thicknesses were prepared 

by varying the spin speed onto separate FOTS glass slides. Transferring the PEDOT:PSS 

films to the pre-strained PDMS substrate was performed by initially scoring the films along 

the edges with a razor and placing the films against the PDMS. After applying a minimum 

amount of pressure to create a conformal seal between the PDMS and the PEDOT:PSS 

films, we separate the glass/stretched PDMS from the glass/PEDOT:PSS film in one fast 

motion. We used the surface of the PDMS that was cured at the air interface. We then 

removed the clips and allowed the PDMS to relax to the equilibrium length. Buckles 

formed in the PEDOT:PSS films upon relaxation of the substrates. We plotted the buckling 

wavelengths, λb, as a function of film thicknesses, df, then substituted the slopes of the 

linear fits, λb/df, and the moduli of the PDMS substrates, Es, into Equation 1 to calculate 

the moduli of the PEDOT:PSS films, Ef. The Poisson’s ratios of the films and the substrate, 
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νf and νs, were assumed to be 0.35 and 0.5 respectively. In our experiment, Es obtained 

were in the range of 0.6 to 0.8 MPa depending on the exact mixing ratio of base to hardener, 

curing time, and batch-to-batch variability.   

𝐸f = 3𝐸S (
1 − 𝜈f

2

1 − 𝜈s
2

) (
𝜆b

2𝜋𝑑f
)

3

              (1) 

 We measured the crack-onset strain of each film by transferring PEDOT:PSS films 

onto unstrained PDMS substrates with thickness of 1.5 mm and stretching the substrates 

from 0% to 50% strains with a step size of 1% using a computer-controlled linear actuator. 

The thickness of all PEDOT:PSS films were kept relatively constant at ~150 nm. At each 

step, optical micrographs were taken to observe the film surfaces. The crack-onset strains 

were defined by the strain at which the first crack was observed by optical microscopy.  

 The sheet resistance and conductivity of the films were measured by two-terminal 

measurements as previously described.49 PEDOT:PSS films were prepared on FOTS-

treated glass as described above; films thickness were kept constant at ~150 nm. The 

absence of significant contact resistance was verified by four-terminal measurements for 

some samples, with good agreement in the resistance values between the two methods. 

AFM images were taken using tapping mode (Veeco Scanning Probe Microscope). The 

images were taking with the dimensions 1.5 µm × 1.5 µm. Samples used to measure the 

relative resistance as a function of strain were prepared in the same manner as those used 

to measure the crack-onset strains. The films and substrates were then mounted on the 

computer controlled linear actuator; electrical contacts were made using EGaIn. We 

measured resistance from 0% to 80% strains with a step size of 0.5% strains.  
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7.4.4. Fabrication and characterization of OPV devices 

 OPV devices were fabricated on FOTS-treated glass slides, prepared in the same 

manner described above. PEDOT:PSS solutions were then spin-coated onto the glass slides 

at 500 rpm for 4 min then 2k rpm for 60 s. The slides were then dried on a hot plate in 

ambient air for 30 min; slides with PEDOT:PSS with 7% DMSO and 0.1% Zonyl were 

annealed at 150 °C, and slides with PEDOT:PSS with 5% DMSO and 10% Zonyl were 

annealed at 100 °C to avoid the formation of surface buckling. The active layer solution 

was prepared with a 1:1 solution of P3HT:PCBM in ODCB and stirred overnight at room 

temperature (40 mg mL–1 total solid concentration). The solution was spin-coated directly 

onto the PEDOT:PSS films at 500 rpm for 4 min and 2 krpm for 60 s. The films were then 

annealed in inert atmosphere at 125 °C for 30 min. EGaIn droplets were then applied as 

the top electrodes. Photovoltaic properties were measured using a solar simulator operated 

at AM 1.5G conditions inside a glovebox filled with nitrogen. 
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Abstract 

Despite the necessity of organic electronic materials to undergo large deformations 

in flexible, ultra-thin, and stretchable applications, many high-performance organic 

semiconductors are mechanically fragile. This paper describes an approach to increase the 

elasticity of low-bandgap conjugated polymers by statistical incorporation of unlike 

monomers. The material under study is PDPP2FT, an alternating copolymer. Synthesized 

by the Stille polymerization, it comprises an N-alkylated diketopyrrolopyrrole (DPP) unit 

flanked by two furan rings (2F) alternating with thiophene (T). In the modified 

(“segmented”) polymer, PDPP2FT-seg-2T, the DPP is exchanged for a tail-to-tail coupled 

unit of two 3-hexylthiophene rings (bithiophene, 2T) in an average of one of approximately 

five repeat units. 1H NMR spectroscopy, ultraviolet-visible spectroscopy, and gel-

permeation chromatography confirm the presence and covalent incorporation of the 2T 

units within the conjugated backbone of the segmented polymer. The tensile modulus of 

the segmented polymer, 0.93 ± 0.16 GPa, is lower than that of the homopolymer, 2.17 ± 

0.35 GPa. When blended with PC61BM, the segmented material produces devices with 

power conversion efficiencies of 2.82 ± 0.28%, which is similar to that of PDPP2FT, 2.52 

± 0.34%. These results suggest that it is possible to increase the mechanical resiliency of 

semiconducting polymers for solar cells without having a deleterious effect on the 

photovoltaic properties. 

 

8.1 Introduction 

 Mechanical compliance of organic electronic devices is typically regarded as a 

solved—or never extant—problem, and thus the mechanical properties of modern (i.e., 
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low-bandgap, high mobility, and high photovoltaic efficiency) conjugated polymers are 

generally unreported.1 Typical thicknesses of active materials (~100 nm) and substrates 

(~100 μm and recently ~1 μm) can accommodate small bending radii without imposing 

significant tensile deformations to the active materials.2 Reports of ultra-flexible devices 

have enabled “imperceptible” electronics and skin-like devices on thin plastic foils and 

demonstrations of ultrathin organic solar cells with the highest power-to-mass ratio of any 

photovoltaic technology.3 Implementation of this technology for large-area applications 

and full exploitation of the benefit provided by thinness2 (including possible reductions in 

balance of systems costs) requires that the active materials accommodate at least modest 

tensile strains reversibly. Mechanical robustness is prerequisite for thinness because small 

environmental forces will produce large strains on ultra-thin substrates.4,5 The mechanical 

properties of organic semiconductors, however, exhibit a range of tensile moduli and 

propensity to fracture.1,6–8 Establishing not only the structural parameters that control the 

mechanical properties but simple methods to tune the elasticity without adversely affecting 

the electronic properties would be a significant benefit to the field of organic electronics.9 

The establishment of such knowledge might enable truly “rubber” semiconductors, which 

could have a range of applications in devices for energy and biomedicine.10–12  

 Our laboratory has studied the mechanical properties of regioregular poly(3-

alkylthiophene) (P3AT) as a function of the length of the alkyl solubilizing group.1 Our 

observations led us to conclude that this structural element had a drastic effect on both the 

mechanical and photovoltaic properties.1 In particular, we concluded that the length of the 

side chain was inversely correlated with photovoltaic efficiency for P3AT:PC61BM, from 

A = hexyl to A = dodecyl, but that the length of the side chain was directly correlated with 
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compliance.1 The tensile modulus of P3HT was nearly an order of magnitude greater (1.09 

GPa) than that of P3OT (0.15 GPa), but the photovoltaic efficiency of P3HT-based devices 

was noted by us and others to be significantly greater than that of P3OT-based devices.13 

There is a notion that electronic and mechanical properties tend to be in competition (if one 

places value on elasticity and ductility). Notably, Awartani et al. have shown that 

increasing order in the pure P3HT phases in P3HT:PC61BM blends with decreasing rate of 

evaporation of solvent during spin coating produces efficient—but stiff and brittle—

photovoltaic active layers.6  

 

Figure 8.1. Chemical structures of materials discussed in the text. 

 While the regioregular P3ATs represent an important class of materials for 

fundamental studies of mechanical properties, it seems likely that a low-bandgap, donor-

acceptor copolymer will emerge as the preferred “p-type” material,14 with a fullerene or 

another polymer as the “n-type” material, provided both materials can be manufactured at 

scale with low cost and with low environmental impact.15 To this end, a previous report 

measured the tensile moduli of PDPP2T-TT and PDPP2T-2T and attributed the slightly 
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lower tensile modulus of PDPP2T-2T (0.74 GPa) to that of PDPP2T-TT (0.99 GPa) to the 

relative stiffness7 of the fused thienothiophene (TT) unit to that of the separated 

bithiophene (2T) unit (Figure 8.1).16 These values of modulus, however, are very close, 

and it does not seem that replacement of fused rings for isolated rings will be the most 

effective strategy to provide improvements in mechanical properties. Within classes of 

similar materials, the mechanical compliance is inversely correlated to the crystallinity.7 

This effect has been noted in both P3ATs with different side chain lengths1 and P3ATs 

compared to highly crystalline annealed films of PBTTT.7,17 While it has previously been 

believed that high crystallinity was necessary for high charge transport, PDPP2T-TT 

exhibits balanced electron and hole mobilities for field-effect transistors that are among the 

highest of any material yet reported,18,19 but it is significantly less crystalline than are 

annealed films of PBTTT.20 Indeed, while the power conversion efficiencies (PCEs) of 

blends of MEH-PPV and MDMO-PPV21 with PC61BM are no longer state-of-the-art, the 

efficiencies are not drastically lower than that of the typical P3HT:PC61BM cell22 (~2 times 

lower), even though P3HT is semicrystalline and MEH-PPV and MDMO-PPV are 

amorphous.23 PCDTBT is another example of a predominantly amorphous polymer24 that 

has achieved values of PCE in blends with PC71BM greater than typical values for 

P3HT:PC61BM.25,26 Thus an effective strategy to combine mechanical compliance and 

photovoltaic efficiency might include the use of a conjugated polymer with good transport 

along the molecular axis but with a disrupted ability to form large crystallites in the solid 

state27 which may stiffen the film.7  

Block copolymers prepared by controlled living radical polymerization offer 

opportunities to combine advantageous properties of their component blocks,28 but the 
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method is not amenable to the preparation of low-bandgap conjugated polymers. Recently, 

segmented, or “blocky” copolymers have been prepared by metal mediated olefin 

polymerization29 and also by polycondensation reactions.30 This work has demonstrated 

that segmented polymers can separate into domains rich in their component segments; 

segmentation thus provides a route to tailor the properties in a way that is analogous to 

block copolymerization, specifically for improved mechanical properties and processing 

behavior. All-conjugated block copolymers, such as analogues of regioregular 

polythiophenes, are generally synthesized by chain-growth mechanism. Alternating 

copolymerization, which is necessary to produce low-bandgap materials, follows step-

growth kinetics and is not easily adapted to the production of block copolymers.31 Ku et 

al., however, recently demonstrated a hybrid strategy in which a low-bandgap copolymer 

was appended to a polythiophene segment bearing a reactive chain end.32 Our goal was 

thus to apply the strategy of segmented polymerization to a wholly low-bandgap 

conjugated polymer. 

We focused our efforts on PDPP2FT and derivatives thereof. PDPP2FT, first 

reported by Woo et al., is a furan-containing donor-acceptor copolymer that is promising 

for photovoltaic applications.33 It is synthesized by a metal-mediated polycondensation 

reaction of two monomers: the DPP unit flanked by two furan rings terminated in bromides 

and a unit of distannylated thiophene.33 Superior solubility of polymers containing the 

furan moiety permits the use of ethylhexyl solubilizing groups whereas an analogous 

material in which the furans are substituted with thiophenes requires the much longer 

octyldodecyl side chains to afford useful solubility.33 Solar cells based on 

PDPP2FT:PC71BM blends spin-coated from chlorobenzene with a chloronapthalene 
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additive exhibited photovoltaic efficiencies of 5.0%.33 Using PDPP2FT as a starting point, 

we tested a simple method for increasing the elasticity of the material through random 

segmentation—that is, random incorporation of an alkylated conjugated units throughout 

the backbone (Figure 8.2). We believed this approach would have two effects: (1) 

disruption of the regular order in the main chain of the polymer and (2) alteration of the 

distribution of side chains. We predicted that both effects could lower the tensile modulus 

without significantly affecting the photovoltaic response of these materials in blends with 

fullerenes.  

 

Figure 8.2. Summary of the synthetic strategy used to generate segmented copolymers. Two monomers, the 

dibromide (DPP2F) and the distannane (T), are reacted in the presence of Pd0. Shortly after initialization of 

the reaction (when “macromonomers” began to form), additional T and dibrominated bithiophene (2T) were 

added to the reaction mixture to form the segmented polymer, PDPP2FT-seg-2T. Separately, the 

homopolymers PT2T and PDPP2FT were also prepared. 
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8.2 Experimental Section 

8.2.1 Materials  

A soluble fullerene derivative, [6,6]-phenyl C61 butyric acid methyl ester (PC61BM) 

was obtained from Sigma-Aldrich with >99% purity. PDMS, Sylgard 184 (Dow Corning), 

was prepared according to the manufacturer’s instructions at a ratio of 10:1 

(base:crosslinker) and cured at room temperature for 36 to 48 hours before it was used for 

mechanical testing. (Tridecafluoro-1,1,2,2-tetrahydrooctyl)-1-trichlorosilane (FOTS) was 

obtained from Gelest. PEDOT:PSS (Clevios PH1000) was purchased from Heraeus. 

DMSO was purchased from BDH with purity of 99.9% and Zonyl (FS-300) 

fluorosurfactant was purchased from Sigma-Aldrich.  

 

8.2.2 General  

All reagents were obtained from commercial suppliers and used without 

purification. Chloroform (CHCl3), ortho-dichlorobenzene (ODCB), dimethylformamide 

(DMF) and tetrahydrofuran (THF) were obtained from Sigma-Aldrich. All compounds 

were characterized by 1H NMR and 13C NMR (300 MHz, Varian) using CDCl3 as the 

solvent. The residual chloroform peak at 7.26 ppm was used to calibrate the chemical shifts 

for 1H NMR. Gel-permeation chromatography (GPC) was performed in chloroform 

(CHCl3) on a Waters 2690 Separation Module equipped with a Waters 2414 Refractive 

Index Detector and a Waters 2996 Photodiode Array Detector. Molecular weights were 

calculated relative to linear PS standards. Atomic force microscope (AFM) images were 

obtained with a Veeco Scanning Probe Microscope in tapping mode. AFM data was 

analyzed with NanoScope Analysis v1.40 software (Bruker Corp.). Ultraviolet-visible 
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(UV-vis) spectra were obtained of the polymers in chroloform and in the solid state, as-

cast from 4:1 CHCl3:ODCB (by volume, 5 mg ml–1) using a Perkin Elmer Lambda 1050 

UV-vis-NIR spectrophotometer. We synthesized the two known polymers, PDPP2FT33 

and PT2T (formerly called C6-TT),34,35 according to previously established procedures.   

 

8.2.3 Synthesis of PDPP2FT-seg-2T  

We synthesized this material using a method related to that of PDPP2FT, except 

that after allowing the DPP2F and T (Figure 8.2) to react for a short time, we added 

brominated bithiophene monomer (2T) and additional stannylated thiophene (T), as 

follows. In a 12-mL reaction tube, DPP2F (234 mg, 0.360 mmol), 2,5-

bis(trimethylstannyl)-thiophene (T, 147 mg, 0.360 mmol), Pd2(dba)3 (2 mol %) and P(o-

tol)3 (8 mol %) were dissolved in 4 mL chlorobenzene and degassed by bubbling argon 

through the mixture for 20 min. In a separate identical reaction tube, 2,5-

bis(trimethylstannyl)-thiophene (T, 49 mg, 0.120 mmol) and brominated bithiophene (2T, 

59 mg, 0.120 mmol) were dissolved in 2 mL chlorobenzene and degassed in the same 

manner. The first reaction tube was heated in an oil bath to 110 °C for 15 min, and a color 

change was observed from red monomer to green/blue oligomeric species. The first tube 

was removed from the oil bath and allowed to cool, and then the contents of the second 

reaction tube were added by cannula. The reaction was again heated to 110 °C for 6 h and 

then was allowed to cool to room temperature and was diluted with chloroform to reduce 

viscosity, and was precipitated into cold methanol. The solid was collected on filter paper, 

which was loaded into a Soxhlet and extracted with methanol and hexanes before the 

segmented polymer was collected by extraction with chloroform. Concentration under 
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reduced pressure yielded 235 mg of a dark solid. GPC analysis provided values of Mw = 55 

kDa and PDI = 2.5. 1H NMR (300 MHz, CDCl3):  (ppm) = 8.70-8.30 (br, 2H), 7.22-6.33 

(br, 4H), 4.65-3.3 (br, 4H), 2.88-2.38 (br, 0.91H inferred, signal due to randomly 

incorporated 2T), 2.03-1.76 (br, 2H), 1.74-1.63 (br ovlp, 0.91H inferred), 1.60-1.06 (br, 

16H), 1.04-0.70 (br ovlp, 13.36H inferred). 

  

8.2.4 Mechanical characterization  

We measured the tensile modulus of each material using the mechanical buckling 

technique originally described by Stafford et al.36 This method has been used in various 

thin film systems including conjugated polymer films for heterojunction OPV 

devices.1,6,8,16 In brief, the films were spin-coated on passivated glass slides and transferred 

to poly(dimethylsiloxane) (PDMS) substrates bearing a small pre-strain. After transfer, the 

PDMS substrates were relaxed and the conjugated polymer film adopted sinusoidal 

buckles. The buckling wavelength, λb, is related to the thickness of the film, df, the tensile 

moduli of the film and the substrate, Ef and Es, and the Poisson’s ratios of the two materials, 

νf and νs by the following equation: 

                                                   𝐸f = 3𝐸s (
1 − 𝜐f

2

1 − 𝜐s
2

) (
𝜆𝒃

2𝜋𝑑f
)

3 

                                                    (𝟏) 

We measured the tensile modulus of the substrate, Es (using a commercial pull tester), the 

buckling wavelength, λb (by optical microscopy), and the film thickness, df (by stylus 

profilometry). The slope of a plot of λb vs. df for three different film thicknesses was 

inserted into Equation 1. The Poisson’s ratios were taken as 0.5 and 0.35 for PDMS and 
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the conjugated polymers films, which agree well with the previously reported values and 

our theoretical predictions.1,8  

 We also computed the values for the tensile moduli of the conjugated polymer using 

a theoretical model originally described by Seitz,37 applied to conjugated polymers by 

Tahk,8 and further refined by our group to account for differential glass transition 

temperature between various conjugated polymers.1 The model incorporated the 

knowledge of the chemical structure of the polymer—i.e. molecular weight, van der Waals 

volume, the length and the number of rotational bonds in the monomer—and the glass 

transition temperature (Tg).  

  

8.2.5 Fabrication and testing of photovoltaic devices  

The conjugated polymer:fullerene bulk heterojunction (BHJ) films were spin-

coated onto glass slides pre-coated with a PEDOT:PSS films. Prior to spin-coating the 

PEDOT:PSS, the glass slides were cleaned with Alconox solution (2 mg mL–1), deionized 

water, acetone, and then isopropyl alcohol (IPA) in an ultrasonic bath for 10 min each, 

followed by a plasma treatment at ~30 W for 3 min at a base pressure of 200 mTorr in 

ambient air. The PEDOT:PSS layer was deposited from an aqueous solution containing 93 

wt% Clevios PH 1000 (~0.9–1.2 wt% PEDOT:PSS), 6.9 wt% DMSO, and 0.1 wt% 

Zonyl.38 The solution was filtered with a 1-μm glass microfiber (GMF) syringe filter and 

then spin coated at a speed of 500 rpm (100 rpm s–1 ramp) for 60 s, followed by 2000 rpm 

(750 rpm s–1 ramp) for 60 s, which produced in a layer 200 nm thick. The samples were 

subsequently dried at 150 °C for 30 min before the deposition of the polymer:fullerene 

BHJ films. The BHJ films were deposited from solutions of 1:2 by weight polymer and 
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PC61BM in 4:1 CHCl3:ODCB (2.5 mg mL–1), which were stirred overnight and filtered 

with 0.20 μm poly(tetrafluoroethylene) (PTFE) syringe filters. The solutions were then spin 

coated onto the electrode layer at a speed of 300 rpm (100 rpm s–1 ramp) for 240 s, followed 

by 2000 rpm (750 rpm s–1 ramp) for 60 s. For each device, a thin strip of the PEDOT:PSS 

electrode was exposed by wiping away some of the polymer:PC61BM film with chloroform 

so that electrical contact could be made. To minimize exposure to ambient air by 

transferring devices into and out of an evaporator in a different building, EGaIn (extruded 

by hand from a syringe) was used as the top contact.39 The photovoltaic properties were 

measured in a nitrogen-filled glovebox using a solar simulator with a 100 mW cm–2 flux 

that approximated the solar spectrum under AM 1.5G conditions (ABET Technologies 

11016-U up-facing unit calibrated with a reference cell with a KG5 filter). The current 

density versus voltage was measured for both dark and under illumination using a Keithley 

2400 SourceMeter. 

 

8.3 Results and Discussion 

8.3.1 1H NMR 

 Our first task was to verify the incorporation of the 2T units in the PDPP2FT-seg-

2T polymer. Figure 8.3 compares the 1H NMR spectra for PDPP2FT, PDPP2FT-seg-2T 

and PT2T; the inset highlights the signal from 3.0 to 1.5 ppm. Because the PDPP2FT and 

PDPP2FT-seg-2T are compositionally similar, differences in spectra were expected to be 

quite minor. The spectrum for PDPP2FT-seg-2T is largely similar to that of PDPP2FT, 

except that PDPP2FT-seg-2T exhibited a signal at 2.88-2.38 ppm and a partially 

overlapping signal at 1.74-1.63 ppm, which we attribute to the methylene protons located 
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α and β to the aromatic rings of the bithiophene unit as shown in the inset of Figure 8.3. 

From integration of the signals, we estimated that there was one 2T unit incorporated per 

4.4 DPP2F units in the segmented polymer. While the 1H NMR experiments provided 

evidence for 2T units in our samples, further investigation was necessary to conclude that 

they were covalently incorporated into the main polymer chain. 13C NMR spectra of the 

polymer samples are shown in Figure D.1 but were inconclusive owing to a low signal to 

noise ratio for PDPP2FT and PDPP2FT-seg-2T, which we attribute to a low effective 

concentration of magnetically distinct carbon atoms even at the limit of solubility (ca. 50 

mg mL–1) and with data collection times of 9 h. 

 

Figure 8.3. 1H NMR spectra of PDPP2FT, PDPP2FT-seg-2T, and PT2T. Peaks associated with the 

bithiophene are highlighted in the inset at  = 2.88-2.38 ppm and 1.74-1.63 ppm. 

 

8.3.2 UV-Visible absorption 

 We compared the ultraviolet-visible absorption spectra of the three materials. 

Figure 8.4 shows the absorption spectrum. The band gaps were determined from the onset 
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of absorption for thin films of the pure polymers (Figure 8.4a). PT2T exhibited an onset 

of optical absorption at around 660 nm (band gap = 1.88 eV), with a maximum absorption 

around 540 nm, while the pure PDPP2FT exhibited an onset of optical absorption at around 

930 nm (band gap = 1.33 eV), with a maximum at 800 nm. PDPP2FT-seg-2T, which 

contains segments of PDPP2FT interspersed by statistical incorporation of monomers 

(PDPP2FT-seg-2T) exhibits features similar to PDPP2FT. However, the peaks in 

PDPP2FT-seg-2T are broader and less defined, which could suggest decreased order than 

what is observed in the homopolymer, PDPP2FT. The details of the vibronic structure have 

been used to correlate the extent of π-stacked, ordered structures (H-aggregates) in 

P3HT:PC61BM blends to their tensile moduli and ductility, with samples that exhibited 

significant H-aggregates also exhibited increased stiffness and ductility.6 Further work 

would be required to correlate order as measured spectroscopically to mechanical 

properties for this class of low-bandgap materials. 

To determine if the 1H NMR and the above UV-vis results were due to PT2T 

contamination in the PDPP2FT-seg-2T sample as opposed to covalently bound segments, 

we performed two additional UV-vis experiments. We first measured the extinction 

coefficients of the pure polymers from their absorption in CHCl3 (110–5 M) and used these 

values to calculate the absorption spectra of physical blends of PDPP2FT:PT2T (Figure 

8.4b). Because the samples were dilute and did not form aggregates, our calculated 

absorptions were superpositions of the pure polymers in various ratios. We calculated the 

minimum ratio of PDPP2FT:PT2T before a noticeable onset of absorption in the PT2T 

absorbing region to be approximately 100:1. The normalized absorption spectra of the pure 

polymers and the calculated 100:1 physical blend absorption spectra, as well as the ratio of 
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DPP2F:2T in PDPP2FT-seg-2T (4.4:1) are plotted in Figure D.2. We then determined the 

absorption of a thin film of a 100:1 physical blend of PDPP2FT:PT2T (Figure D.3). The 

absorption spectrum of the physical blend was approximately that of the pure PDPP2FT, 

with more well defined peaks than those of PDPP2FT-seg-2T.  

 

Figure 8.4. Absorption spectra of the three polymers synthesized in this work. (a) Thin films of the pure 

polymers spin cast from 4:1 CHCl3:ODCB and (b) the pure polymers in CHCl3 at a concentration of 110–5 

M. 

 

8.3.3 Gel-permeation chromatography 

From the 1H NMR spectra, we demonstrated that both PDPP2FT and 2T units are 

present in the product. The next essential step was to confirm the purity—i.e., the absence 

of homopolymers—within the segmented product. Gel permeation chromatography 

provided evidence of covalent connectivity of the bithiophene units within the segmented 

polymer. Figure 8.5 shows the GPC traces (intensity vs. retention time) and contour plots 

(wavelength vs. retention time) of all three conjugated polymer samples. For PDPP2FT 

(Figure 8.5a), the main absorbance peak occurred at 550-800 nm from 10 to 14 min with 

a much smaller peak at 350-450 nm. Minor tailing was observed in the GPC traces; these 

tails probably correspond to lower molecular weight polymers. A relatively polydisperse 
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sample was expected from a step-growth mechanism. The GPC trace for the segmented 

polymer (PDPP2FT-seg-2T) also showed similar tailing and a broad shoulder. This 

shoulder may originate from either lower molecular weight segmented polymer or from 

the presence of residual homopolymers. We addressed this concern using the contour plot 

based on a photodiode UV detector as described by Hawker and coworkers for an all-

conjugated block copolymer.32 The contour plot for the segmented polymer (PDPP2FT-

seg-2T, Figure 8.5b) shows two absorbance peaks at 350-550 and 550-800 nm centered 

on a single retention time of 11-14 min. The plot for PT2T (Figure 8.5c) also suggests the 

absence of major impurities; it shows a dominant absorbance peak from 350-500 nm at 13 

min. This analysis strongly suggests that the product in PDPP2FT-seg-2T contains no 

contamination of either homopolymers and the low molecular weight tail contains both 

PDPP2FT and 2T segments. If homopolymers contamination were to occur, two distinct 

absorption regions with different retention times would be observed. The closeness in 

retention time of PDPP2FT and PDPP2FT-seg-2T suggests a minimal difference in 

molecular weights; thus we neglect the effects of molecular weight on the mechanical 

properties and photovoltaic properties of the two materials (Table 8.1).  

Table 8.1. Molecular weights and PDIs for the conjugated polymer samples as determined by GPC versus 

polystyrene standards. 

Polymer Mn (g mol–1) Mw (g mol–1) PDI 

PDPP2FT 26 400 69 600 2.64 

PDPP2FT-seg-2T 22 300 55 300 2.47 

PT2T 14 800 19 400 1.31 
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Figure 8.5. GPC traces and contour plots for (a) PDPP2FT, (b) PDPP2FT-seg-2T, and (c) PT2T based on a 

UV detector.  

 

8.3.4 Tensile moduli of conjugated polymer thin films  

 We determined the tensile moduli of the pure polymer thin films spin-coated from 

chloroform. For each film, the buckling wavelengths were plotted as a function of the film 

thickness. The slopes of the linear fits were then substituted into Equation 1 to obtain the 

tensile moduli of the thin films. The tensile modulus of PT2T, whose structure is closely 

related to P3HT,35 was determined to be 1.11 ± 0.19 GPa. This value agrees well with the 

values of P3HT reported previously by our group1 and literature values8,16 obtained using 

the same method. The obtained value for PDPP2FT, 2.17 ± 0.35 GPa, was twice that of 

PT2T. This value was greater than that previous reported for PDPP2T-TT (0.99 GPa),16 

though we note that PDPP2T-TT contains octyldodecyl side chains and PDPP2FT contains 

ethylhexyl side chains. Long alkyl side chains tend to reduce the tensile modulus and 

increase the ductility of a conjugated polymer significantly.1  

 We then measured the tensile modulus of the segmented polymer, PDPP2FT-seg-

2T. The incorporation of the 2T units, as determined from 1H NMR spectra, produced a 
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significantly reduced stiffness (modulus = 0.93 ± 0.16 GPa) compared to PDPP2FT. The 

reduction in modulus by segmentation is possibly attributable to three effects. The first 

effect is that random incorporation tends to disrupt the ability of a conjugated polymer to 

form crystallites, and highly crystalline films tend to be stiffer than amorphous ones with 

similar chemical structures.7 The second effect is that in the segmented sample, 

approximately one of every five DPP2F units is substituted for a 2T unit. Substitution of 

fused rings for isolated rings have been correlated to decreased stiffness of the film in both 

polythiophene7 and DPP-based systems.16 The third effect is that statistical incorporation 

of alkylated bithiophene units significantly altered the distribution of side chains compared 

to that of the homopolymer. While predicting the effect of this change in the distribution 

of side chains on the mechanical properties would be difficult to accomplish, small changes 

in the lengths of the side-chains have significant effects on the thermal, electrical, and 

mechanical properties of P3ATs.1,40 As a control experiment, we also measured the tensile 

modulus of the 100:1 physical blend between PDPP2FT and PT2T (Figure D.4 and Table 

D.1). We found that, within experimental error, the physical blend had a comparable tensile 

modulus to PDPP2FT. 

Our theoretical calculations of the tensile moduli that uses the molecular structure 

of the monomer as well as the Tg of the polymer1,8,37 agreed extremely well with 

experimental values for the homopolymers, PT2T and PDPP2FT. The calculated values 

were 1.13 ± 0.14 (PT2T) and 2.47 ± 0.30 (PDPP2FT), using the Tg values of 14 °C and 50 

°C. This simple theoretical model, however, failed to predict the reduction in modulus of 

PDPP2FT-seg-2T relative to that of the homopolymer, PDPP2FT. We attribute its failure 

primarily to its inability to incorporate the effects of randomness in the polymer chain. 
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8.3.5 Photovoltaic characteristics 

To determine the applicability of these materials in organic solar cells, we 

fabricated devices by mixing the polymers in a 1:2 ratio with PC61BM. We used 

PEDOT:PSS as the transparent anode and eutectic gallium-indium (EGaIn) as the 

cathode.39 Figure 8.6 shows the current density vs. voltage (J–V) plots for representative 

devices. (Figure D.5 and Table D.2 include devices fabricated with a 100:1 

PDPP2FT:PT2T physical blend, which performed similarly to, but slightly poorer than the 

PDPP2FT devices). The poor behavior we observed for the PT2T sample is consistent with 

similarly poor performance reported by Koppe et al.,35 who attributed the inefficiency of 

PT2T:PC61BM compared to P3HT:PC61BM (despite favorable offsets of the frontier 

molecular orbitals) to intercalation of PC61BM within the large gap between side chains in 

PT2T and suppression of the ability of the polymer to crystallize.35 The power conversion 

efficiency (PCE) of PDPP2FT:PC61BM (PCE = 2.52 ± 0.34%, N = 7) and PDPP2FT-seg-

2T:PC61BM (PCE = 2.82 ± 0.28%, N = 6), however, were similar. The data for all devices 

tested are summarized in Table 8.2. The short circuit current (Jsc), open circuit voltage 

(Voc), fill factor (FF), series resistance (Rseries), and PCE are all very similar for PDPP2FT 

and PDPP2FT-seg-2T. The similarity in figures of merit suggests that the charge-transport 

properties are preserved despite the incorporation of 2T units. Interestingly, even though 

the incorporation of the 2T units increased the mechanical compliance of PDPP2FT-seg-

2T, it did not appear to have a deleterious effect on the photovoltaic properties.  
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Figure 8.6. Photovoltaic characteristics of representative samples of polymer-fullerene blends. All active 

layers comprised 1:2 polymer:PC61BM. 

 

Table 8.2. Summary of the figures of merit for the solar cells fabricated in this work. 

Polymer n Jsc 

[mA cm–2] 

Voc 

[mV] 

FF 

[%] 
e 

[%] 

PT2T 3 1.5 ± 0.1 579 ± 21 32.9 ± 1.1 0.28 ± 0.01 

PDPP2FT-seg-2T 6 8.4 ± 0.5 699 ± 23 48.2 ± 3.3 2.82 ± 0.28 

PDPP2FT 7 8.3 ± 0.5 715 ± 25 42.5 ± 3.6 2.52 ± 0.34 

 

8.3.6 Atomic force microscopy 

 To determine if the difference in tensile modulus between the PDPP2FT and the 

PDPP2FT-seg-2T could be attributed to a significant change in the morphology of the 

films, we examined spin-coated films by AFM. Previous studies have suggested that 

roughness observable by AFM correlates with crystalline order, as determined by grazing-

incidence X-ray diffraction, in conjugated polymer films annealed below Tm.41 A similar 

effect was noted in a series of P3ATs from A = butyl to A = dodecyl, where the shortest 

alkyl chains had the greatest roughness (presumably due to greater crystallinity) and 

stiffness.1 Figure 8.7 shows AFM micrographs of the heights of the PDPP2FT and the 

PDPP2FT-seg-2T films. We observed that PDPP2FT had a root mean square (rms) 

roughness of 1.13 ± 0.09 nm and PDPP2FT-seg-2T had an rms roughness of 1.25 ± 0.08 
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nm. The similarity of these values suggests that the correlation between roughness (as a 

manifestation of crystallinity) and tensile modulus—as observed in other systems—is not 

general. 

 

Figure 8.7. Height images from atomic force micrographs of unannealed polymer thin films. (a) PDPP2FT 

and (b) PDPP2FT-seg-2T. 

 

8.3.7 Competition between photovoltaic performance and stiffness 

 Within groups of structurally related conjugated polymers, charge transport and 

photovoltaic efficiency are regarded as antithetical to mechanical compliance.{Merging 

Citations} Along with the tensile moduli of the pure polymers, we measured the moduli of 

the 1:2 polymer:PC61BM blends spin-coated from 4:1 chloroform:ODCB. Figure 8.8a 

compares the tensile moduli of the pure polymer films and the blended films. For all three 

polymers, we observed increased in the tensile moduli with the addition of PC61BM. 

Various studies have reported the same trend in system comprising conjugated polymer 

and fullerene composites.1,7,8,13,16 In Figure 8.8b, we plotted the power conversion 

efficiencies (PCE) of the polymer:PC61BM BHJ films as a function of tensile modulus. For 

materials in which these figures of merit are strongly correlated, such as in P3HT:PC61BM 

exhibiting increasing order, the data points would sit (very roughly) on a diagonal 
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extending from low tensile modulus and low PCE to high values of both parameters. 

Interestingly, the sample PDPP2FT-seg-2T:PC61BM shows a similar PCE to that of 

PDPP2FT:PC61BM, but the PDPP2FT-seg-2T is a factor of two more elastic than 

PDPP2FT. While polymer:PC61BM blends are always measured to be stiffer than the pure 

polymers, the factor by which the tensile modulus of the blend is greater than that of the 

pure polymer tends to be similar within similar classes of materials.1,16 The segmented 

copolymer, PDPP2FT-seg-2T appears to exhibit photovoltaic properties resembling 

PDPP2FT, but mechanical properties resembling those of PT2T. It is possible that the 

“random” segments interspersed between PDPP2FT segments have a softening effect on 

the material. The all-conjugated nature of the “random” segments may provide advantages 

over block copolymers in which the plasticizing block is insulating.42  
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Figure 8.8. Mechanical and electronic properties of the polymer and polymer:fullerene blends in this work. 

(a) Comparison between the tensile moduli of pure polymer films spin-coated from chloroform and the films 

comprising 1:2 polymer:PC61BM blends spin-coated from 4:1 chloroform:ODCB. (b) Plot of power 

conversion efficiency of the polymers in a 1:2 blend with PC61BM spin-coated from 4:1 chloroform:ODCB. 

The architecture of the devices was PEDOT:PSS/polymer:PC61BM/EGaIn. The vertical error bars for 1:2 

PT2T:PC61BM sample overlap with the marker.  

 

8.4 Conclusion 

We have demonstrated that segmentation could be an effective strategy to increase 

the mechanical compliance of low-bandgap conjugated polymers without deleteriously 

affecting their optoelectronic properties. The method does not add significant complexity 

to the synthetic protocol—a third monomer is simply added to the reaction mixture after a 
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predetermined length of time. The polymerization strategy described here suggests the 

possibility of fully segmented polymer comprising “macromonomers” of polymers with 

different band structures. Such materials could be analogous to block copolymers except 

that block copolymers are synthesized by living, chain-growth processes. In contrast, 

polymers in which both components are synthesized by step-growth processes (i.e., the 

Stille polymerization) are not amenable to the synthesis of block copolymers. Segmented 

polymerization may therefore be a route to synthesizing single-component organic 

semiconductors with tailored thermal and mechanical properties (i.e., semiconducting 

thermoplastic elastomers). Our analysis also exposed deficiencies in the ways in which 

standard semi-empirical theories predict mechanical properties in semicrystalline 

polymers. Future work will attempt to incorporate the effects of randomness in the polymer 

backbones as well as address the behavior of these softened polymers in real-world 

conditions. 
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Abstract 

 The mechanical properties of low-bandgap polymers are important for the long-

term survivability of roll-to-roll processed organic electronic devices. Such devices—e.g., 

solar cells, displays, and thin-film transistors—must survive the rigors of roll-to-roll 

coating and also thermal and mechanical forces in the outdoor environment and in 

stretchable and ultra-flexible form factors. This paper measures the stiffness (tensile 

modulus), ductility (crack-onset strain), or both, of a combinatorial library of 51 low-

bandgap polymers. The purpose of this study is to systematically screen a library of low-

bandgap polymers to better understand the connection between molecular structures and 

mechanical properties, in order to design conjugated polymers that permit mechanical 

robustness and even extreme deformability. While one of the principal conclusions of these 

experiments is that the structure of an isolated molecule only partially determines the 

mechanical properties—another important co-determinant is the packing structure—some 

general trends can be identified. (1) Fused rings tend to increase the modulus and decrease 

the ductility. (2) Branched side chains have the opposite effect. Despite the rigidity of the 

molecular structure, the most deformable films can be surprisingly compliant (modulus ≥ 

150 MPa) and ductile (crack-onset strain ≤ 68%). This paper concludes by proposing a new 

composite merit factor that combines the power conversion efficiency in a fully solution 

processed device obtained via roll and roll-to-roll coating and printing (as measured in an 

earlier paper) and the mechanical deformability toward the goal of producing modules that 

are both efficient and mechanically stable. 
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9.1. Introduction  

 The conventional rationale for research on organic photovoltaic (OPV) materials 

and devices is the promise of inexpensive, lightweight, flexible solar modules that can be 

fabricated by roll-to-roll (R2R) processing in ambient atmosphere on flexible substrates.1 

These defining advantages are thus contingent on stability against bending and other 

thermomechanical modes of deformation.2 The work of Dauskardt et al. has shown, 

however, that the cohesive and adhesive fracture energies encountered within and between 

layers in organic solar cells occupy a typical range of 1–5 J m–2, which is significantly 

lower than the values that characterize devices based on conventional semiconducting 

materials (though these values are dependent on thickness of the active layer, 

polymer:fullerene blend, processing conditions, composition, molecular weight, and 

relative humidity).3 Despite an increase in interest in the mechanical properties of 

nominally flexible electronic materials,4,5 almost all previous work has focused on the 

properties of poly(3-alkylthiophenes) (P3ATs, for which we have previously shown that 

structural features such as the length of the alkyl side chain play critical roles in 

determining the stiffness, yield point, and ductility of conjugated polymers2,6). While the 

P3ATs (particularly where A = hexyl) have been a useful model system7—and also appears 

to have significant advantages in R2R production8—the best power conversion efficiencies 

are achieved with low-bandgap polymers comprising an alternating arrangement of donor 

and acceptor (D-A) units.9  

 This paper describes a large-scale investigation of the mechanical properties of D-

A polymers by measuring the tensile modulus, cracking behavior, or both, of a 

combinatorial library of 51 compounds, which represent combinations of acceptors A1–10 
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and A12–14 and donors D1–D3 and D5–D9, shown in Figure 9.1. The purpose of this 

study was to take the first steps toward developing guidelines for the rational design of 

conjugated polymers for increased mechanical stability and deformability. Combined with 

an earlier report from Bundgaard et al.8 on the photovoltaic performance of a library of 

which the materials studied here is a subset, the ultimate goal of this work is thus to permit 

the co-optimization of electronic and mechanical performance. A favorable outcome would 

not only improve the stability of R2R processed organic solar modules, but would also 

allow the integration of OPVs—or any organic electronic devices—in many form factors 

inaccessible by conventional devices, such as in clothing, portable electronics, biomedical 

applications, and extremely flexible and stretchable devices.2 
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Figure 9.1. Chemical structures of the thirteen acceptor monomers (a) and eight donor monomers (b) as 

synthesized and described in a previous paper.8 (c) Table of the combination of D-A polymers measured in 

this work. The tensile moduli (Ef) were measured for a total of 43 polymers, the crack-onset strains (CoS) 

were measured for 47 polymers, and both quantities were measured for 39 polymers. The “missing” 

combinations are the result of failure to obtain the material by synthesis, failure to create devices via roll-

coating, or insufficient material available after the initial studies performed in ref. 8.For D5, R is H for A2 

and A4 and C12H25 for A1, A8, and A12. The abbreviation EH stands for 2-ethylhexyl, and HD stands for 2-

hexyldecyl. 
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9.2 Background 

Mechanical stability of conjugated polymers, specifically D-A polymers, has until 

now received little attention in the literature. The absence of emphasis on this topic has 

been due to the focus on improving the power conversion efficiency (PCE) on small scale 

laboratory device on glass where thermomechanical properties rarely present a limitation 

to observations of device performance. However, for flexible devices that require 

flexibility during manufacturing, in the actual application/integration, and in the operation 

of the device, the thermomechanical properties become a dominant boundary condition 

that if not met will prevent success (regardless of device PCE).1 Recently, laboratory-scale 

PCE for D-A polymers has reached well over 10% on optimized architectures on devices 

with small active areas.10 However, these devices were prepared on rigid substrates—i.e., 

glass coated with indium tin oxide (ITO)—that are not compatible with R2R 

manufacturing.1 Moreover, rigid substrates mask the potential fragility of the D-A 

polymers and polymer:fullerene composites that could lead to mechanical failure in 

flexible modules.2 The recent effort by Bundgaard et al. to screen 104 different 

combinations of D-A polymers has revealed that 13 out of 104 polymers outperformed 

P3HT on a merit factor that is weighted toward the suitability of the materials for R2R 

processing.8 This merit factor accounted for not only the electrical performance but also 

the chemical stability and simplicity of the synthesis,8 but did not account for the predicted 

stability against thermomechanical degradation.  

 While most earlier work by us and others on the mechanical properties of organic 

semiconductors has focused on P3ATs,2 a few studies have suggested some ways in which 

the molecular structures of the D-A polymers influence their mechanical properties. An 
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earlier paper examined the mechanical properties of PDPP-2TTT (a D-A polymer whose 

repeating units comprise diketopyrrolopyrrole (DPP), thiophene (T), thienothiophene (TT), 

and thiophene in the backbone) and PDPP-4T (a close structural analog in which the fused 

thienothiophene structure was substituted with bithiophene, which comprises two isolated 

thiophene rings).11 The results of this work suggested (though not rigorously confirmed) 

that the polymer with the fused ring system produced a tensile modulus that was higher 

(0.99 GPa for PDPP-2TTT) than that of the polymer bearing the isolated rings (0.74 GPa 

for PDPP-4T).11 In a separate study, we found that random incorporation of bithiophene 

units into the structure of PDPP-2FT (where F = furan) decreased the tensile modulus from 

2.17 ± 0.35 GPa to 0.93 ± 0.16 GPa.12 The brittleness of polymers comprising rigid large 

fused rings in the backbone was also suggested by the results of Wu et al., who observed 

significant cracking in highly crystalline organic thin film transistors fabricated from a 

DPP-based polymer with four fused thiophene rings.13 Additionally, Kim et al. have also 

investigated the mechanical properties of D-A polymers, namely that of PBDTTTPD (same 

structure as A9D2, however we did not have this material available for this study).14 They 

found that the tensile modulus of the composite of PBDTTTPD and a non-fullerene 

electron acceptor (at 1:1 ratio) was 0.43 GPa, which is much lower than when combined 

with PCBM at 1.76 GPa (at 1:1.5 ratio), and were able to make a solar cell with good 

efficiency and high intrinsic deformability.14 These experimental results have recently been 

complemented with computational tools designed to study the effects of molecular 

structures of conjugated polymers on mesoscale (~10 – 100 nm) conformational structures, 

and thus may also accelerate the understanding of the connection between molecular 

structure and mechanical properties.15 
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Despite the efforts noted above, mechanical data for D-A polymers is sparsely 

reported. We thus sought to lay the groundwork for a rigorous understanding of the 

structural determinants of the mechanical properties of D-A polymers by reporting the 

properties of a sufficiently large library comprising several popular donors and acceptors. 

We admit at the outset several limitations of this approach. First, the mechanical properties 

of polymers are determined not only by the molecular structure, but by the microstructure 

in the solid state. The microstructure/morphology is difficult to predict by computation15 

(though eventually it should be possible to do so) and moreover the 

microstructure/morphology was not within our means to measure for the entire library. 

Second, the microstructure/morphology that forms is a strong function of the solvent, film-

casting method, drying, and post-processing steps,9,16 which it was not practical to optimize 

for every material. Third, the molecular weight and dispersity (Ɖ) for step-growth 

polymerizations are notoriously difficult to control, though it is possible that the stiffness 

of D-A polymers precludes a highly entangled microstructure, even at high molecular 

weights.17 Fourth, the mechanical properties of bulk heterojunction films are significantly 

affected by the electron-transporting phase.2 For polythiophenes, we found that the tensile 

moduli of polythiophene:[60]PCBM blends was linearly correlated to the tensile moduli of 

the pure polymers,18 though this behavior cannot be assumed for all polymers, nor can it 

be assumed that methanofullerenes will be used in all organic solar cells in the future, and 

thus we measured the properties of the pure polymers only. Despite these limitations, we 

found that several rules of thumb did emerge for increased deformability of D-A polymers. 

Moreover, we expect that the mechanical characteristics of the library of polymers reported 
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here will stimulate computational and microstructural studies designed to connect 

molecular structure not only to electronic performance, but also to mechanical behavior.  

 

9.3 Experimental Design 

9.3.1 Selection of materials.  

We selected the combination of eight different donor monomers and thirteen 

different acceptor monomers in order to test a library of D-A polymers with diversity in 

chemical structures (Figure 9.1a and 9.1b). The library is a subset of that used in a recent 

paper by Bundgaard et al. on the viability of these materials for R2R fabrication.8 The 

chemical structures were selected on the basis of polymers from the current literature that 

produced highly efficient solar cells, including polymers containing the subunits 

benzothiadiazole (BT), quinoxaline (as seen in TQ1), benzodithiophene (BDT), 

diketopyrrolopyrrole (DPP), carbozole, thiophene, and bithiophene. Our initial hypothesis 

was that two prominent features of the chemical structures—(1) fused vs. isolated rings 

and (2) branched vs. linear side chains—would affect the mechanical properties of the films 

bearing them. The monomers containing fused rings are A6, A10, D1, D2, D3, D6, and 

D9. We made the distinction between structures with fused rings aligned along the 

backbone such as those found in diketopyrrolopyrrole (DPP) and fused rings not in the 

direction of the backbone such as benzothiadiazole (BT). The solubilizing side chains on 

the structures range from relatively short alkyl side chains of eight carbons (C8H17) to long 

alkyl side chains of fourteen carbons (C14H29) as well as branching side chains of 2-

ethylhexyl (EH) and 2-hexyldecyl (HD). We also examined the effects of molecular weight 

and dispersity on the mechanical properties of the polymers. 
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9.3.2 Measurement of mechanical properties 

We measured the mechanical properties of the D-A polymers using two specific 

values: tensile modulus and the crack-onset strain. Both measurements are performed using 

the film-on-elastomer techniques. In particular, the tensile moduli were measured using the 

buckling instability as developed by Stafford et al.19 and expanded to conjugated polymers 

by Tahk et al.,20 and used extensively by us and others.2,4,11,21 Low tensile modulus is 

regarded as “good” from the standpoint of mechanical stability, because films that require 

a low energy density to elongate in the elastic regime will minimize interfacial stresses 

with other layers in the device stack that would otherwise lead to delamination.2,22 For 

polythiophenes, low tensile modulus is also highly correlated to high crack-onset strain. 

Crack-onset strains of films on elastomers are often interpreted as analogous to the 

elongation at fracture of bulk samples or free-standing films of the polymers, though these 

quantities are not exactly equivalent because poor adhesion of a film to a substrate—and 

unequal adhesion among different polymers—localizes strain to cracks and defects and 

causes premature cracking.4,23 The polymer films were transferred to elastomeric substrates 

and stretched, and we recorded the crack onset strain by obtaining micrographs at each 

level of strain. We also took note of the qualitative nature of the cracks, i.e. either brittle 

cracks (which propagated the entire length of the film perpendicular to the stretched axis) 

or ductile cracks (whose propagation was limited). We note that previous studies by 

Stafford and coworkers19,24,25 and O’Connor et al.4 have shown that the tensile modulus of 

a thin film is a relatively weak function of its thickness, when the film is above ~40 nm 

and below 500 nm. We judiciously prepared our thin films to be within this range. We also 

observed no significant deviation from the averaged value of the crack-onset strain for any 
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polymer sample. Furthermore, we chose this range of film thicknesses to better correlate 

with the result from Bundgaard et al., in which the thicknesses of all the devices were 

between 300 to 500 nm.8   

 

9.4 Results and Discussion 

9.4.1 Tensile moduli of low bandgap D-A polymers 

We began by measuring the tensile modulus of each D-A polymer using the 

buckling-based method. Figure 9.2a shows a comprehensive overview of all the tensile 

moduli collected for the available polymers. The standard deviation of each value was 

calculated from the propagation of standard errors of the line fits (buckling wavelength vs. 

film thickness) and the standard deviation of the tensile moduli of the PDMS substrates; 

the values are provided in Table 9.1. We discarded the values of the modulus from the 

samples in which the standard errors of the line fits were too high (R2 < 0.95) or the 

characteristic buckling wavelengths could not be obtained. The reasons for the failure to 

obtain good linear fits or a consistent buckling wavelength arose from the difficulty in 

handling some thin films. In some cases, the films adhered too well to the glass substrates; 

strong adhesion to the glass substrate led to either partial transfer onto the PDMS substrate 

or damage to the films. For other cases, the strain induced by handling the transferred film 

on PDMS or the compressive strain induced to generate buckles resulted in delamination 

or cracking of the films, or both. These defects in the films resulted in the misrepresentation 

of the buckling wavelengths because the compressive strain was accommodated by 

delamination and cracking, as opposed to by buckling.26 Polymers with a high tendency to 

crack under the minute strains produced by transfer were treated as having effective crack-
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onset strains of 0%. Measurements of the crack-onset strain, described in the next section, 

were performed to further test the dependency of ductility on molecular structure. 

 

Figure 9.2. Summary of the mechanical properties measured in this paper. (a) Tensile moduli of the examined 

polymers in GPa. The indicated colors correspond to the ranking of the lowest value of the modulus (green) 

to the highest value of the modulus (red). (b) Crack-onset strain of the polymers. The colors correspond to 

the ranking from the highest value (green) to the lowest value (red). Standard deviations are omitted in this 

figure for the sake of clarity and provided in Table 9.1. No values were plotted for the polymers for which 

the measurements were not obtained. 

 

The values of the tensile modulus occupied a range between 200 MPa to 4 GPa, 

which corresponded well with the range of the previously reported moduli for other D-A 
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conjugated polymers using the same method of measurement.2 The highest value of tensile 

modulus measured was that of A2D1 at 3.79 ± 0.80 GPa. The first qualitative trend we 

observed was the relatively high stiffness (larger values of tensile moduli) of polymers 

comprising donor units with fused rings in the backbone. The polymers with donor units 

with fused rings (D1, D2, and D3) were found to have an average tensile modulus on the 

order of 1 GPa, while polymers with isolated rings such as D5, D7, and D8 had moduli on 

the order of 500 MPa. This qualitative trend agrees well with the previously reported 

increase in stiffness when the polymer backbone comprises fused rings rather than isolated 

rings.27 We note here that D6 and D9 also comprise fused rings in their backbone; however, 

the resulting polymers from these two donor units were found to have much lower average 

modulus, which was similar to values obtained for polymers with isolated rings. We 

attributed this lower than expected moduli to the presence of long and branched 

solubilizing side-chains found on both D6 and D9.  

 The effect of the length of the solubilizing side-chains on the tensile modulus of 

P3AT was studied by us in a previous publication.23 We found that with an increase in 

length of the alkyl side chain from 4 to 8 (P3BT to P3OT) dramatically reduced the tensile 

modulus by approximately an order of magnitude. This effect was attributed to the decrease 

in glass transition temperature with longer side chains and the reduction of the volume 

fraction of the load-bearing main chain.23 The presence of the long and branching side 

chains have been known to affect the microstructure and therefore electronic properties of 

the polymers in many aspects, for example by increasing the separation between main 

chains.16 This reduction in the intermolecular packing of the polymer chains could explain 

the large reduction in tensile moduli found in polymers comprising D6 and D9. 
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Table 9.1. Tensile moduli and crack-onset strain of all the polymers measured by film-on-elastomer 

technique in this study. The number averaged molecular weights and the values of dispersity are reproduced 

from ref. 8. Polymers are separated by the designated number of the acceptor (Figure 9.1) for readability. 

Polymer Mn (Da)  Ɖ 
Tensile 

Modulus (GPa) 

Crack-onset 

Strain (%) 

Crack 

Behavior 

A1D5 9 300 2.2 0.24 ± 0.08 7.3 ± 2 Ductile 

A1D9 6 900 1.4 0.44 ± 0.18 0 
†
 Brittle 

A2D1 9 500 2.0 3.79 ± 0.80 0.5 
‡
 Brittle 

A2D2 12 400 11.4 NA* 0 
†
 Brittle 

A2D3 90 000 4.5 1.45 ± 0.47 1 
‡
 Brittle 

A2D5 540 000 4.2 0.32 ± 0.02 1.5 
‡
 Brittle 

A2D9 9 400 1.8 0.33 ± 0.12 2.7 ± 1.5 Brittle 

A3D1 50 000 10.8 1.23 ± 0.52 18 ± 5 Ductile 

A3D3 16 000 3.5 2.91 ± 1.30 2.75 
‡
 Brittle 

A3D6 3 800 3.1 0.17 ± 0.02 NA* NA 

A3D7 24 000 2.7 0.32 ± 0.03 68 ± 14 Ductile 

A3D8 2 200 3.1 0.68 ± 0.14 NA* NA 

A3D9 19 000 2.1 NA* 5.2 ± 2 Ductile 

A4D2 22 000 9.1 1.35 ± 0.76 5.0 ± 1.3 Brittle 

A4D5 29 000 9.2 0.92 ± 0.19 2.7 ± 0.6 Brittle 

A4D9 7 000 1.5 0.34 ± 0.18 19.7 ± 1.5 Ductile 

A5D1 18 000 3.0 0.87 ± 0.11 3.5 ± 0.5 Brittle 

A5D2 100 700 3.1 0.75 ± 0.23 NA* NA 

A5D6 11 000 26.7 1.24 ± 0.29 4.2 ± 1.3 Brittle 

A5D7 34 000 3.4 0.15 ± 0.04 56.8 ± 9.9 Ductile 

A5D9 138 000 8.0 0.44 ± 0.15 10 ± 3.6 Ductile 

A6D1 9 600 2.0 0.27 ± 0.02 6.5 ± 2.0 Brittle 

A6D2 11 000 2.2 1.61 ± 0.51 0 
†
 Brittle 

A6D9 21 600 2.7 0.17 ± 0.05 2.2 ± 0.8 Brittle 

A7D7 1 200 3.3 0.49 ± 0.18 0 
†
 Brittle 

A8D1 16 000 2.0 3.00 ± 0.56 7.8 ± 0.8 Brittle 

A8D2 14 000 2.4 0.88 ± 0.40 10 ± 2 Ductile 

A8D3 14 000 2.2 1.58 ± 0.64 2.2 ± 0.8 Brittle 

A8D5 5 000 1.4 0.85 ± 0.21 0 
†
 Brittle 

A8D7 6 100 2.6 0.37 ± 0.10 7.8 ± 1.6 Ductile 

A8D8 3 700 2.2 NA* 2.5 ± 1.5 Brittle 

A9D1 9 500  2.8 0.62 ± 0.20 1.2 ± 0.6 Brittle 

A9D7 7 200 1.7 0.45 ± 0.17 1.8 ± 0.3 Brittle 

A10D1 21 000 2.5 NA* 2.2 ± 0.8 Brittle 

A10D2 103 000 3.3 NA* 1.8 ± 0.6 Brittle 

A10D3 68 000 3.3 NA* 4 ± 1 Brittle 

A10D6 6 700 3.5 NA* 4.3 ± 1.3 Brittle 

A10D7 34 000 4.2 0.32 ± 0.06 9.3 ± 1.5 Ductile 

A10D8 1 200 2.8 0.41 ± 0.22 6.7 ± 0.8 Ductile 

A10D9 2 300  5.4 NA* 3 ± 1.7 Brittle 

A12D5 13 000 3.1 0.56 ± 0.25 5.2 ± 2.4 Brittle 

A12D7 5 600 2.1 0.54 ± 0.24 2.2 ± 0.8 Brittle 

A12D9 37 000 2.3 0.32 ± 0.05 0.8 ± 0.6 Brittle 

A13D1 12 000 7.5 0.54 ± 0.25 3.8 ± 2.4 Brittle 

A13D7 10 000 2.1 0.60 ± 0.16 4.8 ± 0.3 Brittle 

A13D9 12 000 76.7 0.48 ± 0.13 0 
†
 Brittle 

A14D1 9 800 1.7 0.43 ± 0.26 3.3 ± 0.8 Brittle 
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Table 9.1., Cont. Tensile moduli and crack-onset strain of all the polymers measured by film-on-

elastomer technique in this study. The number averaged molecular weights and the values of dispersity 

are reproduced from ref. 8. Polymers are separated by the designated number of the acceptor (Figure 

9.1) for readability.  

Polymer Mn (Da)  Ɖ 
Tensile 

Modulus (GPa) 

Crack-onset 

Strain (%) 

Crack 

Behavior 

A14D2 4 600 4.1 0.26 ± 0.05 1.75 
‡
 Brittle 

A14D3 - - 0.42 ± 0.14 2.2 ± 1.0 Brittle 

A14D7 19 000 2.6 0.55 ± 0.09 13.7 ± 1.5 Ductile 

A14D9 1 600 1.9 0.25 ± 0.12 NA* NA 

*The values obtained from so-designated polymer samples were omitted or removed due to (1) insufficient 

material available, (2) failure to obtain smooth films, or (3) too large of propagated error. †The polymer 

samples cracked upon the start of the test under the strain of less than the minimum step of 0.5% strain. ‡The 

polymer samples exhibited inconsistent cracking behaviors and the values of the crack-onset strains reported 

are the lowest measured crack-onset strains.  

 

9.4.2 Ductility of D-A polymers 

We measured the ductility of the D-A polymers as manifested in the crack-onset 

strain.4,11,23 Figure 9.2b shows the average values of the crack-onset strains. The standard 

deviations, reported in Table 9.1, were taken from the statistics from measurements of 

different samples (N > 3). Six polymers cracked upon the preparation of the film—

transferring onto an elastomer substrate and mounting the film-on-elastomer onto the linear 

actuator—and their values are reported as 0% strains in Figure 9.2b and Table 9.1. 

However, it is important to note that despite the effort to minimize the applied strain during 

preparation of the samples, some finite tensile strains were induced during the preparation 

stages. We estimated this value to be lower than 0.5%.  

 We found that the majority of D-A polymers has relatively low crack-onset strains 

when compared to other conjugated polymers such as P3ATs. Most of the D-A polymer 

films experienced catastrophic cracking at tensile strains lower than 5% (Figure 9.2b). The 

cracking behavior of each film is also summarized in Table 9.1. We observed that the films 

with crack-onset strains below 5% cracked in a brittle mode. Specifically, the cracks that 
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formed in these films tended to propagate rapidly along the entire axis perpendicular to the 

strained axis. In contrast, a few polymers comprising the combination of monomers A3, 

A8, D1, D5, D7, and D9 were found to have higher crack-onset strains (highlighted in 

green in Figure 9.2b). The increased crack-onset strains for these polymer films could 

potentially be explained by the nature of the ductile fracture found in these films. Cracks 

found in these polymer films, labeled “ductile” in Table 9.1, appeared as pinholes and 

exhibited less of a tendency to propagate with increased in strain (qualitatively equivalent 

to greater fracture toughness). The example of the visual contrast between the two cracking 

behaviors is shown in Figure 9.3. While both brittle and ductile fractures are deleterious 

to the films and possibly to the performance of a fully fabricated OPV, the ductile films 

would have a lower tendency to propagate cracks and to cause failure: i.e., short circuits in 

devices with vertical charge transport (solar cells) and open circuits in devices requiring 

horizontal charge transport (thin-film transistors).  
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Figure 9.3. Optical micrographs of the two different natures of cracking behavior: brittle fracture (a, b) and 

ductile fracture (c, d).  

Previous studies on conjugated polymers have found a correlation between tensile 

modulus and the propensity of the polymer films to crack upon the applied tensile strains; 

i.e., films with higher moduli tend to crack at lower applied strains. However, these studies 

are usually performed on P3ATs.21,23 The same correlation was not found when comparing 

the D-A polymers of vastly different structures. Figure 9.4 shows the crack-onset strain as 

a function of tensile modulus of 39 polymers (the subset of the library for which we were 

able to measure both tensile modulus and crack-onset strain). As described earlier, most of 

the samples with higher crack-onset strain exhibited ductile fractures (blue) and those with 

lower values exhibited brittle fractures (red). For many polymers, despite the low values 

of stiffness, the films did not appear to be ductile as previously predicted for P3ATs. From 

the 47 polymers in which the crack-onset strains were measured, only 16 polymers 
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withstood at least 5% tensile strains before fracture. The brittleness of D-A polymers has 

also been reported in mixtures with either [60] PCBM or non-PCBM electron acceptor. 

Kim et al. measured the mechanical properties via the pseudo free-standing tensile test for 

composite of PBDTTTPD (A9D2) and PCBM or P(NDI2HD-T), a non-PCBM electron 

acceptor, by obtaining a pull test of the film supported on the surface of water.14 The 

authors reported that the mixtures with PCBM cracked well before 0.30% strain and the 

mixture with P(NDI2HD-T) cracked around 7% strain.14 This apparent brittleness was 

further elucidated in the comparison between P3HT and PTDPPTFT4 (a DPP-based 

polymer with a ladder-like unit in the backbone comprising four fused thiophene rings) by 

Wu et al.;13 P3HT films fabricated in the same manner as the D-A polymer could withstand 

over 100% tensile stains in contrast to <5% for the D-A polymer. Despite the lack of the 

inverse correlation between the stiffness and ductility of the D-A polymers, both quantities 

will be important for the implementation of a full working device designed for R2R 

fabrication. 

 

Figure 9.4. Plot of crack-onset strains vs. tensile moduli of the polymers tested in this study. Data points are 

distinguished in color by the nature of the fracture: red (brittle) and blue (ductile). 
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9.4.3 Toward rational design for mechanical deformability 

We sought to identify the molecular structural determinants that influence the 

mechanical properties of D-A polymers in an effort to co-optimize the mechanical and 

electrical performance, and scalability. We found qualitative rules that collaborated with 

the general trends. However, exceptions to the rules were also identified. These exceptions 

could potentially arise from the indirect comparison between the combinations of donor 

and acceptor, the differences in molecular weight, dispersity, and possibly effects of certain 

combinations of donor and acceptor monomers that are otherwise difficult to predict. 

Critically, predictive trends in mechanical properties require understanding both the 

molecular structure and the solid-state microstructure, or the way that the former produces 

the latter.2 Solid-state packing structures4 have been shown to greatly influence the 

mechanical properties and certain combinations of monomers may lead to vastly different 

packing structures than those with similar donor or acceptor monomers.12 For example, 

Mei et al. studied the effect of the addition of aliphatic conjugation-break spacers into the 

conjugated backbone of DPP-based polymers.28 While the lamella spacing as measured 

from grazing incidence X-ray diffraction (GIXRD) decreased monotonically with higher 

concentration of the aliphatic conjugation-break spacers, the order of the crystalline 

domains, manifested as the lamella peak full width at half-maximum (FWHM), followed 

a non-linear progression.28 This result illustrated the competition between multiple effects 

of the molecular structures of the polymer: while the addition of conjugation-break spacers 

increased the flexibility of the backbone, it also increased the tendency of interdigitation 

of the alkyl side chains.28 We outlined these trends in molecular structures below along 

with the identified exceptions.  
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9.4.3.1 Presence of fused rings in the backbone 

We found that the polymers with fused rings in the backbone structures (namely 

the polymers with D1, D2, and D3) had average tensile moduli on the order of 1 GPa. This 

value is of the same order as that of regioregular P3HT.20,23 We attributed the increase in 

tensile moduli for these polymers to the fact that a fused ring reduces the flexibility while 

increasing the length of conjugation of the backbone. Polymers with donors comprising 

isolated rings (D5, D7, and D8) also showed the averaged tensile modulus of 0.58, 0.42, 

and 0.55 GPa with the highest values coming from A4D5 (0.92 ± 0.19). There are, 

however, exceptions to this general trend. Namely, the polymers comprising the donor unit 

D9 were found to have much lower tensile moduli, on the order of 500 MPa. This reduction 

in modulus for the D9 monomer was likely the effect of long and branching solubilizing 

side chains (2-hexyldecyl), which is further discussed in the next section. We found small 

effects on the tensile modulus from acceptors with fused-ring structures (A6 and A10). In 

addition, the polymer A6D1 that contained fused ring structures in both the donor and 

acceptor monomers has a tensile modulus of only 0.27 ± 0.02 GPa.  

The effects of fused rings on ductility were found to be less obvious. The values of 

the crack-onset strains of polymers containing D3 were found to be low (<5% crack-onset 

strain) and were consistent with the trend, in which the fused ring in the backbone produced 

brittle polymer films. However, for polymers comprising D1 and D2, some combinations 

with certain acceptor monomers were found to produce ductile films. Namely A3D1 and 

A8D2 exhibited ductile fractures with crack-onset strain higher than 10%. Again, we 

believed the abnormality in the trend was the product of the side chains on the acceptors, 

which will also be discussed in the next section. The polymers containing the fused DPP 
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monomer (A10) when combined with donor monomer with fused rings (D1, D2, D3, D6, 

and D9) also produced brittle films (i.e., low crack-onset strain). Interestingly, the 

combination of A10 and the non-fused donor monomers (D7 and D8) produced ductile 

films with higher values of crack-onset strain than the other combinations. We attributed 

this effect to a possible change in solid-state morphologies and packing when the DPP 

(A10) acceptors were combined with dialkoxybenzene (D7) and bithiophene (D8).  

 

9.4.3.2 Influence of long and branching solubilizing side-chains 

As mentioned earlier in the previous section, the effects of long and branching 

solubilizing side-chains can dominate the mechanical properties of a polymer film. The 

tensile moduli of the films containing donor units with branching side-chains, 2-

hexyldecyl, (D6, D7, and D9) were found to be lower than donor units with linear side 

chains. We also observed an improvement in ductility of the films with either 2-hexyldecyl 

or 2-ethylhexyl side-chains; namely, fourteen out of sixteen polymers in which the crack-

onset strain exceeded 5% were found to be in this category. Interestingly, three of the most 

ductile polymers found in this study comprised the donor D7: A3D7 (crack-onset strain of 

68%), A5D7 (57%), and A14D7 (14%). Significant differences between the acceptors A2 

and A3, whose similar structures comprise of benzothiadiazole with two flanking 

thiophenes, were attributed to the locations of the alkyl side chains. For A2, the alkyl side 

chains (C12H25) are located on the two flanking thiophenes; whereas for A3, the alkyl side 

chains (C14H29) are connected to the benzothiadiazole via ether linkages. With the 

exception of A3D3, whose stiffness and ductility are on the same order as polymers with 

A2 in the backbone structure, all polymers comprising A3 are less stiff and more ductile 



338 

 

 

 

than the A2 counterparts. Notably, A3D1 and A3D7 were found to withstand large tensile 

strains (~18% and ~68% respectively).  

 The correlation between the structures of the side chains and the mechanical 

properties of the polymers could be explained in part from the solid-state molecular 

packing.29 While the mechanical properties and the molecular packing or crystalline quality 

are not necessarily related in a straightforward manner, we can draw some qualitative 

insights from the effects of the side chains. For example, Yiu et al. demonstrated that 

branched side chains on a DPP-based polymer led to more steric hindrance between 

neighboring polymer chains and lower crystalline coherence length when compared to 

linear side chains.30 Segalman and coworkers have shown that replacing the hexyl side 

chains on P3HT to 2-ethylhexyl side chains (P3EHT) reduced the melting temperature and 

the crystallization kinetics of the polymer.31 Furthermore, the backbone of the adjacent 

P3EHT chains have been shown to be significantly tilted, resulting in the larger spacing 

between the chains and lower intermolecular coupling.32 These results suggest that the 

reduction in packing efficiency and lower crystallinity when branched side chains are 

introduced; these effects could potentially lead to increased deformability.  

 

9.4.3.3 Notes and unresolved questions 

As mentioned in the previous section, the ability to predict the mechanical 

responses of the D-A polymers will require not only knowledge of the molecular 

parameters (fused-ring and side chains) but also from the propensity to form crystallites,4 

degree of crystallinity, and the rigidity (i.e., glassy behavior) of the amorphous domains.12 

We noticed this limitation of the predictive nature of focusing on one aspect of the 
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molecular structures as depicted in Figure 9.5a–9.5d. Figures 9.5a and 9.5b rank the D-

A polymers by the tensile moduli and the crack-onset strains while separating them into 

three groups: (1) fused-rings in both donor and acceptor, (2) fused-rings in the donor or in 

the acceptor, and (3) all isolated rings. Figures 9.5c and 9.5d separate the polymers by the 

nature of the solubilizing side chains: (1) only linear chains, (2) branching chains in either 

the donor or the acceptor, and (3) all branching side chains. Our initial hypotheses would 

suggest that the polymers with all isolated rings and with all branching chains would be 

the most mechanically robust. While the general trends we described hold relatively well, 

we observed that the polymers in each group sample occupied a large range of both values 

of the mechanical properties, and substantial overlap. We note that further studies are 

required to fully isolate the complicated interplay between the nature of the polymer 

backbone and the nature of the side chains and their effects on the mechanical properties. 

For example, poly(3-dodecylthiophene) has linear alkyl side chains and has been reported 

by us to have high crack-onset strains.23 However, for D-A polymers with relatively higher 

rigidity in the backbone, the linear side chains are less likely to lead to high crack-onset 

strains. Furthermore, some polymers comprising both isolated rings and branching side 

chains performed poorly mechanically. We attributed such outliers to the unknown 

stiffness of the chains and the solid state packing structures of the polymers.  
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Figure 9.5. Illustration of the range of tensile modulus and crack-onset strains from all the polymer samples. 

(a, b) Ranking of the polymer samples separated by the presence of fused rings in both donor and acceptor 

(filled circles), either fused ring in donor or acceptor (half-filled circles), and all isolated rings (open circles). 

(c, d) Plot in which the polymer samples are separated by the nature of the solubilizing side chains: all linear 

chains (filled diamonds), branched chain on either the donor or acceptor monomers (half-filled diamonds), 

and all branched side chains (open diamonds). Plots of tensile moduli and crack-onset strains as a function 

of number average molecular weight (e and f) and Ɖ (g and h); values of Mn and Ɖ are reproduced from ref. 
8. 
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In addition, the dispersity and molecular weight of the D-A polymers must also be 

taken into account when predicting the mechanical properties. For P3ATs, the 

dependencies of the solid state packing structure on molecular weight and regioregularity 

have been previously reported.33–36 Furthermore, Kim et al. have reported significant 

changes in mechanical and optoelectrical properties of P3HT as a function of 

regioregularity.5 These rigorously controlled experiments in which the molecular weight, 

dispersity, and regioregularity were isolated required carefully controlled synthesis that is 

only possible for very few polymers, such as P3ATs, which are produced by a quasi-living 

process.5,37 For most D-A polymers that require a Stille polycondensation reaction, the 

control over the molecular weight and the dispersity of the product is typically not high.37,38 

Moreover, the size-exclusion chromatography (SEC) system used to measure the values of 

Ɖ operates at low temperatures and employs chloroform as the solvent. In these conditions, 

aggregation of some polymers could lead to unrealistic Ɖ values. Figures 9.5e – 9.5h plot 

the mechanical properties of the D-A polymers to the number average molecular weight 

and the Ɖ. We observed few correlations between the mechanical properties of the different 

D-A polymers and their molecular weight and Ɖ (though the usual caveats apply of 

obtaining molecular weight for conjugated polymers by size-exclusion chromatography 

when no similarly rigid standards are available). It is noteworthy to point out that while 

comparing the effect of molecular weight and Ɖ for a single polymer could potentially 

provide a meaningful trend, the molecular weight and dispersity of the polymer alone do 

not explain the measured differences in mechanical properties. 
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9.4.3.4 Introduction of an electronic-mechanical merit factor 

We measured the mechanical properties of D-A polymers in hope of identifying the 

design rules for optimizing the mechanical robustness and electrical properties for R2R 

fabrication. We observed that many of the D-A polymers tested exhibited brittle properties 

despite the low stiffness. This result suggests that it will be a significant challenge to 

incorporate some D-A polymers in applications demanding significant deformation as well 

as in R2R fabrication. However, we identified several promising candidates with favorable 

electronic and mechanical properties. We have combined the power conversion efficiency 

as reported for the roll-fabricated solar cell reported in ref. 8 and the tensile modulus and 

crack-onset strain into a new merit factor (ψ) defined as 

Ψ = 𝑃𝐶𝐸 ×
1

𝐸f
× 𝐶𝑜𝑆   (1) 

Ψrel = Ψ/Ψ𝑃3𝐻𝑇   (2) 

Where Ef is the tensile modulus and the CoS is the crack-onset strain. Figure 9.6 depicts 

the relative merit factor (Ψrel) of the polymers tested in this experiment when compared to 

the properties of P3HT. The blank cells represent the missing data (where at least one 

quantity was missing). Using this merit factor, we identified nine promising polymers 

(highlighted in green); four of which comprise the donor D7. We note that the mechanical 

properties of the composites of the electron-donating polymer and an electron acceptor will 

be different than those of the pure polymers. The addition of fullerene-based electron 

acceptors (namely [60] PCBM) has been reported by us and others to lower the mechanical 

robustness of the composites when compared to the pure polymers.20,23 However, with the 

recent advancement in non-fullerene electron acceptors, this deleterious effect can 
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potentially be avoided.14 Furthermore, we admit to some shortcomings arising from the 

simplicity of the proposed figure of merit—namely, the equal contributions from power 

conversion efficiency, tensile modulus, and crack-onset strain. In order to characterize the 

electronic and mechanical properties fully, a more in-depth study of the effects of the 

addition of the electron acceptor, the film thickness, and the processing conditions on the 

electronic and mechanical properties of the whole modules will be required.  

 

Figure 9.6. The relative merit factor incorporating the power conversion efficiency (PCE) as reported for the 

R2R fabricated solar cells (from ref. 8), the tensile modulus, and crack-onset strains in relationship to those 

of P3HT. Blank cells indicate missing information where at least one quantity was missing. The tensile 

modulus of P3HT and crack-onset strain, reproduced from ref. 23, were 1.09 ± 0.15 GPa and 9 ± 1.2 % 

respectively.  

9.5 Conclusion  

This paper described the mechanical properties of a library of D-A polymers with 

significant diversity in molecular structure. We identified some trends from the measured 

values of tensile modulus and crack-onset strain as well as plausible reasons for the 

exceptions. We found that the stiffness of most D-A polymers was on the same order of 

magnitude as P3HT or lower (occupying the range between 200 MPa to 1 GPa; however, 

most were brittle and tended to fracture at low strains, <5%). The polymers comprising the 
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donors with fused rings tended to have higher stiffness and higher tendency to fracture. In 

addition, the polymers with branching solubilizing side chains were found to have high 

deformability. These trends are useful for general guidelines while designing highly 

mechanically robust materials for R2R fabrication. It is important to note the importance 

of co-optimization of electronic and mechanical properties for designing materials for both 

R2R fabrication and flexible or stretchable applications. From the library of D-A polymers, 

we identified potential candidates whose merit factors (weighted values comprising power 

conversion efficiency and mechanical properties) are better than those of P3HT. However, 

we also identified that the molecular structures of the D-A polymers do not completely 

govern the mechanical properties; further analysis of the solid state packing structure from 

computation, microstructural analysis, and a complete theory thereof are required to fully 

understand the interplay between mechanical and electronic behaviors of this class of 

materials.  

 

9.6 Experimental methods 

9.6.1 Materials  

Low band gap donor-acceptor polymers used for this work were described in a 

previous study by Bundgaard et al. .8 Briefly, thirteen acceptor and eight donor units 

(Figure 9.1a and 9.1b) were selected and all the combinations were synthesized, yielding 

104 polymers. Several combinations were omitted in the mechanical studies due to 

difficulties in synthesis. After chemical and optoelectronic characterization of these 

materials, 75 polymers were initially available for mechanical characterizations. All the 

polymers properties and synthesis procedures are reproduced from Ref. 8 in supplemental 
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info. Polydimethylsiloxane (PDMS) (Sylgard 184) was purchased from Dow Corning. 

Chloroform and P3HT were purchased from Sigma-Aldrich and used as received. 

 

9.6.2 Sample preparation  

The glass substrates (2.5 cm × 2.5 cm) were cleaned by bath sonication of Alconox 

solution, deionized water, acetone, and isopropanol for 10 min each and dried under 

compressed air before they were plasma-treated for 3 min (30 W, 200 mtorr ambient air). 

All polymer solutions were prepared by dissolution in chloroform at a 20 mg mL–1 

concentration. The solution was then stirred on a hotplate using a magnetic stirrer at 50 oC 

for 2 h before cooling to room temperature and filtering through a 1 µm glass microfiber 

filter. For each polymer, three different thicknesses were prepared by spin coating the 

solution on top of the plasma treated glass substrates at 500, 1000, and 2000 rpm for 2.5 

min. 

 

9.6.3 Tensile moduli and crack-onset strains 

Polydimethylsiloxane (PDMS) substrates were prepared according to the 

manufacturer’s instruction at a ratio of 10:1 (base:crosslinker) and cured at room 

temperature for 36–48 h. PDMS strips (1 cm × 8 cm × 0.3 cm) were then cut out using a 

razor blade and stretched to strains of 4% using a computer-controlled stage (Newmark 

model ET-100-11) and clipped onto a glass substrate with binder clips. To transfer the 

polymer film onto the PDMS strip: the previously spin coated polymer film was then 

pressed onto the pre-stretched PDMS strip. The sample was then dipped into DI water for 

a time ranging from 30 s up to 20 min depending of the polymer. The sample was removed 
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from the water with tweezers and the glass substrate bearing the polymer was stripped of 

the PDMS leaving the polymer layer on top of the PDMS. The sample was dried in a 

desiccator under dynamic vacuum for 30 min. Finally the prestrained PDMS was released 

to form buckles. The buckled polymer films were observed with an optical microscope. 

Optical micrographs of the buckles were acquired and analyzed via an in-house MATLAB 

code. The tensile modulus of the PDMS was measured for each batch with a conventional 

pull-tester and the thickness of the each polymer film was measured using a Veeco Dektak 

stylus profilometer. The tensile modulus of the polymers was calculated using equation 

(3).   

𝐸𝑓 = 3𝐸𝑠 (
1−𝑣𝑓

2

1−𝑣𝑠
2) (

𝜆𝑏

2𝜋𝑑𝑓
)

3

         (3) 

Briefly, the buckling wavelength λb was plotted as a function of the film thickness df. The 

slope λb/df obtained by linear fit was then substituted in Equation (3) where Es is the PDMS 

substrate modulus, the Poisson ratios of the film (vf) and the PDMS substrate (vs) were 

assumed to be 0.35 and 0.5 respectively.20 We prepared our films to be within the range of 

~40 nm to 500 nm.4,19,24,25 To minimize the change of experimental error, we also used the 

slope of the linear fit (λb/df) between the three data points. Ductility of the films as 

manifested in a form of the crack-onset strains were measured using the same film-on-

elastomer method as described in previous work.23 The polymer films transferred onto 

unstrained PDMS were then stretched using a computer-controlled linear actuator with a 

step size of 0.5% strain. Each step was imaged through an optical microscope to observe 

the generation of cracks. The crack-onset strain of each film was defined as the strain at 

which the first crack was observed.  
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Abstract 

This paper examines the effect of conjugation break spacers—aliphatic units along 

the backbone of a semiconducting polymer that interrupt its π-conjugation—on the 

mechanical and photovoltaic properties of low-bandgap polymers. These materials, based 

on N-alkylated diketopyrrolopyrrole flanked by bithiophene units on either side, contain 

repeat units bearing from 0% (DPP-0) up to 100% (DPP-100) of the flexible moiety, in this 

case three methylene groups. This series of polymers, which also includes DPP-30, DPP-

50, and DPP-70, were originally designed to exhibit processability from the melt to form 

thin-film transistors, in which the log of the hole mobility was linearly related to the 

fraction of the monomer bearing the flexible moiety. The current paper shows that the 

mechanical properties—tensile modulus and crack-onset strain—are not related to the 

fraction of flexible units in a straightforward way. Rather, the mechanical properties are a 

strong function of the order present in the film. In particular, the modulus increases with 

decreasing full width at half maximum of the lamellar stacking peak measured from 

grazing-incidence X-ray diffraction. The photovoltaic power conversion efficiencies of 

these devices when mixed with [60]PCBM and casted between stretchable PEDOT:PSS 

(anode) and eutectic gallium-indium (cathode) decrease with increasing fraction of the 

aliphatic group. These studies highlight the difficulty in predicting the mechanical 

properties of a conjugated polymer solely by considering its molecular structure—even one 

bearing a large fraction of flexible groups along its backbone—as opposed to the way in 

which its molecular structure influences its packing structure in the solid state.  
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10.1 Introduction 

A recurring challenge in materials engineering is overcoming apparent mutual 

incompatibilities of useful physical properties. For example, conductivity and 

transparency,1 elasticity and impermeability,2 and mechanical deformability and charge 

transport3 are pairs of physical properties that derive their mutual exclusivity either from 

fundamental physical rules or simply from practical inconveniences. In the field of organic 

electronics, solubility of π-conjugated polymers necessitates alkyl side chains that in some 

cases reduce the charge-transport properties and in all cases limit the mechanical 

strength.4,5 For flexible and stretchable applications of these materials, where supplying 

mechanical strength is relegated to the substrate, the semiconductors should at least have a 

high elasticity (low modulus), elastic limit, strain at fracture, and toughness.6,7 The Mei 

group has recently introduced low-bandgap conjugated polymers bearing conjugation-

break spacers (CBSs, Figure 10.1, aliphatic units in the main chain with three or more 

methylene units), which offer increased solubility and the opportunity to process the 

materials from the melt.8 While the charge-carrier mobility (as measured in thin-film 

transistors) decreased with increasing fraction of the CBS units, the mobility was 

nonetheless sufficient for some applications (0.3 cm2 V–1 with up to 70% of the monomers 

bearing a CBS unit).8 Given the interest of the Lipomi group in molecularly stretchable 

electronics9—electronic materials that accommodate mechanical deformation in their bulk 

structures as opposed to in wrinkled structures—we sought to test the hypothesis that the 

flexibility of CBS units might provide a route to materials that maximized both charge-

transport and mechanical deformability for stable and stretchable electronics. In particular, 

this paper describes the mechanical and photovoltaic properties of these materials, and 
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correlates these results to recent measurements of the mobility and solid-state 

microstructure. 

 

Figure 10.1. Chemical structure of the polymers bearing conjugation-break spacers (CBSs) under study. In 

particular, this paper examines a series of five materials, where x = 100 (fully flexible), 70, 50, 30, and 0 

(fully conjugated). 

 

The ability to accommodate mechanical deformation without fracture is a 

prerequisite for using organic electronic devices in flexible, stretchable, and portable 

applications, in the outdoor environment (where they are subjected to a range of 

thermomechanical stresses) and even for fabricating them by roll-to-roll processing.10 

Despite the interest in using these materials for applications demanding mechanical 

deformability, the mechanical properties of low-bandgap polymers are generally 

unreported,7 and the molecular characteristics that determine these properties are not 

straightforward to predict.7,11 For poly(3-alkylthiophene)s (P3ATs), the compliance, yield 

point, and crack-onset strain all increase with increasing length of the alkyl side chain and 

with similar molecular weight, with A = heptyl (P3HpT) seeming to embody the best of 

both worlds in mechanical deformability and electronic performance (in solar cells).12–14 

The microstructure also plays a role, with increasing order being correlated to increased 
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stiffness and brittleness.15,16 The effect of main-chain rigidity is to increase the stiffness of 

the films, with fused rings in the main chain being stiffer than isolated rings, at least in 

preliminary observations.11,17–19 The effect of aliphatic groups in the main chain—however 

deleterious this modification is expected to be on the charge-transport properties—on the 

mechanical properties has not been investigated. 

 The Mei group has introduced CBS-containing polymers based on the donor-

acceptor architecture comprising diketopyrrolopyrrole flanked by two thiophene rings as 

the electron-deficient monomer alternating with bithiophene as the electron-rich subunit8 

(the polymer was originally called DPPT-2T by Janssen and coworkers).20 The CBS unit 

was introduced by substituting the bithiophene unit with an aliphatic propyl group with a 

thiophene ring at either end. Introduction of either the bithiophene unit or the unit with 

broken conjugation into the polymerization at various ratios produced materials with 

differing overall flexibility in the main chain (Figure 10.1): from DPP-100 (completely 

flexible) to DPP-0 (completely rigid). The goal of this work was to improve processability 

in two ways: increase solubility and introduce the ability to process conjugated polymers 

from the melt.8 While the increase in flexibility was correlated with a decrease in field-

effect mobility (the log of the hole mobility was linearly correlated with the ratio of the 

monomer bearing the aliphatic spacer), materials containing up to 70 wt% of the flexible 

monomer retained mobilities of ≥0.1 cm2 V–1 s–1. Moreover, the flexible polymers 

exhibited solubility of 50 mg mL–1
 and could be processed from the melt to form thin-film 

transistors. In a later paper, the authors also found that addition of as little as 1 wt% of 

DPP-100 to a solution of DPP-0 increased the field effect mobility by two orders of 

magnitude, even though the majority fraction contained broken conjugation in every repeat 
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unit.21 This finding was explained by the tie chain model, which predicts that the rigid 

DPP-0 chains—though present in a small weight fraction—provide bridges of 

uninterrupted conjugation between crystallites of DPP-100, which can permit charge 

transport through the π-stacking axis.21 

 Given the increased flexibility in the polymer backbone of an isolated chain bearing 

aliphatic groups compared to that of an all-conjugated chain, it stood to reason that a film 

comprising the more flexible polymer would have the greatest compliance and ductility. 

The mechanical properties of a film, however, are not dependent only on molecular 

structure, but also on how the molecules pack in the solid state.7,22,23 Interdigitation of side 

chains in the lamellar axis in particular is known to produce a stiff morphology in films of 

PBTTT.15 In the series from DPP-x where x = 0, 30, 50, 70, 100, Zhao et al. found that the 

lamellar stacking distance decreased monotonically, possibly because the greater average 

distance between side chains more easily accommodated side chains from opposing main 

chains within the crystallites.8 (Within this sequence, the band gap increased while the 

field-effect mobility decreased.)  The full-width-at-half-maximum (FWHM) of the 

lamellar stacking peak—a measure of crystalline order determined by grazing-incidence 

X-ray diffraction (smaller FWHM correlates with greater order)—exhibited a non-linear 

trend in which the DPP-0 had the greatest FWHM (least order), DPP-100 had the smallest 

FWHM (greatest order), and the FWHM increased in the series from DPP-30, DPP-50, and 

DPP-70 (decreasing order). The rationale for this finding is that DPP-0 has the least order 

because it permits the least interdigitation, while the opposite is true for DPP-100. In the 

series of polymers with increasing main-chain flexibility (x = 30, 50, 70), the order is 

intermediate but decreases somewhat within this series (the reason for this decrease is not 
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yet clear). Thus the predicted mechanical behavior could be consistent with one of two 

competing hypotheses, or a combination thereof. (1) The flexibility of the main chain 

determines the compliance and ductility of the film. (2) The order in the film determines 

these mechanical properties, with greater order producing greater stiffness and brittleness. 

The prediction regarding the photovoltaic properties could be stated somewhat more 

confidently, namely that the efficiency would mirror the field-effect mobility, and decrease 

from x = 0 to x = 100 (increased main-chain flexibility, poorer photovoltaic performance). 

 

10.2 Experimental design 

 We measured two mechanical properties using the film-on-elastomer methods: 

tensile modulus and crack-onset strain. The tensile modulus is the slope of the stress-strain 

curve in the elastic regime. It represents the force needed to deform a material elastically 

per unit area normal to the load. The total energy stored by the material per unit volume 

prior to plastic yield is termed the resilience. For deformable applications, it is thought that 

lower moduli would produce more stable devices because a highly elastically deformable 

film would minimize interfacial stresses between the active material and the substrate or 

the electrodes, which would typically be of a greater modulus. Moreover, for conjugated 

polymers, which generally have a molecular weight and low density of entanglements 

compared to polyolefins (because of their small degrees of polymerization and long 

persistence length), low tensile modulus is well correlated with high ductility. The tensile 

modulus was measured by the well-known buckling technique, where a film is deposited 

on an elastic substrate.24 Upon compression, the rigid film adopts a sinusoidal wrinkling 

pattern that can be related to the tensile modulus of the film. The ductility is measured by 
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the strain at which cracks first appear when the film is stretched while supported by an 

elastomeric substrate. This quantity—crack-onset strain—can be used as a proxy for the 

strain at which a device is likely to fail (though devices requiring lateral transport can 

sometimes survive even in the presence of cracks).25 

 Photovoltaic properties were measured by mixing the DPP-x series of polymers 

with [60]PCBM in a 1:2 ratio. Given our ultimate interest in deformable electronics, we 

used only stretchable electrodes, or PEDOT:PSS as the anode, and eutectic gallium-indium 

(EGaIn) as the reflective cathode.17 While the use of these electrode materials generally 

produces devices that are less efficient than those made using typical electrodes—i.e., 

indium-tin oxide as the anode and evaporated aluminum as the cathode—the performance 

of the devices is reproducible.17 Moreover, for our purposes, uncovering trends in the 

figures of merit was more important than producing the greatest absolute values.  

 

10.3 Results and discussion 

 The results of our mechanical measurements are summarized in Table 10.1. The 

tensile moduli of the five polymers occupied a range of nearly an order of magnitude, 

between 0.103 ± 0.05 GPa (DPP-70) and 0.931 ± 0.26 GPa (DPP-30). The modulus of the 

stiffest material (DPP-30) was typical of the ~1 GPa measured by our laboratory for P3HT 

and low-bandgap polymers.11,26 We observed that the crack-onset strains for the DPP-0 and 

DPP-100 were similar and lower than those of the DPP-30, 50, and 70. The lower values 

in the apparent ductility could be a manifestation of the lack of statistical randomness in 

the polymers.27 The lack of statistical randomness in the molecular structures could 

potentially explain the reduction in the π-π stacking distance of DPP-0 and DPP-100 when 
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compared to DPP-30, 50, and 70.8 Despite our first hypothesis that the DPP-100, with fully 

flexible backbone, would be the most ductile, we observed brittle fracture exclusively from 

the DPP-100 films. Furthermore, the most striking characteristic of the data is that the 

stiffness of the films are not correlated with the stiffness of the polymer chains. For 

example, the modulus actually increases from DPP-0 to DPP-30, indicating that not only 

were the mechanical properties of the film determined by the molecular structure, but also 

strongly dependent on the solid-state packing structure. Figure 10.2 plots the mechanical 

properties and the FWHM as reported by Zhao et al. The trends are partial inverses, with 

the stiffness and ductility highly correlated with the order (low FWHM). DPP-100 was 

observed to be the exception to the trend, where the low stiffness does not correlate with 

high ductility.  

 

Figure 10.2. Comparison of mechanical properties and microstructural data of the DPP-x polymers.  
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Table 10.1. Summary of the mechanical properties and the lamella peak FWHM of the polymers studied. 

The values of the lamella peak FWHM were reproduced from Ref. 8.  

Polymer Tensile modulus (GPa) Crack-onset strain (%) Lamella peak FWHM (Å–1) 

DPP-0 0.315 ± 0.21 3.5 ± 1.0 (pinholes) 0.044 

DPP-30 0.931 ± 0.26 4.5 ± 1.0 (pinholes) 0.038 

DPP-50 0.334 ± 0.13 7.0 ± 1.5 (pinholes) 0.039 

DPP-70 0.103 ± 0.05 12 ± 2.0 (pinholes) 0.041 

DPP-100 0.174 ± 0.07 3.0 ± 1.0 (brittle) 0.035 

 

The photovoltaic properties are illustrated in Figure 10.3a and the figures of merit 

are summarized in Table 10.2. The overall trend is for decreasing performance with 

increasing fraction of the CBS unit. Despite vastly different values between DPP-0 and 

DPP-30 of open-circuit voltage (Voc), short-circuit current density (Jsc), and fill factor (FF), 

the two polymers actually have the same overall power conversion efficiency (PCE, Table 

10.2) when combined with [60]PCBM. 

 

Figure 10.3. Photovoltaic properties and mobility of the DPP-x polymers. (a) Current density vs. voltage 

curves for DPP-x polymers when fabricated into photovoltaic cells with the architecture PEDOT:PSS/active 

layer/EGaIn. The active layers were spin-coated from a mixture 1:2 polymer:[60]PCBM at the concentration 

of 10 mg mL-1 in 1:4 ODCB:CHCl3. (b) Comparison between mobility and power conversion efficiency of 

the the DPP-x polymers. 
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Table 10.2. Summary of photovoltaic properties of the 1:2 DPP-x:[60]PCBM fabricated in this study. N ≥ 

12. The values of the mobility of the spin-coated films were reproduced from Ref. 8.  

Polymer 
VOC 

(mV) 

JSC 

(mA cm–2) 

FF 

(%) 

PCE 

(%) 

Mobility 

(cm2 V–1 s–1) 

DPP-0 610 ± 5.1 8.46 ± 0.35 42 ± 2.7 2.18 ± 0.18 3.52 

DPP-30 664 ± 4.6 4.98 ± 0.31 66 ± 1.2 2.17 ± 0.14 0.91 

DPP-50 675 ± 4.4 4.68 ± 0.56 59 ± 2.2 1.87 ± 0.20 0.27 

DPP-70 666 ± 4.0 3.07 ± 0.21 55 ± 1.5 1.13 ± 0.11 0.065 

DPP-100 690 ± 3.7 1.95 ± 0.08 48 ± 1.1 0.65 ± 0.04 0.014 

 

The PCE for these solar cells is compared to the field-effect mobilities for films 

cast spin-coating in Figure 10.3b. While the overall trend is that both mobility and PCE 

decrease with increasing ratio of the CBS, addition of 30 wt% of the monomer bearing 

the CBS has a large deleterious impact on the mobility of the polymer, but almost no 

effect on PCE. This observation is consistent with those observed in MEH-PPV and also 

poly(3-heptylthiophene), where acceptable photovoltaic performance is not predicted by 

poor field-effect mobility.13 

Finally, we explored Zhao et al.’s interesting observation that the blend of 1 wt% 

of DPP-0 in DPP-100 had a greater mobility than pure DPP-100 by a factor of nearly 100 

(nearly as high as that of pure DPP-0).21 The rationale was that the presence of rigid, high-

mobility tie chains of DPP-100 bridged the crystalline domains of DPP-100. We thus tested 

the hypothesis that the large weight fraction of the flexible DPP-100 in a 99:1 blend of 

DPP-100:DPP-0 would produce solar cells when combined with [60]PCBM with both high 

efficiency and mechanical compliance. Unfortunately, this experiment produced the “worst 

of both worlds”: the PCE was as low as the value obtained for pure DPP-100 and the 

polymer blend films were significantly stiffer (0.50 GPa) than DPP-100 alone (0.17 GPa). 

It appears thus that the effect of the tie chains of DPP-0 is negated by the presence of the 

[60]PCBM in the bulk heterojunction film, and that the tie chains of rigid DPP-0 not only 
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bridge the crystallites of DPP-100 electronically, but mechanically as well (i.e., the tie 

chains have a substantial stiffening effect). This result suggests another way in which 

mobility in thin-film transistors is not directly predictive of efficiency in bulk 

heterojunction solar cells, and also the intricacies of the way in which microstructure, along 

with the presence of impurities even in in small weight fractions, affects mechanical 

properties.  

 

10.4 Conclusion 

 This paper showed that the mechanical properties of conjugated polymers 

containing large fractions of subunits bearing flexible aliphatic groups cannot be predicted 

based only on the flexibility of the isolated molecules. Rather, the molecular structure must 

be combined with knowledge of its packing arrangement in the solid state. This work is 

also the first to show the effect of adding flexible groups along the conjugated backbone 

on the mechanical properties. Comparison with other work on the effect of the length of 

side chains, it is likely that side-chain engineering is more likely to be a successful strategy 

in producing conjugated polymers with increased flexibility, stretchability, and robustness 

than is main-chain engineering because of the effects of the main chain on microstructure 

which can be difficult to predict.    

 

10.5 Experimental methods 

10.5.1 Materials  

DPP-x polymers used for this work were described in a previous study by Zhao et 

al.,8 where synthesis method and characterization via NMR, TGA, DSC, AFM, GIXRD 
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and OFET device characterization are reported in details. Chloroform, ortho-

dichlorobenzene (ODCB), acetone, isopropyl alcohol (IPA), Zonyl (FS-300), eutectic 

gallium-indium (EGaIn), and [60]PCBM were obtained from Sigma-Aldrich and used as 

received. DMSO was purchased from BDH with purity of 99.9%. PEDLOT:PSS (Clevios 

PH1000) was purchased from Heraeus. PDMS, Sylgard 184, Dow Corning, was prepared 

according to the manufacturer’s instructions at a ratio of 10:1 (base:crosslinker) and cured 

at room temperature for 36 hours. For buckling-based experiments, the PDMS were cut 

into rectangular pieces (l = 8 cm, w = 1 cm, h = 0.3 cm); for crack-onset strain experiments, 

the rectangular pieces had the dimensions l = 8 cm, w = 1 cm, h = 0.15 cm.  

 

10.5.2 Tensile moduli and crack-onset strains  

For the measurements of the mechanical properties, the polymer films were 

prepared on glass substrates (2.5 cm × 2.5 cm) by spin-coating. The glass substrates were 

cleaned by bath sonication of Alconox solution, deionized water, acetone, and isopropanol 

for 10 min each and dried under compressed air before they were plasma treated for 3 min 

(30 W, 200 mTorr ambient air). All polymer solutions were prepared by dissolution in 

chloroform at 15 mg mL−1 concentration. The solution was stirred at room temperature for 

24 h before filtered through a 1 m glass microfiber filter. For the measurement of the 

tensile modulus, three different thicknesses of each polymer sample were prepared by 

varying the spin speed. The thickness range was controlled to be between 100 nm and 300 

nm. For the crack-onset strain, all films are prepared to have similar thicknesses, between 

150 nm to 200 nm. The polymer films transferred onto unstrained PDMS were then 

stretched using a computer-controlled linear actuator with a step size of 0.5% strain. Each 
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step was imaged through an optical microscope to observe the generation of cracks. The 

crack-onset strain of each film was defined as the strain at which the first crack was 

observed.  

 

10.5.3 Photovoltaic properties  

The photovoltaic devices were fabricated with the following architecture: 

PEDOT:PSS/polymer:PCBM/EGaIn. We first deposited a layer of PEDOT:PSS from an 

aqueous solution containing 92.9 wt% Clevios PH 1000 (~0.9–1.2 wt% PEDOT:PSS), 7 

wt% DMSO, and 0.1 wt% Zonyl fluorosurfactant as the transparent anode. The solution 

was filtered with a 1 µm glass microfiber syringe filter and then spin-coated at a speed of 

500 rpm for 4 min, followed by 2000 rpm for 30 s. The films were subsequently dried at 

150 °C for 30 min, resulting in the thickness of ~150 nm. The photoactive layers were 

deposited from spin-coating at a speed of 500 rpm for 4 min, followed by 2000 rpm for 30 

s from mixtures of 1:2 polymer:[60]PCBM (by mass) dissolved in 1:4 chloroform:ODCB 

at the concentration of 15 mg mL–1. The samples were then immediately placed in a 

nitrogen-filled glovebox. The electrical contacts were made by depositing EGaIn droplets 

(extruded by hand from a syringe) as the top contacts. The photovoltaic properties were 

measured in a nitrogen-filled glovebox using a solar simulator with a 100 mW cm–2 flux 

that approximated the solar spectrum under AM 1.5G conditions (ABET Technologies 

11016-U up-facing unit calibrated with a reference cell with a KG5 filter). The current 

density versus voltage was measured for both dark and under illumination using a Keithley 

2400 SourceMeter. 
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Abstract 

This paper describes a novel technique for measuring the photovoltaic properties 

of organic solar cells based on iterative mapping of one- and two-dimensional gradients in 

processing parameters using non-damaging liquid top electrode. Photovoltaic mapping, 

PVMAP, provides a tool for research to understand the effects of processing parameters on 

the photovoltaic properties without evaporating electrodes, enabling subsequent 

characterizations of the same substrates and significantly reducing the consumption of 

scarce compounds. We present facile techniques to obtain spatially resolved measurements 

of photovoltaic properties for gradients in processing parameters, e.g., annealing 

temperature and thickness of the active layer. Gradients in annealing temperature and 

restricted-flow spin-coating technique are employed to generate varying parameters onto a 

single substrate. A unique device architecture comprising a liquid metal—eutectic gallium 

indium—as the top electrode on a movable probe permits the repeatable and non-damaging 

measurement of photovoltaic properties and further investigations, i.e., UV-vis absorption 

spectroscopy. To validate the approach, we employ PVMAP on regioregular poly(3-

hexylthiophene) (P3HT) and a soluble fullerene derivative (PCBM). We extend the 

applications of PVMAP to demonstration its capability by investigating the new system 

comprising a low-bandgap polymer synthesized previously by our group. The combination 

of non-damaging electrode and the use of gradients provides a significant reduction in the 

amount of materials and time required to understand the effects of processing parameters 

on the performance of organic solar cells. 
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11.1 Introduction 

In recent years, advances in the field include development of highly efficient low-

bandgap π-conjugated polymers,1–3 new conditions for processing of thin films and 

fabrication of devices,4 structures of solid-state morphology,5 long-term stability of 

devices, photochemical degradation6 and mechanical stress.7 Organic solar cells based on 

π-conjugated polymers and small molecules require an order of magnitude less active 

material than other “thin-film” photovoltaic technologies. In addition, the extreme thinness 

of these devices confers mechanical compliance (e.g., flexibility and even stretchability),7–

9 along with the ability to manufacture devices in a roll-to-roll manner.10 The photovoltaic 

properties of organic solar cells are, however, notoriously sensitive to the morphology (e.g., 

size and orientation of crystallites), the composition of the active materials (e.g., ratio of 

electron donor to electron acceptor), and to external effects such as mechanical or 

photochemical degradation. While there has been some effort to standardize conditions of 

fabrication in order to compare results between laboratories,11,12 one area that has not been 

changed fundamentally is the serial nature of the experimental methodology by which 

photovoltaic properties are measured.   

Solar cells comprising novel materials require a considerable amount of effort to 

optimize for various processing parameters. Current experimental methods, in which 

several devices must be fabricated in series to test the effect of a single variable potentially 

introduced variability, which paints an incomplete picture of the parameters that determine 

the photovoltaic properties. This method also consumes copious amounts of precious, non-

commercial π-conjugated polymers and other materials.13 Therefore, only a small number 
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of variables for a new system of materials can be optimized. These limitations gave rise to 

either an uneconomical optimization or an incomplete understanding of the system.  

This paper describes a novel technique for measuring the photovoltaic properties 

of organic solar cells based on iterative mapping of one- and two-dimensional gradients in 

processing parameters using non-damaging liquid top electrode. Photovoltaic mapping, 

PVMAP, provides a tool for research to understand the effects of processing parameters on 

the photovoltaic properties without evaporating electrodes, enabling subsequent 

characterizations of the same substrates and reducing the consumption of scarce 

compounds. A non-wetting, liquid metal probe (eutectic gallium-indium, EGaIn14) was 

used to scan the surface of the semiconducting film, point-by-point. Each coordinate was 

treated as a single device with the active area correlated to the foot-print of the EGaIn 

droplet. The devices were then reused to obtain morphological information via UV-vis 

absorption spectra. The purpose of this study was to demonstrate the capability and 

generality of the technique to pinpoint the optimal processing conditions. Our results 

demonstrated that the technique is capable of (1) providing a convenient method to 

understand structure-property relationship in ultrathin organic films, (2) improving the 

quality and reproducibility of data by ensuring that photovoltaic and morphological data 

are collected on a single substrate, (3) reducing the waste in scarce materials and time 

associated with conventional, serial approaches in optimization, and (4) allowing for the 

systematic optimization of photovoltaic devices by mapping multiple gradients on a single 

substrate.  
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11.2 Experimental design 

11.2.1 Selection of materials 

 The goals of the experiments were to develop the rapid optimization technique 

using gradients in parameters. We selected two systems of organic solar cells to validate 

our findings. The blend of poly(3-hexylethiohene) and [6,6]-phenyl C61 butyric acid methyl 

ester (P3HT:PCBM) was selected because it is the standard materials in the literature with 

decent performance and commercial possibility.15,16 To show the generalization of the 

technique, we also selected a novel system of PCBM and a low-bandgap polymer based on 

N-alkylated diketopyrrolopyrrole, PDPP2FT-seg-2T, that was previously synthesized by 

our group but the parameters of fabrication for the solar cells have never been optimized.17 

The purpose of the experiment is to demonstrate the usefulness of the technique to arrive 

at the two optimal parameters—film thickness and annealing temperature—with minimal 

materials and sample numbers.  

  

11.2.2 Selection of gradients in parameters 

The two gradients in parameters were chosen because (1) both film thickness and 

annealing temperature can be precisely measured at every location and (2) both parameters 

significantly affect the performance of the organic solar cells. Thermal annealing 

temperature has been shown to significantly affect the morphology of the bulk 

heterojunctions and the photovoltaic performance. Verploegen et al. demonstrated the 

effects of thermal annealing temperature on the pure P3HT films and its blend with PCBM 

via grazing incident X-ray scattering (GIXS), showing the re-orientation of P3HT lamella 

parallel to the substrate and slight crystallization of PCBM.18 Similarly, Zheng et al. 
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investigated the film morphology and nanostructure of PCBM films when subjected to 

varying annealing temperatures.19 These changes in the morphology of the BHJ directly 

translate directly into the performance of the devices.20 Furthermore, the optimal annealing 

temperature differs for each system even for systems depending on the identity, the 

composition, and the initial morphology of the bulk heterojunction. For example, Friedel 

et al. discovered that the optimal annealing temperatures for different poly(3-

alkylthiophenes) changes significantly depending on the length of the alkyl side chains.21 

Similarly, the thickness of the active layer have been shown to strongly impact the 

electrical and optical properties of the photovoltaic devices.22–24 Predicting the optimal film 

thickness for a novel system is challenging due to the differences in the absorption 

coefficients, charge transport properties, and thin-film interference.23 The architecture of 

the device, the refractive indices, and the extinction coefficients of the layers (substrate, 

transparent electrode, and active layer) contributed to the absorption profiles of the device 

that is not a trivial function of the layer thicknesses.22,25 Understanding the effects of these 

two parameters for every novel system is extremely time- and material-consuming and 

could potentially lead to an incomplete characterization. Specifically, at least four separate 

device substrates must be fabricated to evaluate the photovoltaic performance for each 

annealing temperature or film thickness; for typical 1 in × 1 in substrates, at least 1 mL of 

solution will be consumed to validate the effect of a single parameter.  

 

11.2.3 PVMAP and device fabrication  

The architecture of the solar cells for this study was chosen to facilitate the 

removable and non-permanent top electrode. We started by depositing a layer of 
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PEDOT:PSS containing 7% DMSO and 0.1% Zonyl fluorosurfactant (by weight) as the 

transparent electrode.26 The active layers were deposited by spin-coating from a solution 

of 1:1 P3HT:PCBM or 1:2 PDPP2FT-seg-2T:PCBM. The detailed experimental 

procedures are outlined in the experimental method section. Eutectic gallium indium 

(EGaIn) suspended on a movable probe was used as the top electrode to complete the 

circuit. A micromanipulator with degrees of freedom along thw x, y, and z axes was used 

to position the top electrode to obtain spatially resolved photovoltaic figures of merits—

short circuit current density (JSC), open circuit voltage (VOC), fill factor (FF), and power 

conversion efficiency (PCE)—of the OSCs. Photographs, taken from below the samples, 

were used to determine the contact areas between the EGaIn probe and the sample surface. 

This contact area was then used as the active area of each devices. The solar cell 

architecture of PEDOT:PSS/active layer/EGaIn has been demonstrated as an alternative to 

the common architecture with comparable efficiency in some systems.27 We chose EGaIn 

because it facilitated the rapid characterization of our device and in an inert atmosphere, 

e.g. Nitrogen-filled glovebox, it can be placed and displaced without fouling of the device 

surface, Figure 11.1. EGaIn is a non-volatile, non-toxic alternative to mercury that does 

not permanently wet hydrophobic surfaces with which it comes into contact.28 
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Figure 11.1. Schematic diagram of the architecture of the organic solar cells studied in this work. (a) Movable 

probe with liquid metal, eutectic gallium indium (EGaIn), was used as the removable and non-permanent top 

electrode. (b) Micromanipulator with XYZ motions was used to position the top electrode to obtain spatially 

resolved photovoltaic measurements of the OSCs. The architecture of the OSCs are PEDOT:PSS/active 

layer/EGaIn.  

 

11.3 Results and discussion 

11.3.1 Temperature gradients for thermal annealing 

 Figure 11.2a shows the schematic diagram of the generation of temperature 

gradients for thermal annealing, and the detailed experimental procedures are outlined in 

the experimental methods. Briefly, the photoactive layer was uniformly spin-coated onto a 

layer of PEDOT:PSS on a glass substrate (3 in × 1 in). The sample was then placed on an 

aluminum fin and placed perpendicular on the hot plate to create a thermal fin. By setting 

the nominal temperature of the hot plate at either 150C or 250C, we obtained two 

different temperature gradient profiles with the temperature ranges of 120C to 175C and 

45C to 105C, as shown in Figure 11.2b. The temperature at each location on the samples 

was measured using a digital thermometer. The surface temperature profiles were fitted by 

modeling the aluminum substrate as a one-dimensional fin with the boundary conditions 

of a fixed temperature at the hot plate end and a convective heat flux at the tip.  
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Figure 11.2. Temperature gradients for thermal annealing of organic solar cells. (a) Schematic diagram of 

the one-dimensional fin used for generating temperature gradients. (b) Temperature profiles of two separate 

fins with different hot plate temperature, TH. (c) Power conversion efficiency of P3HT:PCBM (1:1 mass 

ratio) as a function of annealing temperature using the two temperature gradient profiles (black circles and 

squares) and the values obtained from sample-by-sample measurements (blue stars). (d) Power conversion 

efficiency of PDPP2FT-seg-2T:PCBM (1:2 mass ratio) as a function of annealing temperature on temperature 

gradient profiles.  

 

 To validate our method, we fabricated solar cell devices based on the blend of 

P3HT:PCBM and annealed them using the temperature gradient. Using PVMAP, we 

obtained the photovoltaic properties as a function of the annealing temperature. The device 

architecture of PEDOT:PSS/active layer/EGaIn have been shown to be a viable alternative 

to the typical architecture of ITO/PEDOT:PSS/active layer/Ca/Al.27 More importantly, the 

use of liquid metal electrode, EGaIn, allowed us to generate spatially resolved map of the 

photovoltaic properties through the organic thin films without permanently depositing 

metal on or fouling the surface of the devices. Using this method, the contact area of the 

EGaIn droplet, as measured by analyzing the photograph obtained at the time of each 
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measurement, was used as the active area for the effective solar cell devices. The typical 

contact area of the EGaIn droplets were measured to be on the order of 3 mm2. The locally 

measured photovoltaic properties—short circuit current density (JSC), open circuit voltage 

(VOC), fill factor (FF), and power conversion efficiency (PCE)—were averaged over four 

samples.  As shown in Figure 11.2c, the PCE of the P3HT:PCBM devices annealed using 

the two temperature gradients was plotted as a function of annealing temperature. We 

observed the maximum PCE of P3HT:PCBM devices at the annealing temperature of 

125C of 2.5 ± 0.03 %, which agreed well with the commonly found optimal annealing 

temperature in literature for the same device architecture (PEDOT:PSS/active 

layer/EGaIn)29 and typical architecture (ITO/PEDOT:PSS/active layer/Ca/Al).30 To further 

validate our method, we fabricated individual solar cells of P3HT:PCBM and annealed 

them separately at the temperature of 75, 100, 125, 150, 175, and 200C. The average 

values (N ≥ 4) of the PCE of these reference devices, along with the as-cast devices, shown 

in Figure 11.2c (stars) exhibited the same trends as the sample with thermal gradients. We 

applied the same experimental procedure to a novel low-bandgap polymer, PDPP2FT-seg-

2T, to determine the optimal annealing temperature. Figure 11.2d shows the PCE of the 

1:2 PDPP2FT-seg-2T:PCBM devices as a function of annealing temperature. Similar to 

the P3HT:PCBM, we observed a single maximum value of PCE at approximately 75C.  

 

11.3.2 Thickness gradients of the active layer 

 We fabricated solar cell devices comprising thickness gradients for both the 

polymer blends, P3HT:PCBM and PDPP2FT-seg-2T:PCBM using the modified flow-

restricted spin-coating parameter, Figure 11.3a. Briefly, before the photoactive layer was 
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deposited onto the glass substrate (3 in × 1 in) with a PEDOT:PSS layer spin-coated 

uniformly, a PDMS rectangle was placed across the width of the substrate to create an 

effective area of 2 in × 1 in. The substrate with the PDMS rectangle was then placed onto 

the spin-coater off-center such that the center of rotation is placed at the edge of the PDMS 

rectangle, inset of Figure 11.3b. The PDMS rectangles provide a low-energy surface that 

push the solution away from the center of rotation and restricted the flow of the solution in 

order one direction. Off-centered spin-coating has been used previously in literature to 

study the effect of drying rate on the morphology of BHJ;31–33 however, the technique has 

never been used to generate significant film thickness gradients. The characteristic 

thickness gradient is shown in Figure 11.3b, where the film of P3HT:PCBM (40 mg mL–

1) was spin-coated using this modified method is compared to the film thickness if the 

sample were spin-coated without the PDMS rectangle. The active layer thickness varied 

from 40 nm to 200 nm over the span of 5 cm, for P3HT:PCBM devices using the spin-

speed of 1000 rpm. We investigated the effect of varying the spin speed using the spin rate 

of 500, 1000, and 1500 rpm; as shown in Figure 11.3c, the thickness profile of the 

P3HT:PCBM on a single device depended heavily on the spin-speed.34 As expected from 

standard spin-coating, the faster spin rate resulted in a thinner gradient profiles. In addition, 

the effect of the low-energy surface of PDMS was more pronounced when coupled with 

higher spin-speed. We observed a sudden increase in film thickness near the location of 

the PDMS rectangle. These initial slopes are less pronounced at slower spin rate. Similarly, 

the properties of the solution also had significant effects on the generated thickness profile. 

Figure 11.3d demonstrates the differences in the thickness profile of P3HT:PCBM and 

PDPP2FT-seg-2T:PCBM films. The higher concentration and the slower rate of 
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evaporation of the P3HT:PCBM solution (1:1, 40 mg mL–1, ODCB) when compared to the 

solution of PDPP2FT-seg-2T:PCBM (1:2, 10 mg mL–1, 1:4 ODCB:CHCl3) led to the 

gradients with thicker films at the each position.  

 

Figure 11.3. Thickness gradients of the active layer for organic solar cell. (a) Schematic diagram depicting 

the modified process of restricted-flow spin-coating to generate the thickness gradient profile. (b) 

Comparison between the film thickness profiles generated from typical spin-coating and restricted-flow spin 

coating at 1000 RPM of the solution of P3HT:PCBM (40 mg mL–1, ODCB). The inset shows the photograph 

of the same sample. The thickness gradient profiles are heavily dependent on the spin-speed (c) and the 

properties of the solution (d). Power conversion efficiency as a function of active layer thickness for 

P3HT:PCBM (e) and PDPP2FT-seg-2T (f).  
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 Using the generated thickness gradients for both polymer solutions, we measured 

the spatially resolved photovoltaic properties as a function of the film thickness. As shown 

in Figure 11.3e, we observed a clear optimal thickness at 200 nm and a secondary optimal 

point near 100 nm for P3HT:PCBM, which agreed well with previously reported 

values.23,35 Similarly, the trend of the thickness dependent PCE correlated well with the 

previous studies.22,23 For the PDPP2FT-seg-2T:PCBM devices, we observed an optimal 

thickness at approximately 100 nm, which is similar to the reported optimized thickness 

for system comprising PDPP2FT.36  

 

11.3.3 Two-dimensional gradients and UV-vis measurements 

 In order to extend our application of PVMAP, we fabricated samples of 

P3HT:PCBM comprising both thickness and annealing temperature onto the same 

substrates. Figure 11.4a shows the sample with thickness gradient along the horizontal 

axis and the annealing temperature gradient along the vertical axis. The fabrication process 

of thickness gradient was kept the same except the size of the glass substrates, which were 

3 in × 2 in. The PDMS rectangles were placed to create an effective area of 2 in × 2 in. The 

rows—A, B, C, and D—represent the different annealing temperature (Figure 11.4b top); 

and the columns—1, 2, 3, and 4—represent the different film thickness (Figure 11.4b 

bottom).  
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Figure 11.4. Two-dimensional gradient comprising both thermal annealing and thickness gradients on a 

single substrate. (a) Photograph of a two-dimensional gradients of P3HT:PCBM solar cell device. The 

positions A, B, C, and D represent the different annealing temperature (b, top) and the positions 1, 2, 3, and 

4 represent the different film thickness (b, bottom). Photovoltaic measurements were taken at 16 positions, 

corresponding to the different thicknesses and annealing temperatures. (c) Contour plot of the power 

conversion efficiency for the 16 positions. (d) Contour plot for the fraction of P3HT aggregate measured 

from applying the weakly H-aggregate model to the UV-vis absorption spectra obtained from the 16 locations 

after the photovoltaic properties were taken.  

 

We obtained the photovoltaic measurement at 16 positions, the cross combination 

of the four rows and four columns. The PCE at each positions are plotted on a contour plot 

in Figure 11.4c. Each value shown was an average of four samples. The optimal 

combination of annealing temperature and film thickness were found to be at the position 

B2 and B3, corresponding to the interpolated annealing temperature of 130 C and the film 

thickness of between 150 and 180 nm. The results agreed qualitatively with the thermal 

annealing and thickness gradients measured in the previous sections. The slight 

inconsistencies may have arisen from the small sample collection size; only 16 locations 
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were samples, 4 for each gradient. After the photovoltaic measurements, the same samples 

were then used to obtain the UV-vis absorption spectra at the 16 locations to collaborate 

the microstructural data with the photovoltaic performance. Order in P3HT can be 

determined using a widely practiced method based on the work of Spano and coworkers, 

who showed that the UV-vis spectra can be deconvoluted into contributions from the 

aggregated and amorphous phases using the weakly interacting H-aggregate model.37 The 

contribution of the PCBM were subtracted out from the UV-vis spectra obtained from the 

P3HT:PCBM films before the analysis. The ratio of these contributions, after taking into 

account the unequal absorption coefficients of the aggregate and the amorphous domains, 

can be used to determine the percent aggregated polymer. Using this method, we obtained 

the aggregate fractions of the P3HT as a function of both thermal annealing temperature 

and the film thickness, Figure 11.4d. Analysis of the spectra revealed that the range of 

polymer aggregate fraction ranged from 44% to 53%. The higher aggregate fractions were 

found at the locations B1 and C1, approximately corresponding to the annealing 

temperature of 130C and 155C and film thicknesses of 95 nm. Previously for samples of 

the same thicknesses, higher polymer aggregate fractions have been shown to produce 

more efficient solar cells.38 However, we observed the optimal PCE at the position with a 

lower percent aggregate. We attributed this finding to the higher total light absorption at 

the locations with higher film thicknesses. The possibility of co-dependent parameters 

could be a limitation to this technique; however, with finer resolution of sampling size, this 

limitation could be mitigated.  
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11.4 Conclusion 

 This paper described a new technique for measuring the photovoltaic properties of 

organic solar cells and rapidly optimize the processing parameter, PVMAP, which 

provided insights on the effects of annealing temperature and film thickness for novel 

systems. We applied both gradients in annealing temperature and film thickness on a well-

known system of P3HT:PCBM as well as a novel system of PDPP2FT-seg-2T:PCBM; in 

addition, samples comprising both gradients on the same substrates were fabricated using 

P3HT:PCBM as the photoactive layer. Experimental results for P3HT:PCBM agreed well 

with previously reported optimal annealing temperature and film thickness measured via 

sample-by-sample measurements. We obtained the optimal processing condition for the 

new polymer synthesized in house, PDPP2FT-seg-2T. Results from two-dimensional 

gradient experiments suggested the generality and practicality of the method to rapidly and 

economically screen the two processing parameters. Our findings may be useful for fast 

screening of new materials without the concern of wasting materials and overlooking 

potentially viable polymers.  

 

11.5 Experimental methods 

11.5.1 Materials 

 Regioregular poly(3-hexylthiophene) (P3HT) and [6,6]-phenyl C61 butyric acid 

methyl ester (PCBM) were obtained from Sigma-Aldrich and used as received. 

PEDOT:PSS (Clevios PH1000) was purchased from Heraeus. DMSO was purchased from 

BDH with purity of 99.9%, and Zonyl (FS-300) fluorosurfactant was purchased from 

Sigma-Aldrich. All reagents were obtained from commercial suppliers and used without 
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purification. Chloroform (CHCl3), ortho-dichlorobenzene (ODCB), acetone, isopropyl 

alcohol (IPA) were obtained from Sigma-Aldrich. Eutectic gallium indium was obtained 

from Alfa Aesar. Conductive silver paint was obtained from Ted Pella Inc. PDMS, Sylgard 

184 (Dow Corning), was prepared according to the manufacturer’s instructions at a ratio 

of 10:1 (base:cross-linker) and cured at room temperature for 36 h before it was used. 

PDPP2FT-seg-2T was synthesized and fully characterized by our group previously.17  

 

11.5.2 Preparation of solutions and glass substrates 

 The solution of P3HT:PCBM was prepared by dissolving a 1:1 mixture by weight 

of P3HT and PCBM in ODCB at the concentration of 40 mg mL–1. The solution of 

PDPP2FT-seg-2T:PCBM was prepared at a 1:2 ratio of polymer:PCBM at 10 mg mL–1 in 

1:4 ODCB:chloroform. The solutions were stirred using a magnetic stirrer for 36 h and 

filtered through a 1 µm glass microfiber filter. The glass substrates were cleaned by bath 

sonication of Alconox solution, deionized water, acetone, and isopropanol for 10 min each 

and dried under compressed air before they were plasma treated for 3 min (30 W, 200 

mTorr ambient air).  

 

11.5.3 Thermal annealing gradients 

 In the thermal gradient studies, the devices are fabricated as followed. A layer of 

PEDOT:PSS was spin-coated onto clean glass substrates (7.62 cm × 2.54 cm, 3 in × 1 in) 

at 500 rpm for 240 s, followed by 2000 rpm for 30 s. The films were then dried at 150 C 

for 30 min. The photoactive layers were subsequently spin-coated on the PEDOT:PSS 

layer. For P3HT:PCBM, the spin parameters were 500 rpm for 240 s, followed by 2000 
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rpm for 30 s. Films of PDPP2FT-seg-2T:PCBM were spin-coated at 1000 rpm for 240 s 

and 2000 rpm for 30 s. To create the gradient in annealing temperature, the samples were 

placed on a aluminum fin (length = 15.24 cm, width = 3.175 cm, depth = 0.1588 cm) and 

then placed perpendicular on a hotplate to create a heating fin with an effective length of 

15.24 cm. The nominal surface temperature was set at either 150 C or 250 C; the ambient 

temperature in the N2 filled glovebox was assumed to be constant at 23.2 C. The samples 

were annealed for 30 min on the aluminum fin and cooled to room temperature for 20 min. 

Surface temperatures of the samples were measured at specific points using a digital 

thermometer. The surface temperature profiles were fitted by modeling the aluminum 

substrate as a one-dimensional fin with the boundary conditions of a fixed temperature at 

the hot plate end and a convective heat flux at the tip. The heat conductivity of aluminum 

was set at a constant value of 250 W m-1 K-1. The heat transfer coefficient h was fitted 

using a least-squares method.  

 

11.5.4 Film thickness gradients 

 For samples with film thickness gradients, the PEDOT:PSS layers were prepared 

using the same conditions as the samples with thermal annealing gradient on clean glass 

substrates with dimensions of 7.62 cm × 2.54 cm (3 in × 1 in). Before spin-coating of the 

photoactive layer, a PDMS rectangle (l = 3 cm, w = 1 cm, d = 3 mm) was placed on top of 

the PEDOT:PSS film perpendicular to the length of the glass substrate to create an effective 

area of 2 in × 1 in, the inset of Figure 11.3b. The substrate with the PDMS rectangle was 

then placed on the spin-coater with the center of rotation on the edge of the PDMS rectangle 

as shown in the inset of Figure 11.3b. For P3HT:PCBM, the parameters were 1000 rpm 



387 

 

 

 

for 4 min and 2000 rpm for 30 s, and for PDPP2FT-seg-2T, 500 rpm for 4 min and 2000 

rpm for 30 s. The film thickness at each position was measured using a stylus profilometry. 

P3HT:PCBM substrates were annealed uniformly at 125C; PDPP2FT-seg-2T:PCBM 

substrates were not annealed.  

 

11.5.5 Generation of samples comprising two-dimensional gradients 

 Samples comprising 2D gradients were fabricated on glass substrates with the 

dimensions of 7.62 cm × 5.08 cm (3 in × 2 in). The PEDOT:PSS layer was spin-coated 

over the whole glass substrate using the same parameters as above. Before depositing the 

photoactive layer, a PDMS rectangle (l = 6 cm, w = 1 cm, d = 3 mm) was placed to create 

an effective area of 2 in × 2 in, Figure 11.4a. The active layers were then spin-coated at 

1000 rpm for 240 s and 2000 rpm for 30 s to generate the thickness gradient. The samples 

were then placed on an aluminum fin (length = 15.24 cm, width = 6.350 cm, depth = 0.1588 

cm) and placed perpendicular on top of the hot plate. The samples were placed on the 

aluminum fin such that the thickness gradient is perpendicular to the thermal annealing 

gradient, Figure 11.4a. The nominal temperature of the hot plate was set at 250C; the 

samples were annealed for 30 min and cooled to room temperature for 20 min.    

 

11.5.6 Measurement of photovoltaic properties using PVMAP 

 The photovoltaic properties were measured in a nitrogen-filled glovebox using a 

solar simulator with 100 mW cm–2 flux under AM 1.5G condition (ABET Technologies 

11016-U up-facing calibrated using a reference cell with a KG5 filter. The current density 

versus voltage was measured using a Keithley 2400 SourceMeter. The movable probes 
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were fabricated by mounting 3 mL Luer-Lock syringes onto the XYZ micropositioner. The 

tips of the syringes were made conductive by multiple coatings of conductive silver paint. 

Copper wires were used to complete the circuit. EGaIn was then extruded slowly from the 

syringe to create a stable suspension. The syringe with the EGaIn tip was then lowered 

onto the surface of the sample, via a micropositioner with degrees of freedom in x, y, and 

z axes, to create an electrical contact. Photographs taken from below, above the light 

source, of the contact between EGaIn and the samples were used to determine the active 

area of the solar cells. After each measurement, the syringe was raised slowly and moved 

to a new location of measurement.  

 

11.5.7 UV-vis absorption spectroscopy and weakly interacting H-aggregate model 

 The absorbance of the materials was measured using an Agilent 8453 UV-vis 

spectrophotometer. The wavelength range measured was 300–850 nm with a step size of 1 

nm. A film of PEDOT:PSS on glass substrate was used as a baseline for the absorption to 

account for the contribution to the absorption spectra. The weakly interacting H-aggregate 

model was then used to perform a least squares fit to the absorption spectra between 550 

and 620 nm (2.25 and 2.00 eV) using a Matlab program. The initial spectra of P3HT:PCBM 

were initially normalized by setting the lowest point between 670 and 750 nm to zero and 

then normalizing to the peak between 480 and 560 nm. The contributions from PCBM were 

subtracted out using the absorption spectra of the pure PCBM annealed at corresponding 

temperature. The window for each of the measurement were 0.635 cm × 0.635 cm.  
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A.1 Experimental data for tensile moduli of P3AT films and P3AT:PCBM films 

 

 

Figure A.1. Buckling wavelength vs. film thickness for P3AT and P3AT:PCBM films. (a) P3BT and 

P3BT:PCBM, (b) P3HT and P3HT:PCBM, (c) P3OT and P3OT:PCBM, and (d) P3DDT and P3DDT:PCBM. 

The ratio between P3ATs and PCBM was 2:1 (w/w). 
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Figure A.2. Buckling wavelength vs. film thickness of P3HT:PCBM spin-coated from ODCB with and 

without processing additives: (a) no additive, (b) 2% 1,8-diiodooctane, (c) 0.5 mg/mL PDMS. The ratio 

between P3HT and PCBM was 2:1 (w/w).   
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A.2 AFM images of P3AT films and P3AT:PCBM films  

 

Figure A.3. Atomic force microscopy phase images of P3BT, P3BT:PCBM, P3HT, and P3HT:PCBM films 

spin-coated on Si wafer with no annealing. The ratio between the P3AT and PCBM was 2:1 (w/w).  
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Figure A.4. Atomic force microscopy phase images of P3OT, P3OT:PCBM, P3DDT, and P3DDT:PCBM 

films spin-coated on Si wafer with no annealing. The ratio between the P3AT and PCBM was 2:1 (w/w).  
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A.3 Theoretical calculation of the tensile modulus for pure P3AT films 

 Our method of calculation was developed from Seitz1 and Tahk et al.2 The tensile 

modulus was calculated as a function of the bulk modulus, B, and the Poisson’s ratio, ν, as 

given by equation 2, 

𝐸 = 3𝐵(1 − 2𝜐)         (𝟐) 

The Poisson’s ratio is a function of van der Waals volume and the molecular structure of 

the monomer. The bulk modulus is a function of cohesive energy and molar volume at 

room temperature and at 0 K. We divided the calculation into these two sections. 

 

A.3.1 Poisson’s ratio, van der Waals volume 

 The Poisson’s ratio was modeled from the empirical data relating the ratio to the 

polymer molecular cross-sectional area, A,1 

𝜈 = 0.513 − 2.37 × 106√𝐴          (𝟓) 

This cross-sectional area, A, can then be related to the van der Waals volume, Vw, and the 

length of the main chain of the monomers, lm, by 

𝐴 =
𝑉w

𝑁A𝑙m
          (𝟔) 

where NA is Avogadro’s number. Both Vw and lm are estimated from the structure of the 

monomer. Figure S5 shows the definition of lm for each P3AT; because lm is the length of 

the main chain only (and not dependent on the side chain), we used the same values for all 

P3ATs, 0.434 nm.2 
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 We used the same topological method presented by Tahk et al.2 to evaluate the van 

der Waals volume, Vw, 

𝑉𝑤 ≈ 3.861803 
0

𝜒 + 13.748435 
1

𝜒𝑣          (𝑺𝟏) 

where 0χ and 1χv are the zeroth-order atomic and first-order bond connectivity indices: 

 
0

𝜒 = ∑ (
1

√𝛿
)

𝑣𝑒𝑟𝑡𝑖𝑐𝑒𝑠

  ,  
1

𝜒𝑣 = ∑ (
1

√𝛽𝑣
)

𝑒𝑑𝑔𝑒𝑠

          (𝑺𝟐, 𝑺𝟑) 

βv is the product of two values of δv for a given edge as shown by equation S4. 

𝛽𝑣 = 𝛿𝑣 × 𝛿𝑣          (𝑺𝟒) 

The values of δ and δv are given in Figure S5. δ is the number of non-hydrogen atoms to 

which a given non-hydrogen atom is bonded. δv is the valence connectivity index as 

calculated by equation S5.  

𝛿𝑣 =
(𝑍𝑣 − 𝑁𝐻)

(𝑍 − 𝑍𝑣 − 1)
          (𝑺𝟓) 

Where Zv and Z are the number of valance electron of an atom and its atomic number, 

respectively. NH is the number of hydrogen attached to the atom.  

Table A.1. Values used to calculate the Poisson’s ratio of the pure P3ATs 

 
Lm (nm)  

0
𝜒 

1χv Vw (cm3/mole) 𝜈 

P3BT 0.434 
6.27 4.11 80.74 0.381272 

P3HT 0.434 
7.68 5.11 99.95 0.366437 

P3OT 0.434 
9.10 6.11 119.16 0.352972 

P3DDT 0.434 
11.92 8.11 157.58 0.328974 
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Figure A.5. Schematic for the calculation of lm, δ, and δv for P3BT, P3HT, P3OT, and P3DDT. 

A.3.2 Bulk modulus, cohesive energy, and molar volume 

 The bulk modulus was estimated from the Lennard-Jones potential. The bulk 

modulus can be defined as, 

𝐵 = 𝑉
𝜕2𝑈

𝜕𝑉2
            (𝑺𝟔) 

Where, V is the molar volume and U is the internal energy. We can express the Lennard-

Jones potential in terms of the molar volume, 
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𝑈 = 𝑈0 [(
𝑉0

𝑉
)

4

− (
𝑉0

𝑉
)

2

]          (𝑺𝟕) 

From substituting the relationship between the molar volume and the molar radius 

(equation S8) into the model of the Lennard-Jones potential (equation S9), 

𝑉0

𝑉
= (

𝑟0

𝑟
)

3

           (𝑺𝟖) 

𝑈 = 𝑈0 [(
𝑟0

𝑟
)

12

− (
𝑟0

𝑟
)

6

]          (𝑺𝟗) 

We used the same empirical relationship between U0 and Ecoh1 to give the resulting 

expression of the bulk modulus, 

𝐵(𝑇) ≈ 8.23333𝐸𝑐𝑜ℎ1 [
5𝑉0

4

𝑉(𝑇)5
−

3𝑉0
2

𝑉(𝑇)3
]          (𝟑) 

The cohesive energy was estimated using the method outline by Fedor.3 The method relies 

on predicting the solubility of the polymer using the molecular structure of the monomer. 

Ultimately, the cohesive energy can be expressed as a function of the first-order bond 

connectivity indices with the correction factor, specifically calculated for P3ATs.3 

𝐸𝑐𝑜ℎ1 ≈ 9882.5 
1

𝜒𝑣 + 5021.8          (𝑺𝟏𝟎) 

Values for molar volume were calculated using the empirical correlations depending on 

the range of the Tg of the polymer of interest. We used three different equations 

corresponding to the polymer with Tg higher than room temperature (P3BT), Tg close to 

room temperature (P3HT), and Tg below room temperature (P3OT and P3DDT),1 
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𝑉𝑃3𝐵𝑇 = 𝑉𝑤 (0.15
𝑇

𝑇𝑔
+ 1.42)          (𝑺𝟏𝟏) 

𝑉𝑃3𝐻𝑇 = 𝑉𝑤 (0.225
𝑇

𝑇𝑔
+ 1.57)          (𝑺𝟏𝟐) 

𝑉𝑃3𝑂𝑇,𝑃3𝐷𝐷𝑇 = 𝑉𝑤 (0.30
𝑇

𝑇𝑔
+ 1.27)          (𝑺𝟏𝟑) 

Table A.2. Values used to calculate the bulk moduli and tensile moduli of the pure P3ATs 

 Tg (K)4 
V 

(cm3/mole) 
V0 

(cm3/mole) 
Ecoh1 

(J/mole) 
B (GPa) E (GPa) 

P3BT 331.85 125.5325 114.6564 45663.08 2.925996 2.084391 

P3HT 287.15 180.2668 156.9274 55545.58 1.517079 1.215752 

P3OT 258.95 192.4779 151.3378 65428.08 0.157497 0.138939 

P3DDT 251.05 256.2469 200.1308 85193.08 0.083258 0.085436 

 

A.4 Theoretical calculation of the tensile modulus for P3AT:PCBM films 

 For the blends of P3AT:PCBM, we employed a composite theory2 that relates the 

tensile modulus of the pure film to that of the composite film as a function of Poisson’s 

ratio, volume fraction of the filler (PCBM) and the maximum packing fraction of PCBM. 

The methodology was detailed by Tahk et al.2 

𝐸𝑃3𝐴𝑇:𝑃𝐶𝐵𝑀

𝐸𝑃3𝐴𝑇
=

1 + 𝐴𝐵𝜙𝑃𝐶𝐵𝑀

1 − 𝐵𝜓𝜙𝑃𝐶𝐵𝑀
             (𝑺𝟏𝟒) 

𝐴 =
7 − 5𝜈𝑃3𝐴𝑇

8 − 10𝜈𝑃3𝐴𝑇
, 𝐵 =

𝐸𝑃𝐶𝐵𝑀

𝐸𝑃3𝐴𝑇
− 1

𝐸𝑃𝐶𝐵𝑀

𝐸𝑃3𝐴𝑇
+ 𝐴

 , 𝜓 = 1 +
1 − 𝜙𝑚

𝜙𝑚
2

𝜙𝑃𝐶𝐵𝑀          (𝑺𝟏𝟓) 
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Where Ei’s are the tensile moduli of either pure P3ATs, P3AT:PCBMs, or PCBM, ν is the 

Poisson’s ratio calculated in Section 3, 𝜙𝑃𝐶𝐵𝑀 is the fraction of PCBM in the blend, and 

 𝜙𝑚is the maximum packing fraction of PCBM. The maximum packing fraction of PCBM 

was taken as 0.7.2 For a 2:1 weight ratio blends used in this experiment, the packing fraction 

of PCBM was 1/3. Because the value of the tensile modulus of PCBM is much greater than 

those of the pure P3AT,2 the values of B for all the blends can be taken as 1.  

Table A.3. Values used to calculate the tensile moduli of the P3AT:PCBM films 

 E, P3AT (GPa) A E, P3AT:PCBM (GPa) 

P3BT 2.084391 1.216455 4.893731 

P3HT 1.215752 1.191941 2.837747 

P3OT 0.138939 1.171099 0.322692 

P3DDT 0.085436 1.136907 0.196802 
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B.1 Experimental methods 

B.1.1 Materials 

Poly(3-heptylthiophene) (P3HpT, Mn = 35 kDa, PDI = 1.5) was purchased from 

Rieke Metals, Inc. and used as received. Poly(3-hexylthiophene) (P3HT, Mn = 44 kDa, 

PDI = 2.0) and poly(3-octylthiophene) (P3OT, Mn = 34 kDa, PDI = 2.5) were purchased 

from Sigma-Aldrich and used as received. PDMS, Sylgard 184 (Dow Corning), was 

prepared according to the manufacturer’s instructions at a ratio of 10:1 (base:crosslinker) 

and cured at room temperature for 36 to 48 h before it was used for mechanical testing. 

(Tridecafluoro-1,1,2,2-tetrahydrooctyl)-1-trichlorosilane (FOTS) was obtained from 

Gelest. PEDOT:PSS (Clevios PH1000) was purchased from Heraeus. DMSO was 

purchased from BDH with purity of 99.9% and Zonyl (FS-300) fluorosurfactant were 

purchased from Sigma-Aldrich. Chloroform (CHCl3), ortho-dichlorobenzene (ODCB), 

acetone, isopropyl alcohol (IPA), and ITO-coated glass slides were obtained from Sigma-

Aldrich and used as received.  

 

B.1.2 Preparation of substrates 

Glass slides used as substrates for solar cells were cut into squares (2.5 cm  2.5 

cm) with a diamond-tipped scribe. They were then subsequently cleaned with Alconox 

solution (2 mg mL–1), deionized water, acetone, and then isopropyl alcohol (IPA) in an 

ultrasonic bath for 10 min each and then rinsed and dried with compressed air. Next, the 

glass was plasma treated at ~30 W for 3 min at a base pressure of 200 mtorr ambient air 

to remove residual organic material and activate the surface. ITO-coated slides for cyclic 

voltammetry and UV–vis spectrophotometry were cleaned in the same manner. Glass 
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slides used as substrates for thin films to be transferred to PDMS for mechanical testing 

by the buckling methodology were prepared in the same manner as above, and then 

subsequently placed in a vacuum desiccator with a glass vial containing ~100 µL of 

FOTS and put under house vacuum for a minimum of 3 h to passivate the surface. 

 

B.1.3 Preparation of polymer solutions 

Solutions of P3HT, P3HpT, and P3OT in CHCl3 (15 mg mL–1) were prepared for 

cyclic voltammetry and UV-vis. Solutions of the different ratios of P3HpT:PC61BM in 

ODCB (at a constant concentration of 40 mg mL–1) were prepared for solar cells, crack-

onset strain (CoS), and H-aggregate analysis. All solutions were allowed to stir overnight 

and filtered with a 1-µm glass microfiber (GMF) syringe filter immediately before being 

spin-coated onto glass or silicon substrates.  

 

B.1.4 Thermal analysis  

 DSC was performed using a Perkin Elmer Diamond differential scanning 

calorimeter. Indium was used to calibrate the cell capacitance. Samples were prepared 

from drop-casting thin films of pure polymer and BHJ films onto aluminum pans. The 

mass of each sample was approximately 10 to 15 mg. Nitrogen was used as a purge gas 

with flow rate of 50 mL min–1
. The samples were held at –50 °C for 10 min and then 

ramped up to the upper limit of 300°C with the heating rate of 10°C min–1. The samples 

were held at 30 °C for 1 min before cooling down to –50 °C at the same heating rate. The 

second heating curves were used for analysis. 
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B.1.5 Cyclic voltammetry (CV) 

Cyclic voltammograms of P3HT, P3HpT and P3OT deposited onto ITO glass 

were measured relative to ferrocene at room temperature. The electrolyte used was a 0.1 

M solution of TBAPF6 in acetonitrile. The data was acquired using a μAutolab III 

potentiostat at scan rates of 10, 50 and 100 mV s–1 using an electrochemical cell 

consisting of the polymer acting as the working electrode, a platinum counter electrode, 

and an Ag/AgCl reference electrode. 

 

B.1.6 UV-vis spectroscopy and analysis 

The absorbance of the materials was measured using a PerkinElmer Lambda 1050 

UV-vis-NIR spectrophotometer. The wavelength range measured was 850–300 nm with a 

step size of 1 nm. The polymer solutions were spin-coated onto the ITO-coated glass 

slides at a spin speed of 500 rpm (250 rpm s–1 ramp) for 240 s followed by 2000 rpm 

(750 rpm s–1 ramp) for 60 s. The films were immediately placed in a nitrogen-filled glove 

box and annealed at 100 °C for 30 min under a Pyrex petri dish covered in aluminum foil. 

After 30 min, the samples were allowed to cool slowly to room temperature. 

Order in films of semiconducting polymers is associated with both greater 

electronic performance and increased stiffness. The extent of order, as determined by 

UV-vis spectroscopy, has been correlated to increased tensile moduli in P3HT:PCBM 

films. Spano et al. and others have shown that aggregates of P3HT in solid films can be 

considered as weakly interacting H aggregates, due to cofacial - stacking and weak 

excitonic coupling.1–5 We used this model to compare trends in aggregation and 
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aggregate order from the UV-vis absorption spectra of the polymers, in an attempt to 

correlate these values with the mechanical stiffness.  

In the aggregated state (i.e., crystallites and other aggregates in solid films), 

coupled electron-vibrational (vibronic) transitions determine the absorption of weakly 

interacting H aggregates and can be modeled as Gaussian fits by:  

𝐴(𝐸) ∝ ∑ (
𝑆𝑚

𝑚!
)

𝑚=0

× (1 −
𝑊𝑒–𝑆

2𝐸p

∑
𝑆𝑛

𝑛! (𝑛 − 𝑚)
𝑛≠𝑚

)

2

× 𝑒𝑥𝑝 (
− (𝐸 − 𝐸00 − 𝑚𝐸p −

1
2

𝑊𝑆𝑚𝑒–𝑆)
2

2σ2
)      (𝟏)   

In the above equation, A is the absorption by an aggregate as a function of the photon 

energy (E). E00 is the energy of the 00 vibronic transition, which is allowed assuming 

some disorder in the aggregates. S is the Huang-Rhys factor, which quantifies the nuclear 

potential well shift upon vibronic transition from the ground state to the excited state. It is 

calculated from absorption and emission spectra, and is set to 1 for P3ATs. Ep is the 

intermolecular vibration energy, which (in the case where S = 1) is the difference in 

energy between the vibrational levels in the excited state. It is set to 0.179 eV as 

determined by Raman spectroscopy. W is the free exciton bandwidth, which is related to 

the nearest neighbor interchain excitonic coupling. Upon coupling, a dispersion of the 

energies occurs, the width of which is equal to W (which is four times the nearest 

neighbor coupling). W is also inversely related to conjugation length; a lower W indicates 

better ordering of the aggregates. The terms m and n are the ground- and excited state 

vibrational levels and  is the Gaussian linewidth.  

The parameters E00, W, , and a scaling factor were found by using Matlab to 

perform a least squares fit to the experimental absorption data in the region of 1.93 to 



409 

 

2.25 eV. This region was selected because the absorption is dominated by the polymer 

aggregates. Above 2.30 eV, the amorphous polymer dominates absorption.6 

 

B.1.7 Buckling-based metrology 

The tensile moduli of the materials with the buckling method as described 

elsewhere. Briefly, the elastomer PDMS was chosen as the substrate for all tests. The 

PDMS was prepared as described above and then cut into rectangular strips (l = 8 cm, w 

= 1 cm, h = 0.3 cm) before being stretched 4% using a computer-controlled linear 

actuator. While still under strain, FOTS treated glass slides (5 cm  2.5 cm) were clipped 

onto the back of each strip using binder clips. To transfer the polymer or 

polymer:fullerene films to PDMS, the films were first spin-coated onto FOTS treated 

glass slides (2.5 cm  2.5 cm) and then scored to facilitate transfer. The films were then 

placed against the PDMS, and after applying minimal pressure to achieve a conformal 

seal, the PDMS and glass slide with film were separated in one fast motion, leaving 

behind the film on the PDMS. After transfer, the PDMS substrates were relaxed; this 

action created a compressive strain that forced the conjugated polymer film to adopt 

sinusoidal buckles. The buckling wavelength, λb, and the thickness of the film, df, can be 

related to the tensile moduli of the film and the substrate, Ef and Es, and the Poisson 

ratios of the two materials, νf and νs by the following equation:  

                                               𝐸𝑓 = 3𝐸s (
1 − 𝜐f

2

1 − 𝜐s
2

) (
𝜆𝒃

2𝜋𝑑f
)

3 

                                          (𝟐) 

We measured the tensile modulus of the substrate, Es (using a commercial pull 

tester), the buckling wavelength, λb (by optical microscopy), and the film thickness, df 
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(by stylus profilometry). The slope of a plot of λb vs. df for three different film 

thicknesses was inserted into eq S2. The Poisson’s ratios were taken as 0.5 and 0.35 for 

PDMS and the conjugated polymers films. The experimental method is described in 

detail elsewhere.7 

 

B.1.8 Fabrication of OTFT devices 

The P3HT OTFTs were fabricated in a bottom gate, bottom contact configuration. 

Heavily n++ doped silicon wafers were used as the common gate with 250 nm of SiO2 on 

top acting as the dielectric layer. The source/drain electrodes (2 nm Ti/20 nm Au) were 

photolithographically patterned on the SiO2 surfaces with a channel length and width of L 

= 10 mm and W = 500 mm, respectively. The patterned substrates were cleaned with 

acetone, IPA, and DI water, and dried under an N2 flow and placed in a UV-Ozone 

cleaner for 5 min. The substrates were then chemically modified by submerging in a 3 

mM solution of octadecyltrichlorosilane (OTS) in trichloroethylene overnight. After the 

OTS modification, the substrates were cleaned with acetone, IPA, and DI water in an 

ultrasonic bath for 5 min each and dried under an N2 flow.  

In a N2 filled glove box, solutions of P3HT (P3HT:PCBM), P3HPT 

(P3HpT:PCBM), and P3OT (P3OT:PCBM) in anhydrous chloroform at a concentration 

of 1 mg mL–1 (2 mg mL–1) were completely dissolved on a hotplate at 37 °C. The 

solutions were cooled down to room temperature before being filtered through a 200 mm 

PTFE filter. The OTS modified substrates were placed in the center of a glass petri dish 

and 250 L of chloroform was added to create a solvent saturated environment. Next, 10 

mL of the polymer or polymer:fullerene solution was drop-cast to completely cover the 
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substrate surfaces (4 mm  7 mm). After drop-casting the solution, the substrates were 

immediately covered by the petri dish. The solutions took about 15 min to dry and form a 

film. After the formation of the semiconducting layers, the devices were taken out of the 

glove box and kept in a high vacuum chamber (~10–6 Torr) for 16 h to completely 

remove the residual solvent in the films before testing. The devices were characterized in 

a probe station with continuous Ar flow on the device surfaces.  

 

B.1.9 Fabrication of solar cells   

We deposited a layer of PEDOT:PSS from an aqueous solution containing 92.9 

wt% Clevios PH 1000 (~0.9-1.2 wt% PEDOT:PSS), 7.0 wt% DMSO, and 0.1 wt% Zonyl 

fluorosurfactant as the transparent anode. The solution was filtered with a 1-μm glass 

microfiber syringe filter and then spin-coated at a speed of 500 rpm (250 rpm s–1 ramp) 

for 60 s, followed by 2000 rpm (750 rpm s–1 ramp) for 60 s. The samples were 

subsequently dried at 150 °C for 30 minutes. The photoactive layer was then spin-coated 

onto the electrode layer at a speed of 500 rpm (250 rpm s–1 ramp) for 240 s, followed by 

2000 rpm (750 rpm s–1 ramp) for 60 s. A thin strip of the PEDOT:PSS electrode was 

exposed by wiping away some of the photoactive layer with chloroform so that electrical 

contact could be made. The samples were then immediately placed in a nitrogen-filled 

glovebox and annealed at 100 °C for 30 min. The substrates were then allowed to cool 

slowly to room temperature. EGaIn (extruded by hand from a syringe) was used as the 

top contact. The photovoltaic properties were measured in a nitrogen-filled glovebox 

using a solar simulator with a 100 mW cm–2 flux that approximated the solar spectrum 

under AM 1.5G conditions (ABET Technologies 11016-U up-facing unit calibrated with 
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a reference cell with a KG5 filter). The current density versus voltage was measured for 

both dark and under illumination using a Keithley 2400 SourceMeter. 

 

B.2 UV-vis absorption of P3HpT:PCBM with different PCBM loading 

 

 

Figure B.1. Normalized UV-Vis spectra of blends of P3HpT:PCBM with different weight concentrations 

of PCBM after subtracting out the PCBM contribution. Most of the spectra overlap well, but there is a 

decrease in order above 33.3% PCBM loading, and a distinct blue shift in the absorption at 50% PCBM 

loading. 
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B.3 Differential scanning calorimetry (DSC) for P3AT:PCBMs 

 

Figure B.2. DSC thermograms of P3AT:PCBMs. The Tg for P3HT:PCBM was detected between 37 and 40 

°C. The Tg of P3HpT:PCBM was detected between 33 and 35 °C. The Tg for P3OT:PCBM increased slight 

from that of P3OT to the range between -5 and 0 °C.  

 

B.4 Approximation of the onset of oxidation from cyclic voltammetry  

 

Figure B.3. The oxidation onsets of the P3ATs were determined by the intersection of the extrapolation of 

the slope of the oxidation curve and the baseline. 
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B.5 Charge transport properties of P3AT:PCBMs 

 

Figure B.4. Electrical characteristics of P3AT organic thin films transistors (OTFTs): current-voltage 

output characteristics of a 10 µm (length) by 500 µm (width) channel for (a) P3HT:PCBM, (b) 

P3HpT:PCBM, and (c) P3OT:PCBM. (d) Transfer characteristics (–IDS)1/2 vs. VGS at VDS = –80 V with 

respect to alkyl side chain length.   
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C.1. UV-Vis absorption of P3HT:methanofullerene films on different substrates 

 
Figure C.1. UV-vis absorption of P3HT:methanofullerene thin films (~150 nm) on plasma-treated glass, 

FOTS-treated glass, and PEDOT:PSS films. The spin-coating parameters and solution concentration were 

kept constant through-out all samples. The complete overlaps observed in the normalized absorbance suggest 

that the differences in the microstructure resulted in these films are minimal.  
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C.2. Photovoltaic characteristic of P3HT:methanofullerenes with 1:1 mixture of 

[60]PCBM and [70]PCBM 

 

 
 

Figure C.2. Photovoltaic characteristic of averaged devices (N ≥ 8) with an active layer of 1:1 blend of P3HT 

and respective methanofullerenes. The architecture of the devices was 

PEDOT:PSS/P3HT:methanofullerene/EGaIn. 

 
Table C.1. Summary of the photovoltaic figures of merit for P3HT:methanofullerene solar cells fabricated 

in this work (N ≥ 8) † 

Device 
VOC                  

(mV) 

JSC                        

(mA cm–2) 

FF                

(%) 

PCE             

(%) 

P3HT:[60]PCBM (99%) 602 ± 5.5 6.74 ± 0.2 59 ± 3.0   2.36 ± 0.2 

P3HT:[60]PCBM (Tech.Gr.) 602 ± 3.7 6.60 ± 0.4 48 ± 4.8 1.89 ± 0.2 

P3HT: 1:1 Mixture 605 ± 1.6 6.63 ± 0.5 50 ± 3.4  1.98 ± 0.1 
P3HT:[70]PCBM (Tech.Gr.) 598 ± 11.2 7.41 ± 0.3 53 ± 1.7 2.35 ± 0.1 
P3HT:[70]PCBM (99%) 606 ± 7.5 7.47 ± 0.4 55 ± 1.3 2.48 ± 0.1 

 

†The solar cell device architecture was PEDOT:PSS/P3HT:methanofullerene/EGaIn. PEDOT:PSS, doped with 7% 

DMSO and 0.1% Zonyl, was spin-coated to create a layer of ~150 nm thick. The active layer was spin-coated from a 

solution of 1:1 P3HT:methanofullerene in ODCB (40 mg mL–1) and thermally annealed at 125 °C in an inert atmosphere. 

EGaIn droplets were extruded to create the active area of ~0.02 cm–2.  
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C.3. Buckling Methodology 

 To measure the tensile moduli of the pure fullerene films, we tested the bilayer 

systems comprising a layer of PEDOT:PSS with known tensile modulus and a layer of pure 

fullerene film with unknown modulus. We obtained the characteristic buckling 

wavelengths for different thicknesses of the bilayer systems, while keeping the thickness 

ratio of the PEDOT:PSS and the fullerene film constant. The examples of the optical 

micrograph of the buckles are shown in Figure S3. The buckling wavelengths were then 

plotted against the overall thickness of the bilayer system as shown in figure S4. The 

effective modulus of the bilayer (Eeff) was then calculated using equation 1:  

𝐸eff = 3𝐸s (
1 − 𝜐f

2

1 − 𝜐s
2

) (
𝜆b

2𝜋𝑑f
)

3

     (𝟏) 

Where the fitted slope from figure S4 is used as the ratio between buckling wavelength, λb, 

and the thickness of the film, df; Es is the tensile modulus of the PDMS substrate; the 

Poisson’s ratios of the bilayer and the substrate, νf and νs, were 0.35 and 0.5, respectively. 

 From the known modulus of the PEDOT:PSS films (Ef,1) and the effective modulus 

of the bilayer (Eeff), we used equation 2 to calculated the modulus of the pure fullerene film 

(Ef,2). In all of our experiment, the ratio between the thickness of the PEDOT:PSS and the 

pure fullerene films were kept constant at 1. The examples of the curve of equation 2 are 

shown in Figure S5. The output, the modulus of the pure fullerene film, are plotted against 

the modulus of the bilayer system for different values of the PEDOT:PSS. In our 

experiment, the modulus of the PEDOT:PSS was kept constant at 3 GPa.  

𝐸eff =  
1 + 𝑚2𝑛4 + 2𝑚𝑛(2𝑛2 + 3𝑛 + 2)

(1 + 𝑛)3(1 + 𝑚𝑛)
𝐸f,1;  where 𝑚 =

𝐸f,2

𝐸f,1
,  𝑛 =

𝑑f,2

𝑑f,1
       (𝟐) 
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Figure C.3. Examples of the optical micrograph of the buckles obtained from the bilayer systems comprising 

PEDOT:PSS and pure fullerene films at different thicknesses.  

 
Figure C.4. An example of buckling wavelength vs. film thickness plot for a bilayer system. The slope of 

the fitted linear line was used as the ratio of the buckling wavelength and film thickness in equation 1.  
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Figure C.5. Plot of the output tensile modulus of the pure fullerene films vs. the obtained tensile modulus of 

the bilayer films (PEDOT:PSS and pure fullerene) when the ratio of the thickness of the PEDOT:PSS and 

the pure fullerene film is kept constant at 1.  
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D.1 13C NMR  

 

Figure D.1. 13C NMR of (a) PDPP2FT, (b) PDPP2FT-seg-2T, and (c) PT2T. 
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D.2. UV-vis absorption of polymers (including 100:1 PDPP2FT:PT2T physical blend)

Figure D.2. Normalized absorption spectra of solutions of the pure polymers discussed in this paper. 

Measurements were made at a concentration of 110–5 M. Calculated absorption spectra of 4.4:1 and 100:1 

physical blends of PDPP2FT:PT2T were superimposed onto the graph. The physical blend absorption spectra 

were calculated from the extinction coefficients of the pure polymers. The region from 350–550 nm is 

expanded to show the effect of PT2T contamination in PDPP2FT. The increase in absorption by a blend with 

a ratio of 100:1 PDPP2FT:PT2T over pure PDPP2FT is imperceptible in the absorbing region of PT2T. 

However, when the ratio of PDPP2FT:PT2T is decreased to 4.4:1 (the ratio in PDPP2FT-seg-2T as 

determined by NMR), there is a noticeable increase in absorption. The absence of this increased absorption 

in the PDPP2FT-seg-2T suggests that the segments are covalently bound and not simply a physical blend of 

the two components. 

 

Figure D.3. Normalized absorption of thin films discussed in this paper with a 100:1 physical blend of 

PDPP2FT:PT2T superimposed on top. The physical blend matches the absorption of the pure PDPP2FT thin 

film well, which suggests that minor contamination of PT2T in PDPP2FT does not greatly affect the 

absorption in the solid state. 
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D.3. PCE vs. Ef of polymers (including 100:1 PDPP2FT:PT2T physical blend) 

 

 
Figure D.4. Plot of the power conversion efficiency of 1:2 blends of the polymer:PC61BM as a function of 

the tensile modulus of the pure polymer. The PCE of the physical blend is 2.16 ± 0.2 % and the tensile 

modulus is 1.97 ± 0.39 GPa. 

Table D.1. Tensile moduli of pure polymer films spin-coated from chloroform and 1:2 polymer:PC61BM 

films spin-coated from 4:1 CHCl3:ODCB. The tensile modulus of the physical blend is within error of the 

pure PDPP2FT.  

Polymer 

Tensile Modulus (GPa) 

Pure polymer               

(CHCl3) 

1:2 Polymer:PC61BM          

(4:1 CHCl3:ODCB) 

PDPP2FT 2.17 ± 0.35 2.76 ± 0.77 

PDPP2FT-seg-2T 0.93 ± 0.16 1.60 ± 0.14 

PT2T 1.11 ± 0.19 1.60 ± 0.36 

100:1 PDPP2FT:PT2T 

physical blend 
1.97 ± 0.39 — 
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D.4. Photovoltaic characteristics of 1:2 polymer:PC61BM devices (including 100:1 

PDPP2FT:PT2T physical blend) 

 

 

Figure D.5. Photovoltaic characteristics of representative samples of polymer-fullerene blends including a 

device fabricated with an active layer of 100:1 PDPP2FT:PT2T (and fullerene) physical blend. The J-V curve 

of the physical blend is most similar to the curve of pure PDPP2FT:PC61BM. 

Table D.2. Summary of the figures of merit for the solar cells fabricated in this work. The photoactive layers 

comprised a 1:2 polymer:PC61BM blend. In addition to the devices shown in Table 8.2 of the manuscript, 

we have also included the figures of merit for solar cells fabricated with an active layer of 100:1 

PDPP2FT:PT2T (and fullerene) physical blend. The Jsc and  are lower than the PDPP2FT:PC61BM, 

although the Voc and FF are comparable. 

 Polymer n 

Jsc Voc FF  

[mA cm–

2] 
[mV] [%] [%] 

PT2T 3 1.5 ± 0.1 
579 ± 

21 
32.9 ± 1.1 0.28 ± 0.01 

PDPP2FT-seg-

2T 
6 8.4 ± 0.5 

699 ± 

23 
48.2 ± 3.3 2.82 ± 0.28 

PDPP2FT 7 8.3 ± 0.5 
715 ± 

25 
42.5 ± 3.6 2.52 ± 0.34 

100:1 

PDPP2FT:PT2T 

Phys Blend 

7 6.8 ± 0.5 710 ± 4 44.6 ± 1.5 2.16 ± 0.20 
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E.1 Film thicknesses for the calculation of tensile moduli  
Table E.1. Values of film thickness used in the calculation of tensile moduli reported in this work. The 

solutions for all polymers were made by dissolving 10 mg mL–1 in CHCl3. The spin speeds were set at 500, 

1000, and 200 RPM. The variations in thicknesses among different polymer were the result of differing 

viscosities. The slopes and the R2 values of the linear fits are also given for each polymer.  

 500 RPM 1000 RPM 2000 RPM 
Slope of 
linear fit 

R2 

Polymer 
Film 

thickness 
(nm) 

Buckling 
wavelength 

(um) 

Film 
thickness 

(nm) 

Buckling 
wavelength 

(um) 

Film 
thickness 

(nm) 

Buckling 
wavelength 

(um) 
  

A1D5 409 17.18 215 11.40 165 8.94 32.65 0.99 

A1D9 289 11.17 215 8.75 178 6.78 38.37 0.98 

A2D1 231 15.78 210 12.41 153 8.93 81.65 0.96 

A2D2 - - - - - - - - 

A2D3 262 10.76 209 7.28 169 5.49 57.38 0.99 

A2D5 263 11.26 209 9.12 176 7.74 40.29 1.00 

A2D9 299 9.40 242 6.95 174 4.97 35.46 0.99 

A3D1 318 15.77 285 13.30 258 12.13 61.62 0.98 

A3D3 130 8.06 108 6.69 93 5.09 78.50 0.98 

A3D6 501 17.95 345 13.65 268 11.34 28.34 1.00 

A3D7 129 5.08 98 3.87 80 3.28 36.83 1.00 

A3D8 170 7.67 143 6.22 121 5.16 51.43 1.00 

A3D9 - - - - - - - - 

A4D2 216 11.86 197 9.83 145 7.13 63.65 0.97 

A4D5 300 14.75 214 9.92 178 8.04 55.50 1.00 

A4D9 227 9.44 156 7.12 136 5.81 38.28 0.98 

A5D1 233 11.50 166 7.37 129 5.46 58.72 1.00 

A5D2 88 5.02 77 4.24 47 2.86 51.51 0.99 

A5D6 354 20.26 303 15.52 222 12.20 59.15 0.95 

A5D7 511 16.07 392 12.97 306 9.98 29.46 0.99 

A5D9 538 18.17 397 12.66 342 9.85 41.73 1.00 

A6D1 264 9.92 194 7.48 162 6.28 35.42 1.00 

A6D2 334 15.66 271 11.07 215 8.23 62.84 0.99 

A6D9 254 10.02 192 7.81 141 6.54 30.90 0.99 

A7D7 194 9.79 133 7.71 113 6.57 38.46 0.99 

A8D1 239 17.24 217 14.56 154 8.65 99.26 1.00 

A8D2 229 14.67 211 12.69 154 9.46 65.96 0.98 

A8D3 226 13.92 174 9.52 134 7.39 71.68 0.99 

A8D5 254 10.68 221 8.61 179 6.66 52.95 0.99 

A8D7 246 10.16 216 8.65 148 6.15 40.06 0.99 

A8D8 - - - - - - - - 

A9D1 367 12.61 272 8.19 220 6.61 41.58 0.99 

A9D7 259 9.83 205 7.15 170 6.09 42.64 0.98 
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Table E.1., Cont. Values of film thickness used in the calculation of tensile moduli reported in this 

work. The solutions for all polymers were made by dissolving 10 mg mL–1 in CHCl3. The spin speeds 

were set at 500, 1000, and 200 RPM. The variations in thicknesses among different polymer were the 

result of differing viscosities. The slopes and the R2 values of the linear fits are also given for each 

polymer.  

 500 RPM 1000 RPM 2000 RPM 
Slope of 
linear fit 

R2 

Polymer 
Film 

thickness 
(nm) 

Buckling 
wavelength 

(um) 

Film 
thickness 

(nm) 

Buckling 
wavelength 

(um) 

Film 
thickness 

(nm) 

Buckling 
wavelength 

(um) 
  

A10D1 - - - - - - - - 

A10D2 - - - - - - - - 

A10D3 - - - - - - - - 

A10D6 - - - - - - - - 

A10D7 392 11.10 309 8.31 250 6.70 31.14 1.00 

A10D8 265 8.43 241 6.86 180 4.96 38.73 0.96 

A10D9 - - - - - - - - 

A12D5 115 6.36 100 5.47 79 4.76 44.24 0.98 

A12D7 212 8.31 185 6.62 149 5.24 47.77 0.98 

A12D9 141 6.15 110 5.15 84 4.20 33.99 1.00 

A13D1 238 9.81 146 6.27 119 4.27 44.62 0.98 

A13D7 331 11.82 289 10.09 256 9.12 36.04 0.99 

A13D9 211 7.24 184 6.44 170 5.86 33.41 0.99 

A14D1 154 6.83 104 5.38 92 4.51 34.72 0.96 

A14D2 186 7.99 156 6.69 116 5.31 38.34 1.00 

A14D3 116 4.72 88 3.70 71 2.82 40.80 0.99 

A14D7 165 9.05 139 7.61 88 5.32 48.11 1.00 

A14D9 322 9.53 288 7.84 222 6.42 29.78 0.95 
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Figure E.1. Box diagram of the film thickness used in the measurement of the tensile moduli separated by 

the spin speed.  
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E.2. Film thicknesses for crack-onset strain measurements 

Table E.2. Averaged film thicknesses and standard deviations of all the polymer films for the measurement 

of crack-onset strain.  

Polymer 
Averaged 

thickness (nm) 
Standard 

Deviation (nm) 
Polymer 

Averaged 
thickness (nm) 

Standard 
Deviation (nm) 

A1D5 117.3 3.5 A8D1 374.3 14.6 

A1D9 358.7 21.5 A8D2 143.8 1.5 

A2D1 168.4 21.0 A8D3 160.3 23.0 

A2D2 190.0 9.7 A8D5 290.5 29.0 

A2D3 394.6 4.3 A8D7 209.7 12.6 

A2D5 148.9 2.8 A8D8 266.7 15.0 

A2D9 317.9 3.8 A9D1 242.8 8.0 

A3D1 96.8 2.1 A9D7 310.1 26.0 

A3D3 368.5 32.5 A10D1 186.4 17.3 

A3D6 - - A10D2 107.9 0.8 

A3D7 206.0 5.6 A10D3 179.9 3.9 

A3D8 - - A10D6 152.5 4.3 

A3D9 150.7 2.5 A10D7 315.6 6.4 

A4D2 316.1 6.3 A10D8 221.8 13.5 

A4D5 111.8 4.1 A10D9 280.2 11.2 

A4D9 137.2 9.2 A12D5 274.5 10.5 

A5D1 163.4 3.1 A12D7 249.1 40.0 

A5D2 - - A12D9 268.7 37.5 

A5D6 236.2 19.0 A13D1 109.7 2.6 

A5D7 138.9 5.3 A13D7 226.7 5.3 

A5D9 260.6 15.8 A13D9 331.3 22.6 

A6D1 185.1 7.4 A14D1 271.4 6.0 

A6D2 327.7 31.0 A14D2 216.8 5.1 

A6D9 165.2 8.0 A14D3 147.4 0.7 

A7D7 167.9 5.0 
A14D7 198.3 6.5 

A14D9 - - 
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Figure E.2. (a) Film thicknesses for all the polymer samples used in the measurement of the crack-onset 

strains. (b) Crack-onset strain as a function of film thickness. We found no correlation between the crack-

onset and the film thickness for this range of thicknesses.  

 

 

 

 

  




