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Abstract
Small-Scale Mechanical Testing and Size Effects in Extreme Environments
By
Anya Prasitthipayong
Doctor of Philosophy in Engineering — Materials Science and Engineering
University of California, Berkeley

Professor Andrew M. Minor, Chair

Ion irradiation is often used to simulate the effects of neutron irradiation due to reduced activation
of materials and vastly increased dose rates. Nonetheless, the low penetration depth of ions
requires the development of small-scale mechanical testing techniques, such as nanoindentation
and microcompression, in order to measure mechanical properties of the irradiated material.
Nanoindentation is a widespread and useful method for evaluating mechanical properties at the
sub-micron length scale. However, the Indentation Size Effect (ISE) where hardness increases with
decreasing penetration depth remains a major obstacle to obtain meaningful macroscopic
mechanical properties from small volume testing. /n situ microcompression testing, although
requires extensive sample preparation, has served as a novel small-scale testing tool for evaluating
mechanical properties due to the capability to directly observe deformation mechanisms while
probing well-defined volumes and producing real-time stress-strain curves. Nevertheless, Sample
Size Effect (SSE), the commonly observed phenomenon where the strength of materials increases
with decreasing sample size, has remained a remarkable drawback of this technique. Although ISE
and SSE phenomena have been studied extensively at room temperature, the influence of
temperature on both phenomena is currently not clear.

This work emphasizes the development of high temperature small-scale mechanical testing
techniques and systematically addresses the independent influence of irradiation and temperature
on ISE and SSE phenomena in an austenitic Fe-Cr-Ni alloy (800H) to establish the baseline for
nanoindentation testing and microcompression testing for metal alloys, especially for ion-
irradiated alloys in extreme environmental conditions. The 800H steel sample was irradiated with
70 MeV Fe’" at 450 °C to the total dose of 20.68 dpa. Cross-sectional indents performed
perpendicular to the irradiated edge confirms the SRIM calculation of 6.2 um penetration depth.
FIB-fabricated TEM foil containing the unirradiated and the irradiated areas of the sample suggests
the validity of characterization studies of irradiated samples prepared by FIB procedures. All
micromechanical tests were conducted up to 300 °C, which is well below the irradiation
temperature, to quantify the effect of temperature on size effects without the influence of
dislocation density.



EBSD was performed to search for two grains of known orientations large enough to contain all
indents for ISE studies in both the unirradiated (<111> and <131>) and the irradiated (<111> and
<113>) 800H at all temperatures. A <111> grain orientation was purposely chosen to be the same
for direct comparisons before and after irradiation. An interesting observation is that grain
orientation has a strong influence on indentation size effect. It was found that in all cases, the ISE
is less pronounced at high temperatures due to the increase of the plastic zone size. For the same
grain orientation, the indentation size effect is less pronounced in the irradiated 800H at all test
temperatures.

In order to allow straightforward cross-comparisons between indentation and microcompression
testing techniques, micro-pillars were fabricated in a <111> grain containing both the unirradiated
and the irradiated volumes at room temperature and at 300 °C. In situ characteristics of the
microcompression testing revealed the change in deformation mechanism during compression
after irradiation. TEM lift-out of the compressed micro-pillars were fabricated for microstructural
characterization. The influence of irradiation and temperature on sample size effect were
independently investigated. The yield stress of micro-pillars increase with irradiation and with
decreasing size. For the first time, the temperature dependence of sample size effect is observed in
fcc metals. This implies that bulk strength rather than crystal structure determines the behavior of
sample size effect at elevated temperatures.

In summary, this dissertation unravels the fundamentals behind indentation size effect and sample
size effect at high temperatures and correlates microstructures with mechanical properties. It was
discovered that mechanical testing methods determine how size effect behavior is influenced by
temperature. Due to significantly less pronounced indentation size effect, high temperature
nanoindentation has been proven to help bridge the gap between small-scale mechanical testing
and bulk testing. The clear difference in the microstructures of the unirradiated and the irradiated
regions in the FIB-manufactured TEM lift-out foil justifies FIB as a proper TEM preparation
method. /n situ microcompression and TEM lift-outs of the compressed micro-pillars demonstrate
the change in deformation mechanisms resulting from ion irradiation.
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Chapter 1

Introduction and Background

1.1 Structural materials for nuclear applications and material selection

A major challenge in the deployment of Gen-IV nuclear reactor systems is the requirement for
performance and reliability improvements of structural materials [1-7]. Gen-IV reactors are
designed to operate at higher temperatures, higher neutron doses and generally more hostile
environments than are experienced in current reactor systems [1-8]. Desirable characteristics of
Gen-1V structural materials consist of exceptional stability against thermal creep, irradiation creep
and void swelling [1-7]. In addition, resistance to irradiation hardening, embrittlement and
irradiation assisted stress corrosion cracking (IASCC) is required [1-7]. Candidate structural
materials for these advanced reactor designs include ferritic-martensitic steels, austenitic stainless
steels and oxide dispersion strengthened (ODS) steels [7,9-11].

Ferritic-martensitic steels are being considered for Gen-IV designs due to their superior
mechanical performance such as improved creep properties and irradiation resistance [12-16]. In
addition, high chromium (Cr) ferritic-martensitic steels, such as T91, have high resistance to
corrosion, oxidation, creep and void swelling [2,17]. However, long-term creep rupture at higher
temperatures, irradiation embrittlement and radiation-induced segregation (RIS) remain a concern
in ferritic-martensitic steels [ 18-22]. Austenitic stainless steels undergo considerable void swelling
and radiation-induced segregation, limiting their performance as nuclear structural materials.
However, they exhibit exceptional creep resistance and reasonable corrosion resistance [23-27].
Compared to ferritic-martensitic and austenitic stainless steels, ODS steels perform better at high
temperatures due to their resistance to hardening, embrittlement and swelling [28-32]. It has been
observed that small Y-rich nanoparticles impede dislocation motion and act as effective sinks for
radiation-induced defects, and therefore allow better creep strength [2,33-37]. It is not the intention
of this article to weigh one material over another and point towards each materials shortcoming
but simply outline why there is a variety of materials being considered for Gen-IV reactors.

In this work, austenitic 800H, ferritic-martensitic T91, nanocrystalline T91 (NCT91) and ferritic
oxide dispersion strengthened (ODS) 14YWT are being investigated. The alloy compositions are
shown in Table 1.1. High Ni (>30wt%) austenitic steels, such as 800H, have been shown to inhibit
swelling and enhance void formation resistance due to the presence of fine precipitates [38-39].
This alloy also exhibits favorable high temperature creep properties and resistance to oxidation
and therefore shows promise as a candidate structural material for Gen IV reactors. 800H alloy has
a coarse-grained structure with an average grain size of 204.4 pm with a standard deviation of 87.1
um. The large grain characteristic leads to high creep resistance. The T91 alloy was selected as a
candidate material due to its promising mechanical properties and resistance to stress corrosion
cracking in a super critical water environment in fossil plants [40-41]. T91 has been cold rolled
and has an average grain size of 6.1 pum with a standard deviation of 4.4 um. Since significant
reduction of defect clusters was shown to correlate with grain size [42-43], nanocrystalline T91



(NCT91) was also chosen to investigate grain size effects on the irradiation tolerance of T91. The
NCT91 was obtained through the equal channel angular pressing (ECAP) process. The grain size
after the ECAP process is approximately 320 nm [43]. Lastly, the nano-structured characteristics
and sub-micron grain size (approximately 560 nm with a large standard deviation of 410 nm) of
14YWT makes it a candidate ODS alloy for Gen-IV reactors [28-32,44]. 14YWT has excellent
high temperature creep properties and the Y-rich nanoparticles act as sinks to irradiation-induced
defects and transmutation gases, giving 14YWT a high radiation resistance [34-38,45].

Table 1.1 Compositions of the four alloys of interest

800H T91, NCT91 14YWT
Element G. O. Carlson (wt%) | Element PNNL (wt%) | Element ORNL (wt%)
Fe 45.53 Fe 89.52 Fe 82.5
Ni 31.59 Cr 8.6 Cr 14.3
Cr 20.42 Mo 0.89 w 2.32
Mn 0.76 Mn 0.37 Ti 0.27
Al 0.50 A% 0.21 Y 0.19
Ti 0.57 Ni 0.09 o 0.177
Others 0.63 Others 0.32 Others 0.243

Measurements courtesy of PNNL (Pacific Northwest National Laboratory) and ORNL (Oak Ridge
National Laboratory), collaborations of the NEUP-IRP project.

1.2 Small-scale mechanical testing

Studying the effect of neutron irradiation on potential candidate materials for Gen-IV nuclear
reactors requires significant infrastructure and leads to costly PIE (Post Irradiation Examination)
due to high levels of residual activity. Moreover, neutron irradiations require long timescales to
simulate high doses, where ion irradiations can achieve the same dose in significantly less time.
The use of ion irradiation therefore significantly reduces the time and cost required to reach the
high levels of damage required of Gen IV reactor materials. Ion irradiation has previously been
used to study radiation damage in austenitic stainless steels [46-54] and may be used in the future
as a surrogate method. Although extremely careful control of experimental conditions and
understanding of damage-rate differences is required in order to emulate the complex
microstructural changes occurring under neutron irradiation [55].

Due to the low penetration depth of ion irradiations, small-scale mechanical testing is essential for
examining the properties of ion-irradiated materials [55-61]. The nanoindentation technique has
been widely used to assess hardness and elastic modulus utilizing the Oliver-Pharr method [62].
Nanoindentation is a very attractive method due to relatively little sample preparation and high
throughput. However, the drawback of the method is the complicated data analysis due to the
triaxial stress state. In situ microcompression testing of micron-size pillars requires extensive
sample preparation using an SEM-FIB (Dual-beam) instrument. However, in situ
microcompression testing has made qualitative and quantitative studies of mechanical properties
possible [63]. Stress-strain curves and direct observations of the deformation mechanisms are key
advantages of this small-scale testing method.



1.2.1 Nanoindentation
Nanoindentation methodology

Quasi-static (QS) and dynamic are the two main nanoindentation methods. In the conventional
quasi-static nanoindentation testing, the load is increased over time, and the loading cycle
measured generates one data point per indent (from which various mechanical properties can be
calculated). Figure 1.1 (a) illustrates a sample force versus displacement curve obtained from the
conventional QS test. In dynamic nanoindentation, such as the Continuous Stiffness Measurement
(CSM) test, the load is increased over time with a small oscillating force (see Figure 1.1 (b). Due
to the separation of the in-phase and out-of-phase components of the load vs. displacement data,
the unloading cycles become unnecessary [64]. Therefore, many data points per indent can be
obtained at different indentation depths.

(a) ~ (b)
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/)\\\ ’/
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Displacement (nm)

Figure 1.1 Examples of the Force or Load vs. displacement curve for (a) quasi- static method (QS)
[65] and (b) dynamic method (CSM) [64].

Nanoindentation data analysis

Despite the conveniently obtained hardness and modulus data from software used in commercially
available indenters, it is valuable to understand the fundamentals behind these reported values. The
Oliver-Pharr method was originally developed for sharp, geometrically self-similar indenters such
as a Berkovich tip [66]. It is the most widely used method to extract measurement data from
nanoindentation testing. In this method, the load-displacement data obtained during an indentation
(loading and unloading cycle) is used to calculate hardness and modulus of a material. A typical
data set (shown in Figure 1.2 (a)) needed for the calculation includes maximum load Py,
maximum displacement hp,x, elastic unloading stiffness S. The stiffness is referred to the contact
stiffness, which is essentially the slope of the initial unloading curve. The major assumption is that
deformation during unloading is purely elastic, i.e., plastic deformation is irreversible. The final
depth hr is the depth after unloading is complete. Hardness is a plastic property of a material of
interest that can be calculated by Equation 1.1 where A is the contact area under load, which is a



function of contact depth h. calculated and defined by Equation 1.2 and Figure 1.2 (b),
respectively.

(a (b
A

indenter initial surface
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loading

Load, P
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S=n 2SN loaded
h
max
N
>

Displacement, h

Figure 1.2 (a) Schematic of a typical indentation load—displacement curve (b) Schematic of the
indentation unloading showing the origin of the sink-in hy [62]

H = P";# (Egn. 1.1)

H = hardness, P4, = maximum load, A = contact area

he = gy — €72 (Eqn. 1.2)

h. = contact depth, h,,,,, = maximum depth, € = geometrical constant, S = elastic unloading

stiffness

The normally reported modulus data are referred to the effective elastic modulus or the reduced
modulus, which is a combination of the actual modulus of an indented material and the modulus
of the indenter (see Equation 1.3). The effective modulus can be calculated using the stiffness and
the contact area (see Equation 1.4).

1 1—v2+ 1-v;?
Eeff E E;

(Eqn. 1.3)

E.rr = effective elastic modulus, v and E = Poisson’s ratio and Young’s modulus of the sample,
v; and E; = Poisson’s ratio and Young’s modulus of the indenter

S =8 %Eeff\/Z (Eqn. 1.4)

B = geometrical constant



It is worth mentioning that the method for calculating hardness and modulus measurements
discussed so far is only accurate when pile-ups are negligible. Corrections to the model are
essential when considerable pile-ups are evident [66].

Nanoindentation testing of ion-irradiated materials

The nanoindentation technique has been commonly used to measure radiation damage and
mechanical property evolution due to ion irradiation. However, depending on irradiation
conditions and resulting depths of irradiated layers, there are multiple issues associated with
performing nanoindentation testing on ion-irradiated materials such as the dose profile, indentation
size effect and implantation and surface effects [58]. These issues unfortunately lead to
complication in the data analysis. Figure 1.3 provides schematics of two major experimental
geometries for performing nanoindentation testing on ion-irradiated materials: surface (on the
irradiated surface where the beam hits the sample) and cross-section (perpendicular to the
irradiated surface) indentation [59]. Nanoindentation measurements obtained from surface
indentation experience surface effects and sample an inhomogeneously wide dose range. The wide
dose range is further accentuated by the fact that the material sampled during nanoindentation
testing is not the indentation depth but is rather the plastic zone size where the strain is sufficient
for plastic deformation to be initiated (typically five to ten times the indentation depth, depending
on the material of interest [67-69]). This also suggests that careful considerations be made since
performing surface indentation can possible sample the unirradiated matrix underneath the
irradiated layer, although a model to resolve this issue has been established in Ref. 58.

(a (b
Indentation Irradiation Indentation Irradiation
size effect  effects Indent size effect  effects
g _\1,_) Oxide i __‘,__) Oxide
A A
0\ \ =
\ )\ 5
\ § \ o
>~—__ Dose profile S~ ___ Dose profile £

Volume affected -T2
by the indent Volume affected

by the indent

Indent

Figure 1.3. Schematic of experimental geometries during micromechanical testing for shallow
(dashed line) and deep (dotted line) ion-beam- irradiated samples. (a) Surface indentation (b)
Cross-section indentation [59]

It is thus generally recommended that cross-section indentation be carried out when absolute
mechanical property measurements cannot be negotiated. However, due to the low penetration
depths of ion irradiations, especially heavy-ion irradiations, it is sometimes difficult to avoid
surface nanoindentation in studies where multiple indents are needed or specific grains are of
interest. Indentation size effects are observed in both the surface and the cross-section indentation
tests. Therefore, when comparing mechanical property data obtained from nanoindentation, it is
necessary that the indentation depth be the same in the case where indentation size effects exist.



1.2.2 In situ microcompression
In situ microcompression methodology

Following the development of small-scale mechanical testing of FIB-manufactured samples with
dimensions in the micrometer regime by Uchic et al. [63,70], the in situ characteristic and relatively
uncomplicated data evaluation have allowed microcompression testing to play an immense role in
the small-scale mechanical testing field. The visual control of microcompression testing
experiments reduces alignment issues and allows direct observations of deformation mechanisms
during testing. Figure 1.4 shows the schematic of a typical in sifu microcompression test [71]
where diamond flat punch is an indenter similar to what has been shown in nanoindentation.

Voice coil

Capacitive
displacement
sensor

Diamond
flat punch

Sample

Figure 1.4 Schematic of a typical in situ microcompression test [71]

The most significant difference from bulk testing is that in in situ microcompression testing, micro-
pillars are attached to the bulk substrate and therefore are not freestanding [71]. Careful
considerations are essential when preparing micro-pillars for in sifu microcompression testing. To
suppress buckling deformation mode and provide sufficient accuracy, 2:1 to 3:1 aspect ratio should
be considered when fabricating micro-pillars [&]. This helps reduce tapering effect which can
cause nonuniform stress distribution throughout micro-pillars [71]. Moreover, micro-pillars with
the aforementioned aspect ratio are not strongly affected by the fact that the seemingly uniaxial
testing may in fact be in a triaxial stress state due to the bottom of micro-pillars being constrained
[71].

Due to the ability to precisely control the location and size of micro-pillars and the ease of
manipulation, FIB-SEM Dual-Beam has been most commonly utilized to manufacture micro-
pillars [55,63,72]. Despite the advantages, there are two main drawbacks of using FIB-SEM Dual-
Beam to manufacture micro-pillars. First, FIB-fabricated micro-pillars experience Ga' ion



bombarding and deposition, resulting in an irradiation-damage layer covering the micro-pillars.
Fortunately, this damage layer is negligible because studies have shown that the layer does not
considerably strengthen micro-pillars [73-74]. Second, FIB-fabrication is a costly and time-
consuming sample preparation method. Minor misalignments do not appreciably affect the yield
strength measurements since surface interactions during initial contact can be taken into
considerations when performing data analysis. However, misalignments can underestimate the
elastic modulus measurements [75].

Microcompression testing of ion-irradiated materials

In the same manner as nanoindentation, in situ microcompression can be performed on the micro-
pillars fabricated on the surface where the ion beam hits the sample and on the cross-section
perpendicular to the irradiated surface (see Figure 1.5). Similar to surface indentation, micro-
pillars manufactured on the surface experience an inhomogeneous dose profile along the length of
the micro-pillars. This issue can be alleviated by fabricating micro-pillars in the cross-section
manner. Since the top of micro-pillars need to be cleaned, it can be assumed that surface effects in
the micro-pillars fabricated on the irradiated surface such as an oxide layer and irradiation
surfactants are eliminated during the fabrication processes. Similar to indentation size effect, in
the micrometer regime, sample size effect (especially in metals) is unavoidably present in both
surface and cross-section in sifu microcompression testing, emphasizing the need to compare the
strengths of micro-pillars of the same dimensions.
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__:-:: o Dose profile - f B _}-\:\ ___ Dose profile
S s R el a dr Ecing f — ==
= Stopping range / e Stopping range
""""""" Base volume
v v sensed by v v
the pillar

Figure 1.5 Schematic of experimental geometries during micromechanical testing for shallow
(dashed line) and deep (dotted line) ion-beam- irradiated samples (a) Conventional
microcompression (b) Cross-section microcompression [59]

1.3 Mechanical Size Effects
1.3.1 Indentation Size Effect (ISE)
The phenomenon known as the Indentation size effect (ISE) describes the common observation

that hardness changes with the depth of indentation. This phenomenon is observed in a wide range
of materials where hardness obtained from geometrically self-similar indenters increases with



decreasing penetration depth, especially in the shallow penetration depth ranges [59,76-85]. Some
of the indentation size effect observed in indentation of single crystalline and polycrystalline Cu
and single crystalline Ag are shown in Figure 1.6 [86]. The first and most widely used model for
ISE developed by Nix and Gao (Equation 1.5) [87] is based on the concept of strain gradient
plasticity [88-89] and geometrically necessary dislocations (GNDs), which are the dislocations
required in excess of statistically stored dislocations (SSDs) to accommodate the material
displaced by the indenter after indentation [90]. Due to the higher density of GNDs required in
addition to the available SSDs for a permanent change in shape due to indentation, ISE is observed
at small indentation depths where a lower density of SSDs is available [90-91]. To illustrate, SSDs
refer to the existing dislocations in the material. Therefore, while the actual number of SSDs
decreases with indentation depths, which scales with plastically deformed volume resulted from
indentation, the density of SSDs is depth independent. The principal assumption and the major
shortcoming of this model is that the radius of the hemispherical volume containing the GNDs is
taken to be equal to contact radius of the indenter.

H , h*
e = 1+ m (Egn. 1.5)

H = hardness at indentation depth h, Hy = hardness at infinite depth or bulk hardness, h* =
characteristic depth,

124 e Nix-Gao model
10
8 - (111) single crystal Cu Y
o (McElhaney et al., 1998) ¢."
= 7.
I 6 .
~ V. polycrystalline Cu
v (McElhaney et al., 1998)
4 - _..‘7"("100) single crystalAg | . oo
o (Ma and Clarke, 1995) et
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Figure 1.6 Nanoindentation hardness data for single crystal and polycrystalline copper and single
crystal silver [86]



Durst et al. [92-93] proposed a correction to the Nix and Gao model by redefining the storage
volume for the GNDs i.e. the plastically deformed volume underneath the indenter is considered
instead of the volume given by the indenter contact radius. This approach contemplates that the
GNDs reside within a plastic zone experiencing approximately 1.5% strain. The radius of the
plastic zone size a,. = f a. where fis the scaling factor and a. is the contact radius of the indenter.
The GNDs provide the extra hardening element that increases with decreasing size of the contact
impression or depth of penetration. The density of GNDs is inversely proportional to the
indentation depth, as other parameters are constant for a given indentation system (Equation 1.6),
giving rise to the ISE. The characteristic length scale or characteristic depth 4 *, which scales with
the ISE, can be calculated from Equation 1.7. Figure 1.7 shows a schematic of the correction to
the Nix and Gao model proposed by Durst et al [92].

3 1 tan?0
Penp = 27 a;lh (Eqn. 1.6)

6 = angle between the indenter and the undeformed sample surface, b = burgers vector

e 811y 020 (6)
h* = 2 7 ba“tan H(Ho) (Eqn. 1.7)
a = geometrical constant, G = shear modulus

Ho = 3v3aGb,/ps (Eqn.1.8)
ps = density of SSDs

(a) (c)
Nix and Gao Model

(b)
Correcting for the Plastic Zone Size

a,, =fa




Figure 1.7 (a) Schematic of Nix and Gao model (b) Schematic of the correction to the Nix and Gao
model proposed by Durst et al. (¢c) Schematic of the corrected Nix and Gao model showing plastic
zone size and strain gradient under the indent [92]

While ISE has been studied extensively at room temperature, to date there has only been one study
by Franke et al. [94] on ISE at elevated temperatures. Franke’s study, performing a series of
experiments on single crystal Cu of unknown orientation from ambient temperature up to 200 °C,
revealed that size effect reduced considerably with increasing temperature owing to the decrease
in the intrinsic plasticity length scale. Understanding the origins and the fundamentals of ISE
behaviors at high temperatures can have an immense impact not only on high temperature
nanomaterials and small-scale applications, but also on the improvement of the reliability of
structural components used in nuclear applications occurring at high temperatures. Undoubtedly,
this raises the question if the ISE changes with radiation damage, and if so how much. As Nix and
Gao pointed out, cold worked material shows less of a size effect. Hosemann et al. argued that
radiation damage will have the same effect [95]. However, systematic studies considering the
effect of radiation damage on the ISE are rare and non-existent as a function of temperature which
is what is of most interest since most nuclear related structures are not at ambient temperature in
service.

1.3.2 Sample Size Effect (SSE)

Despite the advantages of in situ microcompression testing technique, “Sample Size Effect (SSE)”
or the “smaller is stronger” phenomenon has revealed higher yield strength or critical resolved
shear stress 7.gss With decreasing sample dimensions where the dimensions of the micro-pillars
are of the same length scale as the microstructural features of the materials. Sample size effect in
room temperature microcompression testing in BCC [96-106] and FCC [63,70,107-113] metals
have been commonly observed, and the fundamentals behind the sample size effect phenomenon
has been thoroughly studied. Figure 1.8 shows a normalized plot of strength as a function of
dimension for microcompression testing obtained from various fcc metals where higher strengths
are observed in sample of smaller dimensions [114].
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Figure 1.8 Normalized plot of strength as a function of dimension for microcompression testing
obtained from various fcc metals [114]

In microcompression testing where the dimensions of micro-pillars are of the same order of
magnitude as the source length, the double-ended Frank-Read sources become single-ended (one
end pinned) due to the interactions with free surfaces of the finite samples [115]. The stress to
operate such truncated sources takes the same form as that of double-ended Frank-Read sources
(Equation 1.8), which contributes to the critical resolved shear stress (Tczss) to initiate plastic
deformation in micro-pillars (Equation 1.9), i.e. the stress required for the first percolation of a
dislocation across the sample [115-116]. Equation 1.9 illustrates the different stresses that
constitute the T.zss of the micro-pillars, including the stress required to operate the weakest single-

Gb . . . . .
ended source aT, the lattice resistance or the friction stress 7y and the stress from the dislocation

forest hardening 0.5Gb./p:,:. These stresses can be categorized as size-dependent and size-
independent. The only size-dependent term is the stress to operate the weakest source due to the
reverse relationship between the stress and the source length (i.e. sample dimension), giving rise
to the sample size effect phenomenon. Figure 1.9 shows a schematic of size-dependent single-
ended source activation [115].

T ch (Eqn. 1.8)

where 7 is shear stress, G is shear modulus, b is the Burgers vector and L is the source length
related to dislocation spacing or sample size
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aGb —
TCRSS = T + TO + O.SGb ptOt (qu’l. 1.9)
where T.gss 1s the critical resolved shear stress, a is a geometrical constant, G is shear modulus, b
is the Burgers vector and L is dislocation spacing or source length related to dislocation spacing or

sample size in the case where sample dimensions are of the same length scale as dislocation
spacing, T is the friction stress and p;, is the total dislocation density.
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Figure 1.9 Schematic of size-dependent single-ended source activation [115]
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Chapter 2

Technique Development and Comparisons

2.1 Experimental

After ion-beam irradiation, nanoindentation and in situ SEM uniaxial compression techniques are
applied to measure the mechanical properties of T91, NCT91, 800H, and 14 YWT before and after
irradiation to assess the effect of irradiation on mechanical properties. Microstructural parameters
are extracted from X-ray diffraction profiles on T91, NCT91 and 14 YWT both before and after
irradiation to link the observed changes in mechanical properties to microstructural evolution
during irradiation.

2.2.1 lon-beam irradiation

The alloys were sectioned into 3.5—4 mm x 3.5—4 mm-sized samples using a linear precision saw
(See Figure 2.1). Note that the cross section of the T91 sample is perpendicular to the rolling
direction. They were subsequently ground and polished using SiC grinding papers with water as a
lubricant down to 1200 grit, followed by polishing with diamond solution down to 0.1 um. The
samples were then mounted onto the irradiation holder as depicted in Figure 2.2 (a). A gold (Au)
foil was added between the samples and the mount to ensure good thermal contact. Figure 2.2 (b)
illustrates a clear gap between the sample holder and the sample holder cover plate, ensuring good
mounting and good mechanical contact.

The high energy ion irradiation was conducted at the Center for Accelerator Mass Spectrometry
(CAMS) at Lawrence Livermore National Laboratory. The four alloys were irradiated with a
rastered beam of 70 MeV Fe’* bombarding ions, at 452 °C to a total dose of 20.68 displacement
per atom (dpa). The dose was calculated at the depth where 5% of the peak implantation occurred.
The average current was 19.47 nC/s. The irradiation process was completed in 15.55 hours while
the temperature was monitored using an IR camera and a thermocouple mounted behind the
sample. The beam current and profile were measured using an array of micro faraday cups. The
damage layer was predicted to extend approximately 6.2 pm into the samples, according to the
SRIM calculations shown in Figure 2.3. The version of the SRIM used was SRIM-2013 version in
the modified Kinchin-Pease model. Eq4 (displacement energy) of 40 eV was used. The ion flux was
10" jons/cm®. After the irradiation experiment, each sample was sectioned into two half pieces
using a low speed diamond saw (schematic provided in Figure 2.4). Surface nanoindentation and
size effect studies were conducted on one half of the sample, while the other half was used for
cross sectional analyses, which encompassed cross-section nanoindentation and in situ micro-
pillars compression testing. Figure 2.5 shows a schematic of the cross section of the sample.
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Figure 2.1. Cut sheet of a sample NCT91 representing the cutting scheme of the specimens
provided. The small 4 x 4 mm piece is for the high energy ion beam irradiation and the larger strip

for shear punch testing while the remaining materials will be reference for further irradiation and
small scale mechanical tests.

Figure 2.2. (a) Four alloys mounted in the 800H mount. (b) A clear gap exists between the sample
holder and the sample holder cover plate, ensuring good mechanical contact.

0 2 4 6 8 10
Depth [um]

Figure 2.3 SRIM calculation of ion irradiation using 70 MeV Fe ions projectiles and Fe as target
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Figure 2.4 Schematic and dimensions of the ion-beam irradiated samples before and after
sectioning.
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Figure 2.5 Schematic of the cross section of the sample showing variation of mechanical testing
conditions (Figure not drawn to scale).

15



2.2.2 Sample preparation and specimen fabrication

The areas of indentation are shown schematically in Figure 2.6. With the obtained nanoindentation
data, indentation size effect studies were performed on the surface samples before and after
irradiation. Each of the four irradiated samples was mounted in slots cut in the triangle mount
made of 303SS (Figure 2.7). Stainless steel thin foils were mounted next to the samples to prevent
edge rounding, thereby allowing for pillar fabrication near the sample corner and ensuring uniform
indents. The same grinding and polishing procedures mentioned previously were applied to
achieve ideal surfaces for nanoindentation measurements. Proper surface preparation is very
important for nanoindentation testing, as inappropriate surfaces can result in measurement errors
[117-118].

Nanoindentation area

Figure 2.6. Schematic area of surface nanoindentation.

Triangle mount made of
303 SS

/ ! 7um

Yy

Figure 2.7. Schematic of the irradiated sample mounted in slots cut in the triangle mount made of
303SS.

16



Nanoindentation area:
Control and Irradiated

Figure 2.8. Schematic area of cross-section nanoindentation
2.2.3 Surface and cross-section nanoindentation

Quasi-static and Continuous stiffness measurement nanoindentation measurements were
performed at the MML at UCB Figure 2.9 and the Agilent nanoindenter at University of Oxford
(Figure 2.10), respectively. Quasi-static (QS) Nanoindentation was performed using a Micro
Materials (MML) indenter under depth control mode. The standard Berkovich tip was calibrated
using fused silica resulting in an area function for the particular tip used. The measured data (i.e.
the hardness and the reduced modulus) were analyzed using the Oliver-Pharr method [62]. The
indents were performed prior to ion irradiation and after irradiation, covering the depth range from
10 nm to 1000 nm. A separation distance of 5-10 um was used between the indents ensuring no
plastic zone interactions. With the obtained nanoindentation data, indentation size effect studies
were performed on the surface samples before and after irradiation.

The continuous stiffness measurement (CSM) technique for nanoindentation was also used in this
study. These experiments were carried out using a Keysight (formerly Agilent) G200
nanoindenter. In CSM indentation, an oscillating sinusoidal force is imposed on the nominally
increasing loading segment of the indentation cycle. This allows the contact stiffness, and therefore
the indentation hardness and modulus, to be measured as a function of indenter displacement
continuously throughout the loading segment of the indentation. Arrays consisting of 25
indentations were made in both the irradiated and the unirradiated regions of the sample; all
indentations were conducted in displacement control mode to a maximum displacement of 2 um
with a displacement rate of 10 nm/sec. Indents were positioned 50 pm apart to ensure that the
plastic zones beneath the surface did not interact. The CSM conditions used were a frequency of
45Hz and an amplitude of Inm.

Each of the four irradiated samples was mounted next to stainless steel thin foils to prevent edge
rounding thereby ensuring symmetric indents and a flat irradiated area. The same grinding and
polishing procedures mentioned previously were applied to achieve deformation-free surfaces for
nanoindentation. A series of indentation measurements were performed on the irradiated cross-
section samples in order to analyze the hardness change as a function of depth from the sample
surface. Indents on the non-irradiated edge were also conducted for a direct comparison. All
indents were performed under depth-controlled mode at a depth of 200 nm. The indents were also
spaced approximately 5-10 um apart to prevent plastic zone interactions.
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Figure 2.9 Micro Materials Nanoindenter at UCB (quasi-static nanoindentation). (a)
Environmental shield ensures inert environment. (b) Sample-tip arrangement.

Nano Indenter* G200

Figure 2.10 Schematic photograph of a G200 Agilent Nanoindenter similar to the one used at the
University of Oxford for dynamic nanoindentation (CSM).

2.2.4 Micro-pillars fabrication and in situ microcompression

An FEI Quanta dual beam scanning electron microscope and focused ion beam (FIB-SEM) was
used to fabricate pillars with the dimensions of either 3 pm x 3 um x 6 um (T91 and NCT91) or 2
pm x 2 pm x 4 pm (14YWT and 800H). Six pillars were fabricated in each of the cross-section
samples with three pillars in the irradiated area and three pillars in the non-irradiated area. For the
800H alloy, with relatively large grain size, Electron Backscattered Diffraction (EBSD) was used
to identify large grains for pillar locations. A large grain containing both the unirradiated and the
irradiated material was selected for pillar fabrication in order to allow direct comparisons between
the control and the irradiated pillars within the same grain. /n situ uniaxial compression was
performed utilizing a Hysitron PI-85 pico-indenter on the SEM-FIB fabricated pillars (see Figure
2.11) in the depth-controlled mode at the displacement rate of 10 nm/s using an indenter with a
flat tip to obtain stress-strain curves for yield stress calculations [55].

18



(a) (b)

Figure 2.11 (a) Sample stage positon inside the FIB-SEM Dual-Beam chamber (b) Sample-tip
configuration of the PI-85 indenter [119].

2.2.5 X-Ray diffraction

X-ray diffraction measurements were carried out on the same irradiated samples used for the
micro-mechanical tests using a special high-resolution double-crystal diffractometer dedicated to
line-profile-analysis [120]. The incident angle was fixed at 20° on a stationary specimen. The
detection depth of CoK,; radiation at this angle is ~ 4 um, and so the detected X-rays originate
from the relatively flat region of the damage profile in Figure 2.3. The diffractometer was operated
with a sealed Co X-ray tube of 0.4x8 mm” fine line-focus running at 30 kV and 35 mA with a
wavelength of A=0.1789 nm. The primary beam was monochromatised by a plane Ge
monochromator using the (220) reflection. A slit of ~0.2 mm was inserted before the
monochromator in order to select the CoK,; line and to remove the CoK,, contribution. The
incident X-ray beam was positioned on the specimen surface using a low depth-resolution
microscope and was observed to illuminate an area of ~ 0.2x1.0 mm on the specimen surface. The
scattered X-rays were detected by two imaging plate (IP) detectors with a linear spatial resolution
of 50 um. The IPs were placed at the distance of 193 mm from the specimen covering an angular
range of 25° < 20 < 170°. The diffraction patterns were obtained by integrating the intensity
distributions along the corresponding Debye-Scherrer arcs on the IPs and are shown in Figure 2.12
Due to the plane Ge monochromator equipped with a 0.2 mm slit at a distance of ~150 mm from
the X-ray source, the instrumental broadening effect of this setup was negligible [120], and can
therefore be used for reliable line profile analysis.
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Figure 2.12 Measured (open circles) and CMWP calculated (red lines) XRD patterns (a) non-
irradiated T91, (b) irradiated T91, (¢) non-irradiated NCT91, (d) irradiated NCT91, (e) non-
irradiated 14YWT and (f) irradiated 14YWT.

In order to provide control samples free from surface deformation, a ~2 x 1mm window was
electropolished in specimens cut from in the bulk non-irradiated material. An electrolyte of 5%
perchloric acid and 95% methanol was used and the time was controlled in order to remove
~100pum from the surface. This type of sample preparation has the advantage over mechanical
polishing methods that it should not introduce any additional deformation in the surface of the
samples and so provides a reliable reference value for the non-irradiated state. Due to a lack of
control of the electropolishing technique and the relatively thin damage layer, it was not possible
to electropolish the irradiated samples after irradiation. However, the careful polishing of the
samples prior to irradiation would mean that any surface deformation would be minimal and the
relatively large penetration depth of the Co X-rays ensures that the main contribution to the line
broadening is from the irradiation-induced damage.
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2.2 Nanoindentation: Results and discussion
2.3.1 Surface nanoindentation

Figure 2.13 illustrates the post irradiation nanoindentation for the surface indented samples. Figure
2.14 shows the hardness of the surface samples as a function of indentation depth obtained from
QS indentation. Both the control and the irradiated hardness measurements of each sample are
displayed in the same plot for comparison. Table 2.1 provides the average of hardness of all four
alloys at a penetration depth of 1000 nm before and after irradiation, along with the increase in
hardness in each of the alloy due to the ion irradiation. Although significant irradiation hardening
was observed in the 800H and T91 alloys, a negligible hardening effect was observed in the NCT91
and 14YWT alloys, which is within the error of the measurements.

Figure 2.13 (a), (b) Examples of the post irradiation nanoindenation surface for the surface
samples. (c) An example of surface indent fields.
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Figure 2.14 Surface hardness as a function of indentation depth.

Table 2.1 Hardness measurements obtained by nanoindentation on the surface

Difference in Hardness

1000 nm depth Hardness (GPa) (GPa)
i 3.63+0.07
800H Irradiated 131
Control 2.32 £0.08
; 477 +0.16
T91 Irradiated 76
Control 3.01 £0.02
i 428+0.18
NCT91 Irradiated 015
Control 4.13+0.11
i 7.04 +£0.23
14YWT Irradiated 014
Control 6.90 +0.39
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According to the hardness profiles, the 800H alloy appeared to be strongly size affected while the
other samples were not. “Indentation size effect” is the phenomenon where hardness increases with
decreasing penetration depth, making the measurements deviate from macroscopic hardness
values. The size effect was characterized using the Nix and Gao model (Equation 1.5) [90]. Hy,
which is the hardness in the limit of infinite depth, and h*, which is a characteristic length
depending of the shape of the indenter, are the main parameters describing the size effect behavior.
Hy and h* can be calculated after plotting H” vs. 1/h. Typically, materials with a low size effect
have a low h*, and materials with a large size effect have a high h*. The calculated h* values for
all of the samples are tabulated in Table 2.2. The negative h* values are due to the slight hardness
increase as a function of penetration depth, which is presumably due to small measurement errors
within the error bars.

Table 2.2 Nix and Gao’s h* values before and after irradiation

Sample Before Irradiation After Irradiation
h* (nm) ISE h* (nm) ISE
800H 627 Strong 201 Moderate
T91 -2.97 None -28.4 None
NCT91 16 None 41.5 None
14YWT -8.06 None -20.4 None
h* (nm) ISE

>250 Strong
150 - 250 Moderate

50-150 Weak
<50 None

Figure 2.15 shows the hardness measurements obtained using the CSM technique. The average of
25 indentations is shown and error bars represent one standard deviation of the mean. Significant
irradiation-induced hardening can be observed in the 800H alloy and the T91, however the NCT91
and the 14YWT show no significant irradiation induced hardening. It should be noted that there is
a slight hardening effect in the 14YWT sample, which may be attributed to sample preparation or
carbon contamination as highlighted in [121] in the low depth indents and microstructural
heterogeneity beyond the surface region. In all samples and conditions, an indentation size effect
was observed.
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Figure 2.15 CSM indentation hardness measured from the surface of the sample.

2.3.2 Cross-section nanoindentation

Figure 2.16 show the post irradiation cross-section indents of the irradiated areas in cross-section

samples as a function of distance from the edge.
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Figure 2.16 Example of indent fields performed on the cross-section samples.

Figure 2.17 shows hardness profiles from the cross-sectional samples, providing post-irradiation
hardness measurements as a function of distance from the surface. A significant increase in
hardness was observed in the irradiated regions of the 800H and T91 alloys. The hardness of 800H
and T91 increased from 2.8 GPa to 4.2 GPa and from 3.8 GPa to 5.1 GPa, respectively. However,
this characteristic was not observed in the NCT91 and 14YWT alloys. According to the hardness
profiles, the hardness values did not deviate significantly from the average of ~4.5 GPa for NCT91
and ~6.9 GPa for 14YWT. The distinct hardness drop shown corresponds to the transition of the
irradiated to the non-irradiated regions in the cross section of the sample. The 800H cross-section
hardness profile suggests that the irradiation depth is approximately 6 um. This agrees well with
the SRIM predictions of 6.2 um. The blue and the red lines in Figure 6 correspond to the average
hardness at the same indentation depth (200 nm) in the control and the irradiated regions of the
sample surface, respectively. While the surface hardness measurements reasonably match with the
cross-section hardness measurements for 800H, T91 and NCT91, the agreement was not observed
in the case of 14YWT due to the anisotropic microstructure.
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Figure 2.17 Hardness profile of cross-sectional samples as a function of distance from the edge
(Penetration depth of 200 nm).

2.3 Microcompression: Results and discussion

Engineering stress and strain curves were obtained from microcompression testing. By taking the
surface interactions between the tip and the pillars into account a 0.2% strain line parallel to the
elastic region was plotted to obtain the offset yield point. Images of pillars in the non-irradiated
and the irradiated area of the cross-sectional 800H sample before and after compression are shown
in Figure 2.18. The corresponding stress-strain curves obtained from the load-displacement data
and yield stresses are plotted next to each of the pillars for comparison. The yield stresses of the
successfully compressed pillars fabricated in the non-irradiated and the irradiated area of the four
samples are provided in Table 2.3. Pillars with possible experimental errors such as misalignment
during the compression are excluded from the table.
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Figure 2.18 Microcompression testing of 800H pillars (a) non-irradiated area (b) irradiated area.

Table 2.3 Yield stresses obtained from microcompression testing in the control and the irradiated

area
Yield Stress (MPa)
Sample Non-Irradiated Irradiated
Pillar 1 Pillar 2 Pillar 3 Average | Pillar1  Pillar 2 Pillar3  Average

800H 250 260 250 253+£6 625 580 575 593 + 28

T91 945 730 660 778 £ 145 | 1,435 1,125 1,230 1’?2:; -
NCT9I1 950 780 N/A 865 £ 120 920 860 N/A 890 + 42
14YWT| 2,380 1,658 1,240 1,759 +577 | 1,751 1,830 1,865  1,815+58

2.4 X-Ray diffraction

X-ray diffraction also provides a useful tool for analyzing the microstructural properties of ion-
irradiated layers. Due to limited penetration depth, the region from which X-rays are diffracted
can be confined to the irradiated surface layer. X-ray line broadening can be used to probe the
microstructure of materials non-destructively over statistically significant volumes, and so
naturally complements small-scale mechanical testing techniques. The fitting of microstructural
parameters to experimentally acquired profiles is achieved using the Convolutional Multiple
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Whole Profile fitting (CMWP) algorithm, developed by Ungar et al. [122], and allows for the
extraction of microstructural parameters, such as dislocation density and crystallite size. Although
the code was originally developed for the investigation of deformed microstructures [120, 123-
125], it has recently been successfully used to understand irradiation damage in materials [69,126].

Figure 2.19 shows the measured XRD patterns from non-irradiated and irradiated samples. Due to
the large grain size of the 800H alloy, it was not possible to get sufficient statistics for accurate
CMWP analysis and so the XRD investigation focused on the smaller grained BCC materials. The
calculated profiles from CMWP are overlaid on the measured profiles in Figure 4. Good agreement
was observed between the measured and calculated profiles for all the measured samples. The
microstructural parameters from the CMWP analysis are shown in Table 2.4. The strongest
increase in the dislocation density was observed in the T91 specimen, which showed a 5-fold
increase in dislocation density after irradiation. In contrast, the nanocrystalline T91 showed an
almost negligible increase in dislocation density after irradiation, considering the error in the
values. The dislocation density of the 14YWT alloy was observed to double after irradiation,
although the change in dislocation density was significantly less than that observed in T91.

Table 2.4 Microsctrutural parameters from CMWP evaluation of XRD profiles of control and
irradiated BCC alloys

CMWP <X> area Y M q
(nm) (10" m?)

To1 Irradiated | 87 (+10) | 14.8 (1) |53(*0.7)| 1.6 (x0.1)
Control | 114 (£12) | 2.7 (20.2) 11 (+2) 1.2 (+0.2)
NCTO1 Irradiated | 67 (£8) | 19.8(x1.2) | 2.8(x0.4) | 1.5(+0.1)
Control | 70(£8) | 17.8(x1.2) |5.7(x0.8) | 1.3(+0.2)
LaywT | Jmadiated | 67(:8) | 163 (:L.D) |2.6(04) | 2.0 (0.1)
Control | 82(#8) | 7.6(x0.6) | 6.8 (£l) 1.9 (+0.1)

In order to qualitatively assess the diffraction patterns using the full width at half maximum
(FWHM) of the reflections, modified Williamson-Hall (mWH) plots were created using the
measured profiles and are shown in Figure 9 [123]. The figures show that for each investigated
sample the slope of the mWH plot increases after irradiation; the change is large for T91, and small
for NCT91 and 14YWT. Qualitatively, the slope of a mWH plot increases a function of dislocation
density, as Eq. 5 in [123] demonstrates. Thus, the qualitative trends shown by the mWH plots for
the dislocation densities are in agreement with the results of the quantitative CMWP analysis.
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Figure 2.19 Modified Williamson Hall plots for T91, NCT91 and 14YWT measured from
experimental XRD profiles.

Some interesting trends were also observed in the other microstructural parameters determined
from CMWP, see Table 2.4. The M parameter shows the dipole character of the dislocations and
can be considered as a measure of the degree of dislocation arrangement present in the sample. M
is observed to decrease by approximately half in all three specimens after irradiation, indicating
an increase in the ordering of irradiation-induced dislocations. The ¢ parameter is a measure of the
hkl dependence of the line broadening and can be used to determine the edge/screw nature of
dislocations in cubic materials [127]. In BCC steels, the average screw/edge character would give
q =~1.8 with lower or higher values indicating a larger edge or screw ratio respectively. Negligible
changes in the g parameter are observed after irradiation in all samples, however a lower average
value is observed in T91 and NCT91 alloys than in 14YWT indicating 14YWT has a higher ratio
of screw dislocations and the T91 alloy have a higher edge ratio. The errors for all parameters are
shown in Table 2.4, and are determined by running the evaluation several times. As CMWP is a
statistical Monte-Carlo procedure, this can lead to natural variation in the results, however it can
be seen that with errors included, the trends in the microstructural parameters remain.

2.5 Discussion and technique comparisons

Hardness saturates after a certain dose at a temperature in indentation testing (typically around
10dpa) as it has been shown by others [61], which is the same way as yield stress saturates at a
similar dose on materials [51,73-74]. Hardness as well as yield stress cannot increase indefinitely
due to the fact that there are only a certain number of defects that can be fit within a specific
volume. From the current results we can conclude that for the alloys of interest, hardness saturates
either at 20 dpa or lower (likely at 10 dpa) as has been observed in other materials [51,61,128-
129].

Comparing the size effect parameters of the different samples to each other provides insight into
the materials microstructure. It is found that the softer FCC material, with a large grain size and
low defect density, experiences a large size effect while the BCC materials, with a fine
microstructure and significant defect density, have a lower size effect. This is in good agreement
with Nix and Gao as well as others [90] and can be explained by the fact that fully annealed, large-
grained materials generally have less stored dislocations and dislocation pinning points. It is also
observed that the size effect is significantly reduced with the addition of radiation damage, in
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agreement with these observations. It does raise the question, however, how macroscopic
properties can be derived from nanoscale tests if the size effect changes as a function of irradiation
damage. A simple AH value will not allow for the estimation of macroscopic hardness values and
therefore yield strength. It is therefore a requirement that the size effect is known in order to
estimate macroscopic properties for a given material. However, there is rarely sufficient ion-
irradiated material available to perform a size effect study, which makes this approach difficult.
However, the fact that minimal size effect was observed in the irradiated material leads to the
assumption that the nanohardness is representative of the bulk material. Therefore, it is possible to
measure the hardness of the irradiated material at the small scale with hardness measured at the
larger scale on bulk non-irradiated material in order to calculate the delta hardness. A similar
technique was outlined in [130].

The hardness measurements obtained using the CSM method, in the surface of the sample agree
reasonably well with the surface indentation results obtained from the quasi-static technique with
the exception of the 14YWT material. The microstructure of the 14YWT had a small grain size
with grains ranging from as small as 100nm to 1um in size. Due to the difference in the average
grain sizes and precipitate distributions, it is possible to suggest that the QS experiments were
made in a region with a low precipitation density and/or a large average grain size and the CSM
experiments were made in a region of the sample with a high density of precipitates and/or a small
average grain size. This would explain the difference in the hardness measured from each
technique.

A size effect is observed for all samples in both the irradiated and unirradiated conditions. In this
technique, the hardness is continuously being measured whilst the indenter is penetrating deeper
into the material. As the displacement increases, the volume of material being sampled beneath
the indenter (i.e. the plastic zone) will evolve from containing purely damaged material, to a
combination of unirradiated and irradiated until finally at large penetration depths the unirradiated
material will dominate the hardening response and the irradiated and unirradiated hardness curves
will converge. At the depth at which this transition occurs (i.e changing from purely irradiated to
a mixture), a change in the hardness behavior can be observed. This is clearer for the T91 and the
14YWT samples (see irradiated hardness curves of T91 and 14YWT in Figure 2.15) where a
distinct ‘kink’ in the hardness curve can be observed. A similar ‘kink’ can be observed in the
unirradiated hardness curve for the 14WYT sample. This can be explained from the geometry of
the irradiation set up. Indentations in the unirradiated region of the sample were taken from the
surface of the sample that was shielded from the ion-beam (Figure 2.2). In the case of the 14YWT
sample, the unirradiated portion of the sample was clamped down during the irradiation. This
‘clamping’ mechanism created mechanical damage to the surface of the material which resulted in
a distinct ‘kink’ in the unirradiated nanoindentation hardness measurements. As a result, the CSM
non-irradiated hardness data for the 14YWT sample was not used for comparison.

Microcompression testing revealed significantly higher yield stresses in 800H and T91 in the
irradiated area than the control area. However, a much smaller difference in the yield stress values
was obtained in the control and the irradiated area of NCT91 and 14YWT. This agrees well with
the nanoindentation results, confirming irradiation hardening in 800H and T91 but not in NCT91
and 14YWT. Although the focus of this paper is not to compare the mechanical property evolution
resulting from ion irradiation to that resulting from neutron irradiation, it is worth noting that, as
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an example, a considerable increase in yield stress has also been observed in neutron irradiated
T91 [131]. Along with the increase in yield stress, the increase in hardness due to irradiation
hardening was observed in neutron irradiated T91 [132], thus confirming the similarities between
ion irradiated and neutron irradiated alloys in this aspect of mechanical property evolution.

In order to cross compare between nanoindentation and microcompression, and relate both small-
scale mechanical testing methods, yield stress can be obtained from nanoindentation by converting
Berkovich hardness (Hy) to Vickers hardness (Hy) (Eqn. 2.1) then to yield stress (oy) (Eqn. 2.2)
[133].

H,=945H (Bqn. 2.1)

o, =2.82H,-114 (Bqn. 2.2)

Figure 2.20 compares the difference in yield stresses of the four alloys obtained from
nanoindentation and microcompression before and after irradiation. The agreement between the
two testing methods results in the increase in confidence in the field of small-scale mechanical
testing. Discrepancies between the two testing methods could be due to the different nature of the
stress states for each method. While nanoindentation is associated with triaxial stress state,
microcompression is a uniaxial type of testing.

Nanoindentation vs. Microcompression

gsoo
g‘zoo
100
0 Elw  m B

800H NCT91 14YWT

QS NlAoy ®CSMNIAcy ®MPC Aoy

Figure 2.20 Difference in yield stresses before and after irradiation obtained from nanoindentation
and microcompression experiments.
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Table 2.5 Quasi-static (QS) and Continuous Stiffness Measurement (CSM) Indentation data for
four alloys of interest

QS H, (GPa) H, (GPa) NI 6y (MPa) NIAoy (MPa) MPC oy (MPa) MPC Aoy (MPa)
Irradiated 3.63 343 853 593
800H 349 308
Control 2.32 219 504 285
Irradiated 4.77 451 1158 1263
T91 471 485
Control 3.01 284 687 778
Irradiated 4.28 404 1025 890
NCTI1 39 25
Control 4.13 390 986 865
Irradiated 7.04 665 1761 1815
14YWT 36 56
Control 6.9 652 1725 1759
CSM H, (GPa) H, (GPa) NI 6y (MPa) NIAcy (MPa) MPC oy (MPa) MPC Aoy (MPa)
Irradiated 4.12 389.34 983.9388 593
800H 237.1761 341
Control 3.23 305.235 746.7627 252
Irradiated 5.06 478.17 1234.4394 1263
T91 490.3416 485
Control 3.22 304.29 744.0978 778
Irradiated 4.67 441315 1130.5083 890
NCT91 119.9205 25
Control 422 398.79 1010.5878 865
Irradiated 7.09 670.005 1775.4141 1815
14YWT 2.6649 56
Control 7.08 669.06 1772.7492 1759

The initial dislocation density, as measured by CMWP, of the NCT91 alloy was the highest of all
3 BCC samples, and was in fact higher than the dislocation density of the other alloys after
irradiation (Table 2.4). This is to be expected due to the severe plastic deformation technique used
to fabricate these nanocrystalline alloys [134]. The resulting nanocrystalline grain structure, with
sub-micron grain size, is likely to be responsible for the irradiation resistance of this alloy due to
an increased concentration of grain boundaries, which are know to be effective neutral defect sinks
[43]. This is reflected by the negligible increase in dislocation density observed in NCT91 after
irradiation, which is within the error in the measurement and agrees with the negligible change in
hardness observed in this alloy during nanoindentation tests. In comparison, the initial dislocation
density of coarse-grained T91 was significantly lower than NCT91 as would be expected from a
relatively large grained, annealed material. The non-irradiated dislocation density measured from
the XRD profiles was ~ 3 times that as reported from TEM investigations [17], although the
dislocation density was observed to vary dramatically throughout the microstructure. This alloy
experienced the largest increase in dislocation density after irradiation, a 5-fold increase, which
agrees with the severe irradiation hardening observed during the small-scale mechanical tests.
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The initial dislocation density of the 14YWT alloy sits between the T91 and NCT91 control
samples and agrees well with previous TEM measurements on 14YWT [135]. A relatively small
increase in dislocation density after irradiation was observed compared to T91, which is most
likely due to the large number density of ultra-fine nanoclusters present in the 14YWT
microstructure. These nanoclusters act as selective sinks for defects, encouraging self-healing of
damage through recombination with self-interstitial atoms [136]. The larger grained 14YWT
microstructure is not as effective in mitigating irradiation damage as the nanograined T91
microstructure, probably due to the fact that nanoclusters are less efficient defect sinks than grain
boundaries. Although the scatter in the data is greater, most likely due to a more heterogeneous
microstructure, this is also reflected in the nanoindentation data (Figure 2.14) that shows a larger
increase in hardness after irradiation in the 14YWT alloy than in NCT91. In addition, a similar
trend is observed in the yield stress as determined from the microcompression experiments (Table
2.3), although this is not observed in the calculated yield stress obtained from the nanoindentation
measurements. This could be because of the different types of stress state of each testing technique.

2.6 Comparisons of nanoindentation measurements from different indenters

Nanoindentation has been performed on the control surface 800H at the temperatures of 25 °C
(room temperature), 100 °C, 200 °C and 300 °C, covering the depth range of 80 — 380 nm (Hysitron
TriboIndenter 950, UCB) and 300 — 1000 nm (Micro Materials NanoTest, UCB). As evident in
Figures 2.21 —2.24, which show the hardness profiles across all indentation depth range, there was
a very good consistency between the two machines. Hardness and modulus decreased with
temperature as expected.

800H Unirradiated RT: Hardness vs. Indentation Depth
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Figure 2.21 Hysitron TriboIndenter 950 and Micro Materials indenter - Surface hardness at room
temperature as a function of indentation depth.
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Figure 2.22 Hysitron TriboIndenter 950 and Micro Materials indenter - Surface hardness at 100
°C as a function of indentation depth.
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Figure 2.23 Hysitron TriboIndenter 950 and Micro Materials indenter - Surface hardness at 200
°C as a function of indentation depth.
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Figure 2.24 Hysitron TriboIndenter 950 and Micro Materials indenter - Surface hardness at 300
°C as a function of indentation depth.
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Chapter 3
Indentation Size Effect (ISE)

3.1 ISE studies without EBSD

The first two sets of experiments were performed without taking grain orientation into
consideration. Indentation size effect studies were carried out with the hardness measurements
from multiple grains or in other words, from a polycrystalline volume. Figure 3.1 shows the size
effect parameter h* as a function of temperature for two rounds of experiments with the same setup
and parameters. The ISE is less significant with temperature for the first set of experiments while
the opposite trend is observed for the second set. This implies that it is not possible to study ISE
by sampling polycrystalline volume.

800H Control: h* vs. Temperature
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Figure 3.1 Opposite trends observed from two rounds of indentation size effect studies without
taking grain orientation into consideration.

3.2 Experimental

The austenitic alloy 800H steel (31.6Ni-20.4Cr-45.5Fe (wt%)) is of particular interest for
investigation due to its potential use as a structural material in nuclear reactors and is therefore
selected for this study. Due to its high nickel and chromium content, 800H has superior mechanical
properties such as swelling and void formation resistance, making it a strong candidate structural
material for high temperature and nuclear applications [38]. Two grains of known orientation, in
both the unirradiated and the irradiated 800H, were selected for this study and nanoindentation
testing on each of the selected grains was performed up to 300 °C. One of the two orientations in
the unirradiated and the irradiated 800H were purposely chosen to be the same for direct
comparisons between the unirradiated and the irradiated conditions.
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3.2.1 Sample preparation for EBSD

After irradiation the sample was polished again using the same procedure removing approximately
200nm of material leaving sufficient irradiated material for testing. This process is critical since
ISE occurs at low penetration depths and is thus sensitive to surface irregularities while it was
found that the as irradiated sample contained a thin layer of residue on top and therefore post
irradiation EBSD was not possible. A series of indents of increasing depths were placed prior to
polishing the sample with 0.1 um diamond solution. The indents served as markers to ensure that
less than 200 nm of irradiated layer was removed due to the polishing.

3.2.2 EBSD scans to identify grain orientations

EBSD was performed on both the unirradiated and the irradiated 800H to search for two grains
of known orientations large enough to contain all indents for ISE studies at all temperatures, and
the same orientation. The orientation <111> and <131> for the unirradiated 800H and <111> and
<113> for the irradiated 800H were selected. Both EBSD scans are shown in Figure 3.2.

Grainl
<111>

Figure 3.2 EBSD scans of the (a) unirradiated and the (b) irradiated 800H.

3.2.3 Nanoindentation

All the nanoindentation experiments were performed on the Hysitron Triboindenter TI-950 with
the xSol high temperature stage (schematic provided in Figure 3.3 [137]). Hysitron’s xSol high
temperature stage enables high resolution nanomechanical measurements to be performed over a
broad temperature range. The thermally stable xSol stage design provides excellent feedback-
controlled temperature accuracy, fast stabilization times (under tight PID control), and a thermally
stable stage design that enables quantitative, accurate, and reliable nanomechanical
characterization at elevated temperatures up to 800°C. Dual resistive heating elements eliminate
temperature gradients within the sample for a uniform temperature to the outermost testing surface.
xSol’s exclusive heating element architecture and proprietary probe design provides passive tip
heating for isothermal tip-sample contact. Dissipated heat is transported outside of the instrument
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enclosure through the xSol’s liquid-cooled metal base [ 137]. The Hysitron xSol apparatus has been
successfully used in several studies involving high temperature material performance [138-142].

(a) (b)

Figure 3.3 Hysitron Triboindenter TI-950 with the xSol high temperature stage [137].

For all the nanoindentation tests reported in this work, an Ar-H 5% cover gas was used to minimize
oxidation. =~ A  diamond  Berkovich  probe, with a tip area  function
calibrated to Fused Quartz was used for the measurements. Indents were performed in an array of
5 x 4 indents per sample (unirradiated and irradiated) per grain location per temperature covering
the depth range from 100 nm to 400 nm, and were spaced at a minimum of 10 um apart from each
other to avoid plastic zone interactions. Considering plastic zone size to be five times the
indentation depth, for a 400-nm deep indent, the volume sampled is approximately 2 pm in radius,
which is well within the irradiation penetration depth of 6.2 pum [59]. All the indents were
performed in the displacement control quasi-static mode with a 5 second long segment each for
loading, hold and unloading. Both the unirradiated and irradiated samples were tested at four
different temperatures: room temperature, 100 °C, 200 °C and 300 °C. Due to the excellent thermal
stability of the xSol high temperature stage, no more than a 10-minute hold was necessary before
beginning testing at every temperature. The load-displacement curves from indentation testing
were reproducible across all testing temperatures. The hardness was obtained from load vs.
displacement curves according to the Oliver-Pharr method [62].

3.3 Results: Unirradiated and irradiated
Unirradiated 800H
Hardness and modulus measurements of the unirradiated <I111> and <I131> oriented grains are
provided in Figure 3.4 and Figure 3.5, respectively. Figure 3.6 shows the data obtained from a the

<111> oriented grain in the unirradiated 800H at room temperature. This represents the data set
obtained for each of the specific test conditions, i.e., irradiation conditions, grain orientations and
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temperatures. Figures 3.6 (a) shows the measurements of the hardness and the reduced modulus
(indentation modulus), respectively, as a function of indentation depth. The error bars represent
the standard deviations. Note that modulus values mentioned in this study refer to the reduced
modulus or the indentation modulus. The Nix and Gao model was used to study the ISE, plotting
the square of hardness H vs the inverse of indentation depth 1/h, where the linear fit with slope
and intercept can be used to calculate the characteristic depth 2* which scales with size effect
(Figure 3.6 (b)). R* was equal to or over 92% for all the unirradiated 800H data sets.

38



[é)]

a)
S

Pa)

Hardness (G

a)

Hardness (GP.

Pa)

Hardness (G

Hardness (GP
N

w

e

o

- N W A~ O

o

- N W A~ O

o

- N W A~ O

o

800H Unirradiated <111>RT

x

[

-
L + X
0 100 200 300 400 500
Indentation Depth (nm)
800H Unirradiated <111>100°C
i i ¥ .
0 100 200 300 400 500
Indentation Depth (nm)
800H Unirradiated <111>200 °C
0 100 200 300 400 500
Indentation Depth (nm)
800H Unirradiated <111>300°C
0 100 200 300 400 500

Indentation Depth (nm)

800H Unirradiated <111>RT

100 200 300 400
Indentation Depth (nm)

800H Unirradiated <111>100 °C

500

100 200 300 400
Indentation Depth (nm)

800H Unirradiated <111>200 °C

500

db
]

100 200 300 400
Indentation Depth (nm)

800H Unirradiated <111>300 °C

500

[
4
|

0

100 200 300 400
Indentation Depth (nm)

Figure 3.4 Hardness and modulus measurements of the unirradiated <111> 800H.
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Figure 3.5 Hardness and modulus measurements of the unirradiated <131> 800H.
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Figure 3.6 Unirradiated 800H; <111> grain orientation at room temperature: Nanoindentation
results (a) Hardness and reduced modulus as a function of indentation depth (b) Nix and Gao plot
showing how indentation size effect is calculated.

The hardness profiles for both grain orientations i.e. <111> and <131> are illustrated in Figures
3.7(a) and (c). Different colors of data points refer to different testing temperatures. At 100 nm
indentation depth, the hardness of the <111> grain decreases from 4.69 GPa at room temperature
to 3.63 GPa at 300 °C (22.6%). On the other hand, at the indentation depth of 400 nm, there is a
16% drop (3.1 GPa to 2.6 GPa) in the same grain. In the case of a <131> grain, the hardness
decreases from room temperature to 300 °C at 100 nm and at 400 nm are from 4.91 GPa to 3.78
GPa (23%) and 3 GPa to 2.4 GPa (20%), respectively. It is therefore clear that the hardness
decreases with increasing depth at different rates for each temperature, implying different size
effect behaviors. Figures 3.7(b) and (d) provide the reduced modulus profiles for both grain
orientations. At the indentation depth of 400 nm, the reduced modulus of the <111> grain decreases
from 182 GPa at room temperature to 165 GPa at 300 °C (9%). At the same depth, the reduced
modulus of the <131> grain decreases from 169 GPa at room temperature to 150 GPa at 300 °C
(11%). The calculated drops in reduced modulus with temperature agrees well with the tensile
modulus stated in the literature, which is approximately 9% from 20 °C to 300 °C [143]. Due to a
scatter of measurement data, it may seem that modulus slightly decreases with indentation depth.
However, when taken into account the standard deviations, the ‘size effect’ trend of the modulus
as a function of indentation depth is negligible. Figures 3.8(a) and (b) plot the calculated hardness
at infinite depth or the bulk hardness Hy and the characteristic depth 42 * or ISE, respectively, over
temperature for the two grain orientations tested in the unirradiated sample. The data from the
figures are also summarized in Table 3.1.
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Table 3.1 Size effects at each testing temperature in each grain orientation in unirradiated and ion-

irradiated 8O0H
Unirradiated Ion-Irradiated

Temp <111> <131> <111> <113>
°C) Ho h* Ho h* Ho h* Ho h*
25 2.3 327 1.93 571 3.58 176 3.51 172
100 2.32 251 1.88 481 3.51 127 3.31 129
200 2.11 255 1.77 487 3.45 122 3.11 122
300 2.11 200 1.85 324 3.35 97 3.06 91
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Figure 3.8 Nix and Gao model for indentation size effect (ISE) study in unirradiated and irradiated
800H showing Hy and 4 * as a function of temperature.

Irradiated 800H

Hardness and modulus measurements of the unirradiated <I111> and <113> oriented grains are
provided in Figure 3.9 and Figure 3.10, respectively. Figure 3.11 represents an example of the
hardness and reduced modulus measurement data as a function of indentation depth, along with
the Nix and Gao plot (with R* equal to or above 85%), obtained from a grain orientation of <111>
in the irradiated 800H at room temperature. Hardness profiles as a function of testing temperature
for <111> and <113> grain orientations are shown in Figures 3.12(a) and 3.12(c), respectively.
Since the irradiated 800H has a higher hardness value than the unirradiated 800H, the penetration
depth is only approximately 350 nm with the maximum indenter load. At this depth, hardness
decreases from 4.4 GPa at room temperature to 3.8 GPa at 300 °C in the <111> grain (14%) and
from 4.4 GPa at room temperature to 3.4 GPa at 300 °C in the <113> grain (23%). Similar to the
unirradiated 800H, the decreasing rate of hardness with penetration depth is different for each
testing temperature, suggesting different size effect behaviors. Figures 3.12(b) and 3.12(d) provide
the reduced modulus profiles as a function of temperature for the <111> and the <113> grains. At
approximately 350 nm indentation depth, the reduced modulus drops from 215 GPa and 195 GPa
at room temperature to 191 GPa and 178 GPa at 300 °C, which corresponds to 11% and 9% for
the <111> grain and the <113> grain, respectively. H, and 2 * are plotted over testing temperature
in Figures 3.8(c) and 3.8(d) for both grain orientations, and are tabulated in Table 3.1.
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Figure 3.9 Hardness and modulus measurements of the unirradiated <111> 800H.
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Figure 3.10 Hardness and modulus measurements of the unirradiated <113> 800H.
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Figure 3.12 Irradiated 800H; Hardness and modulus profiles as a function of depth and temperature
of grains of <I111> and <113> orientations.

For comparison reasons, the hardness measurements from the <111> grain in the unirradiated
800H and that from the same grain orientation in the irradiated 800H were used for size effect
studies over temperatures. Figure 3.13(a) compares the hardness profiles as a function of
indentation depth of the unirradiated and the irradiated 800H. The differences in the hardness drop
rates in the two samples suggests different amounts of indentation size effect. Figure 3.13(b) shows
Nix and Gao plots obtained from the hardness data in Figure 8(a), illustrating less pronounced size
effect after irradiation. The characteristic depth h* reduces from 327 nm to 176 nm after
irradiation. h* values are plotted over temperatures in Figure 8(c). The h* are reduced by 38.8%
from 327 nm to 200 nm for the unirradiated 800H and 44.9% from 176 nm to 97 nm for the
irradiated 800H in the <111> grain orientation. Figure 3.14 shows the logarithmic relationship of
the h* and temperature for both grain orientations in unirradiated and both in irradiated 800H. It
is worth noting that while two grain orientations from the unirradiated 800H have different
relationships, the two grains from the irradiated 800H follow very similar relationships. This
implies the significantly reduced influence of grain orientation on indentation size effect behavior
as a function of temperature after irradiation.
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3.4 Influence of irradiation and temperature on ISE

In the work on ISE of single crystal Cu at room temperature by Durst et al. and Backes et al.
[61,92-93], the calculated #* values from single-crystal samples varied from 200-700 nm,
depending on crystal orientation. The wide range of 4 * suggested that orientation has a strong
influence on ISE. However, the study of the influence of crystal orientation on indentation size
effect has not been performed. To exclude orientation dependence, grain orientations were
identified and taken into account in this study. For both the unirradiated and the irradiated 800H,
different grain orientations result in different hardness, reduced modulus and /#*. Flom et al. [ 144]
reveals significant anisotropy in the hardness which is characteristic to different crystal
orientations where the anisotropy arises from different numbers and orientations of active slip
systems during an indentation [145]. The plastically deformed volume underneath the indenter can
be correlated to where slip on the preferred planes and directions occur [144-145]. This is due to
the distributions of dislocations unique to specific orientations [146], emphasizing that grain
orientations must be specified when studying ISE in large grained materials or single crystals.

Although the modulus data do not contribute to the size effect studies, they serve as a tool to ensure
the accuracy of the hardness data. Table 3.2 provides the comparisons between the unirradiated
and the irradiated 800H. For the <111> grain orientation, the increases in hardness after irradiation
is due to the radiation damage (radiation-induced defects) caused by ion-irradiation [56,147-150].
Studies have shown that ISE is weak if not absent for materials with pre-existing high dislocation
densities and defects (high density of SSDs) [92, 146, 151] since the deformation is not dislocation

49



source limited but rather dislocation mobility (defect interaction) limited. A similar case was also
observed in Cu nanopillars [152] where only very small volumes tested experience a size effect on
irradiated materials.

Table 3.2 Comparisons between the unirradiated and irradiated 800H

RT — 300 °C Unirradiated 8O0H Irradiated 800H
B <l11> 327 nm — 200 nm <I11> 176 nm — 97 nm
<131> 571 nm — 324 nm <113> 172 nm — 91 nm

. <l11> 118% <111> 122%

<131> 121% <113> 124%

H, <l11> 18% <111> 16%

<131> 14% <113> 113%

Modulus <l11> 19% <111> 111%

<131> 111% <113> 19%

In agreement with the aforementioned studies, the ISE in the <111> grain tested here in the
irradiated 800H is less significant than that of the same grain orientation in the unirradiated 800H.
This originates from the fact that the radiation-induced defects causing radiation damage act as
dislocation obstacles, thus increasing flow stress through the material as also discussed in [152].

As shown in the results, at the same penetration depth, hardness decreases with increasing
temperature in all cases (unirradiated and irradiated). This is expected but the more interesting
observation is that the ISE is also less pronounced with increasing temperature for every grain
orientation in both the unirradiated and the irradiated 800H. Increasing temperature decreases
shear modulus and lattice friction or Peierls stress, and increases dislocation mobility [94],
resulting in the larger plastic zone size for GNDs storage and thus the larger scaling factor £, which
scales with the radius of the plastically deformed volume (schematic shown in Figure 3.15) [153].
From Equation 1.7, since Hj scales linearly with shear modulus G (Equation 1.8), #* is only
dependent upon f while other parameters are constant, with the assumption that the dislocation
density remains relatively constant with temperature and no significant defect structure change
occurs in the temperature regime of interest. Accordingly, ISE are less significant at high
temperatures due to the larger GND storage volume i.e. plastic zone size.
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Figure 3.15 Schematic of the temperature influence on GND storage volume.

The assumption that the defect density is not changing in the temperature regime evaluated here is
valid for both the unirradiated and the irradiated 800H because the maximum testing temperature
stays well below the irradiation temperature. Therefore, all effects observed are due to the
dislocation defect interaction and not due to the change of defect density as a function of
temperature. The data suggests that #* is also significantly reduced on the irradiated material as
temperature increases i.e. ISE is even less pronounced. Again, if we assume the radiation induced
defects do not change as a function of temperature one may conclude that for the irradiated material
the plastic zone size is increasing as a function of temperature and therefore a higher density of
SSDs become available.

Another aspect of this discussion can be brought in if one considers the fact that irradiated materials
deform differently than unirradiated materials. Some irradiated materials tend to form defect free
slip channels (dislocation channeling) rather than ordinary plastic deformation leading to highly
localized slip where the mobile dislocations absorb the smaller radiation induced defects in the
material leaving areas of reduced defect density behind [154-156]. However, it is still unclear
whether dislocation channeling actually occurs under the indenter [154]. Without dislocation
channeling, radiation-induced defects result in a higher density of existing SSDs after irradiation
and therefore contribute to less pronounced ISE in the same manner as that of unirradiated, cold-
worked materials. Nevertheless, if the assumption that irradiated materials deform through
dislocation channeling during indentation holds, one could assume that that the plastic deformation
is highly localized and the hardness measured at a specific condition (depth and temperature) is
not based on GNDs but rather on the development of these slip channels. Thus, the Nix and Gao
model could no longer be used in the case of irradiated materials.

Higher temperatures assist dislocations in overcoming the activation barriers to dislocation-defect
interactions and therefore would cause more softening as a function of temperature in the irradiated
material than what is observed in the unirradiated material. The evidence for this phenomenon is
illustrated by the decrease in the difference in the average hardness between the unirradiated grain
(0.82 GPa) and the irradiated grain (0.67 GPa) of the same orientation with increasing temperature
(see Figure 3.16). As mentioned previously, there has been only a single study on the influence of
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temperature on ISE by Franke et al. [94]. In Franke’s study, from room temperature to 200 °C, 4 *
of the single crystal Cu (unknown grain orientation) decreases significantly from 280 nm to 83
nm. Current results confirm the less pronounced size effect at higher temperatures for all grain
orientations in both samples: from 327 nm to 255 nm in the <I11> grain and from 571 nm to 487
nm in the <131> grain in the unirradiated 800H, also from room temperature to 200 °C. The most
original and novel finding of the current work, however, is the suggestion of a strong influence of
crystal orientation on ISE. In other words, this work pioneers the independent influence of crystal
orientation, irradiation conditions and temperature on ISE. Table 3.3 compares the results from
Franke’s study to the current study. The increase in the storage volume, measured by the parameter
£, at high temperatures is observed in both cases, although in Cu the percent increase is significantly
higher. While the bulk hardness of Cu remains roughly constant, the bulk hardness in both grain
orientations of 800H decreases with temperature. The same trend is also observed for reduced
modulus in 800H.

800H Hardness at 200 nm depth vs. Temperature
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Figure 3.16 Hardness at 200-nm indentation depth as a function of temperature for both
unirradiated and irradiated <111>.

Table 3.3 Comparisons with literature: Franke’s study [94]

RT — 200 °C Franke's study Current study
Material Single crystal Cu <111> 800H <131> 800H
h* 280nm — 83 nm  327nm — 200nm 571 nm — 324 nm
f 144% 17% 14%
Hy Roughly constant 18% 18%
Modulus N/A 110% 112%
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Chapter 4
Sample Size Effect (SSE) in Microcompression

Despite the extensive sample size effect studies of both BCC and FCC metals at room temperature,
the influence of temperature on sample size effect has only been investigated and understood in
BCC metals [106,157] but not FCC metals. In order to understand the influence of irradiation and
temperature on sample size effects observed in FCC metals, the austenitic alloy 800H steel
(31.6Ni-20.4Cr-45.5Fe (wt%)) has been chosen for investigation due to its potential use as a
structural material in nuclear reactors. Alloy 800H has superior mechanical properties due to its
high nickel and chromium content, making it a strong candidate structural material for high
temperature and nuclear applications [38]. Micro-pillars of different sizes for microcompression
testing experiments at ambient and at 300 °C were fabricated in the same grain containing both the
unirradiated and the ion-irradiated areas for comparison reasons.

4.1 Experimental

Electron Backscattered Diffraction (EBSD) was used to identify a large grain containing both the
unirradiated and the irradiated areas for micro-pillar fabrication in order to eliminate the influence
of grain orientation and allow direct comparisons between the micro-pillars of different irradiation
and compression conditions within the same grain. A grain of <111> orientation with the length
of approximately 200 um along the irradiated edge was chosen for the study. The grain was
purposely chosen to An FEI Quanta dual beam scanning electron microscope and focused ion
beam (FIB-SEM Dual-Beam) was used to fabricate micro-pillars with the dimensions of 2 pm x 2
pm x 4 pm, I pm x 1 pm x 2 pm and 0.5 pm x 0.5 pm x 1 pm for room temperature size effect
study. Three micro-pillars of each size were fabricated. In the case of high temperature size effect
study, only micro-pillars with the dimensions of 2 pm x 2 pm x 4 pm and 1 ym x 1 um x 2 um
were manufactured. Four micro-pillars of each size were manufactured. The detailed procedures
for micro-pillar fabrication follow the steps outlined by Kiener et al [109]. In situ uniaxial
compression was performed utilizing a Hysitron PI-85 pico-indenter at room temperature and a
Hysitron PI-88 pico-indenter at 300 °C on the SEM-FIB manufactured pillars in the depth-
controlled mode at the displacement rate of 10 nm/s using an indenter with a flat tip to obtain
stress-strain curves for yield stress calculations [55].

4.2 Results

Load-displacement data were obtained from microcompression testing of micro-pillars at room
temperature (Hysitron PI-85 pico-indenter) and at 300 °C (Hysitron PI-88 pico-indenter). Images
of representative post-compression unirradiated and irradiated 800H micro-pillars and associated
engineering stress-strain curves obtained from microcompression testing at room temperature are
illustrated in Figure 4.1 and Figure 4.2, respectively. Similarly, Figure 4.3 and Figure 4.4 provides
images and associating engineering stress-strain curves of unirradiated and irradiated micro-pillars
compressed at 300 °C. The images of the compressed micro-pillars are representative of each of
the dimensions tested. The corresponding stress-strain curves are plotted next to each of the
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representative micro-pillars for comparison. Figure 4.5 and Figure 4.6 provides average values of
the unirradiated and the irradiated 800H micro-pillars, respectively, both at room temperature and
at 300 °C. Conducting microcompression tests in an in situ manner allows direct observations of
the deformation behaviors of the unirradiated versus irradiated micro-pillars. Despite testing
temperature, unirradiated micro-pillars deformed via multiple slips while irradiated micro-pillars
undergo a single or a few slip events without activating new slip planes. The slip events observed
real-time during microcompression experiments correspond to the load drops in the resulting
stress-strain curves. Due to significantly less amount of drifts, the engineering stress-strain curves
obtained from the micro-pillars compressed at room temperature are significantly smoother than
those obtained at 300 °C.
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Figure 4.1 Compressed unirradiated 800H micro-pillars and associated stress-strain curves
obtained from microcompression testing at room temperature (a) 2x2x4 pum (b) 1x1x2 pum (c)

0.5x0.5x1 pm.
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Figure 4.3 Compressed unirradiated 800H micro-pillars and associated stress-strain curves
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Figure 4.4 Compressed irradiated 800H micro-pillars and associated stress-strain curves obtained
from microcompression testing at 300 °Cs (a) 2x2x4 pum (b) 1x1x2 pum.

58



800

| Dimensions __[RT o, (MPa)| 300C o, (MPa

1x1x2 pm 685 325
2x2x4 pm 592 215
600 [
©
o
= 400
S
200

In

300C

H2x2x4um ®WAx1x2pm
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Figure 4.6 Average values of the irradiated micro-pillars at room temperature and at 300 °C.

Taking the surface interactions between the tip and the micro-pillars into account, a 0.2% strain
line parallel to the elastic region was plotted to obtain the offset yield point. Variation in yield
stresses can be observed from micro-pillars of different grain orientations due to different shear
stresses necessary to activate slip planes and initiate plastic deformation. Such differences could
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be eliminated by using Equation 4.1 to convert yield stresses to critical resolved shear stresses,
which are characteristic to grain orientations. Since 800H has an austenitic crystal structure, the
slip systems of 800H are {111}<110>1i.e. {111} family of planes and <110> family of directions.
A grain of [111] orientation in FCC crystals has a relatively low Schmid factor where multiple
possible slip systems available [158]. The maximum value of the Schmid factor for [111] loading
direction is 0.272, corresponding to the slip systems (11-1)[101], (1-11)[110], (-111)[110] and (-
111)[101]. The yield stresses and the critical resolved shear stresses of the successfully compressed
micro-pillars fabricated in the unirradiated and the irradiated area of the 800H alloy are provided
in Table 4.1 (room temperature) and Table 4.2 (300 °C). Data from micro-pillars with possible
experimental errors such as imprecise dimensions and misalignment during in situ compression
are excluded from the tables. In this work yield stresses can be conveniently compared between
micro-pillars of different irradiation conditions and compression temperatures because all
experiments were performed on micro-pillars manufactured in the same grain.

T = 0y,(COSPCOSA)max (Eqn. 4.1)

where T = shear stress, o, = yield stress, ¢ = angle between the slip plane normal and loading
direction (compression axis) and A = angle between the slip direction and loading direction
(compression axis)

The average yield stress of unirradiated micro-pillars of the largest dimensions of 2x2x4 um at
room temperature is 592 MPa, which is over three times of the commercially reported bulk alloy
800H yield stress of 150 MPa [143]. This implies the existence of sample size effect phenomenon.
Microcompression testing revealed significantly higher yield stresses in irradiated micro-pillars.
Yield stresses of micro-pillars of the same irradiation conditions and dimensions decreases with
temperature. Sample size effect phenomenon where strength (i.e. yield stress) increases with
decreasing size is observed in the unirradiated micro-pillars, regardless of testing temperatures.
Sample size effect is more significant in the unirradiated micro-pillars at 300 °C. In the case of
irradiated micro-pillars, there is no size effect both at room temperature and at 300 °C.

Table 4.1 Yield stresses and critical resolved shear stresses (CRSS) of unirradiated and irradiated
micro-pillars compressed at room temperature

Unirradiated RT oy (MPa) 0Ocgss (MPa) Irradiated RT oy (MPa) Ocgss (MPa)
Pillar 1 570 155 Pillar 1 850 231
Pillar 2 630 171 Pillar 2 995 2M
2x2x4 pm Pillar 3 575 156 2x2x4 pm Pillar 3 925 252
Average 592 161 Average 923 251
Std Dev 33.3 8.96 Std Dev 72.5 20
Pillar 1 685 186 Pillar 1 850 231
Pillar 2 665 181 Pillar 2 1000 272
1x1x2 pm Pillar 3 705 192 1x1x2 pm Pillar 3 875 238
Average 685 186 Average 908 247
Std Dev 20 5.51 Std Dev 80.4 21.9
Pillar 1 960 261 Pillar 1 N/A N/A
Pillar 2 1025 279 Pillar 2 1050 286
0.5x0.5x1 ym  Pillar 3 1075 292 0.5x0.5x1 ym  Pillar 3 N/A N/A
Average 1020 277 Average N/A N/A
Std Dev 57.5 15.6 Std Dev N/A N/A
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Table 4.2 Yield stresses and critical resolved shear stresses (CRSS) of unirradiated and irradiated
micro-pillars compressed at 300 °C

Unirradiated 300°C oy (MPa) 0ocgrss (MPa) Irradiated 300°C oy (MPa) Ocgrss (MPa)

Pillar 1 170 46.2 Pillar 1 N/A N/A

Pillar 2 260 70.7 Pillar 2 705 192

Pillar 3 240 65.3 Pillar 3 750 204

224 Gilar 4 190 51.7 AP e g 730 199
Average 215 58.5 Average 728 198

Std Dev 42 11.4 Std Dev 22.5 6.03

Pillar 1 315 85.7 Pillar 1 725 197

Pillar 2 295 80.2 Pillar 2 700 190

Pillar 3 370 101 Pillar 3 N/A N/A

B R 87 XIXZpm i N/A N/A
Average 325 88.5 Average 713 194

Std Dev 31.9 8.85 Std Dev 17.7 4.95

4.3 Discussion and the influence of irradiation and temperature on SSE

One of the major drawbacks of microcompression testing is the extensive and costly sample
fabrication process involving the use of FIB-SEM dual-beam machining. However, compared to
other uniaxial small-scale mechanical testing techniques such as tensile testing, sample preparation
in microcompression testing is relatively less complicated and less time-consuming. The
presumably uniaxial stress state characteristic of microcompression testing allows significantly
more straightforward data interpretation compared to triaxial stress state observed in indentation
testing [159]. Nevertheless, it is worth noting that the two testing techniques are comparable
despite the discrepancies between their stress state natures. The difference in yield stresses of the
<111> grain before and after irradiation obtained from indentation at 1000 nm penetration [150]
and microcompression testing is illustrated in Figure 4.7. Yield stress from indentation testing was
obtained by converting measured hardness data (Berkovich hardness Hy) to Vickers hardness (Hy)
(Equation 4.2) then ultimately to yield stress (oy) (Equation 4.3) [150, 133]. After irradiation, the
increase in the average yield stress of the largest micro-pillars with 2x2x4 pm dimensions is 331
MPa, which is comparable to the increase in the yield stress of 341 MPa calculated from
indentation hardness measurements.

H, < 94.5H, (Eqn. 4.2)

where Hy, is Vickers hardness and H,, is Berkovich hardness

o, X 2.82H, — 114 (Eqn. 4.3)
y |4

where gy, is yield stress

Microcompression and the fundamentals of deformation mechanisms in micro-pillars have been
extensively studied [114]. It is worth noting that the reason for choosing the aspect ratio of micro-
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pillars in this study to be 2:1 was to avoid plastic buckling, as plastic deformation through slip
events are of interest in investigating sample size effect [70,160]. Comparing micro-pillars of the
same size, larger yield stresses are observed in irradiated micro-pillars. This is due to hardening
by irradiation-induced faulted loops which hinder dislocation motions, resulting in higher stress
required for slip events to occur [38,161].

Comparing difference in yield stresses before and after irradiation
400

300 -

Ao, (MPa)
N
o
o

—

o

o
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(2x2x4 ym) (1x1x2pm) (0.5x0.5x1 ym)

Figure 4.7 Comparison between the difference in yield stresses of the <111> grain before and
after irradiation obtained from nanoindentation and microcompression testing.

A fewer number of load drops were visible in the engineering stress-strain curves of the irradiated
micro-pillars than that of the unirradiated micro-pillars. In displacement controlled tests, load
drops refer to dislocation activities i.e. slip events [162-163]. This suggests localized,
heterogeneous deformation along a few, if not a single, slip planes activated during the
compression of the irradiated micro-pillars, implying dislocation channeling which is commonly
observed in irradiated alloys [155,164-165]. A power-law dependence of yield stress on micro-
pillar diameter (the width of the cross section in this case) is illustrated in Equation 4.4 and shown
in Figure 4.8 [166]. Sample size effect is remarkably less pronounced and become non-existent in
the irradiated micro-pillars where n = 0.09 versus in the unirradiated counterparts where n = 0.39,
which agrees well with the previous studies where sample size effect is dependent on initial

dislocation density i.e. size effect is less pronounced as initial dislocation density is increased
[167].

o, X Ad™" (Eqn. 4.4)

where gy, is yield stress, A is a constant, d is micro-pillar diameter or size, n is the power law
exponent
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Figure 4.8 Sample size effect studies of the unirradiated and irradiated micro-pillars compressed
at room temperature (the smallest micro-pillar dimensions is 0.5x0.5x1 um).

In microcompression testing, Sample size effect is caused by the relative influences of the size-
independent (lattice stress t, and dislocation forest hardening 0.5Gb./p;.:) and size-dependent

. . . aGb .- .
components (single-ended source activation T) of the critical resolved shear stress Topss in

Equation 1.9. Considerable size effect in unirradiated 800H micro-pillars is resulted from the more
contribution of the size-dependent term to T-gss. This may be due to the lower 7, in FCC crystals
and the low p;,;. Heavy-ion irradiation results in a large number of dislocations into the matrix,
increasing the total dislocation density. The increased dislocation density strains the material and
thus raises lattice stress, leads to smaller dislocation spacing, and increases dislocation forest
hardening stress, all of which contribute to the size-independent term being more dominant.
Accordingly, no size effect is observed in irradiated 800H micro-pillars. Moreover, when the
dislocation density is so large that dislocation spacing is reduced to the sample dimension regime,
L in Equation 1.9 is referred to irradiation-induced dislocation spacing instead of sample size, as
dislocation spacing refers to the smallest microstructural dimension [157]. In that case, there is no
sample size effect since all components constituting to the 7.gss are size-independent. Further
investigation is needed in order to confirm the suggested possible reasons behind the reduced
sample size effect after irradiation; however, this is out of the scope for this study.

The yield stresses from both unirradiated and irradiated 800H micro-pillars compressed at 300 °C
are significantly lower than those obtained at room temperature. This is due to the lower lattice
stress and the higher dislocation mobility at elevated temperatures. Nevertheless, the most novel
discovery of this work is the influence of temperature on sample size effect in §00H micro-pillars:
sample size effect is more pronounced at an elevated temperature. That is, n is 0.21 at room
temperature and 0.61 at 300 °C, shown in Figure 4.9 (the smallest micro-pillar dimensions is 1x1x2
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pum). This finding is in contrast to the study conducted by Wheeler et al. [168] on the size effect in
annealed Cu micro-pillars (dimensions of 0.4-4 pm) as a function of temperature, which is the only
study to date that has been done on high temperature sample size effect in FCC metals. Wheeler
et al. concluded that since size-dependent term contributing to the critical resolved shear stress is
athermal and the size-independent terms are negligibly affected by temperature compared to the
magnitude of the size effect, sample size effect in FCC metals is constant with temperature up to
almost half of the melting point. While this may hold true for annealed Cu in the work performed
by Wheeler et al., this work performed on the austenitic alloy 800H argues that this assumption
might not hold true across all FCC metals due to the fact that higher strength FCC metals might
be more affected by temperature.
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Figure 4.9 Influence of temperature on sample size effect in unirradiated 800H micro-pillars (the
smallest micro-pillar dimensions is 1x1x2 pum).

An interesting observation is that while the power-law exponent n for FCC metals is in the range
of 0.61-0.97 [71], the power-law exponent obtained from the unirradiated 800H micro-pillars is
0.39 (Figure 4.8), the smallest micro-pillar dimensions is 0.5x0.5x1 pm), which interestingly lies
in the range of n = 0.21-0.48 for BCC metals where size effect is relatively small [71,166]. This
suggests the possibility of unirradiated 800H having similar characteristics and therefore sample
size effect behaviors to BCC metals. Increasing the temperature has different influences on
different stresses contributing to the critical resolved shear stress for single-arm dislocation
activation to plastic deformation in micro-pillars. As temperature increases, Burgers vector
increases, shear modulus and lattice stress decrease, and the total dislocation density remains
constant in this work as the sample had been held at the irradiation temperature well above the test
temperature for an extended period of time. The change temperature has on Burgers vector is
relatively trivial due to the length scale of angstroms. Therefore, it can be concluded that sample
size effect is either constant or more significant at higher temperatures, depending on the strength
of the micro-pillars, regardless of crystal structure. A possible explanation of the more pronounced
size effect at 300 °C in unirradiated 800H micro-pillars is due to the higher lattice stress of the
material despite negligible lattice stress in most FCC metals [71]. In BCC micro-pillars, size effect
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scales with the influence of lattice resistance on yield stress measured by the ratio of the test
temperature to the critical temperature of a BCC metal micro-pillars are made of [157,166]. When
temperature has its most influence on the size-independent lattice resistance, size effect is therefore
undoubtedly more significant. In the case of the irradiated 800H micro-pillars, sample size effect
is nonexistent both at room temperature and at 300 °C, shown in Figure 4.10. As L refers to
dislocation spacing and the total dislocation density is held constant at testing temperatures, all
three terms constituting to the critical resolved shear stress in Equation 1.9 are considered size-
independent.

Irradiated 800H: Relationship between Yield Stress and Diameter
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Figure 4.10 Influence of temperature on sample size effect in irradiated 800H micro-pillars (the
smallest micro-pillar dimensions is 1x1x2 pum).
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Chapter 5
TEM Characterization

5.1 Experimental and results
5.1.1 Flash polishing studies

Flash polishing studies were performed with an attempt to reduce FIB-induced damage from FIB-
manufactured TEM foils. Table 5.1., constructed by Prof. Yabuuchi (Kyoto University), provides
conditions for the flash polishing of metal alloys [169]. As FIB-manufactured TEM foils were
lifted out from the cross-section T91 and 14YWT samples, the second column of Table 5.1
(RAFMs ODS SUS) provides the most appropriate polishing condition, so therefore was chosen
for this study. The polishing solution consists of 5% or 8 ml. perchloric acid (HCIO4) and 95% or
92 ml. acetic acid (CH3COOH). A rough diagram of the flash polishing system is provided in
Figure 5.1 [169]. Major components of the flash polishing system include a power supply with the
capability of providing 15 V., a timer that can be programmed at 10 ms, a solid state relay and the
electrodes. The positive electrode is a pair of self-closed tweezers that holds the half Cu grid with
a FIB-manufactured TEM sample with the thickness of approximately 150nm welded to it. The
negative electrode is a standard Ni plate. This flash polishing system is to be performed in the
temperature range of 0 — 5°C.

Table 5.1 Conditions of flash polishing

RAFMs
OoDS
SUS
. 5% HCIO4 5% HCIO4 0
Solliiz 95 % methanol 95 % acetic acid LolOL
Voltage 12V 15V 18V
Temperature -30°C 0-5°C 0-5°C
Polishing time 10 ms 10 ms 10 ms
AL AEEBLGEIC 300 - 400 nm 150 nm 400 nm
flash polishing
distance between
. lcm lcm lcm
foil to electrode
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Figure 5.1 Rough diagram of the flash polishing circuit [169].

After studying the timer and relay circuit needed to achieve the desired voltage and polishing time,
the flash polishing system in Figure 5.2 was set up at University of California, Berkeley. The
system was tested many times to ensure consistent results and thus consistent polishing conditions.
The power supply was set to 15 V, and the timer was programmed at 10 ms. as shown in Figure
5.3(a). After pushing the switch button, the oscilloscope always read 15 V for approximately 8 ms.
This is illustrated in Figure 5.3(b). The rise and the drop time of the voltage are both approximately
1 ms., accounting for the 2 ms. loss from the programmed 10 ms. In order to compensate for the
rise and the drop time, the timer could be programmed at 12 ms. instead of 10 ms. By doing so,
the oscilloscope read 15 V for 9 ms. However, the timer was programmed at 10 ms. in order to
avoid overpolishing and potentially losing the samples.
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Figure 5.2 Flash polishing setup at University of California, Berkeley

Figure 5.3 (a) Flash polishing setup for the experiment. The timer on the left is programmed to
10 ms. (b) The resulting voltage step curve illustrated by the oscilloscope.

Once the flash polishing system setup was accomplished, the system was put to the test. Two flash
polishing dummy samples (jet polished TEM disks made out of Al-4%Cu alloy) were flash
polished, one at 7.1°C and the other at 4.4°C. Prior to flash polishing, the polishing solution in the
beaker was cooled down in the refrigerator (Figure 5.4(a)), and the IR thermometer was used to
measure the temperature of the polishing solution right before the flash polishing was performed
(Figure 5.4(b) and 5.4(c)). After flash polishing, the two dummy samples were observed under the
TEM. It was proven that the flash polishing system worked as the dummy samples both got
polished and lost the electron transparent area.
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Figure 5.4 (a) Flash polishing solution in the beaker, ready to be cooled down in the refrigerator
to the polishing temperature range (b) Laser thermometer reads the temperature of the polishing
solution right before flash polishing is performed (c) The closer view of the flash polishing setup
right before the polishing is carried out. The self-closed tweezers on the left holds the half Cu grid
with the FIB-manufactured sample welded to one of the posts.

The FIB-manufactured T91 and 14YWT foils were flash polished at 2.6°C and 2.4°C, respectively.
Unfortunately, as illustrated in Figure 5.5(a) and 5.5(b), the T91 foil disappeared after polishing.
The most possible reason why the foil disappeared is that the thinnest area close to the Pt weld was
polished away due to inappropriate foil thickness, voltage, polishing solution, polishing
temperature or polishing time. The 14YWT foil, however, remained on the post after flash
polishing. TEM images comparing the non-irradiated area and the irradiated area before and after
flash polishing are shown in Figure 5.6 and Figure 5.7, respectively. The sample appeared only a
little cleaner after flash polishing. The second round of flash polishing was performed on the
14YWT foil. Since the foil was already very thin, the same polishing conditions were carried on
with the shorter polishing time, which was 5 ms. instead of 10 ms. When observed under the TEM,
the defect density in the 14YWT foil was not differentiable from prior to the second time polishing.
This could be due to the shorter polishing time. Unfortunately, after mechanical handling of the
foil during a couple TEM sessions, the 14YWT broke off the post and the sample was lost.
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Figure 5.5 SEM images taken after flash polishing the FIB-manufactured T91 TEM foil (a) the
post where the foil was welded to (b) the remaining portion of the T91 foil.

Figure 5.6 TEM images of the non-irradiated area in the FIB-manufactured 14YWT foil (a) before
flash polishing (b) after flash polishing.
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Figure 5.7 TEM images of the irradiated area in the FIB-manufactured 14YWT foil (a) before flash
polishing (b) after flash polishing.

The next step to improve the flash polishing technique is to perform flash polishing on dummy
samples that are comparable to the FIB-manufactured TEM foils such as jet-polished stainless
steel TEM disks. Schematic of a jet-polished stainless steel flash polishing dummy sample is
provided in Figure 5.8. Flash polishing dummy samples will be initially observed under the TEM.
Subsequently, FIB damage will be induced on the samples. TEM images at the zone axes of
particular grains of interest will be taken for comparison reasons. The dummy samples will then
flash polished, and the TEM images will be taken with the exact same imaging condition
after polishing. Accordingly, it would be possible to compare the FIB-induced defect density prior
to and after flash polishing.

Jet-polished SS TEM disk '

FIB window

Figure 5.8 Schematic of the jet-polished stainless steel flash polishing dummy sample.

5.1.2 TEM foil fabrication
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A FIB-fabricated TEM foil was prepared from the region perpendicular to the irradiated surface
where the ion beam hits the sample, consisting of both the unirradiated and the irradiated matrix
for direct comparisons. The FEI Strata 235 dual beam Focused lon Beam FIB was used throughout
all preparation steps. The final voltage used for thinning and cleaning procedures was 6 kV. TEM
foils of the cross section of the compressed micro-pillars were fabricated using FEI Quanta3D
FEG/FIB ESEM. After compression at room temperature, the top and the sides of the unirradiated
and irradiated micro-pillars with 2x2x4 pm dimensions were covered with platinum layer for
protection against FIB damage introduced during TEM foil fabrication. The micro-pillars were
then thinned down to the width of 1 um. Due to the limitations of the microscope, the final voltage
used for thinning was 15 kV. All transmission electron microscopy analysis was performed using
a JEOL 3010 microscope with 300 kV operating voltage. For comparison purposes, same two-
beam conditions were intentionally chosen for both the unirradiated and the irradiated areas of the
TEM foil. Similarly, TEM images were obtained from the same two-beam conditions in the case
of post-compression micro-pillars.

5.1.3 TEM lift-outs of post compression micro-pillar cross sections

A schematic of the lifted-out pillar cross section is shown in Figure 5.9. TEM characterization was
carried out in order to complement the studies of the influence of irradiation on mechanical
property evolution obtained from in situ microcompresstion. TEM foil containing the unirradiated
and the irradiated regions of the 800H alloy is shown in Figure 5.10. A contrast between the two
regions is due to different levels of defect density resulted from ion-beam irradiation, with an
assumption that the FIB damage of both regions is comparable. Figure 5.11 compares the
unirradiated and the irradiated areas at higher magnifications. Although FIB-manufactured TEM
foils inevitably experience defects during the fabrication processes, a clear transition from the
lower to the higher defect density in the lamella (Figure 5.10) suggests the validity of
characterization studies of irradiated samples prepared using FIB. Shown in Figure 5.12 (a) is a
bright field image of a room temperature compressed 2x2x4 pm unirradiated micro-pillar. The
bright field image of the irradiated counterpart taken from the same two-beam condition is shown
in Figure 5.13. Despite FIB damage layers, wavy slips are commonly observed throughout the
unirradiated micro-pillar. Figure 5.12 (b) provides a zoomed in image of wavy slip events in Figure
5.12 (a). Dislocations are of an order of hundreds of nanometers in length. Wavy slips are not
observed in the irradiated micro-pillar foil.
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Figure 5.9 A schematic of the lifted-out pillar cross section.

lon-beam irradiefion

73



Figure 5.10 TEM foil of the 800H alloy consisting of unirradiated and ion-irradiated matrix from
the [011] zone axis.

0 3 ‘
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Figure 5.12 Bright field image (g = 200) of the room temperature compressed 2x2x4 pm
unirradiated micro-pillar showing wavy slips.
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Figure 5.13 Bright field image (g = 200) of the room temperature compressed 2x2x4 um
irradiated micro-pillar.

5.2 Influence of irradiation on microstructure

The observation of wavy slips only in the unirradiated micro-pillar and not the irradiated
counterpart could be explained by the fact that the irradiated matrix contains a significantly higher
dislocation density after irradiation as shown earlier in Figure 5.10. Another possible explanation
is that after irradiation, dislocations are pinned by irradiation-induced defects. Dislocation motion
is localized in the defect-free channels i.e. the dislocations tends to move through the channels due
to a lower energy barrier. The lack of cross slip events is also an evidence of dislocation
localization. This indicated that most dislocations are concentrated on certain slip planes instead
of having cross slip on multiple possible slip planes. This localization could contribute to altered
mechanical properties.
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Chapter 6

Conclusions

This dissertation presented the micromechanical testing techniques utilized for mechanical
property measurements in nuclear structural materials. Surface and cross-sectional
nanoindentation measurements and in situ micro-pillar compression testing were used to
investigate the mechanical properties of ion irradiated materials (§00H, T91, NCT91 and 14YWT),
which are potential structural candidates for Gen-1V reactors. The two different mechanical testing
methods demonstrated comparable yield stress measurements and showed that the nano-grained
NCT91 and 14YWT alloys are significantly more resistant to irradiation hardening than T91 and
800H. The results are supported by bulk XRD measurements, which showed a significantly larger
increase in dislocation density after irradiation in the coarse-grained T91 alloy than in
nanocrystalline NCT91 and 14YWT. The methods demonstrated here will be vital in
understanding the use of ion irradiation to simulate neutron irradiation and therefore reduce the
handling difficulty and complications associated with neutron irradiation, which is essential for
the high damage levels expected in Gen-IV reactors.

Nevertheless, size effects observed in small-scale mechanical testing, including nanoindentation
and microcompression, have been a major obstacle to obtaining mechanical properties from small
amount of irradiated volume. These size effects have been studied extensively at room
temperature. However, the influence of temperature on size effects is currently not clear. Of
particular interest is the development of high temperature small-scale mechanical testing
techniques, which would better relate the mechanical property measurements to the actual
operating temperatures of structural materials in nuclear reactors, and the fundamentals behind the
independent influence of irradiation and temperature on indentation size effect and sample size
effect in 800H. TEM characterization of the post-compression micro-pillars were also performed
in order to complement the mechanical behavior evolution due to ion irradiation.

Novel findings can be summarized as follows:

1. Indentation Size Effect (ISE):
For both unirradiated and the irradiated 800H, while hardness decreases with depth and
temperature, reduced modulus remains relatively constant with depth and decreases with
temperature. Orientation has a strong influence on indentation size effect. For the same grain

orientation, ISE is less pronounced after irradiation. ISE is less pronounced at high temperatures
due to the larger plastic zone size or the storage volume of GNDs.

2. Sample Size Effect (SSE):

Sample size effects in the unirradiated and the irradiated 800H micro-pillars are investigated at
room and at elevated temperatures. After irradiation, a few or a single slip events as opposed to
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multiple slip events were observed (in sifu and under the TEM) in the irradiated 800H, suggesting
localized plastic deformation through dislocation channeling mechanism via specific slip planes.
Different deformation behaviors can be explained by different microstructures and defect densities
observed under the TEM i.e. wavy slips in the unirradiated micro-pillars. Sample size effect is less
pronounced in the irradiated 800H owing to irradiation-induced dislocations possibly having
spacing smaller than sample dimensions. For unirradiated 800H, increasing temperature results in
the decrease in lattice stress and shear modulus, causing size-dependent term to have more
significant contribution to the critical resolved shear stress needed to initiate plastic deformation.
Sample size effect is therefore more significant.

In summary, the high temperature nanoindentation technique developed here coupled with careful
consideration of grain orientation demonstrates a testing method that can provide higher
confidence in the properties measured from small volumes. In other words, less significant ISE at
high temperatures helps bridge the gap between macroscale mechanical testing and small-scale
mechanical testing. For the first time, due to the more contribution of the size-dependent term, the
reasonably more pronounced sample size effect at higher temperatures in FCC metals raises a
possible conclusion that size effect may not be determine solely by crystal structure. While the
high temperature nanoindentation method provides measurements that better relate to the actual
operating temperatures in real-world applications such as in nuclear reactors, the high temperature
in situ microcompression allows real-time observation of deformation mechanisms which can be
complemented by TEM characterization.
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