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Abstract: Developing ultrahigh strength steels that are ductile, fracture resistant, and cost-
effective would be attractive for a variety of structural applications. We show that improved
fracture resistance in a steel with an ultrahigh yield strength of nearly 2GPa can be achieved by
activating delamination toughening coupled with transformation induced plasticity.
Delamination toughening associated with intensive but controlled cracking at Mn-enriched prior-
austenite grain boundaries normal to the primary fracture surface dramatically improves the
overall fracture resistance. As a result, fracture under plane-strain conditions is automatically
transformed into a series of fracture processes in “parallel” plane-stress conditions through the
thickness. The present “high-strength induced multi-delamination™ strategy offers a different
pathway to develop engineering materials with ultra-high strength and superior toughness at
economical materials cost.

One Sentence Summary: Delamination (crack-divider) toughening allows development of a
super-tough, high yield strength steel at low cost.

Lightweight yet cost-efficient structural materials with superior mechanical properties are
continually sought after in engineering applications to meet the demands of sustainable economy
development. Unfortunately, attaining high strength is usually at the expense of deteriorating
toughness, which invariably is a major concern for safety-critical applications (/, 2). The
strengthening mechanisms in structural metals and alloys are built on the fundamental principle
of inhibiting, or blocking, dislocation slip by introducing various obstacles at different length-
scales (3, 4). However, abundant dislocations entangled in small imperfections can give rise to
the localized stress concentrations that can cause crack initiation which eventually can lead to
catastropic failure (/, 5). A mainstream effort to overcome the strength-toughness trade-off is
focused on tailoring the microstructure or designing materials by solid-solution alloying. Multi-
element high and medium-entropy alloys possess exceptional damage tolerance at cryogenic
temperatures because of a deformation-induced nano-twinning mechanism (6, 7). Maraging
steels are another example as they are recognized as the strongest metal alloys with acceptable
damage tolerance for aerospace applications. However, maraging steels contain a large amount
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of costly alloying elements like nickel (17-19 wt.%), cobalt (8-12 wt.%) and molybdenum (3-5
wt.%) (8). Although the maraging steel alloying strategy is a perfect vehicle to attain superior
mechanical performance, economical mass production and recycling are not feasible due to costs
and environmental concerns (3, 9). Reducing the average grain size is a different non-alloying
pathway to enhance the strength-toughness combination. However, this approach can be limiting
because the strengthening is usually achieved at the sacrifice of losing ductility (10, 11). We
show here that exceptional damage-tolerance can be achieved in an ultrastrong steel, with a
simple composition and cost-effective processing route for fabrication. We demonstrate that
increasing the yield strength is not detrimental to the toughness, but instead it can facilitate the
activation of a delamination toughening (/2, 13) mechanism. This substantially enhances the
toughness. Specifically, the ultrahigh yield strength enables a secondary fracture mode,
delamination cracking, at interfaces normal to the primary fracture surface. Multiple separated
laminated ligaments develop near the fracture surface because of the delamination events,
providing an extra energy release rate for fracture as well as enhancing crack-tip blunting,
collectively elevating the overall fracture toughness. Such delamination toughening combined
with transformation-induced plasticity (TRIP) toughening are rarely realized simutaneously in
structural materals. The combination enables an intringuing combination of strengh, ductility and
toughness properties in our steel.

Our steel has a chemical composition of Fe-9.95%Mn-0.44%C-1.87%Al1-0.67%V (weight
percent) and was fabricated by a deformed and partitioned treatment (/4) (Fig. S1). Starting with
an almost fully austenitic microstructure (Fig. S2), the prior-austenite grains are extensively
elongated along the rolling direction (RD) during the initial hot rolling and warm rolling
processes (14, 15). The austenite partially transforms to martensite during the subsequent cold
rolling, resulting in a lamellar martensite/austenite duplex microstructure (Fig. 1A), which
contains a volume fraction of austenite, measured at 47.5% by neutron diffraction (Fig. S3).
Partitioning is finally performed to optmize the mechanical stability of retained austenite by C
partitioning from martensite to austenite (Fig. S4) (/4). The martensitic matrix (a”) is composed
of nano-sized grains decorated by intensive dislocations (Fig. S5). The dislocation density of
martensite matrix was determined by neutron diffraction to be 2.43x10'® m™ which is at least one
order higher than that of other martensitic steels (Fig. S6); further details of this calculation
based on neutron diffraction measurements are given in ref. (/6). The austenite (y) phase displays
a stretched lamellar-shaped grain structure with dimensions of hundreds of micrometers along
the RD, dozens of micrometers in the transverse direcrtion (TD), and a few micrometers in the
normal direction (ND) (Fig. 1A). Of particular note is that the prior-austenite grain boundaries
(PAGBs) are retained during cold rolling where some austenite grains transform to martensite;
this is indicated by the black dotted lines in the three-dimensional (3-D) stereographic
microstructure in Fig. 1B, reconstructed from the PAGBs maps. Further atomic-scale
composition analysis of the present steel by 3-D atom probe topography (APT) shows
segregation of Mn and C to the PAGB (Fig. 1C, detailed explanation in (/6)). No segregation of
P, S and other harmful elements to the PAGB was detected. To better illustrate the laminated
duplex microstructure, we constructed a schematic 3-D model (Fig. 1D).

To evaluate the mechanical properties of the ultrastrong steel, we characterized the tensile
properties and the J-integral based crack-resistance (J-Aa) R-curves in both the RD and TD
orientations in ambient air. The RD (or TD) dog-bone shaped tensile specimen was strained
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along (or perpendicular to) the elongated austenitic grains (Fig. 2A). Correspondingly, the notch
and crack propagation direction in the RD (or TD) compact-tension C(T) fracture toughness
specimens were aligned perpendicular to (or parallel to) the elongated austenitic grains.
Benefiting from the unusually high dislocation density, tensile loading along the RD yields a
superior combination of strength and ductility (Fig. 2B) (/4). Specifically, the upper yield
strength (oy,), the ultimate tensile strength (o,,) and the uniform elongation (e,) were determined
to be 1,978 MPa, 2,144 MPa and 19.0%, respectively (Fig. 2B and Table S1). Properties in the
loading direction along the TD are also sound with a very high ultimate tensile strength of 2,048
MPa similar to that for the RD orientation, but plastic deformation begins to proceed earlier; the
0.2%-offset yield strength (o) in the TD orientation was measured to be 1,714 MPa.

In view of its ultrahigh strength and plastic deformation capacity, we evaluated the fracture
resistance of the present steel by measuring J-integral based R-curves, i.e., J as a function of the
stable crack extension, Aa, using the C(T) specimens in accordance with the ASTM Standard
E1820 (17). Our steel displays a modest fracture toughness when loaded along TD, presenting an
average J., of 19.6 kJ-m? at crack initiation (Fig. 2C, Table S1). The crack-resistance (R-curve)
behavior in the TD slightly rises as the crack extends, resulting in a valid crack-growth toughness
of J,=28.7 kI-m? at a crack extension Aa of ~1 mm. These fracture properties are comparable
to those of the best strong-yet-tough materials, such as 18Ni 300-grade maraging steels (I8, 19)
and commercial-aircraft-quality 300M and 4340 steels (20, 21). In spite of a higher yield strength
of the RD tensile specimens, the R-curve in the RD orientation reveals an even better crack
resistance, showing a crack-initiation toughness J,. of 46.9 kJ-m? and a crack-growth toughness
Ji, of 84.6 kJ-m™ as the crack extends to Aa ~ 1 mm (Fig. 2C and Table S1). These toughness
values in the RD are almost 1.5 and 2 times higher than those in the TD, respectively. According
to the standard mode-I J-K equivalence relationship, the crack-initiation toughness, Kj. of the
RD and TD specimens were determined to be 101.5 and 65.4 MPa-m", respectively. Likewise,
the crack-growth toughness at Aa ~1 mm, K, was 136.4 and 79.4 MPa-m” for the RD and TD
specimens, respectively. These are very high values of the crack-initiation and crack-growth
toughnesses in our ultrastrong steel that are not found in any other existing structural materials
at a comparable yield strength (~2 GPa).

To illuminate the underlying toughening mechanisms responsible for the exceptional damage
tolerance of the ultrastrong steel, we characterized the microstructures on various sections of the
RD and TD C(T) specimens (Figs. 3A and 3E). Featured regions on the fracture surfaces
characterized by scanning electron microscopy (SEM) show the existence of multiple thin-layer
delamination bands in both RD and TD orientations (Figs. 3B and 3F). Observed from the
fracture surface, the original ~1.4 mm-thick RD specimens were delaminated through the
thickness into several thin layers with their inter-spacings (or delamination cracks) “penetrating”
into the material along the planes perpendicular to the fracture surface. Moreover, delamination
cracks at different length-scales were developed in the present steel, resulting in numerous
delamination bands sized in the range of several micrometers (Region A in Fig. 3B). The
thickness of these delamination ligaments was remarkable thinner than that in other structural
materials containing delimination cracks (/2, 13). Delamination was also present in the TD
specimens, but the delamination cracks were fewer in number and shorter in length than those in
the RD specimens. The microstructure in the vicinity of the delamination cracks in the through-
thickness sections normal to the fracture surface was further characterized to clarify the micro-



10

15

20

25

30

35

40

mechanisms associated with the delamination cracks (Figs. 3C and 3G). Based on the statistical
distribution of the crack lengths (shown in Figs. S7 and S8), the delamination cracks in the RD
specimens can be categrizied into two groups: short cracks with lengths < ~50 um (blue arrows
in Fig. 3C) and longer cracks with lengths > ~50 um (dark red arrows in Fig. 3C). Moreover,
slender cracks disconnected from the fracture surface (pink arrows in Fig. 3C) were usually
observed in the vicinity of the long delamination cracks. Further characterization at the tips of
the delamination cracks clearly indicated that these cracks propagate predominantly along the
PAGBs (Fig. 3C). In the case of the TD specimens, only short delamination cracks with lengths
shorter than 50 um were observed (Fig. 3G). Clearly, loading along the RD results in a much
larger tendency for delamination.

The activation of delamination toughening requires two necessary conditions: intrinsically and
microstructrally, the existence of “relatively weak interfaces”, where delamination takes place;
mechanically, with a “high mechanical stress” that exceeds the critical fracture stress of the
“relatively weak interfaces”. From our characterization of the locations at delamination crack
tips, the Mn-enriched PAGBs in our steel serve as the “relatively weak interfaces” and
preferential sites for the initiation and propagation of the delamination microcracks (Figs. 3C and
3G). Actually, the Mn-enriched PAGBs have a high level of cohesion strength, but they are just
not as strong as the grain interior due to the segregation of Mn (Fig. 1C) (22, 23). By
comparison, such delaminations do not occur in maraging steels, no matter how high their yield
strengths are, as there are no such interfaces and preferential sites along the boundaries with
reduced cohesion.

From the perspective of the mechanical driving force, a triaxial tensile stress state exists ahead of
a crack tip under plane-strain conditions. The material in front of the crack tip is subjected to a
tensile stress (o, in Fig. S9A) along the thickness direction (ND in Fig. 1A). When the tensile
stress o that is perpendicular to the PAGBs is sufficiently high to reach the critical fracture stress
of the Mn-enriched PAGBs (Fig. 3A), delamination will occur. To meet this requirement, the
material should have sufficiently high yield strength so that a high external applied stress is
required. A higher external applied stress will lead to a higher o, at the crack tip. For certain
structural materials containing weak interfaces, delamination cracks are mainly formed at low
temperatures where the interfaces may be more brittle and the through-thickness stresses are
larger. This leads to the fascinating effect that such alloys, e.g., certain Al-Li alloys (/2) and
ultrafine-grained low alloy steels (24, 25), become tougher at cryogenic temperatures compared
to ambient temperature. As demonstrated here, the present steel possesses ultrahigh yield
strength due to its high dislocation density, and Mn-enriched PAGBs with relatively low
cohesion as compared to the grain interior, acting as the preferential delamination sites; this
meets the two necessary requirments to activate delamianation toughening and leads to its
exceptional room-temperature fracture toughness for a metallic alloy with a yield strength in the
2 GPa range.

As a consequence of the multiple delamination cracks occurring ahead of the crack front and
perpendicular to the crack plane, the expected fracture under plane-strain conditions is
transformed into a series of fracture processes in “parallel” plane-stress ligaments through the
thickness which individually display a far higher (plane-stress) toughness than for a single (full-
thickness) plane-strain section (Fig. S9B). In parallel, numerous new interfaces generated during
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the delamination process consume energy, which effectively increases the energy release rate to
contribute to the exceptional fracture toughness. Our current study further reveals that the
delamination toughening is affected by the relative orientations of the delamination crack path
with respect to the elongated duplex structure. The length of the PAGBs along RD are almost
three times of that parallel to TD due to the large rolling reduction (Fig. 1B). As the delamination
cracks propagate along the elongated PAGBs parallel to RD in the RD specimens, longer
delamination cracks are developed (Fig. 3C). However, delamination cracks extend with short
PAGBs parallel to the TD on the through-thickness section in the TD specimen. Furthermore,
numerous PAGBs, aligned perpendicular to the crack path, are developed in the TD specimen.
These grain boundaries are effective obstacles to retard the propagation of delamination cracks
(Fig. 3G). Therefore, the longer (or shorter) delamination cracks developed in the RD (or TD)
specimens give rise to a larger (or smaller) toughening effect, which is consistent with the higher
(or lower) values of the measured toughness in these orientations.

The present steel also displays a TRIP effect during crack advance. The TRIP-toughening is due
to an in situ austenite-to-martensite transformation that is triggered in the vicinity of the crack
tip, where an initial duplex martensitic/austenitic microstructure (Fig. 1A) is transformed to an
almost fully martensitic microstructure (Figs. 3D and 3H) after crack propagation. Due to the
lattice-parameter difference between martensite and parent austenite, a compressive residual
stress is likely introduced by the TRIP effect in the vicinity of crack tip to further resist crack
propagation (26). In addition, TRIP effect can serve to promote strain hardening which, in turn,
enhances the uniform ductility by delaying the onset of the necking instability to provide
additional intrinsic toughening to resist crack propagation (27, 28).

Similar to the delamination toughening, the TRIP-toughening is also a function of the crack
extension orientations. A larger-sized TRIP zone is realized in the RD specimen (Fig. 3D) where
the main crack propagates perpendicular to the elongated austenite. In contrast, a small-sized
TRIP-zone is produced (Fig. 3H) in the TD specimen because the growth of the TRIP-zone is
significantly restricted by the PAGBs parallel to the elongated austenite lamellae (28). This is
illustrated in the schematic figures in Figs. 3D and 3H. Consistently, higher (or lower) toughness
values exhibited in the RD (or TD) specimens are ascribed to the stronger (or weaker) TRIP
toughening effect induced by the larger (or smaller)-sized TRIP zone.

To demonstrate how the excellent damage-tolerance in our steel compares to other ultrahigh
strength structural materials, we show in Fig. 4 an Ashby map of the crack-initiation fracture
toughness vs. yield strength. Our steel exhibits a comparable yield strength to some of the
strongest existing metallic materials, namely maraging steels, but with an initiation toughness
(K.) that is almost a factor of two higher. Indeed, our steel displays a toughness comparable to
titanium alloys but with a factor of two higher strength. The exceptional combination of strength
and toughness clearly demonstrates that the “high-strength induced multi-delamination”
mechanism can be highly effective in maximizing the mechanical properties of high-strength
structural materials while minimizing material cost. Our material design principle that exploits
high strength combined with relatively weak interfaces, is one that we believe can be widely
applied to optimize the mechanical performance of materials with ultrahigh strength.
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Fig. 1. Microstructure of the present steel. (A) 3-D stereographic microstructure reconstructed
by EBSD phase maps scanned on the orthotropic planes perpendicular to the rolling direction
(RD), transverse direction (TD), and normal direction (ND), respectively. A heterogeneous
laminated duplex microstructure comprising martensitic matrix (a”) and elongated austenite (y)
lamellae is exhibited in the present steel. Retained austenite grains are elongated along the RD
and slightly stretched along the TD. (B) 3-D stereographic microstructure reconstructed by the
prior-austenite grain boundaries (PAGBs) maps imaged by SEM. The PAGBs are marked by the
black dotted lines and show a heterogeneous distribution. (C) 3-D ion concentration map, which
contains a PAGB and a corresponding 1-D concentration profile across the boundary, shows the
segregation of Mn and C to the PAGB. (D) Schematic 3-D model illustrates the microstructural
features of the heterogeneous microstructure of the present steel.
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Fig. 2. Tensile and fracture properties of the present steel. (A) Schematic diagram describing
the orientations of the dog-bone shaped tensile specimens and the compact-tension C(T)
specimens relative to the thin-sheet steel. (B) Engineering stress-strain curves of the present steel
deformed under tension along the RD and TD orientations. (C) The J-integral based resistance
curves (J-R curves) measured from the C(T) specimens at room temperature.
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Fig. 3. Toughening mechanisms in the steel. (A, E) The schematic diagrams of the RD and TD
C(T) specimens showing the various sections for microstructure characterizations. (B, F) The
fracture surfaces of the RD and TD C(T) specimens, clearly showing the thin-layer delamination
bands on the fracture surface. (C, G) The SEM images captured on the through-thickness section
normal to the fracture surface show the development of delamination cracks along PAGBs. Short
delamination cracks (blue arrows) and deeply penetrated ones (red arrows) are found in the RD
specimen whereas only shallow-penetrated delamination cracks formed in the TD specimen.
Slender cracks disconnected from the fracture surface (pink arrows) were usually observed in the
vicinity of the long delamination cracks. Corresponding schematic diagrams reveal that the
significantly elongated PAGBs in the RD specimen facilitate the propagation of delamination
cracks, while the short PAGBs and numerous PAGBs perpendicular to the crack propagation in
the TD specimen hinder the extension of delamination cracks. (D, H) EBSD phase maps overlaid
with the image quality maps scanned in the vicinity of the main crack tip on the mid-plane
section of C(T) specimens. Schematic diagrams delineating the TRIP-toughening mechanism are
shown below. The TRIP-induced martensite (a 7g;») can be distinguished from the martensite
matrix (@ ,...) by higher image quality, due to the fact that the a ;> grains transformed from the
retained austenite have a lower dislocation density (regions bounded by dashed white lines).
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Fig. 4. Ashby map in terms of the fracture toughness versus the yield strength. Our
ultrastrong steel overcomes the strength-toughness trade-off shown in most existing structural
materials, especially high strength low alloy (HSLA) steels (29, 30), high carbon (C) steels (31),
TRIP steels (32), dual-phase steels (33), austenitic stainless steels (34, 35), maraging steels (78,
19, 36), martensitic steels (37, 38), low C bainitic steels (39), nano bainitic steels (40), metallic
glass (41), Al alloys (42), Ti alloys (43), nanocrystalline Ni (44), nanotwinned Cu (45), and high-
entropy alloys (6, 7). Detailed composition and properties of these compared materials can be
found in Table S2.
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Materials and Methods

Materials processing

The chemical composition of the material employed in this work was Fe-9.95%Mn-0.44%C-
1.87%Al1-0.67%V (weight percent). The contents of impurity elements P and S were lower than
50 and 30 ppm, respectively. Thus, the influence of impurities on the mechanical properties was
negligible. The steel was produced by a deformed and partitioned treatment (/4), the processing
details of which are illustrated in Fig. S1 and summarized as follows. The steel was cast in
induction melting furnace and then forged into a rectangular ingot with a thickness of 60 mm and
a width of 80 mm. The forged ingot was subsequently homogenized at 1150 °C for 2.5 hours and
hot rolled to a thickness of 3.8 mm. The hot rolling strip was reheated to 750 °C for 10 min,
followed by warm rolling to further elongate the microstructure and introduce more dislocations.
The total thickness reduction of warm rolling was 50%. Subsequently, intercritical annealing was
performed at 620 °C for 5 hours to facilitate dislocation recovery followed by cold rolling. The
cold rolling reduction was about 26%, reducing the final thickness of the steel sheet to 1.4 mm.
Finally, the cold rolling strip was partitioned at 300 °C for 6 minutes followed by water
quenching to room temperature (RT).

The present steel has an almost fully austenitic microstructure before cold rolling due to the high hardenability, as
shown in Fig. S2. No cementite (Fe;C), which prefers to segregate at grain boundaries and deteriorate toughness,
was found in the specimen processed by intercritical annealing due to the addition of Al (/4) (Fig. S2). A small
fraction of ultrafine ferrite grains was developed during intercritical annealing (Fig. S2). However, the kinetics of
ferrite transformation during this annealing was quite slow due to the solute drag effect originating from the high Mn
content (46). Numerous prior-austenite grains were transformed into martensite during cold rolling, contributing to
the dual-phase microstructure of the present steel (/4, 15); however, the prior-austenite grain boundaries (PAGBs)
could still be detected in the microstructure after the cold rolling. Partitioning was performed to further increase the
mechanical stability of the retained austenite by C diffusion from martensite to austenite. The right shift of the
austenite (220) peak after partitioning in the neutron profile, indicating an increase in the lattice parameter of
austenite, confirms the C partitioning process (Fig. S4A). The martensite formed during cold rolling was tempered
after partitioning, as indicated by comparing the hardness values of the specimens before and after partitioning (Fig.
S4B). No fresh martensite was formed during the final cooling stage due to the high hardenability (46). The term
“Deformed” refers to the processes of hot rolling, warm rolling, and cold rolling, which generates the highly
dislocated duplex lamellar microstructure; the term “Partitioned” refers to the short 300 °C annealing to increase the
mechanical stability of the retained austenite.

The segregation of Mn atoms to the austenite grain boundaries can take place during hot rolling
(at 900-1150 °C), warm rolling (at 350-750 °C), and subsequent intercritical annealing (at 620
°C for 5 hr). The final partitioning, which was performed at a lower temperature (300 °C) with a
short duration (6 mins), had less effect on Mn-segregation due to the sluggish diffusion rate of
Mn (47). Therefore, the Mn-enriched austenite grain boundaries formed before cold rolling were
retained in the final microstructure, despite the deformation-induced martensitic transformation
during cold rolling and subsequent partitioning.

Neutron diffraction characterization

Neutron diffraction characterization was carried out using a deep-penetrating neutron beam with
high intensity and good spatial resolution, making it well suited for the structural analysis of
complex anisotropic materials (48). Here, the phase fraction of the present steel was estimated by
neutron diffraction performed on a General Purpose Powder Diffractometer (GPPD) with a 360°

16



10

15

20

25

30

35

rotation stage at China Spallation Neutron Source (CSNS). The power of the neutron source was
40 kW. The time-of-flight method was used to collect data over a total scanning time of 6.26 hr.
All faces of the sample for neutron diffraction measurement were mechanically polished down to
1 um, followed by electrical polishing in a solution of 20% perchloric acid and 80% acetic acid
(vol.%). The volume fraction of austenite was determined to 47.5% by Rietveld refinement
performed on a crystallography data analysis software GSAS-Il (49). The measured neutron
results and fitted profile are indicated in Fig. S3.

Calculation of dislocation density

The dislocation density of the present steel was calculated using a combination of the modified
Williamson-Hall (MWH) and modified Warren-Averbach (MWA) method (50, 51) based on the
neutron diffraction profile (Fig. S3). According to the MWH method, the full width at half
maximum (FWHM), AP, of the diffraction peaks is a function of the average crystallite size (D)
and the dislocation density (p) as follows (57):

AP =0.9/D+x A’ p"*(P’C)/2+0(P'C*) (1)

where b and P represent the magnitude of the Burgers vector and the exact Bragg position,
respectively. A is a constant depending on the effective outer cutoff radius of dislocations R,. O

represents the high order terms in P ’C and is neglected for calculation. Eis the average contrast
factor. For each {hkl} reflection, C can be determined by (52):

c :6,100{ 1- q[ (K + 1P + PR [ (W + K +12)]} o
where Choo is a constant depending on the anisotropic elastic constants C;;, C;; and Cy. g 1s a
variable determined by the fraction of screw and edge dislocations. P and AP can be directly

obtained from the neutron profile. Therefore, the values of D, A%»"? and ¢ can be determined by

the best linear fitting between AP and pC (Fig. S6A). According to the MWA method, R, and p
can be estimated by Fourier analysis as (53):

In A(L) =In A*(L) +Y(L)(P*C) +O'(P*C?) 3)

Y(L) =- (pab’L’ 12)In(R, / L) 4)

where L, A(L), A°(L) and O “represents the Fourier length, the real part of the Fourier coefficient
for the intensity distribution of the diffraction profile, the size contribution and higher-order

terms of P 26, respectively. Eq. (4) can be rewritten as:

Y(L)! I’ =(pxb* /2)InL- (pb’/2)InR, 5)

With the value of Edetermined before, the values of Y(L) for various L were obtained by fitting
InA(L) against P ’C according to Eq. 3, as shown in Fig. S6B. The dislocation density can be

2
subsequently determined by linear regression on the linear part of Y(D)/IL ynd inL data
according to Eq. 5 (53).
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Transmission electron microscopy characterization

Transmission electron microscopy (TEM) was carried out to characterize the dislocation
substructure of our steel, as indicated in Fig. S5. TEM observations were performed in an FEI
Tecnai G2 20 TEM operated at 200 kV. The samples for TEM characterization were prepared by
mechanical polishing down to a thickness of 100 um, followed by twin-jet electro-polishing in a
solution of 5% perchloric acid, 30% glycerinum and 65% ethanol (vol. %) performed at -10 °C
with a potential of 36 V.

Atom probe tomography characterization

The 3D atom probe topography (APT) measurements were performed to characterize the
segregation of Mn from grain interior to PAGBs. The APT measurements were performed in a
LEAP 5000XR instrument working in voltage mode at a temperature of about 50 K, a pulse
repetition rate of 200 kHz, a pulse fraction of 20%, and an evaporation detection rate of 0.2%
atom per pulse. 3D reconstructions were carried out by Imago Visualization and Analysis
Software (IVAS) version 3.8. The needle-shaped specimens for APT characterization were
fabricated from the plane perpendicular to the normal direction of the present steel by lift-out
method (54) and annular milling performed in an FEI Scios focused ion beam/scanning electron
microscope (FIB/SEM). Before FIB milling, the sample was vibration-polished and etched to
reveal PAGBs.

Mechanical characterization

In order to characterize the uniaxial tensile properties, dog-bone shaped rectangular specimens
with a gauge cross-section of 4.0 mm x 1.4 mm and a gauge length of 10 mm were fabricated
from the present steel thin sheet using wire electrical discharge machining (EDM). As illustrated
in Fig. 2A, the loading direction for the RD (or TD) tensile specimens was aligned along (or
perpendicular to) the elongated austenitic grains. Before the tensile testing, the surfaces of the
flat specimens were ground using 1200 grit SiC paper. A strain-gauged extensometer Model
3442 (Epsilon, Jackson, WY, USA) was utilized to measure the engineering strain within the
gauge section. Tensile tests were performed at room temperature with a 50 kN electro-servo
hydraulic load frame at an engineering strain rate of 1.0 x 10? s, Three tensile specimens were
tested in each orientation.

Tensile properties including the yield strength', o,, ultimate tensile strength, o, uniform
elongation, ¢, and elongation to fracture, ¢, were determined from the tensile engineering stress-
strain curves; their average values and the standard deviations are summarized in Table S1. True
stress-strain curves were also calculated in order to extract the plastic work density (i.e., the work
= (" ode

of fracture), ", during tensile fracture; this was determined from the area under the
true stress-plastic strain curve, where ¢, is the plastic strain corresponding to the elongation to

failure, & .

uy

! Since the initial plastic deformation in the RD tensile specimens was dominated by the Liiders band propagation, both the upper
yield strength, o,,, and the lower yield strength, o,;, were characterized. For the TD specimens, where a continuous elastic-plastic
yielding was exhibited, we determined the yield strength following the engineering 0.2% offset approach.
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For the evaluation of the fracture toughness, in accordance with ASTM Standard E1820 (17),
compact-tension C(T) specimens, with a thickness of B = 1.4 mm and width of W =18 mm, were
cut from the present steel thin sheet using wire EDM. Two specimen orientations were prepared,
i.e., the RD and TD specimens, where the notch (or crack propagation) direction is perpendicular
and parallel to the longitudinal direction of the austenitic grains, respectively (Fig. 2A). Notches,
1.4 mm in depth with a root radius of ~100 um, were cut in all C(T) specimens using wire EDM.
Before testing, all specimen surfaces were ground and polished to 1-um mirror finish to enable
the measurement of crack length using Questar QM 100 long-distance optical microscope. Prior
to the fracture toughness measurement, all the C(T) specimens were fatigue pre-cracked to a
crack length with a/W ratio of ~0.5 using a 5 kN servo-hydraulic MTS 831 load frame (MTS
Corporation, Eden Prairie, MN, USA). Fatigue pre-cracking was performed under load control at
a stress-intensity range AK = K, - K, of 10-15 MPa-m'? at 10 Hz frequency with a load ratio
P Pra 0F 0.1,

Nonlinear elastic-fracture mechanics was used evaluate the fracture toughness of the present
steel; specifically, the crack-resistance behavior (R-curve) was characterized in terms of the J-
integral as a function of crack growth, where J is the rate of change in potential energy per unit
increase in crack area for a nonlinear-elastic solid. C(T) specimens were loaded under
displacement control at a constant displacement rate of 0.1 mm/min. The onset of cracking and
the subsequent subcritical crack growth were directly measured by a long-distance optical
microscope, as well as determined using the unloading compliance method in accordance with
the ASTM Standard E1820 (/7). During tensile loading, the C(T) specimen was periodically
unloaded to ~20% of the peak load to record elastic unloading compliance by using an Epsilon
clip-on gauge mounted in the load-line of the specimens. The crack length, a; was calculated
from the elastic unloading compliance using the compliance expression of the C(T) specimen:

a. /W =1.000196 - 4.06319u +11.242u’ - 106.043u’ +464.335u* - 650.677u’

1
U=———-———
(BEC, ;)" +1

(6)

(7
where B is the specimen thickness and C,; is the rotation-corrected elastic unloading
compliance. For each crack length a;, the Ji-integral was calculated as the sum of the elastic J,;
and plastic J,;) components:

J=J, . +J

i~ Yel()

— K2 ’
o =K TE +J

o, ®)

where E'= E (Young’s modulus) in plane stress or E/(1 - ¥?) in plane strain (v is Poisson’s ratio).
For the present steel, E and v are 200 GPa and 0.3, respectively. The linear elastic stress intensity
K; was defined for C(T) specimen from (/7):

)
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a, a, a. a. a,
2+-1)[0.886 +4.64(—1) - 13.32(-1) +14.72(-1)* - 5.6(-1)*
( W)[ (W) (W) (W) (W)

a.
(i) =
/ W) a; 32
(- =)

w , (10)
where P; is the applied load prior to the partial unloading, B and By are the specimen thickness
and the net side-grooved thickness, respectively. The crack-growth corrected plastic component
of J,i;) was evaluated from the following equations (/7):

Apl(i) B Apl(i- D)
BN

— b(i- 1) — b(i-l)

Moii-1) =2+0.522 Yoy =1 +0.76 —
where W and W A,y 1s the plastic area under the force
vs. the load-line displacement curve, and b;= W - g; is the ligament length. Using Eqgs. (6) to (11),
we can construct the J-Aa resistance curve by calculating the Ji-integral corresponding to the
crack extension Aq; as the difference of the crack length a; and the initial crack length a,

including the notch length and the pre-crack length.

T’pl(i—l)

b(i- 1)

I =7

pl(iy —

(
1= ¥ b
1)

pli-1)

A~ a(i_l)]

(11)

The provisional toughness J, was determined as the intersection of the R-curve and the 0.2 mm
offset/blunting line with a slope of 20,, where 0,=0.5(c,+ 0,,) is the flow stress (now referred to
as the effective yield strength in the ASTM Standard 1820) as the average value of the yield
strength® and the ultimate tensile strength. According to the ASTM Standard 1820, for the
provisional toughness J, to be considered as a size-independent fracture toughness (J.), the
validity requirements for the J-field dominance and plane-strain conditions must be respectively
met, i.e., that by, B > 10J,/0,, where the b, and B are the initial ligament length and the specimen
thickness, respectively. The corresponding K-based fracture toughness values were then
computed used the standard mode-I J-K equivalence relationship, K. = (E"J;.)"?. The flow, or
effective yield, stress is 2063.5 MPa and 1879.5 MPa for the RD and TD specimens,
respectively. Accordingly, the calculated 10J,/0, values for the RD and TD specimens were 0.23
mm and 0.10 mm, respectively. The J, and K, of both RD and TD specimens (Table S1) thus
satisfy the specimen size requirements (b,, B > 10J,/0,) for both J-field dominance and plane-
strain conditions, and therefore can be regarded as ASTM valid J;. and K}, toughness values. A
provisional crack-growth fracture toughness (Kss) was calculated from the crack-growth J-
integral (Jss) evaluated from the J-Aa resistance curve at Aa = ~1 mm (Table S1). To assess the
ASTM validity of the K5 and Jgs, the 10Js5/0) values for the RD and TD specimens were checked
to be 0.41 mm and 0.15 mm, respectively. Both values meet the ASTM specimen size
requirements for J-field dominance and plane-strain conditions. Thus, the crack-growth
toughness Kss and Jgs are ASTM valid as well.

% For the RD C(T) specimen, the upper yield strength, o, is used to calculate the flow stress.
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Fractographic characterization

Fractography examinations were performed on featured regions along the crack propagation
direction on the separated fracture surfaces as well as on the planes perpendicular to the fracture
surface using a Hitachi S-4300SE/N SEM (Hitachi America, Pleasanton, CA, USA) operating in
the secondary electron (SE) imaging mode at 5-15 kV.

To specifically examine the crack-path profile and discern the deformation mechanisms in the
vicinity of the crack tip and wake under plane-strain conditions, some C(T) specimens were
interrupted during the fracture toughness testing and sliced through the thickness into two halves
at the mid-section thickness. The interior surface of one half was progressively ground and
polished to a 0.05-um surface finish followed by a final vibration polishing using 0.05-um
colloidal silica. The microstructure along the crack wake and the crack-tip region were imaged
using back-scattered electrons (BSE) in the Hitachi S-4300SE/N SEM operating at 20 kV. To
further clarify the deformation modes, electron back-scatter diffraction (EBSD) scans were
performed in the vicinity of the crack tip and wake using the FEI Strata DB235 SEM operated at
20 kV using a TEAMTM EBSD analysis system (Ametek EDAX, Mahwah, NJ, USA) with a
step size of 80 nm. To reveal the morphologies of prior-austenite grain boundaries (PAGBs),
vibration polished samples were further etched for 8 to 11 mins at ambient temperature in a
saturated aqueous solution of picric acid containing 2 mls of “teepol” (sodium alkyl sulfonate
acting as the “wetting” agent).

The microstructure of the intercritical annealed strip was characterized by EBSD (Symmetry
EBSD detector, Oxford Instrument, UK) analysis performed on a Zeiss Sigma 300 FEG SEM
operated in 20 kV with a step size of 30 nm. The samples for EBSD scanning were prepared by
electro-polishing, as described in Section 1.2.

Hardness test

The hardness of the deformed as well as the deformed & partitioned (D&P) specimens was
measured by a Mitutoyo AVK-C2 Vickers hardness testing machine. An indentation load of 5 g
was applied. The diameter of the indents was about 110 pm and the separation between any two
neighboring indentations was at least 300 um. The martensitic matrix was tempered after
partitioning at 300 °C, as revealed by the decrease of hardness after partitioning (Fig. S4B).

Supplementary Text

Statistical analysis of delamination cracks

To confirm the occurrence of delaminations and analyze the length distribution of delamination
cracks, various samples were cut from the C(T) specimens for microstructure characterization.
These specimens were first loaded and then partially unloaded according to the ASTM Standard
E1820 for toughness measurement. After the crack propagated to a certain distance, C(T)
specimen was broken into two parts, which were marked as Part A and Part B. Each part was
sliced along the through-thickness section (perpendicular to the fracture surface) at locations
with different distances to the crack tip. Subsequently, the through-thickness sections of these
samples were mechanically and vibration polished for SEM imaging. The lengths of
delamination cracks were measured and statistically analyzed. Results are summarized in Figs.
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S7 and S8. Two categories of delamination cracks with lengths shorter than 50 pym and longer
than 50 um were observed in the RD specimen (Fig. S7). However, only limited amount of
delamination cracks shorter than ~50 um were present in the TD specimen, no matter how far the

main crack propagated (Fig. S8).
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Schematic illustration of the thermomechanical process used to produce the steel in this work.
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Fig. S2.

Microstructure of the intercritical annealed specimen. (A) EBSD phase map. Green: austenite; Red: ferrite. (B)
EBSD orientation map. High-angle grain boundaries (>15°) are marked by black lines.
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Fig. S3.

Neutron diffraction spectrum of the present steel measured with the powder diffractometer at the China Spallation
Neutron Source (CSNS). The interplanar d-spacing is the distance between successive, parallel {kl} planes. Peaks
of vanadium were detected as a vanadium container was used to hold samples during the neutron diffraction
measurement.
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(A) The neutron profiles of the deformed as well as the deformed and partitioned (D&P) specimens. (B) The Vickers
hardness values of the deformed and D&P specimens measured at locations in the 1/2 (center) or 1/4 thickness to the
surface.
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Fig. SS.

The EBSD orientations maps of (A) martensite and (B) austenite scanned on the plane normal to TD orientation
showing that nano-sized grains dominate the martensitic matrix. (C) TEM bright field image reveals that ultrafine
austenite lamellas embedded in martensite lathes, as confirmed by (D) the select area diffraction pattern (SADP). (E)
Dislocation cell structure in the martensitic matrix captured by TEM.
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Fig. Sé6.

(A) Modified Williamson-Hall (MWH) plot and (B) modified Warren-Averbach (MWA) plot obtained from the
martensite peaks in the neutron profile of the present steel.
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Fig. S7.

(A) Schematic illustration showing the position of samples cut from an RD C(T) specimen for microstructure
characterization. The unit of sample geometries is millimeter (mm). (B-E) SEM images obtained at a section normal
to fracture surface showing the distribution of delamination cracks and the corresponding statistical analysis of the
length of delamination cracks in the RD specimens. (F) The average interval length between the delamination cracks

was estimated from the SEM images shown in B-E.
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Fig. S8.

(A) Schematic illustration showing the position of samples cut from a TD C(T) specimen for microstructure
characterization. The unit of sample geometries is millimeter (mm). (B-D) SEM images obtained at the section
normal to fracture surface showing the distribution of delamination cracks and the corresponding statistical analysis
of the length of delamination cracks in the TD specimen.



A ) ) Pre-crack tip B y
Notch tl[l\ - Plane stress Plane strain
)/ . ~ (Low Triaxiality) (High Triaxiality)
Crack tip m’* !‘ o
Ke

Specimen thickness

Fig. S9.

(A) The schematic diagram of the C(T) specimen showing that a triaxial tensile stress state exists ahead of a crack
tip under plane-strain conditions. (B) Schematic diagram illustrating the variation of the measured toughness with
respect to specimen thickness.



Table S1. Uniaxial tensile and fracture toughness properties of the present steel at room temperature.

Property RD TD
0.2%-offset yield strength, o, (MPa) - 1714 =5
Upper yield strength, o, (MPa) 1978 = 16 -
Lower yield strength, o, (MPa) 1916 + 4 -
Ultimate tensile strength, o,,, (MPa) 2144 + 27 2048 + 35
Uniform elongation, ¢, (%) 19.0 £ 1.2 83+1.6
Elongation to failure, ¢ (%) 21.6 = 0.8 8.3 * 1.6
Plastic work density (or work of fracture), u; (MJ-m™) 418.6 = 16.1 154.2 = 19.6
J-integral at crack initiation, J;. (kJ-m~) 469 +4.0 19.6 £2.9
Fracture toughness at crack initiation, K, (MPa-m”) 101.5+4.3 65.4+5.0
Crack growth J-integral at Aa = ~1 mm, Jg (kJ-m?) 84.6 1.1 28.7+1.90
Crack growth toughness at Aa = ~1 mm, Ks; (MPa-m”) 136.4 +0.9 794 +2.7
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Table S2. Composition and properties of the materials compared in the Ashby map (Fig. 4).

Material Composition (wt.%) Ty (MPa) (MPIZm‘/Z) Ref
HSLA steels Fe/0.35C/1.5Mn/0.5Si/0.025A1/0.02Ti/0-0.1V  440-666 68-154.5 29
Fe/0.14C/1.56Mn/0.5Si/0.042Cr/0.114Mo 615710 5879 30

High C steels Fe/1.02C/0.4Mn/2.45Si/0.2Ni 988-1800 34.5-62 31
TRIP steels Fe/0.21C/1.5Mn/1.49Si/1Cr 805-857 5471 32
Dual-phase steels Fe/0.097C/0.49Mn/0.06Si 309-545  40-41.6 33
Austenitic Fe/16.5Cr/0.02C/0.37Si/1.42Mn 920-1144 95-138 34
stainless steels Fe/16Ni/14.3Cr/0.2Ti/2.4Mo/1.6Mn/0.54Si 620-675 148-198 35
Maraging steels Fe/18Ni/7-8.5C0/1/0.3-0.5Ti/4.6-5.2Mo 21972215 37-41.4 18
Fe/18-19Ni/11.5-12.5C0/1.3-1.6Ti/4.6-52Mo  2061.61 30 18
Fe/18Ni/15Co/1.1Ti/7Mo 16548 519 19
Fe/18.26Ni/8.8C0/4.8Mo/0.66Ti 1815-1930 43.6-59.7 36

Martensitic steels ~ Fe/0.4C/0.8Mn/1.6Si/0.76Cr/0.4Mo/1.76Ni  1497-1737 35.3-68.9 37
Fe/0.4C/0.8Mn/0.24Si/0.72Ct/0.24Mo/1.65Ni/0.2Cu 1551-1600 57.4-66.9 38

L"ste:f‘s‘m“c Fe/0.37C/0.7Mn/0.88Si/1Cr/0.79Mo/0.14V 610759 56-60 39
Nan:t:;lsnmc Fe/0.8C/1.6Si/2Mn/0.14Mo/1Cr/1.5Co/0-1A1 ~ 1250-1485 27-51 40
Metallic glass Pd79/Ag3.5/P6/Si9.5/Ge2 (at. %) 1650-1850 43.3-55 41
Al alloys Al/5.7-8.7Zn/1.8-2.7Mg/1.4-2.3Cu 226-627  9-45.4 42

Ti alloys Ti/6A4V 825-869 6590 43
Ti/SA1/2.5Fe 895  39.2-57.1 43

Ti/5Al/1.5B 820-930 55 43

Ti/13Nb/13Zr 836-908 65 43

Ti/12Mo/6Zr/2Fe 1000-1060  88-92 43

Nanocrystalline Ni Pure nanocrystalline nickel 1283-1324 34-72 44
Nanotwinned Cu High-purity copper 500-720 17.5-22.3 45
High/medium CrMnFeCoNi 404 217 6
entropy alloys CrCoNi 435 2077 7

Present steel

Fe/10Mn/0.44C/1.87Al/0.67V

1978+16 101.5+4.3

/
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