Lawrence Berkeley National Laboratory
LBL Publications

Title
Precipitation-Strengthened Austenitic Fe-Mn-Ti Alloys

Permalink

bttgs:ggescholarshiQ.orgéucgitem445n2j87\=/|

Authors
Chang, KM
Morris, | W

Publication Date
1979-06-01

eScholarship.org Powered by the California Diqital Library

University of California


https://escholarship.org/uc/item/45n2j87v
https://escholarship.org
http://www.cdlib.org/

: s 4 . i i X B : i .

SRS PR sy 74 1y LDy (/C,zs/
LBL-6278
Revised II C J

Lawrence Berkeley Laboratory

UNIVERSITY OF CALIFORNIA, BERKELEY, CA
Materials & Molecular RECEIVED

R esearc h Divi sion EERKBLEY LABOR;?TOR‘{

A s

Submitted to Metallurgical Transactions | BRARY AND
DOCUMENTS SECTION

PRECIPITATION-STRENGTHENED AUSTENITIC Fe-Mn-Ti ALLOYS
4 )

K. M. Chang and J. W. Morris, Jr.
For Reference

June 1979 | Not to be taken from this room

- J

)

Prepared for the U. S. Department of Energy
under Contract W-7405-ENG-48



DISCLAIMER

This document was prepared as an account of work sponsored by the United States
Government. While this document is believed to-contain correct information, neither the
United States Government nor any agency thereof, nor the Regents of the University of
California, nor any of their employees, makes any warranty, express or implied, or
assumes any legal responsibility for the accuracy, completeness, or usefulness of any
information, apparatus, product, or process disclosed, or represents that its use would not
infringe privately owned rights. Reference herein to any specific commercial product,
process, or service by its trade name, trademark, manufacturer, or otherwise, does not
necessarily constitute or imply its endorsement, recommendation, or favoring by the
United States Government or any agency thereof, or the Regents of the University of
California. The views and opinions of authors expressed herein do not necessarily state or
reflect those of the United States Government or any agency thereof or the Regents of the
University of California.



Y00gv Buda7 7101 1796608

PRECIPITATION-STRENGTHENED AUSTENITIC Fe-Mn-Ti ALLOYS
K. M. Chang and J. W. Morris, Jr.
Department of Materials Science and Mineral Engineering and

Materials and Molecular Research Division, Lawrence Berkeley Laboratory;
University of California, Berkeley, California 94720

ABSTRACT

The precipitation of intermetaliic compounds in the Fe-20Mn-2Ti and
Fe-28Mn-2Ti alloy systems have been investigéted over thé temperature
range 700°C to 900°C by hardness measurements, optical and scanning elec-
tron microscopy, and X-ray diffraction. In both systems only the equili-
briuvaaves phase was observed. The precipitate was identified as C14(Man2)
type hexagonal Laves phase with a chemical composition close to Fe2(Ti,Mn).
In an as-annealed sample precipitation occurred in a heterogeneous manner,

~ predominantly along grain boundaries. The effect of a cold deformation
between the solution annéa]ing and aging processes was also investigated.
In addition to a high density of dislocations, martensitic phases were
induced by deformation; a v -+ e transformation occurred in the Fe-28Mn-2Ti
a{]oy while a vy -~ o' transformation was predominant in the Fe-20Mn-2Ti
alloy. Subsequent aging was conducted at'temperatures above the Af.. A
large number of very fine precipitates formed randomly in the matrix after
a short aging period. This cold work plus aging treatment resulted in an
increase in yield strength. The enhancement of mechénica] properties is
due to the randomly distributed precipitates combined with the high defect

density and fine substructure.



INTRODUCTION

It is well known that manganese may sometimes be substituted for nickel
in austenitic stainiess steels, such as the AISI 200 series, to achieve an
economic benefit without a significant sacrifice in relevant properties.

The resuiting high manganese austenite can be strengthened by mechanical
work, as in the cold formed Fe-Mn-Cr alleys used for high strength retaining
rings for electrical generators, or by‘the introduction of interstitial
hardening elements, such as carbon or nitkogen, which contribute to ﬁhe
strength of the matrix by forming precipitates. However, processing dif-
ficulties and the thermal instability of deformation induced defect struc-
tures or interstitial precipitates place some limits on the usefulness of
'high manganese stee1s. For many applications it would be_desikéb]e to form
high manganese steels which were Strengthened by intermetallic precipitates.
The 1dentjfication of effective controllable intermetallic precipitates for
strengthening high manganese steels awaits further research.

The occurrence of intermetallic phases in iron has been summarized by
Nevitt1. Table I is a general resume of the known phases based on B elements
such as manganese, iron, cobalt and nickel with additions of A elements from

the titanium, vanadium, or chromium groups of the Periodic Table. Three

factors, the electron/atom ratio, atomic size and compressibility, are

important in determining alloy chemistry. The phases listed in Table I can
be classified into two groups on the basis of the atomic arrangement within
their crystal structures. In one group are the geometrically close packed
phases which contain both octahedral and tetrahedra] interstices, e.qg. B3A.
In the other group are the topologically close packed phases which contain
only tetrahedral interstices e.g. the Laves phases B,A, sigma, ﬁu, and chi.

The B3A structures are the most useful intermetallic compounds for strengthen-



ing austenitic iron alloys, due to their morphology, small interparticle
spacing, coherency with the lattice, and the high ductility of these phases
compared with those containing other precipitates.

Unfortunately, no phase of the B3A type has been found in which the
B element is manganese or iron. The most likely phase to occur in Fe-Mn
austenite is the BZA_Laves phase which usually embrittles the,a]lpy at room
temperature but seems to have a strengthening effect at high temperatures.2
The embrittlement caused by the Laves phases is due to a strong tendency to
form continuous precipitates along grain boundaries. By eliminating this
continuous grain boundary precipitation, Laves phases can be effectively
utilized to strengthen an iron matrix. For example, Jin3 successfully sphero—
idized the grain boundary Laves phase in ferritic Fe-Ta alloys by cycling
through the a'-y phase transformation, and échieved’ a substantial increase
in alloy toughness.

The objective of the present study was to investigate precipitation
behavior in Fe-Mn austenites containfng titanium as the hardening element.
‘Three aspects of the precipitation process were of particular interest: the
precipitate type, the preferential precipitation sites, and the possibility
of modifying the precipitate distribution by utilizing theremo-mechanical
treatments. The precipitate type in tne Fe-Mn-Ti ternary is cur-
rently unknown though the Laves pnases FezTi and MnéTi have been observed in
the respective binary systems4. The existence of the compound FeZMn in the
Fe-Mn binary has been proposed by Soviet worker55 though its existence is
not commonly accepted. Given the known or tentative presence of phases of
the Laves type in each df the relevant binary diagrams a Laves -phase is anti-
cipated in the Fe-Mn-Ti system. The Laves phases are, in general, heter-

ogeneously nucleated, forming continuous precipitate films on the grain
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boundaries. As a consequence, these precipitates do not contribute much
alloy strengthening and are harmful to alloy ductility through their pro-
motion of intergranular fracfure.

| The tendency toward intergranular precipitation of the Laves phase may,
however, be partly avoided by introducing mechanical work prior to the aging
process,'to introduce a dense distributfon of heterogéneous nucleation sites
and also provide a defect structure to aéce1erate the diffusion of the
'precipitating intermetallic species. ‘However, in Fe-Mn alloys of interme-
diate manganese content (appfoximate]y 14-28%Mn), the 1ntroductioﬁ of a dis-
location structure through mechanical work is complicated by the phase in-
stability of the austenite6.' On deformation a high-manganese austenite may
undergo mechanically induced transformations to eithér an € martensite (HCP)
or to the usual o' martensite (BCC). These transformations may complicate
thermo-mechanical:proceésing. |

For purposes éf this 1nvestigatfoh.two compositions were chosen: an
Fe-20Mn-2T§ alloy, which is expected to be mechanically unstable with respect
to the formatioh of both € and o' martensites on Tow temperature deformation,
and a richer austenite, Fe-28Mn-2Ti, which is anticipated to show increased .

stabi]ity'with respect to transformation at room temperature and above.



1. EXPERIMENTAL PROCEDURE

The alloys used in this research were prepared>by induétion.ﬁe1t1ng high
purity (99.9%) iron,'mahganese, and titanium under argon atmosphere to pro-
duce cast ingots in 10 and 4.5 kg copper chill molds. The nominal and actual
compositions of the alloys used in.the present study are'givenrin Table TI.
The ingots were homogenjzed at 1200°C for 24 hours under a partial pressure
of argon gas (0.38 torr), forged to 26mm (for 10 kg ingots) and 13mm (forv4.5
kg ingots) thick plates, solution annealed at 1150°C for 1.5 hours under
argon gas atmosphere, and water quenched. Some plates were cold roiled to
about 40% reduction to study the effects of cold work on the precipitation
reaction. |

Tensile tests were conducted at room temperéture in an Instrdn machine
using flat tensile specimens of 25.4mm gauge length and 6.35mm x 3.175mm
cross section at a crosthead speed of 2.0mm/mih. Two specimens were tested
for each data point. The 0.2% offset method was Qsed to obtain the yield
strength. The hardness of the specimens was measured.as an average of five
indentations.

Quantitative measurements of the amounts and types of phases preSent
were made using an X-ray diffréctrometer utilizing transyersé sectioné of
plates to minimize the effects of preferred orientation. The percentage
of phases present was estimated by comparing the integrated diffraction

intensities of the (ZOO)Y, (10'])5’ and (ZOO)a. peaks from a copper K,

source . The structure of the precipitates was determined by X-ray diffrac-
tion. Their chemical compositions were studied using X-ray energy dispersion
analysis (EDAX) on a scanning electron microscope.

Optical metallographic specimens were chemically polished and etched

using a 5% nital solution. Schumann's reagent (100m1 cold saturated Na2503+59m.
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K2504) was applied whenever the e martensite phase existed in a specimen
since this reagent is reported7 to be useful for delineating the e phase.

bThin foils for transmission electron microscopy were preparedvby a jet electro-
polishing technique using a conventional chromic-acetic electrolyte. A

Hitachi HU-125 electron microscope operated at 100 kv was used for the trans-

mission microscopy.

II. RESULTS AND DISCUSSIONS
A. PHASE RELATIONS

The volume fractions of the phases present after varibus thermé] or
thermo—mechénica] treatmeets as determined by X-ray diffraction are listed
in fab]e.III. Fe;Mn alloys having more than 28 wt%Mn are fully austenitic(y)
at room temperatufe. The hexagonal e phase was ﬁot detected by X-ray dif-
fraction in an as-annealed Fe-28Mn alloy, but traces of ¢ phase wererobserved
under the optical microscope (Fig. 1a). In_the'a11oy with 20 wt%Mn, ¢ phase |
(up to 70%) formed upon cooling to hpom temee}ature after solution annealing.
A ﬁypica] microstructure of mixed y and ¢ phases is shown in Fig. 1b. No
‘body-centered cubic o' phase formed in either of the binary Fe—Mn}a1loys even
on eob11ng to liquid nitrogen temperature (-196°C). These results are con-

sistent with previous observat'ions.6

With the addition of titanium.the amount of ¢ decreases dramatically
and more y phase is retained at room temperature. The Fe-28Mn-2T7i alloy was
completely austenitic in the as-annealed condition (Fig. 1c). Less than 10%
of ¢ phase formed in the Fe-20Mn-2Ti alloy (Fig. 1d). The infiuence of Ti
on the vy - ¢ transformation is not we11 understood. Previous research8
suggests that titanium additions can feduce the stacking fault energy of
som austenitic Fe-Ni-Cr alloys, which should promote the formation of e phase;

however, the effect of Ti on the étacking fault energy of Fe-Mn austenites is



unknown. It is clear from the present results that Ti stabilizes Fe-Mn
austenite with respect to ¢ formation. This was further shown by aging
Fe-20Mn-2Ti alloys for 16ng period to precipitate Ti out of the matrix.
Isothermal overaging at 800°C for 20 days left about 1% of the titanium in
the matrix; the volume fraction of the e phase increased again to 44% (Table

ITI).

B. KINETICS AND MORPHOLOGY OF
LAVES PHASE PRECIPITATION

1. Precipitation in the Fe-20Mn-2Ti alloy:

The influence of temperature on age hardening kinetics is shown in Fig.
2. As expected, the lower the aging temperature, the longer the time required
to reach maximum hardness. The hardening response of the alloy was very slow
in the temperature range 700°C to 900°C; more than 100 hours aging was re-
quired to achieve maximum hardness. No secondary hardening was observed,
suggesting that a single precipitation process occurred.

On aging, precipitates nucleated first at grain boundaries and grew con-
tinously until a heavy network was formed'(Fig. 3a).v Just prior to the
significant hardness increase precipitates began to form within the grains.
~ As the aging time increased, intragranular precipitation became more pro-
nounced and the hardness increased. The intragranular precipitates formed
Vpreferentia]]y along planes parallel to y - e phase boUndary. After exten-
sive aging the continuous grain boundary precipitates began to break up and
spheroidize (Fig. 3b).

The alignmemt of precipitates along the prior y - ¢ interfaces requires
some comment. Though the v - ¢ intérfaces do not exist when the alloy is
heated up to the aging temperature, which is above Ac (v540°C), the dis-
tortion energy due to the martensitic transformation may still remain9 to help

the nucleation process. A high density of stacking faults inside grains
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introduced by the € -~ y transformation of the Fe-20Mn-2Ti alloy might also
serve as the nucleation site for precipitation.
2. Precipitation in the Fe-28Mn-2Ti Alloy:

The hardening kinetics of the Fe-28Mn-2Ti alloy are shown as a function of

‘aging tempefature in Fig. 4. The age hardening response is similar to that ob-

ser?ed in the Fe-20Mn-2Ti alloy, suggesting that the same precipitation reaction
takes p1ace. The aging response is more temperature dependent in this com-
pletely austenitic alloy. The hardness approaches its plateau within 100 hours
at 900°C bdt there was no obvious hardnese increase in a sample aged_atv700°C forv

more than 200 hours. Though the as-annealed hardness varied between the two

alloys (RB 72 for Fe-20Mn-2Ti and Ry 62 for Fe-28Mn-2Ti), the total hardnesé

increase to the plateau is almost the same. The hdrdness result can be inter-
preted by reference to the morphology and distnibution of precipitates. Fig. 5
shows a series of micrographs from samples aged at 800°C. In the early stages
continuous precipitation developed rapidly along grain boundaries but contri-
buted no hardness increase. The continuous precipitates can also be found along
the -incoherent 1nterfaces of annealing twins but few precipitates occurred on
coherent 1nterfaces. The precipitation occurs in a heterogeneous manner on
high energy surfaces. Random nucleation started within grains when most of
the high energy‘surfaCe had been utilized. The hardness gradually increased
as fhenpercentage of precipitates observed in grains increased. Spheroidiza-
tion of grain boundary precipitates was also observed during the final stage
of aging.
C.'PRECIPITATE IDENTIFICATION

Samples of both alloys were aged at 800°C for 20 days to obtain precipitate
sizes and volume fractions adequate for analysis. It is necessary to obtain
precipitates with diameters gredter than 2um for EDAX analysis and more than 5%
in volume for X-ray diffraction.

A number of extra diffraction peaks were present in the X-ray diffraction



patterns. The corresponding interplanar spacings and relative intensities are
listed in Table IV. Thesé closely match the values in the ASTM Powder Diffrac-
tion File for Fe2T'1'.]0 The crystal structure of the precipitate is the hexa-
gonal Laves phase (Manzltype, C14); each unit cell consists of 12 atoms as °
sketched in Fig. 6. Then"a” parameter of the brecipitate was determined from
the (h_k 0) reflections, using the extrapolation function of Nelson and Ri]ey.]1
The "c" parameter was determined from the (00&) reflection by thevmethod of
Taylor and F]oyd]2 for hexagonal crystals. The values obtained aré a = 4.780A,

¢ =7.7883, and c/a = 1.629 .

To obtain information aboﬁt the chemical composition of the ﬁrecipitates an
SEM-EDAX study was made. Overaged specimens were examined in the scanning elec-
tron microscope, and some large precipitates (~5um diameter) were chosen for EDAX
analysis. Fig. 7 presents comparative energy spectra showing that the precipi-
tates are rich in titanium and that fhey also contain manganese. The computer-
analyzed data ére given in Table V. The results are almost identical for the two
alloys. The fraction of Fe in the precipitates is about 2/3, while that of the
sum of Mn and Ti is about 1/3. Extraction replicas of specimens were also made.
The results confirmed the above observations. The identity of the precipitates
thus appears to be Fez(Ti,Mn) in both alloys. The crystal structure of the pre-
cipitates is like that of FezTi, with Mn atoms apparently substituting at Ti
lattice sites. It is possible that a small fraction of Mn atoms replace Fe atoms
in the precipitates explaining why the measured Fe concentration is somewhat less
than the ideal stoichiometric r§t10,~2/3.

D. EFFECTS OF COLD WORK ON
‘PRECIPITATION

It is not surprising that direct precipitation of Laves phases does not
strengthen the solution-treated Fe-Mn-Ti austenites significantly. The
interparticle spacing between the aged precipitates formed inside grains

is too large to be an effective obstacle to dislocation motion. A cause
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of this ineffective precipitation is the absence of beneficial nucleation sites
within the grains for precipitation of Laves phase. In an attempt to overcome
this problem the al]oyé were cold deformed (v 40% reduction) between the solu-
tion annealing and the aging treatments.

The mechanical instability of high Mn austenites-has been investigated by
many previous workers.ﬁ’]?”]4 These alloys undergo a paftia] martensitic phase
transformation under heavy deformation.at room temperature. In addition to the
increase of defect and dislocation density, cold work induces elastic and plas-
tic strain energy which raises the transformation temperature. to above ambient
temperature. The volume fraction of induced phases in the cold-worked samples
is shown in Table III. In the Fe-20Mn-2Ti alloy, a large amount of o' martensite
and some ¢ phase appeared after cold rolling. Electron microscopy revealed that
the induced o' phase is' dislocated martensite with a high density of dislocations
inside the martensite lathes (Fig. 8). Thin sheets of fnduced e phase formed
in the Fe-28Mn-2Ti alloy during cold working, but no o' phase was observed. The
induced ¢ sheets are wavy and bent though they are parallel to one another in
series. More detailed examination by electron microscopy (Fig. 9) reveals a
high dislocation density in the untransformed matrix.

Like the usﬁa1 martensite obtained by thermal treatment, the induced phase,

e ora', in the cd]d worked a]]oys_reverté to austenite when the samp]e is re-
heated to high temperature. The dilatometry results indicated that the Af is
approximately 540°¢ . v

The Fe-20Mn-2Ti alloy was reheated to 800°C after cold-roliing, and then
aged at that temperature. The precipitation kinetics are accelerated by pre-
deformation. Very fine precipitates of Laves phase decorated the entire
structure after one hour aging (Fig. 10a). The precipitates were ran-
domly distributed; nd continuous grain boundary precipitate was found. The

very low diffusivity of the substitutional elements, Mn or Ti, in the austenite
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matrix makes precipitate growth or coarsehing very difficult. No evidence of
overaging was observed even affer_aging for 96 hours.(Fig; 10b).. After the
cold work had been fully fecovered the alloy maintained a'high level of hard-
ness (RC v 26). | |

‘Closer examination of the precipitates formed in the cold worked plus
aged alloys Was carried out in thé electron microscope. It Was not pos-
sible to de&yhiné the orientation,réTations of the prétipitates with res-
pect to the matrix due to the heavy deformation of the latter. In the Fe-28Mn-
2Ti alloy, the precipitates were é]igned in a specific orientation, which was
believed to 1ie in the stacking fault plane. The precipitafe size was less
than .3um. A high density of dislocations still remained in the matrix
after aging for one hour at 700°C (Fig; 11a). The precipitates formed in
the Fe-20MN-2Ti a11qy were denser and more random in distribution. Lath
boundaries of previous o' martensites were decorated by precipitates in
some instances, but no continuous networks were observed (Fig. 11b).

E. MECHANICAL PROPERTIES

Both as-annealed alloys exhibited a Tow yield strength (m30ksi)‘and
high elongation (~75%). X-ray diffraction of the broken tensile specimens
showed phase contents similar to those obtained after cold rolling; the
mechanically induced transformation also occurs during tensile testing. In
both stress-strain curves the ultimate tensile strength, at which the ten-
sile specimen began to neck, was delayed to a large elongation with a very
low strain hardening rate. The final fracture of the specimen occurred
rapidly after passing the u]timate»poinf. This is a typical feature of alloys
with a mechanically induced transformation. The ultimate tensile strength in-
creases.as -the extent of deformation-induced transformation increases. The
higher tensile strength of the Fe-20Mn-2Ti alloy is apparently due to the

introduction of o' martensite.
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Specimens aged after annealing reached full hardness after 100 hours at
800°C. The resulting grain size is large, (200~ 500um, and the grains are
coated by a nearly continous network of Laves phase. As anticipated, broken
tensile specimens of both alloys exhibit an'intergranu]ar fracture mode
(Fig. 12). No significant strehgthening aécompanied precipitation. The
yield strength increased by ~5 ksi for.the Fe-28Mn-2Ti alloy and 10 ksi for
the Fe-20Mn-2Ti alloy. |

The stress-strain chves of the alloys which were cold worked and/or
aged at 700°C for one hour are shown in Fig. 13. The yield strength wés
observed toiincrease to 107 ksi for the Fe-20Mn-2Ti alloy and to 90 ksi
for the Fe-28Mn-2Ti alloy by use of the cold-working plus aging treatment.
Unlike the cold worked alloys, which reached ultimate strength without
much- plastic deformation,.the cold work plus aging alloys exhibited
retarded necking with very large uniform elongation. This is believed to
be the result of mechanically induced transformation.

‘The yield strength, tensile strength, and elongation of alloys after
the-éo]d work plus aging treatment are shown as a function of aging tem-
perafure in Fig. 14. Given a one hour aging, both alloys showed a monoto-
nically decreasing yield strength for increasing aging temperature. The
elongation showed a peak in the temperature range 650°C to 800°C. No
obvious change in elongation was observed for aging times up to 4 hours,
although the yield strength kept decreasing with aging time as the deforma-
tion-induced defect structure recovered. The fracture surfaces of the broken
tensile specimens were unusual, in that.they neither showed the dimpled
rupture mode typical of the as-annealed or the cold worked samples nor the
brittle intergranular cleavage showed by the aged specimens. For the Fe-20Mn-
2Ti alloy, in which the y » o' transformation is predominant on deformation,

a fracture surface perpendicular to the tensile axis was formed. Tiny cups
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and cories populated the fracture surface (Fig. 15a). On the other hand, the
Fe-28Mn-2T1 alloy, in which only the y » ¢ transformation occurred, exhibited
a fracture surface.consisting of‘Several-ti1ted planes. In addition to
dimple rupture, a lamellar pattern was observed (Fig. 15b). The exact
mechanism responsible for these fracture surfaces has not been established.

| ITI. CONCLUSIONS
1. Precipitetion in the Fe-20Mn-2Ti and Fe-28Mﬁ—2Ti systems proceeds by
the fermation of single partic]és of equilibrium Laves phase, Feé(Mn,Ti),
hexagonal C14_type.(Man2). No transition phase was detected.
2. Precipitation in the as-annealed structure occurs by heterogeneous
nucleation; heavy networks of Laves phases form first along the grain boundary
before individual precipitates appear inside grains. No significant age-
hardening is observed but intergranular fracture takes place due to the
‘Laves phase precipitates.
3. Cold rolling after solution annealing provides‘numerous.efficientv
nucleation sites beneficial to subsequent aging. The precipitate nucleation
site changes from the grain boundary to separate heterogeneous sites inside
grains. A desirable microstructure, in which fine precipitates are randomly
distributed, is then obtained. | | |
4.  Enhancement of the mechanical properttes'of Fe-Mn austenites can be .
achieved through the combination of cold work, precipitation, and mechanically
induced transformation.

5. Titanium additions stablize the austenite in Fe-Mn alloys.
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Table I.

B Transition

OCCURRENCE OF PHASES IN BINARY AND TERNARY TRANSITION ELEMENT SYSTEMS

A Element

Group V (5e/a)

Element Group IV (4e/a) Group VI (6e/a)
- ' BB'
Ti Zr Hf A Nb Ta Cr Mo W
Mn (7e/a) B,A B,A B,A B,A B,A
BA ‘
X X X X X X X X
o ag o]
Fe (8e/a) BZA BZA B2A BZA B2A BZA B2A
BA FeAl
X X X FeCo
o o] o g
Co (9e/a) BZA B2A B2A B3A B2A BZA B3A B3A
BA BA BA CoAl
' X H
G G G o G G
Ni (10e/a) -B3A B3A B3A B3A
BA B
u u (NiA1)
G G G G G
*ur BoAgs Gi AgBySigs o B4A v BA,s X: B4A v BA

Gl
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Table II. CHEMICAL COMPOSITION OF ALLOYS

Ingot

Composition wt7

No. Weight Designation

Fe Mn Ti
755-1 10 kg Fe-20Mn Bal. 19.11 -
755-2 10 kg Fe-20Mn-2Ti Bal. 18.66 1.70
7S11-4 4.5 kg Fe-28Mn-2Ti Bal. 27.29 1.59
7511-10 4.5 kg Fe-28Mn Bal. 27.34 —-
766-17 10 kg Fe-20Mn-2Ti. Bal. 19.07 1.74
766-18 10 kg Fe-28Mn-2Ti Bal. 27.93 1.69

The impurity levels:

C = 0.004%; N = 0.002%;

0 = 0.002%; P = 0.004%; Si < 0.01%; s = 0.006%.
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Table III. DETERMINATION OF VOLUME PERCENTAGE OF PHASE
PRESENT BY X~RAY ANALYSIS- .

Phase volume percentage

Designation Treatment
Y £ o'

Fe-20Mn AN ' 30.0 70.0 -
Fe-20Mn-2Ti AN | 90.4 9.6 -
Fe-20Mn-2Ti  AN+800°C/20 days 56.0  44.0  —-
Fe-20MN-2TI  ANCH | 5.0 20,0 29.0
Fe-20Mn-2T4 AN+CW+800°C/96 hrs 91.2 8.8 -
Fe—28Mﬁ AN : '7 100.0 _; v__
Fe—28Mﬁ—2Ti AN ' " 100.0 — -
Fe-28Mn-2Ti  AN+800°C/20 days 100.0 - -
Fe-28Mn-2Ti  AN+CW 93.6 6.4  —
Fe-28Mn-2Ti  AN+CW+700°C/1 hr ©100.0 - —

AN: Annealed at 1150°C for 1.5 hrs.

CW: 40%Z reduction of cold rolling.



Table IV. INTERPLANAR SPACING OF THE PRECIPITATES

Precipitates Standard values for FezTi

2" | 4 |1/1, | (hke) d /1,
-- C-- -- 100 4.133 10
-- -—- | -- 002 3.889 10
-- -- -- 101 3.649 10
37.6 | 2.390 | 30 110 2.388 30
41.0 [2.199 | 90 103 2.199 100
-— -- -- 209 2.068 10
44.4 |2.039 | 90 112 2.038 100
45.3 | 2.001 | 100 201 1.998 100
46.6 [1.947 | 40 004 1.947 30
49.8511.828 | 20 202 1.828 30
51.8 [ 1.763 | 10 104 1.760 10
-- -- -- 203 1.620 - 10
-- -- -- 300 1.382 10
70.2 |1.339 | 40 123 1.341 60
72.65 | 1.330 | 40 006 1.302 60
76.4 [1.246 | 30 205 1.247 60
-- -- -- 124 1.223 10
80.25 | 1.185 | 40 220 1.196 60

*CuKa radiation with A = 1.58A
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Table V. DETERMINATION OF CHEMICAL COMPOSITION
OF THE PRECIPITATES BY EDAX

Concentration (wt%)

Designation
Fe Mn Ti
- matrix -78.90 19.44 1.66
Fe-20Mn-2T1
precipitate 63.60 14.80 21.60
matrix 69.76 29.34 0.90
Fe-28Mn-2T1 '
precipitate 62.90 14.30 22.80

*Specimens were aged at 800°C for 20 days.
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FIGURE CAPTIONS

Optical micrographs of as-annealed Fe-Mn(-Ti) alloys: (a) Fe-28Mn;

(b) Fe-20Mn; (c) Fe-28Mn-2Ti; (d) Fe-20Mn-2T1.

Age-hardening curves of the #e-ZOMn-ZTi alloy.

Precipitation of the Fe-20Mn-2Ti alloy aged at 800°C for: (a) 2 hrs;
(b) 48 hrs.

Age-hardening curves of the Fe-28Mn-2Ti alloy.

Precipitation of the Fe-28Mn-2Ti alloy aged at 800°C for: (a) 4 hrs;
(b) 16 hrs; (c) 48 hrs.

Atomic arrangement in the unit Se]] of the C14(Man2) crystal.

EDAX for the precipitation of the Fe-20Mn-2Ti alloy.

Transmission electron micrograph-of the cold-rolled Fe-20Mn-2Ti alloy.
Transmission electron micrograph of the cold-rolled Fe-28Mn-2Ti alloy;
(a) bright field; (b) dark field.

Microstructures of the worked plus aged Fe-20Mn-2Ti alloy: (a) CW+700°C 1hr;
(b) CW+700°C 96hrs.

Transmission electron micrographs of worked plus aged specimens: (a)
Fe-28Mn-2Ti; (b) Fe-20Mn-2Ti.

Tensile fracture surfaces of simple aged specimens: (a) Fe-20Mn-2Ti;
(b) Fe-28Mn-2Ti.

Engineering strain-stress curves of cold-worked and worked plus aged
specimens.

The effect of aging temperature (for lhr) on strength and elongation of
cold-worked specimens.

Tensile fracture surfaces of worked plus aged specimens; (a) Fe-20Mn-2Ti;

(b) Fe-28Mn-2Ti.
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