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DEVELOPMENT OF FERRITIC WELDMENTS FOR 

GRAIN-REFINED FERRITIC STEELS FOR 4.2K SERVICE 

Hee Jin Kim 

Department of Materials Science and Mineral Engineering 

UNIVERSITY OF CALIFORNIA, BERKELEY 

ABSTRACT 

The weldability of grain-refined ferritic nickel steels designed for structural use 

in liquid helium was investigated. Plates of interstitial-free Fe-12Ni-O.2STi alloy and 

carbon-containing 9Ni steel were welded with 14Ni ferritic fillers using a gas tungsten 

arc welding (GT A W) process with pure argon gas shielding. 

The ferritic weldments made have a strength closely matching those of the base 

plates without a significant loss in base metal toughness at temp~ratures as low as 4.2 

K. The comparable toughness obtained in the welded region is attributed to three fac-

tors; the defect-free weldment, the chemical cleanliness of the GT A W weld deposit, 

and the in-process formation of an appropriate microstructure in the welded region. 

Special emphasis in this study was placed on changes in microstructures with respect 

to the characteristic of the weld thermal cycles and the effect of the resultant micros-

tructures on low temperature toughness. In the heat-affected zone (HAZ) of multi-

pass welded 9Ni steel, the retained (or precipitated) austenite is removed by the weld 

heat cycles but the sequential rapid heat cycles to successively lower peak tempera-
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tures associated with succeeding weld passes re-establish high toughness by sequen~ 

tially refining the grain size and lettering carbon in the form of cementite precipitates. 

On the other hand, the hi&h toughness in the HAZ of the 12Ni alloy and in the weld 

deposit is a direct consenquence of repeated grain refinement through the· overlapped 

austenitizing cycles and is not afi'ected by the tempering cycles because of the carbo no , 

free nature of these materials. 

(}J!;~ 
~~:~w. Morris, Jr. 

Professor of ~~tal1urgy 
Chairman of Committee 

" ~ 
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DEVELOPMENT OF FERRITIC WELDME~rrS FOR GRAIN-REFINED 

FERRITIC STEELS FOR 4.2K 

HEE JIN KIM 

CHAPrERI 

INTRODUCTION 

A Background 

Production of electricity from nuclear fusion may rank as one of man's major 

technological achievements. 'One of the most promising approaches to achieve this 

goal uses magnetic confinement of the reacting plasma. Economic considerations lead 

to the conclusion that the magnetic fields required for contlnement must be produced 

by large superconductiIlg magnets. The production of these large magnets has 

required a significant extension of existing cryogenic materials since most. structural 

components 'of the superconducting machinery are cooled by liquid helium.to 4.2K (-

269c C) . Moreover, for fusion magnetic systems, the principal features governing alloy 

selections for structural applications are the enormous size, the extremely high forces 

exerted by the magnetics, the massive structural elements needed to restrain these 

forces, the limited space available for the structure, etc. [1] These features result in 

the need for alloys With sufficient strength and stiffness to perform the required struc-



tural functions within the space available.sutIicient fatigue and fracture resistance to 

operate safely at 4.2K.and sufficient fabric ability to permit manufacture and assembly 

of the components. 

Currently. the austenitic stainless steels. particularly the nitrogen-strengthened 

grades such as 304LN and 316LN. are the most widely used alloys for structural appli-

cation in superconducting magnet systems. But these stainless steel grades are not 

necessarily the most suitable because of high cost. low strength. microstructural insta­

bility during cold deformation and temperature drops. and the scarcity of Ni 

resources. Moreover. requirements for structural materials in the expanding cryo-

genic technology demand a combination of high strength coupled with high toughness. 

For example. one set of criteria documented [2] by Japan Atomic Energy Research 

Institute (JAERI) for the future Fusion Engineering Reactor (FER) suggests a yield 

strength in excess of 1200 MPa (174 ksi) with fracture toughness above 200 MPa vm. 
(182 ksi v'iii) at 4.2K. This high combination of strength and toughness can hardly 

meet with varying composition of stainless steels due to the well-known inverse rela-

tionship [3] between yield strength (aJl) and fracture toughness (Eic) at 4.2K. that is. 

K[c (MPa v'7n'}=500-0.3aJl (MPa). 

So. several alloys including high manganese austenitic steels [4-6] and ferritic 

steels [7-10] have been and/or are being developed to get a higher combination of 

strength and toughness than that of the 300 grade stainless steels. 

Historically, the ferritic grades have been eliminated from consideration for 4.2K 

use on the grounds that Bee alloys tend to undergo a ductile-to-brittle transition as the 

temperature decreases. However, recent research [7-9] has demonstrated that the 

dUctile-ta-brittle transition temperature of Fe-(9-12)Ni ferritic cryogenic steels can be 

suppressed to below 4.2K by applying heat treatments which establish an ultra-fine 

grain size. In particular, a laboratory Fe-12Ni-0.25Ti alloy has been grain-refined by a 

four-step (so-called "2B") thermal cycling treatmenl and a commercial Fe-9Ni alloy has 
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been reprocessed through a five-step (so-called "2B'r') treatment to achieve an excel­

lent combination of strength and toughness at 4.2K. and recently these alloys have 

potential applications in the structures of high field superconducting magnets despite 

being ferromagnetic. Since the structures of such magnets are almost invariably 

welded. needless to say. their application is mostly dependent on their weldabilities. 

The research project deSCribed herein attempts to evaluate their weldabilities while 

developing tiller wire chemistry and optimizing welding procedures. 

B. Toughening lIecbanism of Ferritic Nickel Steels. 

Several factors have been known to control the low temperature toughness of fer­

ritic steels such as grain size. interstitial content. presence of retained austenite and 

its distribution. The superior toughness of Fe-12Ni-0.25Ti alloy at 4.2K. for instance. is 

derived mainly from extremely low interstitial content and its ultra-fine grain size 

imparted by 2B heat treatment. The detailed discussion of this grain refinement pro­

cedure is given elsewhere [7]. Its essential features are. however. evident in Fig. 1-a. 

In this treatment. thermal cycles into the austenite field ("A" treatment) are alter­

nated with intercritical annealing ("B" treatment) at a relatively high temperature in 

the two phase a+,. region. The initial structure (AN) annealed for two hours at 900DC 

has a grain size of 60 j.Im. This is reduced to about 15 j.Im by an lA treatment of 

a .. ,. .. a thermal cycle. The lA structure is decomposed by a nucleation and growth 

process during 1B treatment at 650DC in which austenite grains form in the prior 

austenite grain boundaries and along the martensite lath boundaries. The preferential 

alignment of these grains is largely broken up by a second reversion cycle of the 2A 

treatment. The grain refinement is completed through a final two-phase decomposition 

at 650DC. After cooling to room temperature the alloy consists of fine grains of tem-

pered martensite. No residual or preCipitated austenite exists in the final structure. 

Although the details of the grain-refining mechanism during the 2B treatment needs 

further study. this treatment has been applied successfully in 9Ni [9] and 5Mn steels 
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[11] with the addition of a final intercritical tempering treatment as shown in Fig. l-b. 

Since the 9Ni steel. which is commercially available in the quench-and-tempered (QT) 

condition for 17K use. contains approximately 0.06 percent of carbon. the reprocessing 

of this steel by a 2B treatment was not successful in toughening this Steel at 4.2K 

because of the presence of carbon in the refined matrix. To overcome this problem, 

the final tempering ('T' treatment) in the low portion of the a+')' field has to follow the 

2B treatment in order to introduce a distribution of austenite phase into the structure. 

This austenite stable even at low temperature serves two functions: it refines the 

effective grain size of the steel by disrupting the crystallographic alignment of marten­

site packets. hence lowering the ductile-to-brittle transition temperature (DBIT) [12]. 

and it getters carbon from the lattice. hence raising the upper-shelf toughness [13.14]' 

Therefore. the good toughness of the 2BT-treated 9Ni steel at 4.2K is derived not only 

from the tine grain size but also from the finely distributed austenite phase. 

Table I summerizes the 4.2K properties of these ferritic steels along with those of 

the stainless steel grades for comparison. It clearly shows a more desirable combina­

tion of strength and toughness can be obtained with ferritic steels. However. the 

'equivalent energy method' used for measuring fracture toughness of ferritic steels in 

references [8] and [9] was purely empirical and has no basis of crack initiation. More 

precise evaluation of these materials with reliable methods such as 'crack-initiation lIe 

test' is needed, as well as the weldability study. 

c. Objectives and Approach. 

The objective of this investigation is to develop the tiller metal chemistry and suit­

able welding process and conditions for the intended use of grain-refined ferritic 9 and 

12Ni steels. As mentioned previously, since the structure of superconducting magnets 

must be welded. the valuation and improvement of their weldability are the most 

important factors for the practical use of these steels. 

" 
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The welding problem is. at least superficially. a formidable one. The good cryo­

genic properties of the base alloys are achieved through the use of heat treatments 

which establish a rather precise control over the alloy microstructure. Subsequent 

welding introduces the simultaneous problems of establishing a suitable microstruc-

ture in the weld deposit and retaining an appropriate microstructure in the heat­

affected zone. 

Initial research on the welding of this [17] and similar alloys [18] for 4K service 

employed high-nickel Inconel tiller metals to avoid the problem of brittleness in the 

weld deposit. However. the gas metal arc (GMA) welding of Fe-12Ni-0.25Ti with Inconel 

92 filler [19] was partly successful. The Inconel 92 tiller was inferior to the ferritic base 

metal over the whole temperature range. not only in its yield strength but also in its 

notch toughness. In addition. the Incone192 weldment exhibited a fusion zone brittle-::'! 

ness which was also reported by others [19] on the welding of Fe-9Ni steel with non-

matching austenitic tillers: cracks starting in the heat-affected zone tend to propagate 

along the fusion line. Furthermore. because of the high alloying content of such tiller 

materials. they tend to be expensive. 

A more suitable approach from both a metallurgical and economical standpoint 

would be to develop a low nickel matching ferritic tiller. whose strength and physical 

properties would be more compatible with the base metals. Unfortunately. early 

attempts [20] to weld quench-and-tempered (QT) 9Ni steel with matching ferritic con­

sumables combined with gas-metal arc welding (GMAW) process resulted in cracked 

welds with very poor toughness at low temperatures. 

A more promising approach was developed in joint research between the Japanese 

steel companies. Nippon Kokan K.K. and Kobe steel [21]. who showed that QT 9Ni steel 

may be welded for 77K service with a matching ferritic filler if a multi-pass gas­

tungsten arc welding (GTAW) process is employed. The GTAW process provides a rela-

tively clean weld deposit and permits a largely independent control of the heat input 
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and deposition rate. In the controlled GTAW process, subsequent weld passes may be 

made to impose thermal cycles on the solidified material, hence refining the structures 

of the weld deposit and preserving a refined microstructure in the heat-affected zone 

(HAZ). This process is now used commercially in Japan in the manufacture of liquid 

natural gas (LNG) tanks [22]. Exploratory work at the NASA Lewis Research Center [23] 

showed that the GTAW process could also be used for autogenous welding of Fe-12Ni­

O.25Ti and two other similar alloys, and reported that it produces a sound weldment 

with good toughness at 17K. 

The microstructural constraints which must be satisfied to achieve good toughness 

at 4K are much more stringent than those required for toughness at 77K. Nonetheless, 

the metallurgical approach of the multi-pass GTAW process as a means of controlling 

the microstructure of the weldment together with the success which has already been 

achieved at 77K suggest that this process may be successful for joining ferritic cryo-

genic steels for 4K service. 

The microstructural problem in welded 9Ni steel is superficially more difficult than 

in the 12Ni alloy since the 9Ni steel base plate has good 4K properties only when it is 

given a final intercritical tempering to introduce a distribution of stable austenite 

phase into the grain-refined structure. Therefore, the retention of retained austenite 

phase near the fusion line and in the heat-affected zone may be important to 4K tough-

ness of the 9Ni welded joint. However, there have been conflicting results reported in 

the literature [24,25] as to the effect of thermal cycling on the presence of retained 

austenite. Hence, the present work has paid particular attention to the infiuence of 

weld thermal cycles on the microstructural changes and to identify the microstruc-

tural ,features controlling low temperature toughness. To isolate the fusion zone 

effects from HAZ properties, specimens were heat treated to simulate HAZ conditions. 

Based on the simulated results, it was also attempted to establish the optimum welding 

conditions for a better microstructure and properties. 

• '., 



CHAPTERD 

EXPERI1IENTAL PROCED~ 

A lIaterial Preparation and Welding Procedures. 

1. Base Plates. 

7 

The compositions of 9 and 12Ni alloy used in this research are given in Table 

1. The 9Ni steel was a commercial grade provided by Nippon Kokan. K.K. contain­

ing about 0.06% carbon. The material was received in the form of 24.5mm (1.0 

inch) thick plates in the quench-and-temper (QT) condition. The 12Ni alloy of 

nominal composition Fe-12Ni-0.25Ti was cast in the laboratory after vacuum 

induction melting from pure starting materials. It was cast as a 25 lb (9.425 Kg) 

ingot. homogeniZed at 1200°C for 24 hours under inert atmosphere. and then 

upset cross-forged at 1l00°C into plates of 7-inch width and 0.6-inch thickness 
/ 

(175x15mm) . 

Both the 9Ni and 12Ni base plates were annealed at. 900"C for 2 hours to 

remove the effects of prior deformation and thermal treatment. and then given 

the 2BT and 2B heat treatments (diagrammed in Fig. 1) respectively. After full 

heat treatment. these plates were machined into the weld joint configurations 

described in section A-3. 

2. Mer Metals and Wire Fabrication. 

The compositions of two tiller metals (designated Filler A and B) used in this 

research are given in Table 1. They have a slightly higher nickel content (14%) 

than the base plates plus intentional additions of other alloying elements such 

as silicon and manganese in filler A and boron in filler B. Both filler metals were 

cast into 5 Ib(9.25 Kg) 1 in (25 mm) diameter ingots. After homogenization at 

1200"C for 24 hours the ingots were hot rolled into 5/16 in (7.9 mm) square bars 

at a starting temperature of 1l00"C. then hot-swaged to 112 in (6.4 mm) 

.~.... .~ 

''.r. :.."j 
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diameter round bars and surface ground to remove any oxides. The ground bars 

were cold-swaged to 1/16 or 3/32 in (1.59 or 2.36 mm) diameter bars, which 

'Were used as the fUler rod for the manual GTA welding process. During the cold 

swaging process, the wire surface 'Was cleaned repeatedly by hand grinding with 

320 and 160 grit emery paper followed by degreasing with acetone and ethyl 

alcohol. 

3. Welding Procedures. 

The plates to be welded were machined into one of the two joint 

configurations diagrammed in Fig. 2; a 450 single bevel or a 600 single V or a 

60 double-V groove. The plates were welded with a manual multi-pass GTAW 

procedure using one of the two sets of welding conditions tabulated in Table II. 

In order to prevent excessive oxidation of the root pass, a copper back-up plate 

with a machined V-groove was clamped under the plates to be welded allowing 

the joint to be continually purged with a 10070 argon gas backup during the root 

pass. After the root pass, the back-up plate was removed and the plates were 

fully-restrained using C-clamps to prevent distortion during welding. The max-

imum interpass temperature was maintained below 100GC and no preheat was 

employed. Cleaning between passes was restricted to wire brushing followed by. 

ethyl alcohol and acetone rinse unless visible defects, which required grinding, 

were evident. No post-weld heat treatments were performed on the weldments. 

Completing the single V-joint in an 0.6 in (15 mm) plate require ~35 passes at a 

heat input of 0.7 kJ/mm versus 12 passes at a heat input of 1. 7 kJ Imm. The 

completed welded joint was examined non-destructively by x-ray radiography 

using a voltage of 250 kVand a 10 rnA current. No Significant defects were found 

in any of the weld joints made in this study. Bead-on-plate welds were also made 

under a variety of conditions to study weld solidification characteristics and fer­

ritic weld structures. For the same purpose, a single-pass Electron Beam (EB) 
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welded 12Ni specimen with weld conditions of 80 kVand 50 mA was analyzed in 

this study. 

B. Weld Thermal Cycle 9..mulation. 

Single and multiple thermal cycling studies were conducted to gain insight 

into the response of the base metals to the rapid heating and cooling cycles 

encountered during weldi.ng. The thermal cycles were imposed on slighUy over­

BizedCharpy impact specimens in an induction 1m-Dace. The sample was 

suspended in the center of a 38 mm diameter quartz tube sm-rounded by the 

induction coil. This coil was connected to a 30 kW RF' (radio frequency) genera­

tor. The samples were heated at 20 kW by setting the power level if the peak 

temperatures were over 1200°C or by changing the power level to keep a con­

stant heating rate for the lower peak temperature cycles. With a current level 

setting of 120 mAo sample heating rates of 120°C/sec from room temperature to 

1t1700°C and 30°C/sec in the higher temperatm-e ranges were obtained. The typi­

cal temperature protile up to 1300°C is shown in Fig. 3 .. The dramatic decrease 

in heating rate that occm-red at the transformation temperature range (As) 

seems to be due to the sudden change in phase from bcc to fcc through the 

reverse martensitic transformation. Since it was not possible to keep the con­

stant heating rate beyond the transformation temperature by electronic con­

trol. it was performed manually by changing the power level. To be able to read 

the exact peak temperature. lower heating rates of 27°C/sec were employed for 

all the cycles except 1200°C and higher temperature cycles. For cycles having a 

peak temperatm-e lower than 1200°C. the temperature was monitored by a 

chromel-alumel thermocouple spot-welded on the specimen surface and then 

connected both to a chart recorder and to a digital indicator. For cycles having 

peak temperatm-e higher than 1200°C. an optical pyrometer was used. Once the 

selected peak temperature had been reached the sample was dropped into a 
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quenching bath of either water or oil. The cycled specimens were machined into 

standard-sized Cbarpy V-notch specimens and tested at 17K in accordance with 

ASTM 23-72 [26]. 

C. X-ray Di1fraction Analysis. 

X-ray diffraction analysis was performed to identify the austenite phase and 

to determine the volume fraction of retained austenite in specimens quenched 

in liquid nitrogen bath (17K) for 30 minutes. In order to measure the variation 

of austenite content across the HAZ, the welded specimens were sliced parallel 

to the fusion boundary (as shown in the insert to Fig. 32) and mounted in Kold­

mount. These specimens were ground on successive emery papers up to 600 

grade and then chemically polished ina solution containing 3 ml HF + 100 ml 

H 20 2 for about 10 minutes in order to remove any deformed surface where 

mechanically-induced transformation of the austenite phase may have occurred. 

After these treatments, the specimens were scanned with a Picker x-ray 

diffractometer using OuKa radiation. The distribution of austenite across the 

HAZ was found by sequential grinding and chemical polishing. 

X-ray analysis was also done on the heat-cycled specimens which have also 

been used for optical examination. These specimens were cut from broken 

Charpy specimens along a transverse direction and then mounted in Koldmount. 

After optical examination. these specimens were chemically repolished and 

scanned as described above. 

The calculation of the volume fraction of precipitated austenite was based 

on Miller's method [27], comparing average integrated intensities of the (220) 

and the (311) austenite peaks to that of the (211) martensite peak. No correc­

tion was made to take into account the preferred grain orientation which might 

develop during rolling. Therefore. there would be an error, about ± 1 pct., in 

absolute value of the retained austenite phase investigated in this research. 
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D. lIechanical Tests. 

The mechanical tests conducted included hardness, uniaxial tensile, Charpy 

impact and fracture toughness tests. To prepare test specimens. the welded 

plates were sliced perpendicular to the joint and etched with 10% nital·or 3 ml 

HF + 100 ml HzOz solutions which was useful to reveal the weld location on the 

sliced surface. The specimens were then machined and a notch made at a 

specitled location and orientation with respect to the welded joint. 

1. Hardness TeaL 

A Leitz Miniload Hardness Tester with a 200 gm. load and a diamond 

pyramid indentor to register Vickers hardness was used to continuously scan 

across the various weldments at a level of 1/2 t (t=joint thiclmess). The 

Rockwell hardness was also measured using a Wilson Rockwell hardness tester. 

The Rockwell B or C scale was used with an escape time of 15 seconds taken as 

standard. 

2. Tensile Test. 

The uniaxial tensile tests employed subsized specimens of 0.5 in (1.27 cm) 

gage length and 0.125 in (0.3 cm) gage diameters (Fig. 4), which were machined 

so that the gage length included base metal, HAZ material, and weld metal. Test-

ing at 77K was done in an Instron machine equipped with a liquid nitrogen Dewar 

at a crosshead speed of 0.05 cm/min. The yield strength was calculated by the 

0.2% offset method and the total elongation was determined by measuring the 

difference in distance between gage length marking before and after testing. 

The elongation and reduction in area were measured to within an accuracy of 

+-O.Olmm with a traveling microscope. 

.; 
J< 
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3. Clarpy Impact TeaL 

Standard-sized Charpy V-notch specimens were machined from the base 

plates and the weldments as shown in Fig. 5. The notches in the base plate and 

HAZ-simulated specimens were machined perpendicular to the rolling direction 

of the plate. Charpy impact specimens intended to test the HAZ and fusion line 

toughness were notched parallel to the welding direction. Weld metal specimens 

were prepared both with the notch parallel to the welding direction and with the 

notch parallel to the weld axis as shown in Fig. 31-

Charpy impact tests at 300K (room temperature). 77K (liquid nitrogen tem­

perature) were performed according to ASTM specifications [27]. The impact 

tests at 4-5K (liquid helium temperature) used slightly short Charpy impact 

specimens. 51 mm in length. which were enclosed in insulation styrofoam boxes 

and bathed in liquid helium until struck by the impact hammer. 

The styrofoam box configuration is a slight modification of the 'lucite box' 

previously used by Jin et al. (28]. A rectangular styrofoam block of dimensions 

12 x 24 x 51 mm was cut and hollowed out to house the Charpy specimens as 

shown in Fig. 6. Two holes were made on the top surface for liquid helium Bow. 

After inserting the specimen a styrofoam cover was glued onto the open face. 

The whole assembly was then wrapped with scotch tape for easy handling. The 

testing procedure was identical to that reported in reference [28]. Typical 

temperature-time curves obtained on transferring liquid nitrogen and liquid 

helium as shown in Fig. 7. The cooling rates down to 4.2K are almost the same as 

reported previously [28] even with the simple geometry. 

4. Fracture Toughness Test. 

Fracture toughness measurements were made on three types of specimens: 

pre-cracked Charpy specimens tested in three-pOint bending, compact tension 

l'1 
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specimens according to ASTM specification [30]. and modified comp~ct tension 

specimens for JIC test. All the dimensions of these specimens are shown in Fig. 

B. For the three-point bend tests. as shown in Fig. Ba. the Charpy specimens 

were given a O.OOB inch (0.2 mm) wide saw cut of about 1 mm depth at the root 

of the Charpy V-notch in order to mjnjmjze the deviation of the fatigue pre.­

crack from the desired location. Mter fatigue pre-cracking to initial crack 

length to specimen width (a/w) of 11::10.5. these specimens were tested in a three­

point bending fixture immersed in a liquid nitrogen bath at a cross-head speed 

of 0.06 mm/min in a 300K-Ib. (L6X1~kG) capacity MTS Universal Testing 

machine equipped with a cryostat. The "compact tension" fracture toughness 

specimens were 13 mm (0.51 in) in thickness and were fatigue pre-cracked to a 

crack length ratio (a/w) of 11::10.5 in accordance with ASTM E-399 [29]. These 

specimens were broken at 17K under immersion in liquid nitrogen at a cross-

head speed of 0.06 mm/min. The compact tension specimens were also tested 

at liquid helium temperature (4.2K) again using a styrofoam box modification of 

the lucite box technique reported previously [B]. Space for the compact tension 

specimen was hollowed out of a 25 mm. thick styrofoam block and grooves were 

made on the inside surfaces to facilitate helium trow. The specimen assembly 

was wrapped and inlet holes were provided for liquid helium as described in ref [ 8 

]. The temperature during the sample cooling and testing was monitored by a 

Au + 0.07Fe-Chromel thermocouple embedded in the sample near the crack tip. 

The fracture toughness test was conducted after the sample temperature had 

stabilized near 4K. 

None of the specimens tested with the above two types of geometry met 

ASTM requirements for small scale yielding (the plastic zone size is merely a 

small perturbation in the linear plastiC field). However. the recent development 

in elastic-plastic fracture theories. Le .. the J-integral concept [30.31]. crack tip 
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opening cnsplacement(CTOD) approach [32]. and equivalent energy approach 

[33.34] allow the evaluation of fracture toughness from non-linear load­

displacement curves. The plain strain toughness values. denoted KIdE). of the 

three-point bend and compact tension specimens were estimated from the 

"equivalent energy" criterion. The relevant equations are 

.KJ (E) = P,S ,l!L - fA; 
Ie !. 'W) V A: 

B W2 2 

.. (1) 

for three-point bend specimens and 

p 1.. a.fA1 
lGc(E) = 1fw 2f{ ~J t!: (2) 

for compact tension specimens. where a. W. B and fi!are respectively the crack 

length, specimen width. thickness and span length. Pq is the maximum load on 

the linear portion of the load-:-displacement curve. f(a/w) is the geometric shape 

factor [29] and Al and A2 are the areas under the load-displacement curve up to 

the maximum load and the load P". The fracture toughness values. RidE). given 

in the following are the averages of two or more test results. The equivalent 

energy concept. however. is quite empirical in nature because it lacks informa-

tion about crack initiation. 

The equivalent energy results. Ric(E). obtained by the above equations only 

serve as a useful guide to expected toughness so that the J-integral test. which 

was developed on the sound basis of elastic-plastic fracture mechanics. is to be 

preferred for the precise evaluation of the materials. The J-integral test has the 

advantage of being applicable to smaller specimens (up to 100 times smaller) 

and tougher materials than the plane strain fracture test (Ric test). A disadvan­

tage of J-integral technique has been its experimental difficulties and its high 

cost for the large number of specimens. Recently developed single specimen J­

integral tests eliminated the multiple-specimen requirement through a compli-

ance measurement technique useful even at low temperature. 

I~ 
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In this research. the modified compact tension specimens (Fig. Bc) were 

tested in accordance with the J-integral procedures described elsewhere [3]. 

Each specimen is loaded to a certain amount of displacement and then partly 

unloaded, about 10 percent, with the unloading slope giving an instantaneous 

measurement of crack length. Aa., through the compliance calculation [35]. A 

series of unloadings at various load levels recorded in amplified scale on the , 

other recorder will reflect the beginning of crack advance and also the amount 

of crack extension (Aa.). The J-integral value at the certain amount of crack 

extension is calculated using the following equation: 

J = ~/(" L) 
B b 7" (3) 

where A equals the area under load, load-point displacement curve up to the 

unloading point. 

Band Ware the same as in equations 1 and 2. 

b equals initial uncracked ligament. W -av . 

CIg equals original crack size, including fatigue precrack. 

f ( ~ ) equals a dimensionless coefficient value that corrects for the tensile 

component of loading. Values are given in ref. [37]. For a given test. a curve of J 

vs. /::.a. is constructed. which is called a R-curve. On the same graph. the blunting 

line defined by equation (4) is drawn: 

(4) 

where al ::: (ava + a!n'S)/2. ava = 0.270 offset yield strength. and ar.ns = ultimate 

tensile strength. The intersection of the J-/::.a. plot (R-curve) and blunting line is 

defined as Jle. the value of J at the onset of crack extension in plane strain. 

Apparent crack extension at /::.a. values less than J 12a I is attributed to deforma­

tion at the crack tip instead of material separation. Begley and Landes [31] 

have proposed that the plane strain fracture toughness. ~e. is related to Jle as 
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follows: 

(5) 

where E is Young's modulus and v is Poisson's ratio. The values of E and vat T7 

and 4.2K were estimated as 29x1OS psi (200 GPa) and 0.3 respectively based on 

the reference [37]. 

The 77K tests were conducted in the MTS machine and 4.2K tests in a 50K-lb 

capacity .Instron machine (Model No. 1332) equipped with liquid helium cryostat. 

E. Microscopy. 

1. Optical Microscopy. 

Specimens for optical microscopy were cut from the weldment or from bra-

ken Charpy bars to reveal the microstructure below the fracture surface. The 

samples were mounted in Koldmount and ground on successive emery papers up 

to 600 grade under water-tiood cooling. Polishing was done on 6IJ.fn and 1IJ.fn 

diamond paste wheels. 

Polished sections were examined after etching with one of two reagents: a 

570 nital solution, which reveals the solidification structure, and an acidified 

FeQ. s solution, 200 ml HCl + 200 ml H20 + 20 gr Feas. which brings out the 

columnar grain structure and details of the transformation structure. The 

microstructures were examined with a Carl Zeiss metallograph. 

2. Scanning Electron Microscopy (SEM) and Energy Dispersive Analysis of X-

rays (EOAX). 

Fracture surfaces of tested specimens were examined with an AMR 1000 

scanning electron microscope operated at 20 kV. An energy dispersive analysis 

of x-rays (EDAX) spectrometer unit attached to the microscope permitted semi-

quantitative chemical analysis of precipitates within dimples on the fracture 

,e. 
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surfaces. 

Brittle fracture surfaces, i.e., either intergranular or transgranular 

cleavage, which were induced by impact loading the single bead weldment at 

77K, were examined before and after etching in such a manner to obtain the 

analytical features of weld solidification structure on the fracture surfaces. The 

etching with 5% Nita! solution for 5 minutes was able to reveal the cellular sub­

structure on either cleavage facets or intergranular surfaces of columnar 

grains. In addition. etch pits were developed on the brittle cleavage plane by 

dipping the fracture surface in the several solutions successively as reported in 

ref. [38]. Through the examination of these etch pits under SEM. it was possible 

to determine the orientation of the cellular structure. 

3. Transmission Electron Jlicroscopy (TEll). 

Most of the TEM studies were done on weld-simulated 9Ni steel. Thin slices 

of about 0.25 mm thick were cut from broken Charpy specimens tested at 17K. 

The sliced specimens were mechanically and then chemically thinned to abo.ut 

0.1 mm in a solution of 3 ml HF + 100 ml H 202. Three mm discs were spark cut 

at the mid-section of these slices and sanded down to 0.002 in (0.05mm.) in 

thickness. These thin foils were ~y electropolished in a twin jet electropol­

ishing apparatus using a solution of 400 ml CHsCOOH. 75 g eros. and 21 ml H 20. 

The polishing voltage varied from 20 to 25 volts. Specimens so obtained were 

examined in a Phillips EM 301 electron microscopy at an operating voltage of 

100 kY. 

4. Auger Electron Spectroscopy (AES). 

A PHI 590A scanning Auger microprobe with a minimum spot size of 0.3J.LlIl 

was used to analyze the low atomic number elements contained in weld metal 

inclusions. The specimens were broken at near 77K in a vacuum chamber main-
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tamed in the 10-10 torr range. Then the particles inside the dimple were 

analyzed at the operating voltage of SkY. Chemical information was plotted in 

the form of the first derivative of the number of counts. N. per electron energy. 

E. (dN/dE) versus electron binding energy (eV). Peaks were correlated with 

their corresponding chemical elements using the ref [39]. 

." 
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A variety of test weldments were made on the 12Ni plates at heat inputs ranging 

from 0.7 kJ Imm to 7 kJ Imm. These had essentially similar microstructures, which 

consisted of colwnnar grains made up of bundles of solidification cells apparently grow­

ing in the same direction (later it will be proven to be the <100> direction in austen­

ite.) The cellular solidification substructure is revealed by a nital etch as shown in Fig. 

9-a. No dendritic structures were observed in the heat input range studied in tbis 

research. The columnar grains revealed by chloride etching solution are shown in Fig. 

9-b. As observed by other investigators [40-42], they appear to grow epitaxially (From 

the Greek "taxi" - to arrange and "epi" - upon.) from half-melted coarsened grains 

along the fusion line. It is noted that the grain boundaries are continuous across the 

fusion line and that no boundary is created across the grains at the fusion line. This 

metallograpbic eVidence of epitaxial growth has been supported conclusively by micro­

beam x-ray diffraction studies [42] which showed the crystallographic orientation of 

each grain to be continuous across weld fusion boundary. The average lateral dimen­

sion of columnar grains tends to increase with increasing heat input (Fig. 10) as 

reported by Matsuda et al. [42]. 

An examination of partially overlapped bead-on-plate weld passes (Fig. 10) shows 

that the solidification structure is hardly affected by the subsequent passes but the 

columnar grains are destroyed. The result is a fine equiaxed grain structure even at 

the fusion boUndaries. it represents the columnar grains or coarsened HAZ grains 

formed during the earlier pass did not coarsen further at the fusion boundaries of a 
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later pass. 

High melting point inclusions, such as oxides, were not found in the optical exami­

nations. However, small spherical inclusions, possibly titanium oxide particles were . 
often found in the TEM studies of full-thickness welds. These oxide inclusions will be 

proved to be the dominant void nucleation sites in a later section. 

2. Solidification Structures on Fracture Surfaces. 

As described in optical examinations, the solidification microstructure of 12Nl 

alloy bas two features, i.e., columnar grain structure and cellular soliditication sub-

structure. In this study, it was possible to reveal those two features on the brittle frac-

ture surfaces. Figure ll-a is the SEM fractograph which shows the individual columnar 

grains on the fracture surface. This specimen was prepared from the 'bead-on-plate' 

weld with heat input of 7 kJ Imm with a saw-cut made towards the weld bead up to the 

grain-coarsened HAZ as shown in Fig. ll-b. By impact loading at 77K, the fracture 

mode changed from transgranular cleavage in the HAZ to intergranular in the weld 

metal. The metallurgical sources of inter granular brittleness in weld metal have not 

been studied but it makes possible the assessment of the growth mechanism of colum­

nar grains during weld solidification. As shown in Fig. ll-a, the columnar grain grown 

from HAZ grains continue to grow toward the center of the weld metal until their 

growth was restricted by other elongated grains grown horizontally along the the weld­

ing direction. This kind of growlh pattern has been reported [43,44] to be developed 

when the weld pool has an elliptical shape which tends to minimize alloy segregation at 

the weld centerline. The dissipation of the latent heat of fusion liberated at the moving 

solid-liquid interface exerts a major influence on the shape of weld pool. Since the 

instantaneous rate of liberation of latent heat is directly proportional to the rate of 

growth of the solid, the maximum rate occurs at the centerline of the weld pool. 

Therefore, above some critical welding velocity, the shape of weld pool changes from 

elliptical to tear drop. In the case of the tear drop shape, since all the columnar grains 

-
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terminate their growth at the centerline of the weld pool. the central region has the 

highest alloying content (With positive segregation) and becomes the weakest point in 

the weldment. In the present study. no tear drop shaped weld pools were observed in 

the 'bead-on-plate' welds with welding speeds ranging from 3 to 15 mm/sec and with 

various heat input levels up to 7 kJ Imm. 

Etching the fracture surface with 5% Nital solution reveals the cellular patterns on 

the surface of each columnar grain as shown in Figs. ll-d and 12. All the cell boun-

daries are exclusively straight regardless of the curvature of the columnar grains 

which have grown following the direction of maximum thermal gradient at the liquid­

solid interface. A typical example of the straight growth of cells is shown in grain 'a' in 

Fig. 12-a. The grain consists of a bundle of cells which have nucleated on the one side 

of the grain. grown straight across the grain and terminated on the other side. 

Another growth pattern is shown in grains 'b' and 'c' in Fig. 12. These grains consist of 

a couple of bundles and each of them are growing in different directions. 1bis kind of 

pattern has not been reported previously in the literature. 

On the other hand, the cellular pattern revealed on the cleavage facets are either 

the long axis of cells or roughly hexagonal cross sections as shown in Fig. 13. This 

specimen was taken from the fully penetrated electron beam (EB) welded 12Ni plate 

fractured at 17K. As shown in Fig. 13. the long axis of the cells are always perpendicu-

lar to a set of cleavage planes and parallel to the other set of planes. Considering that 

the HOO~ plane is the dominant cleavage plane of body-centered cubic (bcc) crystals 

[45-47], particularly at low temperature [48]. the long axis of the cells seem to be 

parallel to <100> direction of the bcc martensite phase. 

In order to obtain a direct observation of cell orientation. etch pits were developed 

on the HOO~ cleavage facets. During the SEM observations of etch pits, it was 

confirmed that the cell axis is parallel to not only <100> but also the <110> direction 

of martensite. For example. the SEM picture in Fig. 14 shows that cell axis is almost 
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parallel to the diagonal direction of square-shaped etch pits, which have been reported 

to be developed on the UOOJ plane of martensite [38]. The diagonal direction was 

analyzed to be the <110> direction of martensite as shown in Fig. 14. Consequently it 

Is demonstrated that the cell direction is parallel to the <110> direction of martensite 

as well as <100> direction. 

3. Preferred Growth Orientation of Cell Structure. 

The occurrence of a preferred orientation in the columnar zone of castings is well 

known after the extensive rese_arch done by Walton et at. [49]. They reported that it 

has been attributed to the preferred growth direction of dendritic structures in the 

cast. And they summarized all the published data and demonstrated that the <100> 

crystallographic orientation is the preferred growth direction of dendritic structures in 

bcc or fcc alloys. The <100> preferred orientation was also derived in the cellular 

structure of Pb-Ag alloy by Rosenberg et al. [50]. Later, the <100> orientation hasgen­

erally adopted [40], as the preferred growth direction of cell structures even in the 

weld solidification considering the same solidification principles in the weld deposit as 

in castings. 

The result in the preVious section showed that the cell boundaries are parallel to 

either <100> or <110> direction of bcc martensite. These two orientations can be 

traced back to their original orientation in the austenite phase through the orientation 

relationship between austenite and martensite. According to well known orientation 

relationships [51], Viz Bain, Kurdjumov-Sachs (K-S) , and Nishiyama-Wasserman (N-W) 

relations, the nearest common index directions of austenite from <100> and <110> of 

martensite is <100> direction. Consequently, it can be concluded that the cell axis 

(ceU growth direction) is parallel to <100> orientation of austenite. The present result 

on preferred orientation of cellular structure in weld metal is in good agreement with 

Rosenberg's work in Ag-Pb cast structure [50]. However, the technique used in this 

study is very simple, Le., etching the brittle fracture surfaces andlor analyzing the cell 
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direction by the etch-pit technique. Therefore this method seems to be useful for 

analyzing the brittle fracture surface with respect to solidification aspects. It should 

be noted here that the cell growth direction is determined by the crystallographic 

orientation of columnar grains but the growth of columnar grains are affected by the 

temperature gradient at the solid-liquid interface, i.e., by weld pool shape . 

B. Weld Cycle SUnulatioD.. 

As a result of overlapped 'bead-on-plate' welds, the subsequent passes were found 

to be very etJective in destroying the large columnar grains and also the coarsened 

HAZ grains. However, it was not possible to evaluate the toughness improvement only 

with the microstructural examination. In order to obtain a better understanding of the 

various structural changes in HAZ as a result of multipass thermal cycling and their 

effect on the mechanical properties, particularly on cryogenic toughness, various simu­

lation studies on 12Ni and 9Ni steels were conducted as described in Section II-B. 

1. Fe-12Ni-Q.25Ti Alloy. 

Thermal cycling studies c.onducted on 12Ni alloy were performed with mainly sin­

gle cycle thermal treatment on one of two starting conditions. The two starting condi­

tions are the as-annealed condition, which was used as a crude representation of the 

initial condition of the weld deposit and the "2B" condition. which represented the ini­

tial state of the heat-atJected zone. 

Regardless of the peak temperature. number of cycles. and starting conditions. 

none of the specimens tested contained the retained austenite phase. even at room 

temperature. Moreover. their hardness values kept constant at around 98 on the RB 

scale. 

As-annealed Condition. Figure 15 shows the microstructure changes and Fig. 16 

the change in impact energy when as-annealed 12Ni specimens are given rapid thermal 

cycles. The original as-annealed structure. Fig. 15-a. has about a 60).Lm. grain size and 
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fractures in a cleavage mode with an impact energy of tui.g 10 ft-lb (14 Joule) at 17K. 

The specimens reheated below the A. temperature (S7BDC) retained the original grain 

size. low toughness and brittle fracture mode. Cycling to near 800DC peak temperature 

destroys the original structure and creates non-uniform irregular grains (Fig. 1&<:). 

The grain size here varies from 10 to 50~m.. The impact toughness is dramatically 

improved. to 'Wig 150 ft-Ib (210 Joule) as shown in Fig. lS. and a dimple-rupture type 

fracture mode is established. When the cycle reaches a peak temperature > 1200DC. 

however. graingrowtb takes place (Fig. 15-d) and leads to low toughness in a britUe 

mode. It is interesting to note the wide range of peak temperatures over which the 

toughness is improved. in contrast to the narrow range for conventional heat treat­

ment. as found by Yokota. et al. [52] for the Fe-12Ni-0.5Ti alloy. 

"2B" Condition.. The results of the single cycle HAZ simulation done on the 2B 

heat-treated specimens are shown in Figs. 17 and lB. The microstructures presented 

in Fig. 17 document that fine grain size is retained until the peak temperature reaches 

about lOOODC but severe grain growth takes place above 1200DC. 

The Charpy impact energy is improved for peak temperature in the range 700-

llOODC. as shown in Fig. 18. and is about 50 ft-Ib (70 Joule) higher in the case of the 

700DC cycle. The microstructural source of this improvement is not yet clear. but a 

similar behavior was found in the real HAZ Charpy impact test. as described in the next 

section. For cycle temperatures between BOODC and 1l00DC. the toughness reached a 

plateau at a level slightly higher than that of lhe initial 2B condition. Cycle tempera­

tures higher than 1100DC induced significant grain growth (Fig. 17) and resultant low 

loughness by an upward shifl of the ducWe-lo-brilUe lransition lemperature afler 

cycle. The original high toughness. however. can be recovered with a second thermal 

cycle at 800c e by accompanied grain refinement. In contrast. the toughness values 

shown in Fig. 1B are little affected by second tempering cycles at or below sooDe. This 

indicates that only the austenitizing cycle (T>A, temp) is effective in improving the 
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toughness of grain-coarsened HAZ in 12Ni welded joints. The main source of this 

improvement appears to be the grain refinement through the a ~"}'~a cycle resulting in 

a decrease of DB'IT to below the testing temperature (77K). 

2. 9Ni SteeL 

Thermal cycling studies on 970Ni steel were conducted by applying single or multi­

ple thermal cycles on the 2BT-treated specimens that contained about 12-1470 retained 

austenite in a ferrite matrix. A previous study [24] on the QT 970Ni steel reported that 

significant amounts of austenite were retained after thermal cycling and that a good 

correlation existed between volume fracture of austenite in the simulated HAZ speci­

mens and the 17K impact toughness levels. However, Kim. et al. [25] recently reported 

the retained austenite phase was completely removed after rapid austenitizing cycles 

on the QT-treated 6 and 970 Ni steel resulting in a Significant drop in upper shelf energy. 

Both reports are in good agreement on the beneficial effect of retained austenite on 

cryogenic properties but the presence of retained austenite after austenitizing cycles 

is in gross disagreement between these two. Therefore, the study in this section is 

aimed at providing direct evidence on the existence or absence of retained austenite 

phase in the cycled specimen and at establishing systematic microstructural changes 

during multicycle treatments imposed on HAZ. 

smgle Cycle. The retained austenite content, the 77K Charpy impact toughness, 

and room temperature hardness are plotted in Fig. 19 as a function of peak tempera­

ture in a single thermal cycle. Peak temperatures below the As temperature (~630ac) 

caused no apparent change in the alloy; the 17K Charpy impact energy, hardness, and 

the fraction of retained austenite remained unchanged. Above 630aC the retained 

austenite content dropped precipitously, and no retained austenite was detected for 

peak temperatures above the AJ temperature (~715ac). The hardness curve also 

shows a sharp transition between these two temperatures (As and AJ ) from low hard­

ness (Rc 18) to a high value (Rc 34). The transition in hardness indicates tensile 
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property changes in the specimen cycled to above the A. temperature. Kim et al. [26] 

reported that the yield and ultimate tensile strengths of rapidly austenitized (up­

quenched) Fe-6Ni steel after QLT treatment are nearly tWice as high as those in the QLT 

treated condition. The increase in hardness and strength seems to be due to the car­

bon dissolVing into solution in the martensite since no austenite. which is a carbon-rich 

phase. is present in these specimens. The absence of retained austenite was also 

confirmed by direct TEM observations. Figure 20 shows the transmission electron 

micrographs of 2BT-treated 970Ni steel. As shown in this micrograph. the 2BT-treated 

base metal consists of retained austenite and well developed polygonized ferrite cell 

structure. X-ray ditfraction of this specimen revealed that about 13 percent of 

retained austenite was present at 77K. The austenite islands are typically of submicron 

size. elongated shape. and are preCipitated mostly along the cell boundaries or packet 

boundaries. Figure 21 shows a corresponding transmission electron micrograph of a 

specimen cycled to 750"C which is slightly higher than AJ temperature. This specimen 

has a highly dislocated lath martensite structure and very clean boundaries. As shown 

in its selected area diffraction pattern (Fig. 21-b) retained austenite was not detected 

at all in this specimen. It demonstrates the absence of retained austenite after single 

cycle over AJ temperature and support the indirect result of x-ray difiraction analysis. 

The specimens cycled to between A. andAJ temperatures lose part of their 

retained austenite accompanied by the deterioration of 77K impact toughness. Eventu­

ally. 77K impact toughness reaches ~65 ft-lb (BB joules) at 730"C which was preserved 

until the peak temperature exceeded 1000"C. While the impact toughness was relatively 

low over the range 715-1000"C. the fracture mode was ductile rupture. shoWing that the 

ductile-lo-brittle transition temperature remained below 17K. Above 1000"C grain 

growth was observed. Peak temperatures above 1200"C led to large prior austenite 

grain sizes (up to 400 J.Lm Fig. 23-b) resulting in very low toughness. 17 ft-Ib (23 Joule). 

in a brittle fracture mode (Fig. 24-a): the ductile-to-brittle transition temperature was 

-: 
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raised above 77K. 

These results suggest that the destruction of the 2BT structure on rapid cycling 

occurs in two steps. For peak temperatures in the range 650-715DC the precipitated 

austenite disappears causing a decrease in upper shelf toughness and an increase in 

hardness while preserving a tine ·etJective grain size and a low ductile-ta-brittle transi­

tion temperature. The tine substructure begins to be destroyed at peak temperatures 

above 1000DC, causing a further loss in toughness due to an increase in the transition 

temperature. 

Multiple Cycles. In order to simulate the microstructure in the heat-affected zone 

near the fusion line of a multi-pass 'Weldment, specimens which had been rapidly cycled 

to 1200aC were given additional thermal cycles to lower peak temperatures. The multi­

ple cycling treatments were selected on the basis of work done by Tamura, et al. [24] 

on quench-and-tempered 9Ni steel. and are shown on the x-axis of Fig. 22. The y-axis 

plots the 77K eharpy values, content of the retained austenite and hardness values as a 

function of the heat treatment. It also shows that no retained austenite was detected 

in any of the thermally-cycled specimens. The highest impact value was obtained in 

the specimens cycled to BOODe followed by a 600De cycle. The first addition of BOOoe 

cycle raises the impact toughness .from 17 ft-Ib (23 joule) to ~70 ft-Ib (95 joule) and the 

subsequent 600Ge cycle raises it further to 150 ft-Ib (203 joules). The microstructure 

and SEM fractograph of each condition are shown in Figs. 23 and 24 respectively. The 

dominant microstructural change wrought by the BOOGe cycle is a refinement of 

effective grain size (Fig. 23-c). This results in suppression of the DBIT to below 17K and 

a toughness level almost the same as that of 2BT-treated specimens cycled over the AJ 

temperature (Fig. 19). The dramatic improvement in toughness after the BOOGe cycle 

contrasts with the negligible effect of a 600Ge cycle imposed directly on a sample which 

had not experienced the intermediate BOOGe treatment. Even with the significant 

improvement in the triple-cycled (1200 + BOO + 600(dee) specimen, the optical pic-
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tures shown in Fig. 23-d give little information about the microstructural source of this 

improvement. 

The only noticeable ditJerence between double- and triple-cycled specimens is that 

the grain or packet boundaries are revealed clearly only in 600°C cycle specimens. The 

packet size measured in the triple cycled specimen was about 5 pm. so it is also ,.-

expected to be the size of packets in double (1200DC, BOOOe) cycled specimens. The 

fact that packet or grain boundaries are revealed in the 600De cycled specimen but not 

in the BOCDC cycled specimens indicates assorted microstructural change favored along 

the boundaries take place during the last 600De cycle. 

In order to investigate the details of microstructural change and source of tough­

ness improvement during the 6000 cycle, double and triple cycled specimens were stu­

died with transmission electron microscope. Figure 25 shows the typical TEM micro­

graphs of double cycled specimens. As shown in this micrograph, heavily dislocated 

martensite laths were grouped in parallel arrays but in two difierent orientations. i.e., 

[100] and [111]. The occurrence of two mixed orientations was reported [46] to be 

observed in the martensitic structure in a unit of group of laths rather than an isolated 

lath scale. No second phase such as austenite or cementite preCipitates were observed 

in this specimen. This suggests that the microstructural features of the BOODe cycled 

specimen are quite the same as that of the as-quenched condition except for the 

misorientation between laths within a packet. Upon addition of a tempering cycle to 

600oe, as shown in Fig. 26-a, a recovery reaction takes place to some extent and conse­

quently the lath boundaries become unclear compared with the micrograph shown in 

Fig. 25. It is also noted that cementite precipitates were formed discontinuously along 

the lath boundaries as shown in its dark field micrograph (Fig. 26-b). The cementite 

preCipitates were also observed along the packet and grain boundaries. Therefore. it 

was concluded that the development of boundaries in the etched 600D e cycled speci­

mens can be attributed to the cementite preCipitates formed along these boundaries. 
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Accordingly. the high level of hardness (Figs. 20 and 22) and low upper shelf toughness 

registered in the specimen cycled over AJ temperature are attributable to the super­

saturation of carbon in the martensite matrix. while the low hardness and high upper 

shelf toughness in the in the sooGe cycled specimen are due to the carbon gettering by 

cementite formation during the short tempering process. It is also worth noting that 

the lowest hardness was recorded in the 2BT-treated base metal where carbon is get-

tered into the soft austenite phase almost completely. This indicates that carbon 

gettering in the form of cementite precipitates during rapid tempering cycles may be 

less complete than in retained austenite after long time tempering treatments and/or 

that the cementite precipitates may act as the precipitation-hardening constituent. 

C. llicrostructure of Full Thickness lfeldment. 

1. Grain Refinement. 

Figure 27 shows the macro- and microstructures of a completed 12Ni weldment 

with a 0.7 kJ /mm heat input. The HAZ of each bead deposited reheats. recrystallizes 

and breaks up the original cast columnar microstructure (Fig. 27-a). Thus. the whole 

weldment is repeatedly transformed. refined. and possibly tempered during fabrica­

tion. While a few isolated islands of partially refined structure remain (Fig. 27-d). 

throughout the greater part of the weld volume both the coarsened HAZ and the large 

columnar grains are broken up to produce a fine-grained structure (Figs. 27-d and -e). 

A Similar grain refinement was attained with a 1.7 kJ Imm heat input. The grain size of 

the irregular grains is in the range 5-10 J.Lm in the well-refined regions. 

As in the case of grain-refined 12Ni steel. the multi-pass GTA weld of 9Ni steel was 

effectively grain refined in both the weld metal and heat-affected zone. While there 

were some islands of larger grain size at the root and final pass region which 

apparently represent a poor overlap of subsequent weld passes. a reasonably uniform 

grain size was obtained through the weld region. A full thickness view of the micros-

• j 
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tructure revealed in the single bevel joint of 9Ni steel is shown in Fig. 26. 

2. Retained AuStenite. 

Applying the method described in section II.C., the volume fraction of retained 

austenite is plotted as a function of distance from the fusion line as shown in the insert 

to Fig. 32. In agreement with the result [53] obtained earlier in welding of QT-9Ni steel 

with ferritic tiller metals, no austenite was detected within the ferritic weld deposits 

with either 9Ni or 12Ni base plates. However. the austenite profile throUgh the HAZ is 

expected to ditfer depending on the base plate since the 9Ni base material contains 

1470 austenite while 12Ni plate bas none. In the HAZ of 12Ni joint. formation of austen-

ite at the tempered region was expected but no austenite was detected throughout the 

welded joint. i.e., from weld metal to base metal. This indicates that weld thermal 

cycles in the tempering temperature range are not sufficient to form a stable austen-

ite. mainly due to the absence of holding time and the low diffusivity of nickel. Hwang 

et al. reported [54] that it took at least 30 min. of tempering at 550aC before a measur­

able amount of austenite (larger than one percent) was formed in 2B-treated 12Ni 

plate. It also supports the present result that the formation of austenite is not 

expected during a weld tempering cycle. 

But a 9Ni joint is quite different from a 12Ni joint because a 9Ni base metal con­

tains a substantial amount of austenite in the 2BT condition. X-ray diffraction analysis 

shows that the volume fraction of austenite in the 9Ni joint decreases gradually 

through the heat-affected zone from that of the base metal to a negligible amount at 

the fusion line. Its gradual change is shown in Fig. 29. The decrease in austenite con-

tent through the HAZ ought to be due to weld thermal cycles over the A, temperalure. 

as expected from the result of the HAZ simulation study. The result shown in Fig. 29 is 

quite similar to that of Mahin et al. [53] but is in some disagreement with the earlier 

observations of Tamura et aI. [55] on welding of quench-and-tempered 9Ni steel with 

ferritic filler metal. Tamura et al. reported an increase in retained austenite in the 

-. 
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heat-afiected zone to approximately 107. from a lower value of 47. within the base 

metal. They also found a significant amount of austenite retention within the weld 

metal, and argued that the austenite fraction is well correlated to cryogenic impact 

toughness [24,55].. In the present wot"k the austenite volume fraction decreases mono­

tOnically through the heat-affected zone and has no obvious correlation with the varia­

tion of impact toughness through the weld region, which will be described in the next 

section, D.2. The reason for this discrepancy is not clear but is presumably due to the 

difference in heat treatment condition of base plates, i.e., quench-and-tempered (QT) 

VB grain refined and tempered (2BT). and/orthe difference in measuring technique, 

i.e. (111),.1 (110) .. vs. (220)7+(311)71 (211)7' 

D. Mechanical Properties of the lfeldments. 

1. Tensile Properties and Hardness. 

The results of tensile tests of 12Ni jOints welded with filler B are shown in Table IV 

along with those of the base plates [7,9]. The tensile properties in the transverse direc­

tion compared closely with those of the 12Ni base metal in the case of the 0.7 kJ Imm 

heat input but were slightly lower for the higher heat input of 1.7 kJ Imm. It was 

confirmed by etching the broken specimens at 77 and 300K that the fracture occurred 

outside the weld metal. perhaps near the base metal/HAZ boundary. Since the speci­

men was severely deformed in the fracture region, it was not possible to define an 

exact fracture site. The tensile data indicate that the yield strength of the weld metal 

is the same or higher than that of the base plate. Room temperature micro-hardness 

tests also give higher values in the weld metal (Hv ... 290 Kg/mm2) than in the HAZ (Hv = 
260) or base metal (Hv = 260). As a result. the joint efficiency of the ferritic weldments 

(expressed as the ratio in percent of the weld jOint strength to the strength of the base 

metal) [56] is expected to be almost 10070 at both room temperature and 77K. The 

increased strength of the weld deposit over the heat-treated base plate seems to be 
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contributable to the high density of imperfections in the as-welded structure , as well 

as the higher nickel content in the weld deposit. 

The tensile tests were not performed on 9Ni weldments but the higher hardnesses 

recorded in the HAZ (Rc 26) and weld metal (Rc 24) relative to base metal (Rc 16) indi-

cate higher strength in the welded region than in the base metal. 

2. Charpy V-notch Impact Toughness. 

a. 12Ni Weld.ed Joint. Charpy impact tests were conducted at 300K, 77K. and 4.2K 

to give a general indication of the toughness of the welded plate. Figure 30 shows the 

variation of impact toughness with notch location at 17K and 4.2K in the single bevel 

joint welded with tiller B. The HAZ has the highest impact energy values than the base 

plate. It fractures in a ducWe mode at 77K but sustains some quasi-cleavage at 4.2K. 

This slight brittleness at 4.2K in the single bevel joint groove was completely 

suppressed in the single V joint. As shown in Fig. 31. ftller B weld metal deposited in 

the V-joint with either of the two levels of heat input maintained high impact values at 

liquid helium temperature regardless of notch orientation. SEM fractographs taken 

from broken specimens at 77K and 4.2K show a completely ductile mode. The impact 

DB'IT of ftller B weld metal was, hence. successfully suppressed to below liquid helium 

temperature. 

On the other hand. the impact toughness of filler A was much lower than that of 

Filler B. particularly at 4.2K as shown in Table V. The lower toughness of the filler A 

weld metal is. apparently. a microstructural etIect. Examination of low toughness filler 

A specimen revealed two types of inclusion particles: a small spherical type often found 

inside fracture dimples in the ductile region. and a large. round or irregular type which 

was often observed in the brittle region. These two kinds of particles are shown in Fig. 

-, 
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32. with the EDAX analysis of each. The spherical particles within dimples always 

registered Ti and S while the irregular particles in the brittle region showed Mn. Sit and 

Ti without any trace of S. The Auger analysis of the Ti inclusions shows that titanium 

can act not only as a good oxidizer but also as a scavenger of deleterious elements 

such as carbon and sulfur. The full Auger spectrum of Ti inclusions is presented in Fig. 

33 with that of the matrix for comparison. In tiller B weld metal all the particles inside 

the dimples are the spherical Ti· inclusions since no Mn or Si were added in ftller B. 

Therefore. the low toughness accompanied with Filler A seems to be attributed to the 

large oxide particles of Mn and Si. 

Table V also shows an effect of weld geometry: the DBTT of filler A is lower than 77K 

in the single V joint but higher in the single bevel joint. This behavior apparently 

reflects the influence of weld geometry on grain refinement; the single bevel joint has a 

lower potential for grain refinement along the fusion boundary during multi-pass weld­

ing. Optical examination of the single bevel jOint showed that the beads just beside the 

straight joint side retained the as-cast columnar structure, particularly near the root 

pass. 

b. 9Ni welded joint. The results of Charpy impact testing at 17K and 4.2K are 

listed in Table VI and are compared with those obtained (or 12Ni steel welded with the 

same tiller metal, tiller B, and similar procedures. The variation of impact toughness 

through the heal-affected zone at 4K is also plotted in Fig. 34 with that of the 12Ni 

joint. 

The Charpy impact energy of the welded 9Ni steel is relatively flat through the 

heat-affected zone and reaches a maximum within the weld metal. The sharp max­

imum in impact toughness within the heat-affected zone which was found in 12Ni steel 

is not present. Combining this result with that of retained austenite shown in Fig. 29, it 
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demonstrates that there is no obvious correlation between the impact toughness and 

the retained austenite level remained in the HAZ of 9Ni steel. 

.PP The relevant scanning electron fractographs of the specimens broken at 4K are 

presented in Fig. 35. The impact ductile-ta-brittle transition temperature Of the ferri­

tic weldment in 9Ni steel is also below liquid helium. temperature. There was no evi­

dence of fusion zone brittleness. While there is a slight drop in Charpy impact energy· 

near the fusion line. the fusion zone fracture was ductile. and cracks initiated from the 

heat-atrected zone did not follow the fusion boundary. Based on the heat cycle results. 

the lower impact value near the fusion line may be attributed to the cementite precipi­

tates which can offer additional nucleation sites for micra-voids during ductile failure 

process. 

3. Fracture Toughness. 

a.. 12Ni weld.edjoi:nt. Since the filler A tended to become brittle at 4.2K in Charpy 

impact tests. further fracture toughness tests were done only on joints welded with 

tiller B. Figure 36 shows typical load-COD curves obtained from three-point bend tests 

With a clip gage at 77K with three different locations of the fatigue crack. All the speCi­

mens seemed immune to catastrophic crack propagation; the specimens were fully 

plastic and the pre-induced cracks grew slowly in a stable manner until the test 

stopped. A value of K, ~75ksivUi(B3MA:1 v'm'J was computed from the linear portion of 

these curves. The fracture toughness values computed by the 'equivalent energy' 

method are presented in Table VII. The estimated fracture toughness, KldE). of HAZ 

and weld metal is either close to or even higher than that. of 12Ni base metal. It is 

noted that the highest toughness value was obtained in the HAZ as is the case for 

Charpy impact values. Improvement of toughness in the HAZ of 12Ni alloy was also 

reported by Devletian et ai. [23]. 
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Since weld metal showed lower 17K toughness than the HAZ. further tests at 4.2K 

were done only on weld metal specimens. The results of the compact tension fracture 

toughness tests of weld metal at 17K and 4-6K are also shown in Table VI and Fig. 12. 

The crack in the compact tension specimen grew without any catastrophic propagation 

at 17K but at 4-6K gave a serrated load-deflection curve up to the maximum load. then 

propagated discontinuously (Fig. 37). The calculated ~ values were 138 ksi 

vm(152MPavm} at 17K and 115 ksi vUi(127MPavm} at 4-6K. 

Whatever the testing method at 77K. the estimated fracture toughness of the weld 

metal.is comparable with the toughness of the base plate (338MPav'm). A lower boun­

dary for the fracture toughness of the ~6K specimens was calculated using equation 

(2). The area under curve. AI. was taken to the maximum load point. The calculated 

Krc value was 160ksivUi(176MPav;:nj. average of two tests. Examination of the frac-

ture surface along the fatigue crack line revealed that the fracture mode was com­

pletely ductile mode at 77K but a mixture of dimple rupture and quasi-cleavage at 4K 

as shown in Fig. 38. 

The exact nature of the serration mode and the details of J-integral fracture 

toughness and fracture mode of weld metal at 4.2K will be presented in the following 

section. 

b. 9Ni welded. jO'i:n.t. For 9Ni steel. the preliminary test employed deep-notched 
• 

(a/w 0.6) three-point bend specimens of 10 mm thickness for the rough indication of 

JIC values at 17K. The results of three-point bend tests (strOke control) at 77K showed 

that the specimens from the base plate and weldment showed no evidence of fast crack 

propagation at 77K. The HAZ specimen showed only a slight indication after the peak 

load had been passed. the typical load vs. load-point displacement curves are shown in 

Fig. 39. Assuming that the crack started to grow at the maximum load point. the frac-
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ture toughness was estimated using equation (3) , and converted to plane strain frac­

ture toughness using equation (5). The estimated values are tabulated in Table VIII. In 

order to get a valid JIe value at this level of toughness, the tbiclmess, B, and initialliga­

ment, b, should be longer than 0.8 cm according to the following equations: 

B > 25 JQ 

a, 
(6J 

and 

J 
b > 25..£.. 

al 
So the valid JIe values could not be obtained in Charpy size specimen because the liga­

ment, b, in this specimen geometry is far shorter than that required. In order to 

obtain a valid lie value, the modified compact tension specimen shown in Fig. 8-c was 

employed and testing with JIC testing procedures. The load vs. load-point displacement 

curves obtained in the JIC test at 77K are drawn in Fig. 40 (unloading curves are omit­

ted during drawing). As shown in these curves, the weld metal specimen is still 

immune to catastrophic crack propagation but the base metal and HAZ specimens 

display unstable propagation after passing maximum load. Since, the first crack 

advance pOints. where the fracture toughness (JIC) is determined, were monitored near 

the maximum load points in all the specimens tested at 77K JIC value itself was not 

atIected by the unstable crack propagation. It is also interesting to note that the frac­

ture surface of the post-tested specimens tend to be flat and lack shear lips as 

unslable crack propagation becomes active after passing maximum load. Each 

unstable propagation shown in the load vs. load-pOint displacement curve (Fig. 40) 

correspond to a series of thumb nail marks which are visible on the fracture surface 

With the naked eye as shown in Fig. 41. Another thing to note in Fig. 41 is that the HAZ 

specimen has the abnormal shape of fatigue crack front resulting in non-valid tough-

ness value. Since this specimen is from a double-V weld joint. the center part of the 

specimen lies far inside the base metal region and the edge part is close to the fusion 

-
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line. So the fatigue properties of the center of the HAZ specimen are different from 

that of the outer edges. Based on the length of fatigue pre crack. it is expected that 

the fatigue crack growth rate in the HAZ is much faster than that in the base metal. 

Even though it is beyond the scope of this study. a fatigue test is also necessary for 

complete evaluation of the 9Ni weld joint. 

The plane strain fracture toughness values. KIdJ). converted from he using equa­

tion (5) are listed in Table VITI. Based on 77K data. the weld and HAZ fracture tough­

ness values compare favorably with that of the base metal: 265 ksi vUi(292MPa v'mJ in 

HAZ and 332 ksi vUi(365MPa v'mJ in weld metal as compared with 294 ksi 

vUi(323MPa..Jmj for 2BT-treated 9Ni steel. It is worth noting the fact that the base 

metal toughness deteriorates in the HAZ of the 9Ni weldment while it is improved in the 

HAZ of 12Ni welds. This retlects the difference in microstructural response on the weld 

thermal cycles between 9Niand 12Ni HAZ's. 

The trends in fracture toughness observed With modified compact tension speci­

mens were similar to those With three-point bend specimens, but the ~dJ) fracture 

toughness values obtained by valid he testing are much higher than the invalid values. 

KI(J). obtained With the small-size three point bend specimens. It seems to be due to 

the wrong assumption made in the three-point bend tests that the first crack advance 

occurs at the maximum load point. 

As the temperature decreases further down below 77K. the 9Ni weldment, particu­

larly the base metal and HAZ, tend to become brittle and eventually give jagged load 

VB. load-point displacement curves at 4.2K as noted preViously in Fig. 32, and as shown 

in Fig 42, the crack grows slowly and steadily With very small amplitude serrations up 

to maximum load and With rather larger load-drops afterwards. These kinds of serra­

tion mode were commonly observed [8,9] at 4.2K tests and have been believed to pe 
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due to adiabatic heating during deformation [9] and not due to an unstable crack pro­

pagation [8] as slip or yielding also occurs discontinuously near 4.2K [57]. However. all 

the R-curves co~tructed in this study clearly demonstrated that the first crack 

advance occurs at the first serration accompanied with a cracking sound. It indicates 

that these continuous serrations are due to the minute pop-in mode propagations 

occurring successively rather than other means. Accordingly. all the 4K IIC (or KJC> 

values reported in Table VlTIare the ones calculated based on J values at the first ser­

rations marked by arrows on each curve. 'Ibis means the maximum load. which bas 

been used for estimating KJc values with the equivalent energy method. did not afiect 

IIC values calculated by the J-integral method. If the fracture toughness was 

estimated with the equivalent energy method. the toughness value was substantially 

overestimated. For example. the KJc values of the base metal and the weld metal were 

found to be 170 and >ksiv'Ui(253MPa vm )by the equivalent energy method but were 

100 and 130 ksi v'lii respectively by the lIe method. 

One thing to note in Fig. 42 is the load difference between the first serration and 

the maximum load point. The maximum load on the base metal specimen was reached 

right after the first serration but that of the weld metal specimen was reached after 

substantial amounts of deformation. As a result. the maximum load on the weld metal 

specimen is almost twice as large as that at the first serration. Considering the thick­

ness difference (base metal is 0.7 in (17.B mm) thick and weld metal specimen is 0.35 

in (B.9 mm) thick). it is expected that the load carrying capacity of the weld metal is 

almost two times higher than that of the base metal. 

The early stage of serration and the very high maximum load in the weld metal 

specimen seems to be based on the microstructural effect of the weld deposits. Exami­

nation of whole fracture surfaces illustrated that the fracture mode of 9Ni base metal. 

which has a uniform microstructure. is quasi-cleavage throughout the fracture surface 

as shown in Fig. 43-a. But that of weld metal specimen is a mixture of typical dimple-

--
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rupture and a small amount (about 20";) of quasi-cleavage. These two modes are usu­

ally divided with very clean boundaries as shown in Fig. 43-b. Therefore, it is reason­

able to expect that the early stage of serration is attributable to brittle crack initiation 

occurring in some localized areas (Fig. 27-d) which were not fully refined by the subse­

quent weld passes. On the other hand, well refined regions carry the bulk of the 

applied load through a ductile failure mode. As a result, the abnormal features in 

load-COD curve of the weld metal specimen is attributable to the non-uniform grain 

size in the multi-pass weld deposit. This implies that a uniformly refined microstruc­

ture is an important factor in increaSing the toughness value of ferritic weld metal 

unless an equivalent energy method is used. 
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The results of mechanical testing establish that grain-refined ferritic steels can be 

welded with ferritic tiller metal without sacrificing toughness in the heat-atIectedzone 

and weld metal at temperatures as low as 4K. 1bis success may make it possible to 

realize several advantages of ferritic weldments in cryogenic structures, including high 

strength. a complete joint at the fusion boundary, matching low thermal expansion, 
. 

and the los cost of ferritic consumables. The success of the welding procedure seems 

attributable to a combination of microstructural changes through the multi-pass weld­

ing process and the low interstitial weld deposit of the GTAW. Since the weldments 

prepared in this study di1!erfrom the base plates in composition and thermal history. 

the resultant microstructures are also di1!erent from those of base plates. 

A EtJect of Composition. 

The weld metal chemistry explored in this work differs from that of the base plate 

in three respects: the increased Ni content, the addition of MIl and Si (tiller A) and the 

addition of boron (tiller 8). 

1. Nickel Content. 

The nickel content was increased to 14 wt.% to err on the side of safety in achiev­

ing a low ductile-brittle transition temperature DBIT in the weld metal. It is not clear 

that this increase is necessary. While a satisfactory DB1T was obtained. the thermal 

cycle simulation studies suggest that satisfactory properties might also have resulted 

if the base metal composition had been used. 

Current metallurgical understanding does not permit an a priori. choice of an 

optimwn nickel content for low temperature toughness. While an increase in nickel 

content is often found to lead to a decrease in the DBIT (58-61] and a decrease in the 

length of columnar grains in the cast structure (62]. the mechanisms of these etIects 
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are uncertain. Floreen et Bl. [6] reported that there is an inherent effect of nickel that 

considerably raises the cleavage strength of the ferrite lattice possibly through chang­

ing slip characteristics such as increasing the ability to cross-slip. However, the 

increase of cleavage strength with increased nickel contents to over 10% has not been 

reported. 

In the case of high nickel contents, it is more likely that the primary benefit 

achieved is indirect through the intluence of nickel on the response of the microstruc­

ture to thermal treatment. 

Previous research [63] suggests that there is an optimum nickel content of the 

weld filler metal which lies somewhat above that of the base plate. In the GTA welding 

of 9Ni steel an increase in nickel content from 5 to 11 wt.% gave a monotonic improve­

ment in toughness at 77K, but toughness deteriorated when the nickel content was 

increased further to 17 wt.%. The problem at higher nickel content may be associated 

with an unstable austenite retention in the weldment, as is apparently the case in 18% 

Ni (250 grade) maraging steel [64]. 

2. Manganese and Slicon. 

Manganese and silicon are common deoxidizers which were added to filler metal 

"A" in this research to determine their effect on the tinal weldment properties. As will 

be recalled, the 4K Charpy impact values of the weld metals were 53 ft-Ib (72 Joule) for 

filler A and 128 ft-Ib (174 Joule) for filler B. This result clearly indicates that their pres­

ence led to a deterioration in the weld metal toughness, which seems to be clearly 

associated with the formation of large (Mn-Si) oxides. 

Silicon is often intentionally added to ferritic weldments for 9Ni steel [65] since 

9Ni contains a significant alloying addition of manganese, and it is known that a low 

Mn/Si ratio is needed to obtain efficient removal of deOXidation products to the weld 

surface [66]. In fact, serious porosity problems have been encountered in ferritic GY.A 
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welding of 9Ni steel with Si-free [54] weld metal and in the welding of low carbon man­

ganese steels [66]. apparently because of insufficient deoxidation of the weld deposit. 

With Si-containing weld chemistries. large (Mn.Si) oxides have been found on the frac­

ture surfaces of ferritic weldments in 9Ni steel [67]. and apparently cause embrittle­

ment by mechanisms similar to that noted in the present work. Based on the above 

discussions. the addition of manganese and silicon in filler wire should be beneficial for 

gettering oxygen but oxides remaining in the weld deposit deteriorate the low tempera­

ture toughness mainly due to the large size of their oxides. 

s. ntanium. 

The results obtained with filler metal "B" in the present work show that manganese 

and silicon are not necessary alloy additions to the weld metal. The 12Ni base plate 

alloy contains no manganese. and deoxidation and ·scavenging is. apparently. effiCiently 

accomplished by the alloy addition of Ti. as was inferred by preVious researchers. As 

shown in the Auger analysis of inclusion particles (Fig. 33).Ti not only acts as a deoxi­

dizer in the weld deposit but also combines with carbon and sulfur to getter other 

potentially deleterious elements. The majority of these inclusions are less than 0.5 J.L!Il 

in size which is much smaller than that of (Mn.Si) oxides found in tiller A depOSits. In 

contrast to these beneficial effects. it was reported that the titanium in solution 

degrades the toughness of a ferritic weld deposit [68.69]. So the addition of titanium 

should be limited unless the oxygen level in the deposit is high. Given the relative 

cleanliness of the GTA welding process. the titanium content of the base alloy seems 

sufficient to ensure a clean and well-gettered weldment. One thing to point out here is 

the possibility of substitution of titanium with aluminum since both are potential 

scavengers for deleterious elements such as C. O. and N. and are generally used for 

grain refining in the multipass weld deposit [70]. According to preVious research in 

NASA Lewis Research Center [23]. however. aluminum bearing weld deposits on a GTA 

welded Fe-12Ni alloy display high toughness only after the post:weld heat treatment 
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and had very poor toughness in the as-welded condition. Although the source of poor 

toughness was not reported, the replacement of Ti with Al should be restricted unless 

the post-heat treatment is permitted. 

4. Boron.. 

Boron was added to tiller metal "B" in the expectation that it would act as a strong 

surfactant in boundaries of the weld metal to prevent intergranular separation. as it 

does in other. alloys [71,72] and to also act as a grain refiner as in carbon steel welds 

[73,74]. It is also well known that Ti and B inoculations in aluminum melts Significantly 

refine the grain size of the as"'cast structure [75-77]. However, its actual role in the 

weldments studied in this research has not been identified since neither a measurable 

difference in grain size between tiller A and B was observed nor was a trace of boron 

detected by Auger analysis of the microstructure of fracture surface. Although com-

mon grain refining agents are quite effective in reducing the grain size of cast metal, 

they seem to be relatively ineffective in refining the grain size of as-deposited weld 

metal. This is because the energy required for epitaxial growth (Le., growth wfthout 

nucleation) in weld metal is cor:u;iderably less than the energy required for heterogene­

ous nucleation and growth of new grains. 

Boron did, however, seem to be beneficial to the welding process. The addition of a 

small amount of boron to the Fe-12Ni-0.25Ti base plate improved weld metal fluidity in 

bead-on-plate welding. and it was found that filler "B", which contained 30 ppm boron, 

produced a more easily controlled weld puddle and better weld beads than did the 

boron-free filler "A". 

B. Effect of Weld Thermal Cycles. 

The degree to which microstructural and mechanical property changes arise in 

multipass weld metal depends not only on the "chemical aspects" of the deposit, but 

also on the history of the weld thermal cycles. The effect of individual thermal cycles 

I' ~ 
I 
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on low temperature toughness are quite ditrerent depending on the peak temperature 

(i.e., austenitizing vs. tempering cycle) and also on the base metal composition 

(carbon-free 12Ni vs. carbon-containing 9Ni steel) in the case of the tempering cycle. 

1. Cycles over AI Temperature. 

11. Grain ReJi:nsm.ent. The low ductile-brittle transition temperature of the ferri­

tic weld metal is simply a consequence of the multipass welding process, which appears 

to retine the .grain size of the weld deposit. A previous report [ ] on welding of 12Ni 

alloy with the electron beam welding process illustrated that HAZ toughness at 77K was 

greatly improved by the fully penetrated second pass while the weld metal toughness 

was not. In the present study, it was shown that the HAZ of multipass welded 12Ni joint 

has a higher toughness than the base metal. These results certainly indicate that weld 

thermal cycles are very effective in improVing low temperature toughness through the 

microstructural refinement by repeated thermal cycles. As shown in Figs. 15 and 16, 

not all the cycles refine the microstructure but only the cycles whose peak tempera­

tures lie between AI and -1000oe are etfective. The tempering cycle below A. tempera­

ture does not affect the original grain size and results in no change in the ductile­

brittle transition temperature. If the cycle reaches a peak temperature higher than 

llOOoe, on the other hand, grain growth takes place Significantly and results in an 

upward shift of the DB'IT. 

In conventional treatment of ferritic Fe-Ni cryogenic steels there are two mechan­

istically different ways of establishing a fine etfective grain size: the direct crystallo­

graphic refinement of the martensite through austenitizing treatment, and the intro­

duction of a fine distribution of precipitated austenite through intercritical tempering 

treatment [125]. In the present case it appears that grain refinement is a direct crys­

tallographic refinement of the deposit and HAZ through the fast cx"',), ... a cycle since no 

measurable retained austenite was detected in the 12Ni welded joint. 



45 

Several researchers have shown that a rapid austenitizing cycle can accomplish a 

significant grain refinement of steel and improve its mechanical properties With 

respect to conventionally treated material. This research involved iron-carbon alloys 

[76-60] and HY-130 steel (5Ni-cr-Mo-B) [61]. The research by Porter, et al. [61] on HY-

130 steel is particularly relevant. since these workers found that the degree of grain 

refinement increased With heating rate and also noted changes in dislocation substruc-

ture which were more pronounced in specimens given a rapid thermal cycle . 
. 

In order to see the rapid cycle effect on grain refinement in the present cryogenic 

steels. the 2BT-treated 9Ni specimen cycled up to 1200DC (Fig. 23-B) were heat treated 

in the furnace for 1 hour at 750DC (sigbly higher than AI temperature) and compared 

with the specimen cycled to 600DC (double cycled specimen shown in Fig. 23-C). The 

optical micrographs taken from both specimens after a short time (5 sec) tempering at 

575°C to reveal the packet boundaries are shown in Fig. 44. This micrograph clearly 

shows the finer structure in the rapidly austenitized specimen than in the furnace 

austenitized one. The 77K impact toughness of rapid-cycled specimens was 70 ft-Ib )95 

Joule) with a completely ductile fracture mode but that of the furnace-treated speci­

men was 24 ft-Ib (33 Joule) with a quasi-cleavage fracture mode. This fact implies that 

the ductile-brittle transition temperature (DBTI) of the rapid-cycled specimen was 

suppressed below 77K but that of the austenitized specimen still remained above 77K. 

Based on these results, it is confirmed that a rapid cycle, which is the case in weld 

thermal cycles, is much more effective in refining the microstructure and thus results 

in a larger suppression of DBTI than the slow:heated and long-time furnace heat treat­

ment. As mentioned earlier, the grain-refining effect of the rapid austenitizing cycle of 

o.~1~o. is well documented [76-61] but its details of microstructural sources has not 

been discussed in the previous literature. Hence, some discussion follows: the austen-

ite formed by shear reversion (o.~1) during fast heating contains a high density of 

dislocations right after the transformation but loses its dislocations due to excessive 
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recovery process if the specimen holds at the peak temperature for a long time. H 

there is no holding time. a high density of defects can offer more dense nucleation sites 

for martensite laths resulting in a finer packet size (Fig. 42) and possibly a destruction 

of lath alignment within a packet as shown in Fig. 25. This hypothesis may not be 

correct and more experimental evidence is sorely needed for a complete understand­

ing of microstructural refinement during fast cycles. In particular. the substructural 

changes caused by rapid thermal cycling are very important since the 5J.Lm apparent 

packet size of the weldment is considerably above that (about 1p.m) which appears to 

be necessary to lower the ductile-brittle transition of the base plates below 4.2K [82]. 

b. Removal 0/ Reta.ined. Austenite. As shown in Fig. 19 and 21. the cycles over AI 

temperature erase the retained austenite which was formed duing the final tempering 

treatment of 9Ni steel. Therefore the role of austenitizing cycles in 9Ni steel is two­

fold. i.e .. grain refinement and removal of retained austenite The absence of austenite 

after thermal cycling indicates that the retained austenite loses its stability at the 

austenitizing temperature and correspondingly transforms to martensite along With 

the surrounding austenite matrix. 

In general. the retained austenite has been believed to be stabilized by the alloy 

segregation which occurs during long tune tempering treatment at the low tempera­

ture in the a+1 region and also by stress generated by phase transformation resulting 

in volume changes. Through scanning transmission electron microscopy (STEM) 

analysis. Kim et al. [83] directly proved the chemical enrichment of the substitutional 

alloying elements such as Ni. Mn. Mo. etc. Many investigators [84-87] indirectly proved 

that carbon segregation occurs in the retained austenite phase. and is a dOminant fac­

tor in stabilizing the austenite phase at cryogenic temperatures. It was also demon­

strated [84] that the significant increases in toughness after tempering treatments are 

a direct consequence of the scavenging of carbon or carbide preCipitates by the 

austenite. So there is no doubt that the austenite phase formed during conventional 
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tempering treatments is enriched in alloying elements. particularly by carbon. and it 

helps to lower the M. temperature and increase stabilizatlon even at low temperature. 

H the specimen containing the austenite phase was heated over the AI tempera­

ture. the ferrite matrix transforms to austenite and the microstructure at the peak 

temperature is no longer two phases but a single phase of austenite. Hence. the alloy­

ing elements segregated at the sites where the austenite was retained will ditJuse out 

to the transformed austenite. Because of the low ditJusivity of substitutional elements. 

the most favorable elements to diffuse and appreciable distance in a short time are 

interstitial elements such as carbon. Theoretically calculated mean distances of car­

bon ditJusion during austenitizing cycles are estimated to be at least 3.5J.Lm (approxi­

mated value for one second holding at 750°C) while the mean distance between 

retained austenite islands is only about O.5J.Lm or less. Considering the high density of 

dislocations in the shear-transformed austenite~ the mean distance of carbon ditJusion 

in fresh austenite can be greater than that of this theoretical value. Therefore. a mean 

distance of carbon diffusion during austenitizing cycle is sutIiciently greater than the 

distance between retained austenite islands. It implies that the most important factor. 

i.e .. local segregation of carbon. contributing to the stabilization of austenite is elim­

inated as a result of an austenitizing cycle over the AI temperature. This causes the 

transformation of prior austenite islands to martensite on cooling along with the sur­

rounding austenite matrix. So the final microstructure is the highly dislocated mar­

tensite without any second phases as shown in Fig. 24. Due to the absence of a carbon 

scavenging constituent. the resultant martensite should be supersaturated With car­

bon. 

c. Ell ects on Toughness. As described in the previous section. the microstruc­

tural changes occurring during austenitizing cycles are grain refinement and removal 

of austenite. In addition. austenitizing cycles on tempered structures change their 

substructures to highly dislocated martensite. The toughness improvement by refining 
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the grain size is well explained by changing the fracture mode through the suppression 

of ductile-brittle transition temperature. However, there has been little attention on 

grain size effect on the upper shelf toughness, i.e., the impact toughness in the ductile 

region. Recently. Kim [ ] reported that the upper shelf toughness remained constant 

With varying grain size in the 5Ni-0.01C steel. This indicates that the fine grain size is 

good for suppressing the DB'IT but not effective in improving the toughness of the duc­

tile region. Therefore. the improved toughness in the austenitized 12Ni specimen (Fig. 

18) and in the HAZ of the 12Ni welded joint (Fig. 30) cannot be fully explained by the 

grain size effect. With the absence of retained austenite phase in 12Ni alloys. the high 

density of dislocation generated by a ... ,. ... a cycle may be the microstructural source of 

this improvement. since the high density of dislocations would give an improvement in 

local plasticity which might minimize stress concentration at inclusion sites within the 

steel [88]. 

In contrast, the effect of an austenitizing cycle on the toughness of 9Ni steel 

depends on the initial microstructure. If the initial structure is annealed (coarse­

grained) condition, the austenitizing cycle improves the low temperature toughness 

through suppress of the DBTI. This improvement, however, is limited to an intermedi­

ate level. about 70 ft-Ib (95 Joule) at 77K. This limited improvement is quite in contrast 

to the large improvement to 150 ft-Ib (203 Joule) in the 12Ni alloy as shown in Fig. 16. 

It illustrates that the level of upper shelf toughness is greatly affected by the carbon 

content in the martensite structure. If the initial structure is the fine-grained and 

tempered (2BT or QT) condition which contains retained austenite, the austenitizing 

cycle reduces the upper shelf toughness significantly even though preserving the low 

DB'IT. This decrease is certainly attributable to the absence of austenite phase after 

cycling. Since the retained austenite phase in ferritic steels scavenges carbon out of 

the matrix resulting in an improvement of upper shelf toughness, the toughness of the 

cycled specimen drops to an intermediate level (-65 ft-Ib) accompanied with the reso-
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lution of carbon into martensite. Since the grain size has no etrect on upper shelf 

toughness, the intermediate toughness will be preserved even after several cycles 

unless carbon is gettered again. In summary, an austenitizing cycle on 9Ni steel can 

either improve or reduce the toughness depending on the initial microstructure while 

that on 12Ni alloy always improves the toughness regardless of the initial microstruc­

ture. This ditrerence is caused by the presence or absence of carbon in the composi­

tion of 9 and 12Ni steel respectively. 

2. Cycles below A. Temperature. 

(I. Cementite Precipitation. The tempering cycle on the carbon-free 12Ni alloy 

did not show any noticeable change either in microstructure or in toughness. Even in 

the carbon-containing 9Ni steel. the etIect of the tempering cycle was not evident if the 

carbon is gettered in the retained austenite phase. The etIect of tempering cycle on 

toughness was only observed in the fully martensitic 9Ni structure through the precipi­

tation of cementites. 

Generally the tempering process in Fe-Ni-C cryogenic steels include precipitation 

of cementite. introduction of austenite phase, and polygonization of the ferrite matrix. 

Previously many investigators [66.67] established that cementite preCipitates form in 

the early stages of tempering and are sacrificed by the formation of austenite in pro­

longed tempering treatments. This indicates that cementite precipitates are a kind of 

transition phase on the way to austenite. which is the thermodynamically stable phase. 

As can be seen in Figs. 22 and 26. cementite particles are present at boundaries 

despite a very short tempering cycle. and their formation induces an abrupt decrease 

in hardness. Similar observations were made by Caron et aI. [69] in the low carbon 

martensite. They reported that carbide precipitation. mainly cementite. occurs 

throughout the matrix and the hardness drops dramatically ev€n after a rapid temper 

of 690g C for only 0.26 sec. So there is no doubt about the formation of cementite pre­

cipitates even With a very short tempering cycle. However, the questions are whether 
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these cementite precipitates are able to transform to austenite dUring the tempering 

cycle and, if they are, how stable is that austenite. Although the transformation 

mechanism from cementite to austenite is not well established , it is reasonably 

expected that the transformation trend will be sbitted toward shorter tempering time 

as the tempering temperature increases. In 9Ni-0.1C steel. it was not until 120 hr. 

tempering at 500°C that any austenite transformed from cementite precipitates was 

observed, and this transformation was completed within 120 hr at 550°C [86]. In order 

to see more details of the tempering process at higher temperature, the annealed 

(1050°C/2 hr) 9Ni specimens were tempered in the furnace (temperature set at 590°C) 

for the various times. The results are shown in Fig. 45. As can be seen in this figure, no 

retained austenite was detected up to 20 minutes tempering. In other words, a quite 

long incubation time is necessary to form a stable austenite phase from cementite pre­

Cipitates. According to this result, the formation of stable austenite is hardly expected 

during the tempering cycle because of the absence of holding time. 

In summary, a weld tempering cycle is quite enough for the formation of cemen­

tite precipitates through the local diffusion of carbon in the highly dislocated structure 

but is not enough for the further transformation of cementite to austenite. The forma­

tion of cementite precipitates is a direct consequence of tempering the carbon­

solutioning'martensite. Accordingly. such a microstructural change cannot take place 

if the alloy does not contain diffusable carbon or if all the carbon in the steel is get­

tered by the retained austenite. That is why the microstructures of carbon-free 12Ni 

alloy and the 2BT-treated 9NI steel are hardly affected by tempering cycles. 

b. Ef feets on Toughness. Due to the absence of microstructural change in the 

12Ni alloy and the 2BT-treated 9Ni base metal. the tempering cycle does not affect the 

original toughness. as shown in Fig. 16. 18. and 19. On the other hand. since the 

tempering cycle plays an important role in precipitating cementites. its effect on 

toughness becomes eVident in the as-quenched 9Ni steel. The direct consequence of 
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cementite precipitates is a scavenging of carbon out of the matrix resulting in clean 

matrix. 

In low carbon martensite. Abron [90] demonstrated that decreasing carbon con­

tent of the martensite is the outstanding factor in increasing the toughness: Thus. it is 

highly desirable to keep such interstitial impurities to a minimum. The simple way to 

accomplish this is the use of the purest possible raw materials as present in 12Ni alloys 

and filler metal. However. a more subtle possibility is to heat treat the "impure" 

material to give well-dispersed. but a small amount of second phase which has greater 

solubility for the impurities than does the primary phase. This is the well-known 

scavenging etrect of retained austenite introduced during tempering treatment since 

the solubility of interstitial species such as carbon are far higher in austenite than in 

martensite (or ferrite).. As far as carbon gettering is concerned. there is no doubt that 

the cementite preCipitates formed during the tempering cycle play exactly the same 

role as that of retained austenite since they also drain ott carbon from the matrix. The 

only difference may be the amount of carbon gettered in each phase. If the amounts of 

carbon gettered by either cementite precipitates or retained austenite are the same. 

the toughness enhancement of the ferrite matrix Will be the same. Figure 45 can 

clearly rationalize this hypothesis since a dramatic improvement in upper shelf tough­

ness is accomplished by the cementite preCipitation during the early stage of temper­

ing or tempering cycle; When austenite does form after 20 minutes at 590oe. however. 

only a slight improvement in toughness is obtained. Therefore. the toughness improve­

ment by the last tempering cycle in the triple (1200 + BOO + 600Cl e) cycled specimen 

(Fig. 22) can be explained as the result of the enhancement of toughness in the matrix 

through the formation of cementite preCipitates. Recently. Strife et al. [87] reported 

that three-step (QLT) heat-treated 5.5Ni steel containing cementite preCipitates 

showed superior toughness to that containing 3.5 vol.70 of austenite. It also implies that 

cementite preCipitates are as good a constituent for improving the low temperature 
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toughness as the retained austenite is. Specially, both results provide more direct evi­

dence of toughness improvement through carbon scavenging since cementite precipi­

tates are straight-forward evidence of carbon removal from the matrix~ It is worth not­

ing that the scavenging of carbon through the cementite precipitation improves the 

upper shelf toughness significantly but does not improve the lower shelf toughness. 

Therefore, refinement of the grain size has to precede cementite precipitation for good 

HAZ toughness at cryogenic temperatures. 

Although the high toughness can be obtained with the precipitation of cementite, 

some doubt remains as to how close the amount of carbon gettered by cementite pre­

Cipitates during the weld thermal cycle that gettered in the form of retained austenite. 

A precise resolution of this question is not possible at this moment but one can expect 

that cementite precipitation gives a less amount of carbon scavenging because of the 

limited time for tempering in the weld thermal cycles. Suppose the same amount of 

carbon is gettered in both cases. another doubt still remains as to whether the getter­

ing of carbon in the form of cementite preCipitates can promote toughness up to the 

same level as when in the form of retained austenite. Since the cementite precipitates 

are generally believed to make void nucleation sites, toughness improvement is 

expected to be less even with the same amount of carbon scavenging. However, it 

should be noted here that there is a basc difference between sulfides and carbides in 

that carbides, unlike sulfides, do not crack or decohese at low strains [91]. Conse­

quently with carbides in the structure, the steel can undergo Significant deformation 

prior to void nucleation at the carbide preCipitates. It indicates that the easy void 

nucleation at other particles such as oxides and sulfides, which decohese or crack 

almost immediately as strain is applied or even prior to straining [92] may limit the 

void nucleation and growth ·at cementite precipitates. Detailed SEM and EDAX studies 

on triple (1200 + 800 +600) cycled specimen showed that almost all the particles inside 

the dimples were believed to be either oxides or sulfides. However, this observation 

'. 
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was limited to the rather large particles because of the relatively poor resolution of the 

microscope. In order to figure out whether voids can form at cementite precipitates. it 

will be necessary to observe the replica taken from the fracture surface in TEM. 

From the above discussion. the adverse etIects of cementite precipitates on tough­

ness cannot be ruled out completely. Thus. the slight ditIerence in impact toughness 

between cycled (1200 + BOO + BOODe) and 2BT-treated specimens may be caused by the 

two possible features of cementite precipitates over retained austenite. i.e .. less the 

amount of carbon scavenging and void nucleation at cementite precipitates. This 

difference. 20 ft-lb (27 Joule), is quite small compared with the toughness improve­

ment. to 150 ft-Ib (203 Joule). by the cementite precipitation. This fact is very impor­

tant in evaluating the weldability of austenite-containing ferritic nickel steels. If the 

retained austenite is the· only factor in improving the low temperature toughness. the 

weldment of these steels has to be postweld heat treated in order to introduce the 

austenite in the HAZ. As the present result demonstrated. fortunately. the comparable 

toughness With the base metal can be recovered in the as-welded condition through the 

in-process formation of cementite preCipitates during multiple pass welding. This fact 

can provide a microstructural support on the general statements [93] that 9Ni steel 

has good weldability Without any post-heat treatment. 

C. Fenitic Weldment for 4.2K Use. 

1. BaseKetal. 

The high strength ( 1.4 GPa yield strength) and good 4.2K toughness of the 12Ni 

alloy is recognized as achieved not only by microstructural refinement through a 

unique 2B heat treatment but also by the exceptionally clean chemistry. Anticipating 

the commercialization ·of this alloy. it is important to establish tolerance limits for 

common impurity elements such as Mn. Si. e. and others. Since commercially avail­

able 9Ni steel contains reasonable amounts of these impurities and has been used 
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widely in cryogenic systems. this material bas been chosen for this purpose and was 

modified using the 2BT heat treatment. 

While a fracture toughness of 163 ksi ..JUi (179 MPa Viii) was reported [97] to be 

obtained for 2BT-treated 9Ni steel at 4.2K. this value was somewhat overestimated due 

to the rough calculation using equivalent energy method. In the present study. the 

same level of toughness value was obtained with equivalent energy method but a reli­

able 4.2K toughness value. Kic(J). obtained with Jrc testing was substantially lower (100 

ksi VUi). It was readily noticed that this difi'erence was due to the minute pop-in (ser­

ration) occurring before reaching maximum load. SEM observations shown in Fig. 43-A 

also indicates that this steel is quite brittle at 4.2K even after the 2BT treatment. 

According to these results. it can be concluded that the 2BT heat treatment increases 

the toughness of 9Ni steel from 72 ksi vUi (79 MPa -v'Iii) in QT condition [9] to 100 ksi 

~ (110 MPa Viii) but this improvement is not enough to change the fracture mode 

from brittle to ductile at 4.2K. It suggests more efforts on alloy development are really 

necessary to suppress the ductile-brittle transition temperature (DBTI) safely below 

liquid helium temperature. Since the grain size is the dominant factor in decreasing 

the DBTI. further retining the present microstructure. needless to say. is necessary for 

the final goal. The efi'ective grain size. which has been defined as the facet size in the 

brittle fracture surface was measured in the 2BT condition to be around 10}.Lm (Fig. 

43-A). So the fastest way to get close to finer grain size would be to understand the 

effectiveness of each step of the 2B heat tr~atment on microstructural refinement and 

to establish how the optimum microstructure can be created most effiCiently. If the 

goal is not reached by thermal treatment alone, the introduction of a controlled rolling 

process or thermomechanical treatment can be considered for further improvement. 

The usefulness of controlled rolling in refining austenite grain size was well recognized 

in the HSLA steels [94], particularly in Nb-treated steel [95], and also has been 

attempted in the cryogenic 5.5Ni steel [96]. In 5.5Ni steel. it was reported that con-

. . 
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trolled rolling followed by an austenitizing treatment was more etJective in refining the 

prior austenite grain size than a double austenitizing treatment. This seems to be 

attributable to the creation of a higher density of potential austenite nucleation sites 

by the controlled rolling. Therefore, the slight modification of the 2BT heat treatment 

might be considered to include the thermomechanical treatments. 

2. FerriUc Weld Ketal . 

There are two aspects in improving low temperature toughness of weld deposits, 

i.e., "chemical" and "microstructural" aspects. Since the etJect of each alloying ele­

ment was discussed in the first part of this chapter, mainly the etJect of the "micros­

tructural" aspect on toughness will be discussed in this section. Considering cryogenic 

toughness. obtaining the appropriate microstructure is a more important and desir­

able approach than changing chemistry because the DBIT is more severely affected by 

the grain size than by alloying content. 

As mentioned previously in the section III-3 describing JIe test results at 4.2K. a 

uniform microstructure appears to be one of the critical factors in improving the frac­

ture toughness value at 4.2K. If the toughness of the weld metal is evaluated by the 

Charpy impact energy, the uniformity in microstructure may not be so important. 

Since the value recorded in a Charpy impact. test is the total energy observed during 

crack initiation and propagation throughout the specimen. it is slightly affected by the 

local existence of a small amount of brittle fracture at the notch tip. In the case of a 

non-uniform microstructure, therefore, the impact energy can be raised just through 

increasing the fraction of refined regions which undergo ductile fracture. When assess­

ing the weld metal toughness using the Jle test. however, the toughness is determined 

at the first crack advance which occurs in the least tough region. 'Ibis implies that 

fracture toughness of welded joint is determined by the toughness of the least tough 

microstructure in the weld deposit. This is why the uniformity of microstructure 

appears to be critical in improving the Jie toughness value as much as the high 
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proportion of refined area. In most joints, however, it is difficult to avoid small portions 

of unrefined microstructure in localized regions unless post-weld heat treatments are 

applied. Nevertheless, at least the unrefined regions can be minimized by proper 

choice of welding techniques which avoid intensive local heating. 

In order to prevent the weld beads from creating localized refinement, the 

.geometry of each single bead has to be considered as a decisive influencing factor 

because the extent of refinement depends directly on the thickness of each bead. 

There are two types of weld beads, that is, stringer beads and weave beads. A stringer 

bead is made without appreciable oscillation resulting in a semi-circular shape of bead 

in cross-section as shown in Fig. 10. The weave bead is made with transverse oscillation 

which results in uniform thickness and the complete coverage on the underbeads as 

shown in the schematic diagram of Fig. 46. This ditIerence in bead shape implies that 

the HAZ formed by a weave bead is more efficient in covering the underbead area 

without overlapping on other HAZs formed by previous beads than that formed by 

stringer beads. Therefore the weave technique has a distinct advantage over the 

stringer technique not only in increasing the proportion of the refined area but also in 

producing a uniform microstructure mainly through the less overlapping between 

HAZs. So the simple model of built-up layers of weave bead was made to assess the 

et!ect of welding conditions on the extent of refinement. A schematical drawing of this 

model is shown in Fig. 46. which was originally adopted by Ishimaru [97]. Considering 

the two successive layers of the ith bead and subsequent passes, the coarse grain 

structure formed inside the weld bead (columnar grains) and near the fusion line 

(coarsened grains) from theith pass have to be exposed to the grain-refining regions of 

subsequent passes. Therefore. if the bottom line of grain-refined HAZ (b,+l) of the 

i+ lth pass is lower than the bottom line of the grain-coarsened HAZ (~) of ith pass all 

the layers can be refined successively by the subsequent passes. This condition is 

expressed as the folloWing: 
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(7) 

where h is the depth of the bead due to the adding of tuler metal. D is the remelted 

depth of the previous bead. a is the depth of the grain-coarsened HAZ. and b is the 

depth of the grain-refined HAZ. a and {J are summations of each term on both sides of 

equation IV-6 and are shown in Fig. 46. Suppose the heat input is the same and the suc­

cessive change in joint geometry is negligible between adjacent passes. then the depth 

of each region (h. D. a. and b) is the same at the ith and i+lth pass. 

(8) 
and 

b, AS b, + 1 

combining equations 6 and 7. the following simple expression is derived: 

(9) 

This is the requirement to give at least a single grain refining thermal cycle on the 

coarse structure. If it is desired to refine the coarse structure at least twice, another 

thermal etIect of the "i + Z"th pass has to overlap the coarse grain region of the ith 

pass. With the same assumption as made above. the condition for this can be 

expressed as the following: 

( 10) 

This result indicates that the degree of refinement can be increased by decreasing the 

deposition rate (reduce ~) and/or by increasing the depth of grain-refined HAZ (bi ). 

From an economical point of view. the decrease of deposition rate is not preferable 

since it increases the number of passes required for completion. The second approach 

to thicken the grain-refined HAZ (b i ). however. can be tackled by increasing the 

preheat temperature without sacrificing the deposition rate. The preheat treatment 

has a side etIect of thickening the grain-coarsened HAZ (Dt). Fortunately this increase 

does not affect the results derived in equations (9) and (i 0) because the Di term is not 

present in these equations. Thus. by increasing the preheat temperature. the degree 
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of grain refinement can be increased through an increase in the depth of the heat­

atfected zone. The effect of preheat temperature on the depth of the heat-affected 

zone is quite significant. For a single pass, full penetration butt weld in sheet material 

(two dimensional heat conduction) the distribution of peak temperatures in the base 

metal adjacent the weld is given by [98]: 

1 = 4.13pClY + 1 
Tp - To Hn.e T", - To 

(11) 

where Tp = the peak temperature at a distance, y, from the fusion boundary. 

To = initial uniform temperature of the sheet plate 

T", = melting temperature HnA, = net heat input = I ~ I 

t = thickness of the plate 

p. C = density and specific heat of the material 

Using parameters such as: 

til = 730Cl C.t = 5mm.. and HrIII, = 0.72kJ /mm., etc., the Width of the heat;..atIected zone 

increases from 5.9 mm to 9.6mm with preheat temperature of ZOOCIC. Although these 

values are derived for the so-called "thin-plate" condition, the 60 percent increase in 

the width of the heat-affected zone demonstrates the strong effect of preheat tempera­

ture in widening the heat-atIected zone. An interesting variant of this approach is the 

use of interpass temperature as the preheat temperature. To. through the multi-arc 

process in which the interelectrode spacing is adjusted so that the following arc is 

delayed until solid state transformation has occurred and the arc sees a high interpass 

temperature set by the preceding electrodes. This has been recently exploited in GMA 

welding of LPG steels (3.570 Ni steel) to improve weld and heat-affected zone toughness 

[99]. Since this process still leaves the solidificalon structure at the final layer. which 

is not subjected to the additional thermal cycle. the toughness of weld metal decreases 

". 

" 
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as a whole as noted earlier in this section. For the purpose of improvng the overall 

toughness of full thickness weld metal. the surface remelting process. which has been 

applied in welding of 9N1 steel with matching ferritic filler metal. should be followed on 

the final pass layer. 

In summary. the weave bead technique combined with high interpass temperature 

and with surface remelting process is expected to be quite useful not only for the fully 

refined microstructure throughout the thickness but also for the increase in degree of 

grain refinement. Unfortunately. these techniques could not be attempted in the 

present study because of the poor control in manual welding process. Fully automatic 

GTAW equipment such as the TIL process [100] developed in Japan recently is necessary 

in order to verify the usefulness of the above techniques. 

D. Alternative Welding Processes. 

The GTAW welding process was selected for the present research because of its 

cleanliness and its controllability. In addition. the large. uniform heat-atIected zone of 

the GTAW process is useful to insure the cyclic heat treatment of previously deposited 

material. This advantageous combination is not easily achieved in other welding 

processes such as gas metal arc (GMA) or electron beam (EB) welding. Conventional 

electron beam welding has already been demonstrated [17] to be inappropriate 

because of the coarse slidiftcaton structure established in the weld metal. The GMA 

process is also difiicult to effect. but deserves further exploraton because of the 

economic benefits to be achieved from its higher deposition rate. The gas metal arc 

welding (GMAW) process suffers from two shortcomings: the localization of its heat­

atIected zone due to its high deposition rate and its bell-like bead shape, and its rela­

tively high contamination. particularly by oxygen and nitrogen. which arises from 

plasma jet instabilities in the consumable electrode process. Particlarly. the charac­

teristic shape (bell-like) of the GMA weld beads prevents the under beads from achiev­

ing uniform refinement. Zanis. et al. [101] considered the problem of achieving grain 
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refinement in a high-rate depostion GMAW process and have proposed reheat treat­

ments using heating sources such as autogeneous GTAW or lasers to refine the GMA 

deposit. Dolby y>2] bas also proposed in-process techniques to refine the microstruc-

ture of weld deposits. But the contamination problem must also be . overcome. 

Research and development of matching ferritic filler GMA welding methods were once 

performed ~ Of. but no practical advancements have been achieved. since GMA arcs are 

~abilized only in the oxidizing-gas-mixed atmosphere. In a pure argon shielding atmo­

sphere. a cleaning action of the cathode spot was generated on the surface and 

resulted in welding defects such as undercut. With the addition of oxygen and carbon 

dioxide to an inert gas. which can stabilize the arc. however. the oxygen content in the 

weld deposit was increased and resulted in poor toughness. Watanabe. et al. [104] 

investigated the notch toughness of shielded metal arc (SMA) weld metal and found 

that the toughness decreased dramatically when the oxygen content rose above 100 

ppm. So the GMA welding process on 9Ni steel needed further development for stabiliz-

ing the arc under the pure argon shielding. Recently. Kawasaki Steel Company in 

Japan developed a pure argon sielding GMAW process by adding minute quantities of 

rare earth metals to the ferritic welding wire [105). They reported [106] that this pro-

cess was successfully applied to the welding of QT 9Ni steel by reducing the oxygen con­

tent below 50 ppm. However. this process still has a limited range of welding parame-

ters which allow formation of a stable arc. Considering the importance of weld thermal 

cycles in refining the grain size. which is the primary factor in decreasing the DBTT. it 

is more desirable to control the heat input and deposition rate separately in order to 

obtain high toughness even at 4.2K. Further research will be necessary before the 

GMAW can be successfully used for welding ferritic steels with ferritic consumables for 

deep cryogenic applications. 

.~ 
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In order to develop the ferritic weldment for the liquid helium. service. the grain­

refined 9Ni and 12Ni plates were welded by multipass GTA welding process using 14% Ni 

filler materials. The results of mechanical tests showed that the welded joints has a 

matching strength and a comparable toughness with the base plates until down to 4.2K. 

The promising results obtained are attributed to the microstructural refinement 

through the multipass procedure as well as the chemical cleanliness of the weld depo­

sit as achieved in the GTAW process. However. the details of microstructural changes 

during weld thermal cycles are quite difierent from those that occur in the furnace 

heat treatments so that the toughening mechanism of the welded region is also 

different. particularly in 9Ni steel. Further details of the conclusions drawn from this 

investigation are as follows: 

1. From the microstructural study of bead-on-plate welds and full thickness weld­

ments. the folloWing observations were made: 

a. The microstructure of the 14Ni weld deposit consists of columnar grains and 

each columnar grain contains one or more bundles of cells growing in the same crystal­

lographic orientation. The preferred growth orientation of cell structure was 

confirmed to be the <100> direction of austenite using a simple etching technique. 

b. An examination of partially overlapped bead-on-plate welds shows that the cell 

structure is hardly affected while the columnar grain structure is completely des­

troyed by the subsequent passes even along the fUSion boundaries. This microstruc­

tural refinement is repeated layer by layer in the full-thickness weldments. However. a 

few isolated islands of partially refined structure remained. 

c. No measurable amount of retained austenite was detected in the weld deposit. 

as well as in the HAZ of the 12Ni joint. On the other hand. the volume fraction of 
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retained austenite existing in 9Ni steel. decreases monotonically through the HAZ as 
, 

shown in the x-ray result. 

2. Two ftller metals with slightly difierent compositions were designed to study the 

effects of alloying elements on the weld metal properties. The following conclusions 

are derived on the basis of weld metal toughness and analytical results: 

a. Ti is a better deoxidizer than Mn or Si since it not only acts as a scavenger of 

other deleterious elements such as carbon and sulfur but also it forms particles much 

smaller in size than Mn and S1. 

b. The addition of boron improves the weld metal fluidty and produced a more 

easily controlled weld puddle resulting.in better weld beads. 

c. Combined inoculation with Ti and boron is not effective in refining the columnar 

grain size. This is because the nucleation event is not significant in the fusion welding 

process since a solid-liquid interface is always present and epitaxial growth occurs 

easily from unmelted base metal grains. 

3. From the mechanical tests of ferritic weldments, the following results were 

obtained: 

a. In tensile tests performed at 77K and room temperature, all the specimens frac-

tured outside the weld metal and tensile properties of welded joints are very close to 

those of the base metal. 

b. In Charpy impact tests, the ductile-brittle transition temperature of the weld­

ment is below the liquid helium temperature (4.2K). The impact values of 9Ni steel is 

relatively flat across the HAZ so the HAZ toughness has no obvious correlation with the 

fraction of retained austenite remaining. 

c. In the fracture toughness tests, the 2BT-treated 9Ni steel becomes brittle as the 

temperature goes down from 77 to 4.2K. The fracture toughness values K1C (J) at 4.2K 

of 100, 82, and 132 ksi Viii (110: 90 and 145 MPa vIii) were obtained in the 9Ni base 

--
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metal, its HAZ and weld metal respectively. The fracture surface of weld metal speci­

men shows a mixture in the fracture mode of dimple rupture and small amount of 

quasi-cleavage because of the non-uniform grain size in weld deposit. It represents 

that the weld metal toughness can be improved significantly by increasing the unifor­

mity of grain size throughout the weld deposit. 

4. Thermal cycling studies were performed to gain insight into the response of the 

base plates to the rapid heating and cooling cycles encountered in the HAZ during mul­

tipass welding. 

a. Austenitizing cycle. Rapid austenitizing, a .... " .... a, thermal cycle is very effective in 

refining the grain size relative to conventional furnace treatment resulting in a 

significant suppression of DB'IT even with a single cycle up to relatively high tempera­

ture region in austenite. 

On the other hand, the austenitizing cycle causes the retained austenite, if 

present, to lose its stability and transform to martensite on cooling along with the sur­

rounding matrix. Once the austenite transforms to martensite, it is not reformed by 

the subsequent tempering cycle. This causes a decrease in the amount of retained 

austenite across the HAZ of 9Ni steel. 

The loss of retained austenite causes a significant drop in upper shelf toughness 

due to the supersaturation of carbon in the martensitic structure. 

b. The Tem.pering Cycle. If the material does not contain carbon like 12Ni alloy or all 

the carbon in steel has been gettered into the precipitated austenite like the 9Ni base 

metal, the tempering cycle little affects the microstructure and toughness. 

However, if the carbon is present as the supersaturated condition in the martensi­

tic structure, the formation of cementite preCipitates takes place during the temper­

ing cycle. As a consequence of direct carbon gettering into the cementite preCipitates, 

the upper shelf toughness improved to almost the same level as that obtained by the 
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introduction of austenite. So it is concluded that the cementite precipitate can act as 

a carbon scavenger just as the retained austenite does. 

c. The. above results illustrate the successive change in microstructure of the 

welded region during multipass welding procedure and also suggests different toughen­

ing mechanisms depending on the base plates. In 9Ni steel, while the preCipitated 

austenite is removed by the high temperature austenitizing cycle near fusion boun­

dary, the sequential rapid heat cycles to successively lower peak temperatures associ­

ated with succeeding weld passes reestablish high toughness by sequentially refining 

the microstructure and gettering carbon into cementites. On the other hand, the high 

toughness in the HAZ of 12Ni alloy and in the carbon-free weld deposit is simply a 

consequence formed by the overlapped austenitizing cycles. 
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TABLE I 

Tensile Properties and Fracture Toughness of Various Steels at 4.2K 

Yield Stress Tensile Stress Klc 

Steel Ksi (MPa) Ksi (MPa) Ksi .JfD (MFa .Jm) Ref. # 

Fe:12Ni-0.2STi 195(1345) 219(1510) 232(255)- 8 

9%Ni steel 191(1316) 223(1537) 166(183)- 9 

1304LN 112(771) 245(1686) 191(210)-- 15 

316LN 149(1025) 201 (1388) 185(203)" 15 

Nitrnic 40 187(1241) 237(1634) 166(182)-- 16 

• Rough estimation of Klc using 'Equivalent Energy Method'. -- Derived by initiation JIC 

test, Klc(J). 



.. 

Table n. Compositions of base metals, filler metals and weld deposits. 

Element Fe Ni Ti 

8ase 9Ni bat 8.49 -
Metal .' 

12 Ni bot 12.07 0.20 

Fille r A bol. 14.04 0.21 

Metal 8 bot 13.87 0.16 

Weld A bot 13.98 0.20 
Deposit 
in 12 Ni B baL 13.81 0.15 

~- --- ----------' ---- ._. ----- . --------

Mn Si P 

0.45 0.24 0.006 

- - 0.001 

0.37 0.09 0.005 

- - 0.001 

0.33 0.08 0.005 

- - * -- --- ._- ----~ 

* Not Analyzed 
- Negligible 

5 

0.002 

0.002 

0.002 

0.002 

It 

* 

0 N B C I 
- I 

0.002 0.004 - 0.059 

~Qool <0.001 - 0.002 

0005 <0.001 - 0.006 

0.006 «lOOI 0.003 0.003 

0.007 0.007 - 0.003 

0.007 0.006 bl- T/,( 0.003 

XBL827-6078 

-..l 
W 



TABLE III. Welding Conditions 

Heat Input fltJ' /mm) 

Arc Voltage (V)· 

Welding Current (A) 

Welding Speed (mm/sec) 

Shielding Gas 

Root Gap 

Interpass Temperature 

Welding Posicion 

Condition 1 Condition 2 

0.7 1.7 

14-18 18-20 

150-180 250-300 

4 4 

3 3 Pure Argon, 25 ft /hr. (0.7 m /hr) 

Same as rod diameter 

Less than 50 C. 

Flat Flat 

74 



75 

TABl.EIV 

Results of Tensile Tests at 77K 

Specimen Heat Input Yield Tensile Elong. R.. A. 

kJ/mm . Stress Stress 

- ksi(MPa) ksi (MPa) (70) (70) 

Fe-12Ni-0.25TI 149(1028) 154(1062) 26.8 72 

970 Ni Steel 146(1007) 163(1125) 34.0 71 

Welded Joint· 0.7 145(1001) 154(1063) 25.0 71 

( 12NilHAZ/WM) 

1.7 140(966) 148(1021) 21.2 68 

• All specimens were fractured near Base/HAZ boundary. 

TASLEY 

Charpy Impact Toughness with Ditrerent Joint Configurations 

Weld Metal Testing Temp. (K) Single Bevel Single V 

Joule (ft-lb) Joule (ft-lb) 

Filler A 77.0 95(70) 167(123) 

4.2 37(27) 72(53) 

Filler B 77.0 166(122) 183(135) 

4.2 132(97) 174(128) 

' . . 
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TABLE VI 

Charpy V-notch lmpact Values of9Ni and 12Ni Welded Joint 

Impact Energy, Joule (ft-lb) 

Weld Metal HAZ Base Metal 

9Ni joint at 77K 184 (136) 169 (125) 156 (115) 

at4.2K 153 (113) 149 (110) 146 (108) 

12Ni joint at 17K 182 (135) 217 (160) 156 (115) 

at4.2K 173 (128) 179 (132) 136 (100) 

TABLEVD 
_._-

Fracture Toughness, K1c (E) of 12Ni Weldment 

Test Heat Input Three-Point Bend Compact Tension 

Temp. kJ/m ksi {ffi' (t4Pa/r.t ) ksi/m (MPa/m ) 

W.M. HAZ Base W.M. Base· 

77 0.7 324(356) - 300(330) - 307(338) 

1.7 286(315) 330(363) 300(330) 280(308) 307(338) 

4.2 1.7 160(176) 232(255)· 

• Reported in reference [8]. 

'" .. 
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TABLE VIII. Results of J-integra1 tests of 9Ni we1dment. 

Testing Temperature 

9Ni Base Metal 

Heat-affected zone 

Weld Metal 

Three Point Bend 

K * Jm 

ksi/iii (HPa/m ) 

71 K 

246(271) 

235(259) 

262(288) 

, 
" 

Modified Compact Tension 

K1c(J) 

ksi/m _ (MPa/iii ) 

17K 

294(323) 

265(292) 

332(365) 

4.2 K 

-100(110) 

82(90) 

132(145) 

* Invalid values obtained from J corresponding to maximum load ( J ) max 

-..3 
-..3 



FIGURE CAPrlONS 

(1) The Fe-Ni equilibrium phase diagram With base metal heat treatments of (a) 

F~12Ni-0.25n alloy and (b) 9%Ni steel. 

(2) Weld joint grove designs: (a) Single-V grove. (b) Single-bevel grove. (c) 

Double-V grove. 

(3) Thermal cycle curve for the simulation of 1300(deC peak temperature. 

(4) Sub~ize cylindrical tensile test specimen (1 in = 25.4 mm). 

(5) Standard Charpy impact test specimen (1 in = 25.4 mm). 

(6) Styrofoam box configurations for the 4.2K Charpy impact test. 

(7) Cooling curves for the Cbarpy specimens under the liquid nitrogen or liquid 

heliumftow. 

(8) Specifications of various fracture toughness specimens. (1 in = 25.4 mm): 

(a) three-point bend specimen. (b) compact tension specimen. and (c) 

modified compact tension specimen for J[C test. 

(9) Optical micrographs of bead-on-plate weld etched with (a) 5% Nita! and (b) 

the same region etched with acidified FeQs solution (J.L=JJm.). 

(10) Optical micrographs of (a)partiaUy overlapped bead-on-plate welds With 

heat input of 0.7 KJ/mm and (b) single bead with 1.87 KJ/mm. 

(11) Intergranular fracture appearance of bead-on-plate weld fractured at 77K: 

(a) Macroscopic view. (b) schematic drawing of sample preparation. (c) SEM 

fractographs taken before etching and (d) after etching with 5% Nital solu­

tion (J.L=JJm.). 

(12) Cellular structure revealed on the intergranular fracture surfaces (J.L=J.Lm). 

(13) Cellular patterns revealed on the cleavage facets (J.L=J.Lm). 
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(14) Etch pits developed on the 1100J cleavage facet and their analysis. 

(15) Microstructural changes of annealed 12Ni specimens with peak tempera­

tures (p.=p.m.). 

(18) Variation of Charpy impact energy with peak temperatures of weld thermal 

cycles. 

(17) Microstructural changes of 12Ni base metal with varous peak temperatures 

(p.=p.m.) 

(lB) Charpy impact energy at 77K VB. peak temperature in 12Ni base metal. 

(19) Variations of Charpy impact energy at 77K, amount of retained austenite 

and hardness with varjus peak temperatures cycled on the 9Ni base metal 

(1 ft-Ib = 1.355 Joule). 

(20) Tern micrographs of 2BT-treated 9Ni base metal: (a) bright field image, (b) 

dark field image of retained austenite and (c) selected area difiraction pat­

tern. 

(21) rEM micrograph of 9Ni specimen cycled up to 750C (J.L=J.Lm). 

(22) Multicycle HAZ simulations on the 2BT-treated 9Ni steel (1 ft-Ib = 1.355 

Joule). 

(23) Optical micrographs of HAZ-simuiated 9Ni specimens (J.L=J.Lm). 

(24) SEM fractographs of HAZ-simulated 9Ni specimens broken at 77K (J.I.=J.Jm). 

(25) rEM micrographs of double (1200 + BOO(deC) cycled specimen: (a) bright 

field image, (b) SAD pattern taken from region B,(c) SAD pattern from 

region C, (d) and (e) are dark field images illuminated by (lOT) and (200) 

spots respectively. 

(26) TEM micrographs of triple (1200 + BOO + 600(deC) cycled specimen: (a) 

bright field image, (b) dark field image of cementite precipitates and (c) 

SAD pattern and its schematic drawing. 
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(27) Macro- and microstructures of full-thickness single-V 12Ni joint (1 cm = 
1Om.m. 1#-,= 1JU71. ). 

(26) Macro- and microstructures of single-bevel 9Ni joint CJI.=JU7I.). 

(29) Variation of austenite content across the HAZ of 9Ni steel. 

(30) Variation of impact toughness with notch location in 12Ni joint. 

(31) Impact toughness of tiller B weld deposit with testing temperature, heat 

input and notch orientation (1 ft-Ib = 1.355 Joule). 

(32) SEM fractographs of tiller A weld deposit at (a) the ductile and (b) brittle 

region with EDAX analysis of particles in each region (p,=p.m.). 

(33) Scanning Auger microprobe spectrum of matrix and Ti particles inside the 

fracture dimples (DN/DE = dN/dE). 

(34) Comparison of 4.2K impact toughness between 9 and 12Ni weldments. 

(35) SEM fractographs of 9Ni specimens broken at 4.2K: (a) weld metal, (b) HAZ 

and (c) base metal. 

(36) Load-COD curves of 12Ni three-point bend specimens tested at 17K. 

(37) Load-COD curves of weld metal specimens in the compact tension tests at 

77 and 4.2K. 

(3B) SEM fractographs of weld metal specimens recorded in Fig. 37 (p.=J.I..1TI.). 

(39) Load-Load point displacement curves of 9Ni joint in the three-point bend 

tests at 77K (lIb = 0.45 kg, 1 in = 25.4 mm). 

(40) Load-Load line displacement curves of 9Ni joint in the JIe tests at 77 (lIb -

0.45Kg. 1 in = 25.4 mm). 

(41) Post-test fracture toughness specimens tested at 77K (1 cm = 10 mm). 

(42) Load-Load line displacement curves of 9Ni base and weld metal specimens 

tested at 4.2K (lIb = 0.45Kg, 1 in. = 25.4 mm). 

80 



-. 

(43) SEM fractographs of fracture toughness specimens recorded in Fig. 42 

~=~}. 

(44) Optical micrographs of 9Ni steel: (a) rapid cycled up to 800(deC and (b) 

austenitized for one hour at 750(deC ~=~). 

(45) Variation of Charpy impact energy and austenite content with tempering 

time at 590C (1 ft-Ib = 1.355 Joule). 

(48) Schematic drawingS of build-up layers. 
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