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ABSTRACT OF THE DISSERTATION

Structural and Compositional Control of Steel and Aluminum Alloys via Laser Powder Bed
Fusion Processing
by
Brandon Fields
Doctor of Philosophy in Materials Science and Engineering
University of California, Irvine, 2024
Professor Lorenzo Valdevit, Chair
Additive Manufacturing (AM) is an emerging disruptive technology that is rapidly
expanding from its initial purpose of rapid prototyping towards the production of high-quality final
products. Laser powder bed fusion (LPBF) has emerged as a market leader for producing small
and medium sized parts among the various classes of metal AM. While LPBF holds much promise
in multiple industries, many challenges remain, particularly related to the structural evolution of
AM materials during printing and the resulting material properties in the final product. A material
system that has primarily defied printability is the 7xxx family of aluminum alloys. Here, we
thoroughly investigate a chemically modified nanostructured Al-7068 alloy and unveil the
processing-microstructure-mechanical properties relations in LPBF that underscore its
performance relative to conventional (wrought) Al-7xxx alloys. Another critical challenge related
to AM processing in general (and LBPF in particular) is the complex and unique thermal history
experienced by each localized tiny volume in the part domain, which often results in poorly
controlled heterogeneous and anisotropic microstructures, and hence properties for LBPF
components. At the same time, this challenge presents an opportunity whereby one could locally

control the processing parameters to induce controlled and complex temperature histories within
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a single part, locally tuning the microstructure and effectively resulting in the fabrication of in-situ
metal-metal composites. Here we demonstrate this understanding and control in a dual-phase
stainless steel (17-4 PH), quantify the differences in mechanical properties between the available
microstructures, and determine the ability and scale of microstructural control. Collectively, this
work paves the ground for developing superior metallic alloys for LPBF, whereby microstructure

and properties are carefully controlled through the print.
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Executive Summary

Introduction

Additive Manufacturing (AM), colloquially known as 3D printing, is a developing
technology that gained commercial relevance to prototype new part designs with unprecedented
geometric flexibility rapidly. Today, after many engineering and material breakthroughs, AM is
more often being utilized in the manufacturing of advanced final products!!], ranging from custom-
printed titanium implantst? to rocket-nozzle-tip fuel injectors(?. Many of these technological and
manufacturing advancements coincide with developing new and improved process-specific
materials. Thus, additional alloy design opportunities exist through modifying composition,
controlling phase evolution, and optimizing specific process controls unique to these advanced

additive manufacturing processes.




Figure 1. The laser powder bed fusion process and the most critical process parameters, including laser power, scan
speed, layer thickness, and hatch spacing.[®!

Metal AM techniques include binder jetting, electron beam melting (EBM)E!, and laser
powder bed fusion (LPBF) for small part production, wire arc additive manufacturing (WAAM),
direct energy deposition (DED)I"!, and cold spray!® for larger components and structural repairs.
LPBF has emerged as the current market leader throughout the development of these metal AM
techniques. LPBF is a process in which a thin layer of powder (20-100um) is deposited onto a
build substrate before a laser scans and melts/solidifies according to a 2D slice of a 3D part.
Another layer of powder is deposited over the previous layer, and this process repeats when
printing the entire 3D part. This process across a 2D layer, with the most critical printing
parameters, is depicted in Figure 1.

Thanks to the combination of acceptable part resolution, high print density, high surface
quality, and operating simplicity (no need for a vacuum environment or significant substrate
heating), LPBF is poised to continue its lead in AM market penetration. Further innovations such
as multiple lasers, larger build platforms, and most substantially improved LPBF process-specific
materials will continue to provide LPBF with many scalability advantages over comparable metal
printing processes*®l. Figure 2 emphasizes how AM will continue to be utilized across many
sectors. With applications in medical, dental, industrial, automotive, and aerospace all being more
prevalent than consumer products, it is evident that 3D printing overall has primary application in

advanced manufacturing and no longer primarily for prototyping.



Global Market for Advanced Materials for 3D Printing, by Application
2021-2027
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Figure 2. The primary industries comprising the advanced 3D printing market.[*%

In addition to the geometric design flexibility enabled, AM has a significant impact on the
global supply chain through decreasing the overall capital expenditure from ideation to end-use,
illustrated in Figure 3. Regarding the manufacturing of metallic components, this primarily
consists of the elimination of costly tooling to manufacture parts. Additionally, pre-assembled
components are printed directly, lower minimum order quantities are needed for prototypes, and
end-users can outsource less frequently due to the ability to purchase lower-cost manufacturing
equipment themselvest:1°l,

With such a large impact and disruption across many sectors and their supply chains, it is
important for materials scientists to recognize what material issues might limit the future
applicability and growth of LPBF. Applications in this wide range of sectors demand a wide range
of available materials. Many conventional alloys such as Al-Si alloys, 300 series stainless steels,

Inconel, and Ti-6Al-4V are all commonly utilized materials throughout the global markets and are



readily available for LPBF usel***2. However, this is not the case for all desired LPBF materials,
as many alloys are subject to LPBF specific processing issues and therefore not commercially
deployed to their full capacity. Therefore, these alloys must be either modified or completely
redesigned for LPBF processing specifically. The purpose of this thesis is to illustrate: (1) How
alloys can be designed specifically for the LPBF process, (2) How conventional material structures
and properties can be tailored through detailed understanding of LBPF process control, and (3)
How LPBF enables novel microstructures only possible due to the unique solidification of the

LPBF process.

Long-Term Opportunity, Global Supply Chain

3D Printing

Transport Transport Transport Transport Transport

Figure 3. Traditional manufacturing supply chain, with multiple intermediary steps between ideation and end-use,
compared to 3D printing.!%!



Alloy Systems and Experimental Methodology

This thesis investigates two alloys which are of the upmost importance for LPBF to be
utilized at its full capacity. These alloys are Al-7068 and 17-4PH stainless steel, each with their
own specific issues regarding LPBF processing. These are two notable alloys due to their excellent
mechanical properties, cost-effectiveness, and use in various engineering applications and
industrial processes. With Al-7xxx and 17-4PH steel already employed across aerospace,
automotive, biomedical, and industrial manufacturing, LPBF can only be fully utilized if these
alloys are capable of being processed straightforwardly and can meet and exceed the standards of
their conventional counterparts. Thus, it is required that these alloys be redesigned and modified
specifically for LPBF. Additionally, fine control of the LPBF process must be understood in detail

to optimize the microstructural evolution of these materials throughout processing.
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Figure 4. Challenges with printing Al-7xxx alloys (a,c,e) without inoculants leading to hot cracking with standard
feestock Al-7075, compared to (b,d,f) Zr-nanoparticle enhanced powder altering nucleation from columnar to
equiaxed.314



Chapter 1 focuses on the two fundamental challenges affecting printability of high-strength
aluminum alloys: (i) the prevalence of hot cracking during solidification and (ii) the significant
evaporation of the major strengthening elements during processing. Many structural alloys, such
as nickel superalloys (e.g., Inconel-718), titanium alloys (e.g., Ti-6Al-4V), and stainless steels
(e.g., SS-316), show a significant improvement in mechanical properties when printed via LPBF
in comparison to their wrought counterpartsi*>*°l. This is due to the high cooling rates experienced
in LPBF, ranging from 10*-107 K/s, generally resulting in finer microstructures?®2%. Conversely,
LPBF-processed high-strength 6xxx and 7xxx series aluminum alloys consistently show a
significant decrease in mechanical propertiest*+?2-261_ A limited number of successful LPBF-
processed high-strength Al alloys have been reported. Early literature reviews primarily pertained
to the Al-Si based alloy system, with only 11 of the 310 articles reviewed in ref 71, 2 of the 236
articles reviewed in ref 281 and 3 of the 168 articles reviewed in ref [°1 focusing on 6xxx and 7xxx
series Al alloys. The ubiquitous reporting of Al-Si alloys in the literature as well as the vast range
of commercial applications of these alloys stem from their resistance to hot cracking, attributed to
the narrow solidification range of the eutectic alloy and the low viscosity of the melt, which allows
for inter-dendritic/cellular liquid flow*®34. By contrast, hot cracking occurs during rapid
solidification of 6xxx and 7xxx series aluminum due to the large solidification range, the high
viscosity of the inter-dendritic fluid, and the high thermal contraction during the latter stages of
solidification[*#35:36],

However, recently, more work on the processability of high-strength aluminum has been
conducted, utilizing inoculants to restrict columnar grain growth and, therefore, reduce hot-
cracking susceptibility’-51. While hot cracking of high-strength Al alloys is also observed during

welding, it is greatly exacerbated in LPBF due to the significantly higher cooling rates and the



directionality of thermal gradients from the build substrate towards the laser source, leading to
cracks between contracting large columnar grains during cooling?®!. This hot cracking mechanism
is depicted in Figure 4a, 4c, and 4e; with the effect of inoculants altering the solidification mode
shown in 4b, 4d, and 4f.

Additionally, Chapter 1 investigates the other significant issue of the unknown effects of
printing conditions on the final as-printed chemistry of Al-7xxx. The Al-7xxx series are all
precipitation strengthened alloys by Mg and Zn precipitates which respectively have boiling points
of 1091°C and 901°C, nearly 1000°C lower than Al. The LPBF Al-7xxx literature has reported
volatilities from 15% upwards to 50% of Mg and Zn in the as-printed condition®*%3, which from
a manufacturing quality and a material property standpoint is an unacceptable variance. The
fundamental physics regarding how much energy is being input into the material during the
printing process, leading to changing amounts of vaporization and final composition needs to be
carefully understood and meticulously controlled. Just a few wt% difference of Mg and Zn can
drastically change the mechanical properties of this alloy system.

Chapter 1 addresses both issues by investigating a novel Al-7068 alloy, with (i) TiC
nanoparticle inoculants added to the feedstock powders and (ii) increased amounts of Mg and Zn
in expectation of significant vaporization. The printing parameters are systematically varied to
measure how both composition and porosity change. It is determined under what conditions the
alloy is optimally dense, has minimal defects, and has composition that falls in the required range.
Key methodologies and techniques used are mass spectrometry to systematically quantity
chemistry, microscopy and CT scanning to quantify porosity, mechanical testing, and scanning
and transmission electron microscopy. Analytical models regarding evaporation occurring in the

melt pool and microstructural strengthening mechanisms are both examined and compared with



experimental observation. These models are examined to physically understand what mechanisms
are dominating the evaporation and strengthening behavior, as well as a future tool for aluminum

alloy development.

Figure 5. Microstructural variance across 3 different powder suppliers with the same specification for 17-4PH steel
feedstock powder. (c) and (d) are the same powder. EBSD maps where green is martensite, yellow is ferrite, red is
austenite, and black is unindexed.

Chapters 2 and 3 focus on 17-4PH steel, understanding the microstructural evolution
throughout LPBF processing, and utilizing this microstructural control to create parts with hybrid
microstructures that are not possible to create with any other manufacturing process. Traditionally,
17-4PH is a martensitic steel. However, the LPBF literature has reported that the as-printed
condition of 17-4PH varies greatly between prints®®°. When printed, 17-4PH presents very
different and more complex microstructures, encompassing various fractions of martensite,

austenite, and ferrite, depending on laser speed, power, printing strategy, and shielding gas®®°7-



1. Most recently, Haines et al. observed austenite, ferrite, and martensite all present in 17-4PHI™,
whereas An et al. observed mostly ferrite with little martensitel®l. Figure 5 further exemplifies
this material problem. Three different supplier’s feedstocks, printed in the same printer and
parameters, result in vastly different microstructures from fully ferritic to fully martensitic. These
structures can be practically homogenized and quenched back into their standard condition-A
(fully martensitic) microstructure. However, such large differences in observed as-printed
microstructures necessitates investigating the LPBF process control of 17-4PH and how 17-4PH
microstructurally evolves during printing. It is essential to note that this problem of 17-4PH
inconsistent microstructure across builds would impact quality and reliability for any future 17-
4PH LPBF applications. This demanded the previous research focus of LPBF literature towards
creating homogeneous microstructures most representative of their conventional wrought
counterpartst’-761,

Nevertheless, this challenge with 17-4PH steel presents a significant and unique
opportunity in that multiple phases and microstructures are desirable for different properties (i.e.
ferrite is soft/ductile while martensite is strong/brittle). This is different for many conventional
materials, where LPBF processing primarily results in either too little or too much energy input,
causing excess porosity. With the exception of some recently introduced multi-material powder
bed systemst’”7°1 most powder bed processes have uniform feedstock and do not allow
compositional grading. Thus, the only possible route in LPBF is control of microstructural
evolution is by local tailoring of the processing parameters. Recent progress in this field has shown
significant ability to locally control the grain size, shape and texture, by manipulating the printing
strategy in order to tune the direction of the temperature gradients upon coolingt -8l Mukherjee

et al. have thoroughly reviewed and outlined the different methods for controlling the grain



structure, phases, and defects in metal AM partst®l. Most notably, Sofinowski et al. have
introduced highly controllable layer-wise engineering of grain orientation (LEGO)
microstructures, where the crystallographic grain orientation in LPBF 316L steel®1 and Ti-Nbf€l
can be locally manipulated with great accuracy by using the laser scan speed and printing strategy
to manipulate thermal gradients. This capability has recently been further refined by Gao et al.
through careful selection of the hatch spacing and remelting the same location from multiple laser
scans. This allows for controlling the grain orientation texture of LPBF 316L at a resolution of
125um®l. Similarly, Plotkowski et al. have shown the ability to control grain texture and
morphology in EBM Inconel 718 by locally tuning the amount of time the material is above the
melting point, generating equiaxed and columnar microstructures on a point-by-point basist®l.
These approaches indicate the feasibility of manipulating the processing parameters to affect the
resultant microstructures. However, the work to date does not result in significant spatial gradation
in mechanical properties nor the ability to generate local microstructures with competing
properties (e.g., strong/brittle VS soft/ductile)®%891 A full understanding of this microstructural
evolution will allow us to control the structure in a location-specific manner, which is only possible
due to the unique localized point-by-point solidification occurring in LPBF.

Chapter 2 investigates the empirical relationship between processing parameters and
microstructure, primarily between volumetric energy density and variations in the
ferrite/martensite fractions and their corresponding mechanical properties. In agreement with a
large body of literature, vastly different as-printed microstructures and properties are observed
under different printing conditions. However, this issue of microstructural variance is transformed
into the capability to locally control the structure and properties throughout a part. This leads to

hybrid microstructures where ferrite and martensite are selectively placed to control the local
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deformation and the printed part's overall bulk properties. Additionally, Chapter 2 investigates the
resolution of microstructural control, and whether the structure and properties are controllable at
a voxel size of Imm or 1um. Ultimately, microstructural differences are observed at the scale of
the melt pool, which are further investigated in Chapter 3. Key methodologies used in Chapter 2
are mechanical testing (primarily microhardness and tensile testing) to quantify differences in
properties and resolution of control. SEM and TEM are utilized to characterize the different
microstructures and their nano-precipitates. Finally, hybrid composite microstructures are printed
by modulating the printing parameters within a single part; to exemplify an intermediary between
the bounds of bulk properties and highlight the capability to locally control the microstructure. 3D
Digital Image Correlation is used to measure full strain maps of samples during tensile testing.
Chapter 3 further investigates the thermodynamic and kinetic phenomena causing these
differences in phase evolution. Detailed experiments are conducted and analyzed at the scale of
the melt pool into how specific printing parameters (primarily hatch spacing and thus melt pool
overlap) are responsible for differences in phase stability within the melt pool. Key methodologies
such as Optical-Emission-Spectroscopy and X-ray-fluorescence are used to quantify small changes
in the global and local chemistry of the samples. Differential Scanning Calorimetry is used to
deconvolute the effect of thermodynamics from Kkinetics. Additionally, FEA models and
CALPHAD calculations are utilized to estimate thermal histories from different printing
parameters and understand the effect of cooling rate on phase evolution throughout samples printed
under different conditions. With a thermodynamic understanding of how the Fe-Cr-Ni system
behaves with slight variations in composition, combined with calculated kinetics effects from the
extreme LPBF thermal history, a descriptive decision tree is created in which specific printing

parameters can be chosen to fully design the microstructure in a location specific manner.
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Although LPBF has enabled unparalleled geometric design and noticeable improvements
in properties of certain alloys, certain material problems still limit the understanding, applicability,
and advancement of LPBF technology. The overarching focus of this thesis is on understanding
and solving these scientific problems in two important structural alloy systems, aluminum and
steel. The specific problems and chapters of this thesis are: (Chapter 1) Printing of a novel modified
7xxx series aluminum alloy which is insensitive to hot cracking and accounts for compositional
changes from evaporation, (Chapter 2) Developing strategies to tailor the microstructure and phase
distribution of 17-4PH steel locally, and (Chapter 3) Understanding the thermodynamic and Kinetic
mechanisms driving LPBF 17-4PH microstructural evolution. With a focus on compositional and
structural control of alloys in the two most important structural engineering material systems,
aluminum alloys and steels, this dissertation elucidates how solving material specific problems

enables structures and properties only possible and enabled through LPBF.
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Key Results

Synopsis of Chapter 1 Results

The precise composition of Al-7068 alloy must be known for the various processing
conditions. Otherwise, resulting structures and properties will vary from one print to another.
Figure 6 demonstrates that the evaporation of Zn and Mg can vary from 25% upwards to 60%
depending on the laser settings used during printing. Analytical calculations are conducted based
on estimated melt pool temperatures and the vapor pressure of each individual element. The details
of analytical calculations can be found in Appendix 1. It is important to note that the analytical
calculations closely match the experimental measurements in the energy density range of 150
JImm?3 to 200 J/mm?3, which is when the printed samples are fully dense (See Chapter 1 section
1.3.2 for porosity analysis showing optimized porosity in that energy density range). This is
ultimately expected, considering that when samples suffer from a lack of fusion porosity from too
little energy input or keyholing porosity from too much energy input, the heat transfer assumptions
of the analytical melt pool model are much less accurate. Confirming that analytical predictions
match experimental measurements of evaporation and composition, this will be a useful tool in

future development of aluminum alloys.
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Figure 6. Analytical predictions and experimental measurements of (a) Zinc and (b) Magnesium evaporation.
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With the post-print composition of Al-7068 now in an appropriate range, it is necessary to
understand the phase evolution during processing and how the TiC nanoparticles affect
solidification. Figure 7 shows equiaxed grains in the as-printed condition and thus elimination of
hot cracking (see Chapter 1 section 1.3.2 for bulk micrographs, and Chapter 1 supplementary for
grain orientation). Figure 7d STEM-EDS shows Ti (representing TiC nanoparticles) within the
FCC-AI grain and not solely located at the grain boundaries. This indicates that TiC acts as a
heterogenous nucleation site, altering the solidification mode from columnar (as commonly seen
in LBPF) to equiaxed. Such change in solidification mode eliminates of hot cracking. Equiaxed
grain formation and elimination of hot cracking is substantial, enabling printed samples to have

improved ductility, reach ultimate strength, and not suffer from anisotropic mechanical properties.

As-Printed HIP + Homogenized HIP + Homogenized + 24hr Age

Figure 7. (a)-(c) STEM micrographs showing the phase distributions and (d)-(f) STEM-EDS measurements showing
the TiC and MgZn; phases ,in the as-printed, HIP + homogenized, and HIP + homogenized + 24hr aged samples,
respectively.
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Many precipitates (colored white in Figure 7a) can be noted in the as-printed condition.
This is due to the builds sitting on the 200°C preheated build substrate for multiple hours during
printing, well above the 130°C aging temperature. Thus, the as-printed sample is essentially
overaged. The necessary following homogenization treatment shown in Figure 7b and 7e is
conducted to solutionize the MgZn; precipitates back into solid solution. However, due to Mg and
Zn compositions noticeably above the Al-7068 standard range (see Chapter 1 Section 1.3.1 for full
chemistry), the homogenized condition is fully saturated, and there remain some precipitates in the
homogenized condition. Figure 7c and 7f show the microstructure in the aged condition. The
precipitates’ size and spacing are used in Orowan strengthening calculations in both the

homogenized and peak 24hr aged conditions.

Figure 8 compares the experimentally determined yield strength with the calculated yield
strength based on analytical strengthening mechanisms. See Appendix 2 for the details regarding
the physical properties used for the calculations, Chapter 1, section 1.3.3 Figure 1.9 for the X-ray
diffraction used in calculating the dislocation strengthening and solid solution strengthening, and
Section 1.3.4 Figure 1.12 for the experimental stress-strain curves. Yield strengths are within 2%
and 15% for the peak-aged and homogenized conditions respectively. It should be noted that the
Orowan strengthening is primarily due to the MgZn. precipitates, and not the TiC nanoparticle
strengthening. However, the TiC nanoparticles lead to extremely small equiaxed grains of ~Ium
diameter. This results in a very high grain boundary strengthening of 95 and 92 MPa in the
homogenized and aged condition respectively. Therefore, the TiC nanoparticles significantly
reduce the grain size, increase the amount of grain boundaries, and indirectly strengthen the

material. Additionally, enrichment of Mg and Zn lead to large precipitate and solid-solution
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strengthening, leading to the modified alloy reaching strengths competitive with conventional Al-

7068.
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Figure 8. Comparison of the analytically estimated strengthening mechanisms with experimentally determined yield
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Synopsis of Chapter 2 Results

For the properties of LPBF 17-4PH to be locally controlled, it is necessary to investigate
what range of structures are printable thoroughly. This primarily consists of changing the
volumetric energy density (expressing the energy deposited by the laser in a unit volume, and
defined as laser power divided by the product of scan velocity, layer thickness and hatch spacing
(see Fig. 1)), which will alter the thermal history. Thus, as seen in the literature /47l it is expected
to observe substantial variation in microstructures between specimens. Figure 9 highlights the
differences in phases observed from dual-phase ferrite/martensite (Fig 9a-9c) in the lower energy
density (Ep = 100 J/mm?®) sample and fully martensitic in the higher energy density (Ep = 400
JImm?) sample. This can consistently be controlled across different part geometries and is utilized
to create a gradient hybrid microstructure shown in Figure 9g, in which it can be toggled where
ferrite and martensite are precisely located. Figure 9h-9j confirms the large columnar grains are
ferrite. See Chapter 2 supplementary Figure S2.3 showing this same microstructure across multiple

printed geometries.
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Figure 9. (a,d) SEM images of dual phase versus fully martensitic microstructures from gauge sections of dog bone
specimens processed with E=100 J/mm? and E=400 J/mm?, respectively. Microstructures of the inner core versus the
outer border of the samples are shown in (b-c) for E=100 J/mm? and (e-f) for E=400 J/mm3. (g) Optical image of an
etched hybrid sample printed by alternating 1mm layers at E=100 J/mm?2 and 400 J/mm?, with IPF-X maps, phase
maps, and band contrast maps shown in (h-j) for the inset in (g), respectively. The build direction is upwards
throughout the figure. (See Figure S2.1 for geometric details).

To utilize this microstructure control, Figure 10 shows parts printed with the gradient
direction upwards (Figure 10a) and with the gradient direction in the plane with the build direction
(Figures 10b-10c). Corresponding microhardness maps are shown in Figures 10d-10f. The
properties can be controlled in both orientations. Notice that the Ep = 100 J/mm? regions have
hardness of ~400HV on surfaces parallel to the build direction (Figure 10d), and ~450HV on
surfaces parallel to the build platform (Figures 10e-10f). This anisotropy in mechanical properties
is attributed to the columnar nature of the ferritic grains, which dramatically elongate along the
printing direction (Figure 9i): when hardness is measured parallel to the build plate, more grains

are indented, resulting in higher hardness.

(b)  Build Direction (o) (c
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Figure 10. Optical images (a-c) and Vickers HV0.5 hardness maps (d-f) of etched hybrid samples: (a,d) a block printed
by alternating Imm-thick layers processed with E=100 J/mm3 and 400 J/mm3; (b,e) a cylinder printed with an E=100
J/imms3 core and a 400 J/mm?3 outer shell; and (c,f) a block printed at 100 J/mm3 encompassing the UCI logo printed at
E=400 J/mm?3, (See Figure S2.1 for geometric details).

To investigate this property control more convincingly, a hybrid brick-and-mortar
microstructure is printed with harder Ep = 400 J/mm? bricks placed within a softer Ep = 100 J/mm?
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matrix. The tensile properties of these hybrid specimens are compared with the experimental
bounds of Ep = 100 J/mm? and Ep = 400 J/mm?® samples in Figure 11a. Digital image correlation
strain maps of the hybrid composite specimen are shown in Figure 11b. Notice how at every point
during the tensile test, from initial yield to final fracture, the hybrid composite is locally deforming
in the softer Ep = 100 J/mm? region. Such control of local deformation enables significant design
improvements in mechanical properties for different structures, particularly regarding energy
absorption. This level of phase grading, previously only achievable with AM techniques such as

DED using multiple hoppers, is now being demonstrated for LPBF of dual-phase alloys.
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Figure 11. (a) Engineering stress-strain curves from tension tests on dog bone specimens printed with differing
processing strategies: (i) uniformly low energy density of 100 J/mm? (black); (i) uniformly high energy density of
400 J/mm? (blue), and (iii) a ‘brick-and-mortar’-inspired architecture, embedding prismatic domains (bricks) printed
at 400 J/mm?3 in a matrix (mortar) printed at 100 J/mm? (red). (b) Stress-strain curve with DIC strain maps for a ‘brick-
and-mortar’-inspired sample, clearly showing localized plastic deformation in the softer regions printed at E=100

Jimm?3, (See Figure S2.1 for geometric details).

To fully utilize such microstructural control, it is necessary to understand the cause of
microstructural formation as a function of printing conditions. An intriguing observation is
revealed in the dual phase ferritic/martensitic Ep = 100 JJ/mm? samples: regardless of part geometry
or build orientation, the outer border of the sample (which, in our “Borders Inside-Out” scan

strategy, is always the last one to be printed) is always fully martensitic (See Figure 9d-9f and
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Chapter 2 supplementary). By contrast, ferrite grains seem to appear almost exclusively in the
hatch region between scans. Figure 12 shows single-track walls and dual-track walls printed with
Ep = 100 J/mm?3 and Ep = 400 J/mm?® parameters. All conditions are fully martensitic except for
the Ep = 100 J/mm? dual wall in Figure 12¢. This further reveals that reheating from an adjacent
scan is causing previously formed martensite to transform back into ferrite in the hatch region
between scans, for the Ep = 100 J/mm?® sample. However, this is not the case for the Ep = 400
JImm?3 sample, which remains martensitic under each condition. These observations are currently
unexplained and require further investigation, motivating the research conducted in Chapter 3.

E =100 J/mm? E =400 J/mm?

|

Single Track Walls
Build Direction

Dual Track Walls

:\'l‘“

&

Rty

200pm

(a) E=100 J/mm?3 and (b) E=400 J/mm?. Dual-track walls printed with (c)
E=100 J/mm?3 and (d) E=400 J/mm?3. Notice that ferritic grains are only present in the inter-hatch spacing in dual-track
walls printed with the lower energy density.

.f',
Figure 12. Single-track walls printed with
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Synopsis of Chapter 3 Results

Observations from Chapter 2 on the existence of large ferrite grains exclusively in the in-
hatch regions of the low volumetric energy density (Ep = 100 J/mm3) samples motivate a deeper
study on the separate effects of hatch spacing and Linear Energy Density, LED (representing the
energy deposited by the laser per unit length of melt pool, and defined as laser power divided by
scan velocity). Figures 13a-13f illustrate that samples with the higher LED are always fully
martensitic, a phenomenon that we can attribute to the higher evaporation of BCC stabilizing
elements (see Chapter 3, sections 3.3.2 and Chapter 3, supplementary for full chemical analysis).
However, lower LED samples are dual phase only under specific hatch spacings and thus certain

volumetric energy densities (VED) (Figure 13g-13h).

LED = 1.2 J/mm (P=200W, v=167mm/s)

(@)’H=600xm

LED = 0.3 J/mm (P=200W, v=667mm/s)

Figure 13. Effect of hatch spacing, and thus VED on dual walls with (a-f) LED = 1.2 J/mm resulting in no columnar
ferrite under any printing condition. (g-1) LED = 0.3 J/mm resulting in columnar ferrite forming under hatch spacings
of (g) 100um and (h) 150pm.

21



As large columnar ferrite grains are only being observed in lower LED samples with hatch
spacings lower than 100um (Figure 13h), further analysis of these samples is warranted. An XRF
chemistry map of this dual wall sample is shown in Figure 14. Figure 14c shows Cr segregation
within the in-hatch region, where ferrite is located. Ni depletion is also observed (Fig 14d). Given
that Cr is a d-ferrite/BCC stabilizing element and that Ni is a y-austenite/FCC stabilizing element
(v is formed prior to the martensite), these local chemical differences are likely responsible for the
observed difference in phase evolutions. Figures 14e-14f show CALPHAD equilibrium
calculations of the Cr-enriched and Cr-depleted regions. These equilibrium diagrams confirm that
the observed compositional differences across the In-Hatch and In-Track regions are significant
enough to thermodynamically stabilize o-ferrite in the Cr enriched region (Figure 14f) and

eliminate &-ferrite in the Cr depleted region (Figure 14e).
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Figure 14. (a) Optical micrograph of LED = 0.3 J/mm & VED = 100 J/mm? sample with the boxed region to be XRF’d.
XRF measurements of (b) Fe, (c) Cr segregation, and (d) Ni depletion in the ferrite region. Thermodynamic
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equilibrium step diagrams calculated for the (e) In-Hatch Cr enriched (16.3 wt%) regions and the (f) In-Track Cr
depleted (15.5 wt%) regions. Notice 3-ferrite is only thermodynamically stable in the Cr enriched region.

Having demonstrated that é-ferrite can thermodynamically form from the melt in the Cr-
enriched region, important kinetics questions still remain, to justify the observed room-temperature
microstructures. Scheil solidification calculations consistent with a simulated cooling rate of 5x10°
°C/s during solidification (See Chapter 3 Figure 3.6 for the full simulated LPBF thermal history

and Appendix 3 for FEA simulation thermophysical details) are shown in Figure 15.
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Figure 15. Scheil solidification calculations accounting for both back diffusion into the primary phase, and the 6 to y
transformation for the LED = 0.3 J/mm & VED = 100 J/mm? sample. The mass fraction during solidification of (a)
FCC and (b) BCC for the Cr enriched region. The mass fraction during solidification of (a) FCC and (b) BCC for the
Cr depleted region.

Figure 15b shows the mass fraction of &-ferrite in the Cr-enriched In-Hatch region during
solidification. Although some of the 5-ferrite is predicted to transform back into y-austenite, there
remains ~15% o-ferrite upon solidification. In the Cr-depleted In-Track region, é-ferrite is never
stable and thus never forms upon solidification. Thus, even with a propensity of d-ferrite to
transform back into y-austenite (and sequentially transform to martensite upon extremely fast

cooling), d-ferrite remains stable to room temperature.
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Figure 16. (a) XRF Cr segregation in the In-Hatch region. (b) CALPHAD liquid diffusion calculation with a 1%
chromium concentration gradient across a 380um region. The diffusion kinetics are fast enough that under a few ms
solidification time (as in LPBF), segregation of Cr across the melt pools can be induced.

While the analysis above justifies the room-temperature presence of o-ferrite in Cr-
enriched regions, the origin of Cr segregation in the In-Hatch region is still unexplained. Figure
16 shows the 1D Cr line profile of the experimental sample, compared with diffusion calculations

from ThermoCalc. The calculations correspond to diffusion in the liquid during solidification,
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from a Cr-rich virgin powder to a Cr-depleted melt pool. The right boundary condition in this 1D
diffusion calculation models the evaporation during printing. Realistically, this model is extremely
simplistic, neglecting three-dimensional evaporation patterns, Marangoni convection causing
turbulence in the melt pool, and chemical variability across individual powder particles.
Nonetheless, this simple 1D model, which accounts for the two major physical mechanisms
occurring during melting (diffusion and evaporation), closely matches the experimental 1D Cr
profile, and may explain Cr segregation in the In-Hatch region of the sample. (See Chapter 3,

section 3.3.3, for more details).
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Figure 17. (a) Dual wall melt pools of LED = 1.2 J/mm with various hatch spacings. (b) Dual wall melt pools of LED
= 0.3 J/Jmm with various hatch spacings. (c) Thermodynamic and Kinetic effects from LPBF process parameters.
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A comprehensive illustration summarizing the microstructural evolution as a function of
processing parameters is shown in Figure 17, corresponding to experimental observations of LPBF
17-4PH microstructures. This manifests into a decision tree, which provides materials designers a
useful tool to tune microstructural evolution by independent control of LED and VED. This
framework explains how thermodynamics and kinetics individually affect the microstructural
evolution of 17-4PH during printing, and can be qualitatively generalized to a wide range of dual

phase alloys.
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Conclusions of the Dissertation

The research conducted in this PhD thesis establishes a framework for chemical and
structural control in aluminum and steel alloys via LPBF. For additive manufacturing to reach its
full potential across multiple industries, the complex relationships between processing parameters
and microstructural evolution — and ultimately mechanical and physical properties, must be deeply
understood and controlled.

In the first part of this thesis (Chapter 1), a rigorous framework for LPBF of aerospace-
quality, precipitation-strengthened Al-7xxx alloys is introduced. The proposed approach uses
evaporation models to predict the optimal feedstock composition as a function of processing
parameters and desired alloy chemistry, and the introduction of TiC nanoparticles to break dendrite
formation and limit hot cracking, while also strengthening the alloy by grain size reduction. It is
shown that an Al-7068 alloy can be successfully printed and heat treated, reaching mechanical
properties on par with those of Al-7068 wrought parts.

In the second part of this thesis (Chapters 2-3), a unique feature of LPBF manufacturing, namely
the extremely localized nature of the solidification process, is exploited to demonstrate spatial
control of microstructural evolution and hence mechanical properties. 17-4PH steel, one of the
most widely utilized high-strength steels in the market, is used for this study, thanks to its extreme
sensitivity to chemical variations and cooling rates. In Chapter 2, it is demonstrated that when
printed at high energy density (400 J/mm?®), the material develops a fully martensitic
microstructure; by contrast, when printed at lower energy density (100 J/mm?), a dual phase
microstructure ensues, with martensitic laths interspersed with large ferritic grains, which largely
populate the inter-hatch regions of the samples. The two microstructures exhibit significantly

different mechanical properties, with ~20% differences in strength and ~150% differences in
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ductility. Local microstructural control with a resolution of ~100 microns is demonstrated in
samples of different shapes and sizes. In Chapter 3, a combination of multiple experimental
techniques and modeling approaches is used to unveil the thermodynamical and Kinetic
phenomena responsible for the complex phase evolution presented in Chapter 2. The results
provide a mechanistic understanding of microstructural evolution of 17-4PH steel processed in
LPBF, and explain the origin of complex spatially heterogeneous two-phase microstructures that
were observed in Chapter 2 (as well as multiple previous studies from the literature). While these
results can be used for intentional local design of specific microstructures in 17-4 PH steel, the
physical mechanisms discussed in Chapter 3 provide a general mechanistic framework for
microstructural evolution, which can be applied to other dual phase systems such as Nitinol, Fe-

Mn-Si shape memory alloys, Ti-6Al-4V, and Fe-Cr reduced activation ferritic/martensitic steels.
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Recommendations for Future Work

Regarding future scientific investigations, the development of in-situ experimental
techniques to better understand the formation of 17-4PH and similar dual-phase alloys during
printing is recommended. In-situ experiments are often cost-prohibitive, leading to volumes and
sample sizes not representative of the manufacturing process in practicality. Development of these
methods would allow for a stronger literature base to be built up. Additionally, from a stronger
literature of in-situ experimentation, developing simulation techniques created specifically for
LPBF is critical. There are currently some options available on the market. However, they are
often (i) cost-prohibitive, (ii) unable to be calibrated/compared with experiments (thus
necessitating the development of in-situ techniques), and (iii) unable to simulate realistic part sizes.
The issue of small parts sizes and long simulation times will be inevitably solved with the
development of general purpose GPUs. However, it should be particularly focused on by materials
scientists to develop LPBF physics specific software and in-situ experimental techniques for the
further development and study of these alloys.

Additionally, the use of analytical evaporation models in future modified design of
aluminum alloys is recommended. From the work conducted in Chapter 1, the Zn should be
dropped by ~5% in the powder to 12.5% for Al-7068 alloys. This will improve ductility by
allowing a full homogenization window. Analytical models should also be further matured
regarding their applicability in more complex alloys. Particularly, in alloys with multiple
components that don’t have such large variations in vapor pressure, such as complex steels or high
entropy alloys.

Regarding future engineering applications, the microstructural control demonstrated in this

thesis needs to be confirmed and utilized in the printing of other dual-phase alloys, particularly Ti-
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6Al-4V and Nitinol shape memory alloys. These are two important alloys that already have many
engineering applications and still have potential for further development and optimization.
Additionally, the investigation of emergent properties through hybrid microstructures should be
thoroughly conducted. This would need to be a property not dominated by the rule of mixtures,
such as energy absorption or fracture toughness. This thesis demonstrates how to control the
strength and ductility of LPBF 17-4PH as an intermediary between two bounds; i.e. a stronger
fully martensitic structure and a more ductile dual-phase ferrite/martensite structure. A significant
improvement would be to have an emergent property better than properties from either single
microstructure alone. This would open up many innovations in microstructural design, to be used

across engineering applications.

31



1. Chapter 1. A Modified Aluminum 7068 Nanostructured Alloy

1.1. Introduction and background

Martin et al. first demonstrated that incorporating Zr nanoparticles (NPs) as inoculants in
the Al alloy powder feedstock eliminated hot cracking in LPBF-processed parts. The Zr
nanoparticles promoted heterogeneous nucleation from in-situ formed AlzZr inoculants within the
melt pool, resulting in refined equiaxed grains™¥. Molecular dynamics simulations have verified
the amount of low-mismatch lattice planes between the inoculant and the matrix phase to be a good
predictor on how well heterogenous nucleation prevails®2%l, Additionally, Sistiega et al. have
shown that increasing the silicon content up to 4% in Al-7075 reduces the tendency to hot crack,
due to an increase in latent heat and decreased solidification range, enabling to successfully print
nearly fully dense parts. However, Si stabilizes the B-MgSi> phase, which has a decreased
strengthening effect compared to the desired n-MgZn phase in 7xxx alloys, resulting in lower
mechanical properties®®!. Spierings et al. printed a novel aluminum-scandium alloy
(Scallmalloy™) via LPBF; formation of L1, AlsSc precipitates led to heterogenous nucleation,
resulting in an equiaxed grain structure, and mechanical properties competitive with those of
wrought Al-70751%. Scandium inoculants have been consistently shown to eliminate hot cracking
and provide improved high temperature strength from the ordered FCC L1, AlsSc precipitates;
however, scandium is not economically viable compared to other traditional inoculants such as Zr
and Til*®1% TiC and TiB: inoculants have been previously shown to improve the processability
of high-strength aluminum castings, weld filler, and LPBF powder®-171 and additionally
provide grain refinement, in a cost-effective mannerl%-111 Recent work has shown that TiC’s
low lattice mismatch with the a-Al matrix makes it effective in increasing nucleation rate and

restricting grain growth during processing of 2xxx, 6xxx, and 7xxx series All**2l, However, varying
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results in terms of the TIiC phase stability and strengthening effect have been
reported[#®106.107.113.114] \warranting further studies.

Evaporation of volatile elements, such as Mg in 6xxx and Mg and Zn in 7xxx Al alloys,
has been observed during LPBF processing**34. R. Mertens et al. enriched an Al-7050 + 1% Zr
alloy with an additional 7% Zn to counteract evaporation and observed over 50% loss in Zn[*15],
Additionally, A. Martin et al. varied the Zn composition in the feedstock powders, and observed
less than 15% loss in Zn['®l, The literature continues to show varying results in terms of elemental
vaporization in multiple aluminum alloys?3100117-1211 "\arranting further investigation on the role
of processing parameters on post-print composition, and specifically the influence of the energy
input into the melt pool on compositional changes. These insights will enable alloy design and
control of the constituent elements with different volatilities during LPBF processing.

Al-7068 possesses excellent strength but is prone to hot cracking as well as compositional
changes during LPBF processing!*?1%l. This study presents a modified Al-7068 aluminum
powder with two key features: (i) the addition of TiC nanoparticles to prevent hot cracking by
promoting heterogenous nucleation within the melt pool and restricting grain growth during
solidification; and (ii) a significant enrichment of highly volatile elements (Zn and Mg) to
counteract evaporation during LPBF processing, to achieve the desired target composition in the
LPBF printed parts. The influence and effect of LPBF processing parameters (laser power, scan
speed, and energy density) on the resultant composition, microstructure and mechanical properties

of the printed alloy are carefully investigated and discussed.

1.2. Methods

1.2.1. Materials Preparation
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The powder feedstock used in this study was produced by MetalLi™ via Argon gas
atomization of the alloy ingot with dispersed TiC nanoparticles™™4l. The metal charge of ~18.5 kg
was held at 820°C (180°C superheat) in a vacuum furnace for one hour before atomization. The
powder was sieved through 15-53um sieves prior to printing. The powder has an oxygen content
of 349.2 ppm and a Carney Flow Rate of 13.4s/509. The feedstock powder particle size distribution

and chemical composition of the alloy are shown in Figure 1.1 and Table 1.1, respectively.
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Figure 1.1. Particle Size Distribution (PSD) of the Al-7068+TiC feedstock powder.

Table 1.1. Chemical composition (wt%) obtained from ICP-MS, with TiC percentage provided by MetaLi™.
Al Zn Mg Cu TiC
Al-7068 Bal. 17.4 3.9 2.0 1.5
(this study)
Wrought Al-7068 Bal. 7.3-83 22-30 16-24 -
(allowable range*?61)

An SLM 125HL printer with a Yb-fiber 400W maximum output laser was used to print the

specimens for this study. Small 5x5x10mm blocks were printed for density and compositional
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measurements, with laser power and laser scanning speed varying as described in Figure 1.2 and

Table 1.2. Samples are printed with laser powers of 200W, 300W, and 400W. Laser scan speed

was varied from 250 mm/s to 1250 mm/s. Hatch spacing and layer thickness are kept constant at

100um and 30um, respectively. A stripe scan pattern was used, with laser raster parallel to the

recoating direction. All additional printing parameters and scan strategy were kept constant

through all builds.
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Figure 1.2. Parametric sweep of laser power and laser scan speed, covering a wide range of energy density (Ep), 66
Jimm? to 533 J/mm?. Each set of four 5x5x10mm blocks has nominally identical processing conditions. (a) CAD
design file. (b) Printed samples on the build plate, with top surfaces ground.

Table 1.2. Processing parameters for all 5x5x10mm blocks.

Laser Power  Scan Speed  Energy Density
(W) (mm/s) (I/mm3)
200 200 333
200 300 222
200 400 167
200 500 133
200 750 89
200 1000 67
300 250 400
300 500 200
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Figure 1.3. Large build geometry used to assess mechanical behavior and porosity distribution: (a) Schematic of the
build, highlighting the orientation of tensile coupons and the portion used for CT porosity analysis, and (b) image of
the as-printed block to demonstrate build surface finish.

These parameters resulted in volumetric energy density (Ep, defined as the laser power divided by
the product of scan speed, layer thickness and hatching distance) varying by an order of magnitude,
from 66 J/mm? to 533 J/mm?3. Recent studies on LPBF Al report that both Al-Si alloys and high-
strength Al alloys (6xxx and 7xxx series) print with >99% relative density with Ep in the 100-200
JImm? range. The addition of ceramic particle inoculants at small volume fractions have shown to
not substantially vary this optimal Ep rangel*21%6127.128] However, in this study we decided to
investigate a much broader Ep range, in order to to more comprehensively capture the effect of
processing parameters on material evaporation. The build chamber was purged with nitrogen down

to oxygen levels of 0.01%; the build plate was heated to 200°C during the print. The powder was
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re-sieved before each print. All samples were printed directly on the build substrate, with electrical-
discharge-machining (EDM) used to remove the parts from the substrate.

For tensile tests, larger rectangular blocks with cross-sectional dimensions of 200mm X
12mm were printed, as shown in Figure 1.3. Two different processing settings were used: [200W,
400mm/s] and [400W, 750mm/s], henceforth referred to as 200W and 400W. These settings were
determined to be optimal from a parametric sweep of the small builds, as discussed in Sec. 3.2.
The rectangular blocks were printed with heights ~30mm. The printed tensile blocks were then
machined into rectangular tensile coupons via EDM according to ASTM E81?°l, The tensile
coupons were cut parallel to the build substrate, with their gauge length perpendicular to the build
direction (Figure 1.3a). Material was sectioned via EDM adjacent to the gauge section of the larger
blocks and used for metallographic and x-ray diffraction (XRD) analyses. The middle section of
the larger block was removed via EDM across the entire build direction and examined for structural
integrity via CT imaging.

Post-processing of the samples consisted of homogenization and aging heat treatments.
Additionally, select samples were treated with hot isostatic pressing (HIP) before further heat
treatments. Samples were homogenized at 465°C for 30 minutes in an MTI GSL-1100X tube
furnace in ambient atmosphere with a heating rate of 10°C/s, and then water quenched. Aging
treatments were carried out under the same conditions at 130°C, with peak aging being 24 hours.
HIP treatments were carried out in a Quintas MIH-9 Hot Isostatic Press at 400°C for 4 hours, with
a 2-hour simultaneous pressure and temperature ramp-up from ambient conditions.

1.2.2. Chemical Analysis
Inductively-coupled-plasma mass spectrometry (ICP-MS) was conducted with a

ThermoFisher Scientific iICAP RQ system using a single quadrupole detector. The feedstock
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powder and hand-ground sections from the small blocks were digested using 15ml of trace metal
grade 70% nitric acid (HNOz3), and further diluted 150x into 1% HNO3 solution. Calibration
standards for concentration analysis was carried out using the multi-element standard IV-ICPMS-
71A from Inorganic Ventures (VA, USA), with a 10 mg/ml analyte concentration in a 3% volume
HNO:s solution.

1.2.3. Microstructural Characterization

The Archimedes method was used for density measurements. Each surface of the small
blocks was mechanically ground to 1200 grit, and then polished to 0.05um using colloidal silica.
The weight of the small blocks (w) was measured in air, and the apparent weight submerged in
pure ethanol (wa) measured using a Mettler Toledo AG204 Archimedes scale. The temperature of
the ethanol after submerging was allowed to equilibrate, allowing an accurate estimate of the
density in ethanol (pf). The density of the alloy (p) was calculated as p = psw/(w — wg). The
relative density of the samples was obtained as the measured density divided by theoretical density
of the material; the theoretical density was determined using CALculated PHAse Diagram
(CALPHAD) equilibrium calculations with ThermoCalc Software’s TCALS8 database from known
post-print compositions measured by ICP-MS. We emphasize that theoretical densities depend on
scan parameters, as rates of evaporation and hence part composition vary.

Four samples were imaged using a VJ Technologies VedaPro X-ray Computed
Tomography (CT) platform with a 200um pixel pitch digital detector array and a microfocus X-
ray source with maximum voltage up to 225kV: two small builds with optimal densities (200W-
400mm/s, and 400W-750mm/s), and two middle sections EDM’d from the larger builds printed

with the exact same parameters. 20pm and 45pum voxel sizes were used for the small and large
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builds, respectively. Analysis of the pore distribution was conducted in the VGSTUDIO MAX
software package.

For powder cross-sectional analysis, the feedstock powder was mounted in an epoxy mix
with conductive graphite. The powder was sequentially polished down according to standard
metallurgical polishing procedure, with a final polish using 0.05um colloidal silica.
Microstructural analysis was performed using a TESCAN GAIA-3 scanning electron microscope
(SEM). Micrographs for particle size distribution analysis were captured using a secondary
electron (SE) detector, whereas cross-section micrographs of phase distribution were captured
using a back-scattered-electron (BSE) detector. For microstructural analysis of the as-printed
builds, the small blocks were mounted in an epoxy mixture and polished down to a 0.05um
colloidal silica finish. Phase-distribution micrographs were obtained in BSE mode, and Energy-
Dispersive-Spectroscopy (EDS) elemental maps were acquired with an Oxford Aztec Energy
Advances EDS Microanalysis system with a X-MAX 150mm? silicon drift detector. Phase
fractions were calculated using ImageJ Software (NI1H)23,

Higher resolution microscopy and characterization of the lattice structures and precipitates
were conducted with a JEOL JEM-2800 scanning/transmission electron microscope (S/TEM)
equipped with a Gatan Oneview camera, operating at a beam voltage of 200 kV. The JEM-2800
is equipped with dual 100 mm? silicon drift detectors (SDD) for energy-dispersive X-ray
spectrometry (EDS) for elemental characterization. The TEM lamellae samples were extracted
using a focused ion beam (FIB) in a Quanta 3D FEG dual beam SEM/FIB (Thermo Fisher
Scientific Inc.).

XRD patterns were collected using a Rigaku Ultima X-ray diffractometer equipped with a

Cu Ky (A = 0.154nm) radiation source configured in Bragg-Brentano geometry. 40kV and 30mA
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emission was used, and scans were conducted varying 26 in the range 15-90° with 0.01° step size
and scan speed of 0.5 °/s. Each pattern was normalized for comparison.
1.24. Mechanical Testing

Tensile tests were conducted on an Instron 5985 load frame equipped with a 250kN load
cell. An AVE2663-901 video extensometer with a Fujinon HF16HA-1S lens was used to track the
strain of the gauge section. Tests were conducted according to ASTM E8 standards at quasistatic
strain rate of 0.001s®. The printed tensile blocks were machined via EDM into rectangular tensile
coupons with gauge dimensions of 20mm in length, 6mm in width, and 3mm in thickness. Vickers
hardness measurements were taken with a 50g load held for 10s averaged across 10 measurements,
using a Buehler Wilson VH3300 instrument. Hardness was used as a metric to identify the peak

aging condition.

1.3. Results & Discussion
1.3.1. Composition Analysis and Selective Elemental Evaporation

As the boiling points of Zn and Mg (907°C and 1091°C, respectively) are much lower than
the boiling points of Al and Cu (2470°C and 2562°C, respectively) and not much higher than the
solidus of AI-7068 (~465°C), selective evaporation of Zn and Mg during LPBF processing is
expected. As MgZn; is the strengthening precipitate in 7xxx alloys, it is critical to determine the
loss of Zn and Mg during processing accurately. At low Zn:Mg ratios, other intermetallic phases,
e.g. S-phase and T-phase, become stable and the strengthening contribution from precipitation
hardening is reduced™®!32 Chemical analysis of the small builds was conducted across the
parameter sweep to systematically evaluate the role of the volumetric energy density, Ep. Figure

1.4 shows the compositional changes in Zn and Mg as a function of Ep and laser power. The
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composition for every sample is shown in Table S1.1 in the supplementary information. As energy
density increases, the concentrations of both Zn and Mg decrease, as shown in Figures 1.4a and
1.4b, respectively. The Zn:Mg ratio also decreases as much as 33% from the initial starting ratio
in the feedstock powder (Figure 1.4c), since Zn evaporates faster than Mg. Importantly, notice that
these trends are not directly affected by the laser power alone, confirming that volumetric energy

density is a viable metric for predicting evaporation of constituent elements.
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Figure 1.4. Compositional analysis of the resulting builds as a function of energy density: (a) Zn loss, (b) Mg loss, (c)
Zn:Mg ratio, and (d) total weighted loss of Zn and Mg.

It has been frequently observed that LPBF-printed 7xxx Al alloys experience significant

compositional change relative to the powder feedstock chemistry, with the literature reporting wide
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ranges of selective evaporation, depending on the process parameters and measurement method
used'>1%6l The effect of printing parameters on the temperature of the melt pool, and ultimately
on the selective evaporation of low-boiling point elements, can be estimated analytically through
calculations of vapor pressures and vaporization fluxes via the Langmuir equation!**l, The melt
pool geometry can be estimated using the Rosenthal equation™®31%4 under the simplifying
assumptions that the melt pool shape is semi-elliptical, the heat flow is two-dimensional, the heat
transfer through the melt pool is purely conductive (with vaporization from the top surface), the
laser beam is a point source, and all properties of each phase are temperature independent. Details
of the calculations are provided in Appendix 1. The experimental measurements of Zn and Mg
evaporation are compared with the analytical predictions in Figure 1.5. The predicted trend of a
large initial increase in evaporation with a tailoring off towards higher energy densities matches
the experimental measurements from this work. It should be noted that our experiments and
analytical predictions best agree in the energy density range of 150-200 JJ/mm?, which is the region
in which we observe maximum density and avoid both lack-of-fusion and keyholing porosity (see

Sec. 3.2 and Figure 1.6).
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Figure 1.5. Analytical predictions and experimental measurements of (a) Zinc and (b) Magnesium evaporation.
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In summary, significant compositional changes occur during LPBF processing of Al-7068,
with 30-55% of volatile elements being removed, depending on the energy density (Figure 1.4d).
While Mg concentration and Zn:Mg ratios fall within the prescribed ranges for Al-7068 at nearly
any energy density, energy densities higher than 300 J/mm? are needed to bring the Zn amount in
the prescribed range. This suggests that the Zn concentration in the initial powder could be slightly
decreased, as further discussed in the next sections. Even with this caveat, we demonstrated that
enriching the initial powder of volatile elements is a viable strategy for achieving compositional
accuracy in LPBF-processed 7xxx series aluminum alloys.

1.3.2. Porosity Analysis

Metallic AM components are known to exhibit porosity, which results in limited ductility
and reduced fatigue 1ifel*3%], Hence the relative density (defined as 100% - porosity%) is a key
metric for process optimization. The ICP-MS composition measurements shown in Figure 1.4
indicate that samples processed at different energy densities have different compositions and
therefore different theoretical densities, complicating determination of the relative density. To
address this challenge, the compositional information determined by ICP-MS was used as the input
for CALPHAD equilibrium calculations to determine the theoretical density of each sample. The
experimentally measured density of each sample (Figure 1.6a) was then divided by its calculated

theoretical density to determine the true relative density of each sample (Figure 1.6b).
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Figure 1.6. (a) Archimedes density and (b) relative density as a function of energy density.

For all sample compositions evaluated, CALPHAD predictions showed that the desired
FCC-AIl and MgZn; precipitate phases are stable across solid state temperatures, with no additional
deleterious phases. Thus, process parameters for the larger prints were optimized simply to
maximize relative density (i.e., minimize porosity), based on the data collected on the smaller
prints (Figure 1.6b). The optimal energy density along the 200W curve is obtained for Ep = 166.6
JImm?, resulting from a scan speed of 400mm/s; the optimal energy density along the 400W curve
is obtained for Ep = 177.7 JJmm?®, resulting from a scan speed of 750mm/s. These optimal
parameters are henceforth adopted for large scale prints, to be used for microstructural analysis,
CT analysis, and mechanical testing. Both optima are practically identical in chemistry (10.5% Zn
and 2.7% Mg for the 400W condition, and 10.3% Zn and 2.7% Mg for the 200W condition). The

full composition for every sample is shown in Table S1.1. in the supplementary information.
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Figure 1.7. Representativeroptical. micrographs of porosity morphology at (é), (d) the minimum energy density; (b),
(e) optimal energy density; (c), (f) maximum energy density. The scan directions are noted.

The amount of porosity observed in each sample (Figure 1.7) confirms the trends in density
discussed above and quantified in Figure 1.6. Figures 1.7a and 1.7d exemplify the lowest Ep value,
where lack of fusion porosity between consecutive build layers and between adjacent scan lines
are present. Figures 1.7b and 7e show prints produced with optimal Ep, resulting in 99.6% relative
density, verified by CT imaging. Finally, Figures 1.7c and 1.7f show parts produced with the
maximum Ep, leading to uncontrolled turbulence in the melt pool causing keyholing and large

circular pores. The increased evaporation rate present in the alloy also led to gas porosity across
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the entire processing range, but most notably at maximum Ep. The trend of lack of fusion at low
Ep values and keyholing at high Ep values is consistent with literature on LPBF processing[?”2°],

The optimal process parameters for 200W and 400W conditions were used to print the
larger sized tensile builds. The central portion of these larger builds were sectioned using EDM
for CT imaging (shown in Figure 1.3a). CT data was used to quantify the pores' size and
distribution. CT imaging shows similar relative densities when scaling up from the small
5x5x10mm builds to the larger 12x100x30mm tensile builds. Figures 1.8a and 1.8e are digitally
reconstructed 3D volume renderings of the 400W parameter set prints of the small build and large
build, respectively. Figures 1.8b and 1.8f show the pore distribution along the build height, in the
small and large builds, respectively. No trend in porosity distribution along the build height is
observed. Figures 1.8c and 1.8g show the distribution across the scanning and recoating direction
(referred to as the X-Direction), in the small and large builds, respectively. Both builds have a
bimodal pore distribution along the X-Direction. Figures 1.8d and 1.8h show porosity radius
histograms, in the small and large builds, respectively. The median pore radius of the large build

is twice that of the smaller build, 101pm vs 43um, respectively.

46



SMALL SPECIMEN LARGE SPECIMEN
(a) (b)

Radius [um]
260

()

Build Height Pore Distribution 5 9..9 % Dense Build Height Pore Distribution

227

~ ®

Build
138 Direction

Build
Direction

Build Height (mm)
®

4 mow s oo
Build Height (mm})

200 400 600 800 1000 1200
Counts (#)

0 100 200 MO 400 500 600

Counts (#)

(¢) Scan Direction Pore Distribution (d) Pore Radius Histogram (h) Pore Radius Histogram
300

25001 ¥ Pore R,;=43.02um
2000

Pore Ry, =101.45um

1500

Counts (#)
Counts (#)

1000

500

0

| 0 0
2 4 6 0 100 200 300 400 2 4 6 8 10 12 14 0 100 200 300 400

X-Position (mm) Pore radius (pm) X-Position (mm) Pore radius (pm)
Figure 1.8. CT porosity measurements for 400W specimens: 3D reconstructions of the (a) small and (e) large builds.
Porosity distributions across the build height of the (b) small and (f) large builds. Porosity distributions along the
recoat/scan direction of the (c) small and (g) large builds. Pore radius histogram across the (d) small and (h) large
builds.

One possible explanation for the increased porosity size in the large build is an increase in
powder spatter, as the larger build layers have nearly a 50X increase in cross-sectional area
compared to the small build layers. Powder spatter disrupts the recoating process and creates pores
as large as several powder particles, spanning multiple build layers. The powder spatter on the
surface of each layer interferes with the bi-directional recoating process and gets swept towards
the middle of the build, from each side (see Figure S1.2 and Video S1). This could also explain
the bimodal pore distribution in the X-direction, observed in Figures 1.8c and 1.8g. This bimodal
porosity distribution across the recoating direction is not observed in CT imaging of previously
investigated LPBF alloys**¢1%7] strongly suggesting the connection for the increase in spatter from

increased evaporation.
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The measured porosity from CT imaging is within 0.3% of Archimedes density
measurements for both the large and small builds. Even at the optimal energy input yielding a
99.7% dense sample, porosity is still present due to spattered powder (Figure S1.2 and Video S1).
High speed imaging of the printing process has previously shown the vapor flux plume created
during evaporation of constituent elements to be the main driver of ejected powder spatter!*3el,
Indeed, a large increase in spatter for the presently printed alloy processed via LPBF can be
expected, as the print evaporated 8% of its total mass during printing. The effect of spatter-induced
defects on mechanical properties, and their evolution throughout processing, is discussed in section
1.3.4.

1.3.3. Microstructural Evolution and Phase Analysis

The XRD patterns of the optimal 400W sample presented in Figure 1.9 allow clear
identification of the phases at each processing step. Figure 1.9b shows a slight diffraction peak
shift towards higher angles of the MgZn, phase after printing compared to the powder feedstock,
attributed to the loss of Mg and Zn during processing: as more Al substitutional atoms occupy
lattice sites in the intermetallic MgZn; phase (predicted by CALPHAD calculations), the smaller
Al atoms decrease the lattice plane spacing, thus increasing the diffraction angle. The TiC peak

angles remain stable throughout processing, as shown in Figure 1.9c.
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Figure 1.9. (a) Full range of XRD peaks observed in the feedstock powder, as-printed and homogenized 400W sample.
(b) Zoomed view of the 19-23° range, showing nearly complete homogenization. (c) Zoomed view of the 36-42° range,
showing near full homogenization and the TiC stability.

Microstructural analysis was conducted on the initial feedstock powder and on samples
printed with different processing conditions to understand the effect of processing on
microstructure. Figure 1.10 shows representative microstructures for the powder feedstock (Figure
1.10a), as-printed (Figure 1.10b) and homogenized (Figure 1.10c) samples, printed with 400W
optimal parameters. All SEM-BSE micrographs clearly show three different phases, with the grey-
scale intensity correlating with atomic mass. The phases from brightest to darkest are 1-MgZn.,
TiC, and a-Al, with CALPHAD-predicted densities of 5.11g/cm?®, 4.93g/cm?®, and 2.71g/cm?,
respectively. EBSD analysis (Figure S1.5) confirmed that the equiaxed a-Al grains observed in
Figure 1.10 are individual grains separated by distinct MgZn; intermetallic regions, without the
presence of a larger columnar grain texture. The a-Al grain sizes are similar in both the feedstock
powder and in the as-printed conditions, at 1.57 £ 0.55um and 1.61 £ 0.79um, respectively. This
microstructure is consistent with the similar cooling rates achieved in gas atomization and
LPBFI29, A full homogenization window was not observed, with 1.6% volume MgZn;
intermetallic remaining after homogenization (Figure 1.10c), which agrees with CALPHAD
predictions. The comparison between the experimentally measured post-homogenization MgZn,
volume fraction and the CALPHAD predicted remaining intermetallic fraction immediately below
the solidus temperature is quantified and shown in Table 1.3. In addition to appearing at a-Al grain
boundaries, spherical MgZn, intermetallic particles are present within the a-Al grains in the as-
printed condition. These additional particles are attributed to the build continuing to equilibrate on
the 200°C heated substrate for several hours while the entire print is completed. During the printing

process, the solidified material is exposed to sufficiently high temperatures to enable diffusion of
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solute elements saturated in the a-Al grains due to the high solidification rates achieved. This
diffusion leads to the uniform precipitation of spherical MgZn; intermetallic particles in the matrix.
Figures 1.10a-c confirm that the TiC particles remain stable throughout the LPBF process. TiC in
the as-printed condition is mostly observed along the grain boundaries, bonded to the intermetallic
phase due to low lattice-plane mismatch, with some TiC also present within the a-Al grains (Figure
1.10b). TiC agglomerates are 530 + 270 nm, 590 £ 180 nm, 630 + 400 nm in the powder, as-
printed, and homogenized samples respectively; however, TEM observations (Figure 1.11) show
that the TiC nanoparticles form agglomerates made up of smaller particles, with an average

diameter of 180+£83 nm.
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Powder As-Printed Homogenized

R<

Figure 1.10. Representative SEM-BSE micrographs of (a) the feedstock powder, (b) the as-printed and (c)
homogenized 400W specimen. Representative EDS showing phase constituents in (d) powder, (e) as-printed and (f)
homogenized samples. The build direction is upwards.

Table 1.3. Volume percent of the intermetallic phase: experimental measurements versus CALPHAD

predictions.
SEM CALPHAD SEM CALPHAD
As Printed 200°C Homogenized 465°C
Equilibrium Equilibrium
Volume
MgZnz (%) 9.3 9.3 1.6 1.8

The as-printed microstructure shown in Figure 1.10b clearly illustrates an equiaxed grain

structure, confirming that columnar grain growth (a precursor to hot cracking) is avoided by the
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addition of TiC nanoparticles in the alloy. TiC nanoparticles act as heterogeneous nucleation sites
within the melt pool, as the TiC particles are located within the a-Al grain. A high-resolution TEM
(HRTEM) image of at the TiC/Al interface is given in Appendix 2 (Figure A2.1). Previous work
has also verified coherent bonding between the planes of the intermetallic phase and TiC through
HR-STEM in a nano-treated Al-7075 weld filler!**?, Additionally, Li et al. have observed an
increased nucleation rate of cast Al-7075 with TiC compared to Al-7075 without TiCE®l,
Restriction of the solidification front is also observed as TiC is located at the grain boundaries
along with the MgZn; phase. This is due to TiC’s high melting point and its stability in the melt
pool throughout LPBF processing.

Selected samples for mechanical testing were additionally treated with HIP prior to
homogenization and aging treatments. TEM micrographs of the 400W optimal parameter samples
in different heat-treated conditions are shown in Figure 1.11. Excessively large, elongated
precipitates of n-MgZn; are clearly shown along the grain boundaries in the as-printed condition
in Figures 1.11a and d. The HIP treatment was subsequently performed at 400°C, which is lower
than the maximum solubility homogenization temperature (465°C). As the alloy is super-saturated,
much of the Zn and Mg coalesces into the larger MgZn; precipitates during HIP treatment, leading
to coarse regions of MgZn; at the grain boundaries. The post-HIP homogenization solutionizes
most of the Mg and Zn from the overaged intergranular spherical MgZn; precipitates, back into
the matrix, as shown in Figures 1.11b and e. The final strengthening heat treatment (24-hour ageing
at 130°C) reforms the nanoscale MgZn. precipitates, as shown in Figures 1.11c and f. The mean
radius and spacing of the MgZn: precipitates and TiC nanoparticles are reported in Table 1.4. The
strengthening effects of both the MgZn; precipitates and TiC nanoparticles in the different heat-

treated conditions is discussed in section 1.3.4.
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Figure 1.11. (a)-(c) STEM micrographs showing the phase distributions and (d)-(f) STEM-EDS measurements
showing the TiC and MgZn, phases ,in the as-printed, HIP + homogenized, and HIP + homogenized + 24hr aged
samples, respectively.

Table 1.4. TEM measurements of average precipitate diameter and spacing.

Sample Precipitate Type  Average Diameter =~ Mean spacing Ap
2r (nm) (mm)
Homogenized + HIP TiC 180 6
MgZn> 125 0.311
Homogenized + HIP + TiC 180 6
24hr aged MgZn, 48 0.079

1.3.4. Mechanical Behavior

The mechanical properties of LPBF-processed samples were measured via tensile testing,
to reveal the effects of processing parameters, heat treatments and HIP on strength and ductility.
Figure 1.12 shows representative stress-strain curves for all processing conditions tested. The

results are provided in Tables 1.5 and 1.6, for the 200W and 400W samples, respectively. For
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Tables 1.5 and 1.6, For both print conditions, homogenized samples show yield strengths o,~370

MPa and strains to failure e~4%. HIP has a relatively small effect on the yield strength but
increases strain to failure; i.e., &g~6% for the 400W print condition. While this increase is
consistent with porosity closure (Figure S1.4), HIP is not sufficient to provide the 11% elongation
typical of wrought Al-706813°:1401,

Aluminum 7xxx series alloys are precipitation hardened, with optimally sized and

distributed MgZn. precipitates increasing both yield strength (oy) and ultimate tensile strength

(ou1e), albeit at the cost of reduced ductility. In this work, all aging treatments were performed at
130°C, with a peak aging time of 24 hrs determined by hardness micro-indentation (Figure S1.1).
The length of the peak aging treatment is in good agreement with reported data for wrought 7xxx
alloyst*3%141 The effects of peak 24 hrs aging and HIP on strength and ductility are reported in
Figure 1.12. As expected, for both 200W and 400W printing conditions, peak aging increases the
strength significantly (up to a maximum o, ~650 MPa when combined with HIP treatment), but
substantially embrittles the alloy.

There are no clear differences in properties when comparing the optimal settings printed
with the 200W and 400W conditions. As both conditions had nearly identical energy densities (Ep
= 166.6 J/mm? for the 200W sample and Ep = 177.7 J/Jmm?® for the 400W sample), Ep emerges as
a solid metric to predict part density and mechanical properties achievable during LPBF processing

of 7xxx Al alloys.
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Figure 1.12. Representative tensile curves for optimal (a) 200W (b) 400W samples in the homogenized and 24hr aged
conditions, with and without HIP.

Table 1.5. Tensile properties of samples printed with the 200W conditions (* only one test exceeded yielding)

200W oy, (MPa) oy (MPa) & (%)
Homogenized 367+61.5 443+45 3.9+1.8
Homogenized + HIP 34371 419497 4.3+£1.7
24hr Aged* 57310 57940 1.240
24hr Aged + HIP 569+55 579177 1.540.1

Table 1.6. Tensile properties of samples printed with the 400W conditions (* only one test exceeded yielding)

400W oy, (MPa) oy (MPa) & (%)
Homogenized 371+38 421+41 3.9+0.2
Homogenized + HIP 394122 465156 6+2.3
24hr Aged* 51240 5510 1.0£0

24hr Aged + HIP 557+78 568+112 1.5+0.1

The limited effect of HIP treatment on mechanical properties was unexpected, as porosity
is generally responsible for the low ductility of LPBF-processed materials. Figure S1.4 confirmed
that HIP treatment resulted in near-total elimination of internal porosity in all samples. The
contributing strengthening mechanisms in different conditions is discussed below and in detail in

Appendix 2.
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Figure 1.13 is representative of the observed defect evolution throughout LPBF processing.
EDS of oxide defects are shown in Figures 1.13d-f. Figures 1.13a and 1.13d show that within the
as-printed pores, there is an increase in Zn, Mg, and O content throughout the pore. Figures 1.13b
and 13e show that HIP successfully reduces the size of the pores as expected; however, oxide
inclusions persist throughout the processing steps (Figure S1.4 additionally shows HIP fully
reduced porosity). Figures 1.13c and 1.13f show that the areas enriched with oxide inclusions are
the locations where fracture initiates and propagates. Figure S1.3 additionally compares the brittle
fracture surface shown in Figure 1.13c with that of a more ductile sample printed and aged with
the same conditions. It should be noted that the difference in scale bar size between Figures 1.13a

and Figure 1.13b is due to HIP-induced pore closure.

As-Printed Fracture Surface

Figure 1.13. Representative SEM and EDS of defects in the 400W sample: (a,d) a pore in the as-printed condition,
with oxide and Zn, Mg accumulation; (b,e) an oxide inclusion in the post-HIP condition; (c,f) the fracture surface of
a post-HIP sample showing beach marks propagating from a region with overall increased amount of oxygen, along
with oxide inclusions.

There is a wide variance in ductility in each condition, quantified in Tables 1.5 and 1.6,

attributed to the presence of defects introduced during spattering. Since this variance similarly
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occurs in the post-HIP condition, the defects causing ductility variance and premature failure are
not the pores themselves, but rather oxides that may be deposited during spatter. Both our fracture
surfaces and large pores are observed to have similar discolorations. Confocal micrographs of the
fracture surface in Figure 1.13c are shown in Figure S1.3, highlighting the discoloration and defect
accumulation in the most brittle specimens. While most of the spatter and vapor are flown into an
outlet filter via a laminar gas flow inlet pressure, much of the spatter inevitably lands on the print,
enriching the pores with Zn and Mg oxides. Images of these spattered particles after the recoating
process are shown in Figure S1.2.

The exceptionally high strengths achieved in this modified alloy warrant discussion into
the specific roles of multiple strengthening mechanisms, including grain boundary or Hall-Petch

strengthening (Aoggp,), solid-solution strengthening (Aoss), dislocation strengthening (Aoyg;s),

and/or precipitate/dispersoid strengthening (Acorowan)- The contributions of each strengthening
mechanism to the yield strength of the alloy, before and after the aging process, can be analytically
estimated (see Appendix 2 for details) and are illustrated in Figure 1.14, in comparison with
experimentally measured values.

Remarkably, we find that the calculated yield strengths are within 15% of the
experimentally determined yield strength values for the HIP’ed and homogenized alloy, and within
2% for the 24-hour aged alloy. Dislocation strengthening may be anticipated to make a large
contribution, as fast solidification rates in LPBF result in high dislocation density values.
Additionally, both grain boundary and solid solution strengthening are expected, due to the
significant grain refinement induced by TiC and the large additions of Zn and Mg, which are well
above the ranges for conventional 7xxx Al alloys. The calculated effect of Orowan strengthening

in the HIP + Homogenized condition is small, as the majority of Mg and Zn is solutionized and
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has not been aged into nanoscale n-MgZn; precipitates. Accurate precipitate radii and spacing for
the larger elongated particles along the grain boundaries are difficult to quantify, thus leading to
variances between the theoretical calculations and experimental measurements. Precipitation
strengthening due to TiC particles is only responsible for Acorowan ~4MPa, which can be linked to
the large spacing of 6um between TiC agglomerates, with the remaining Orowan strengthening
due to the larger MgZn, phases at grain boundaries and smaller MgZn, precipitates that did not
fully solutionize during the homogenization treatment. However, the TiC nanoparticles do provide
a significant grain boundary strengthening effect overall, by restricting grain growth during
homogenization at 465°C, leading to relatively high strengths even without aging. When aging at
130°C for 24 hours after HIP + Homogenization, much smaller n-MgZn, phase precipitates form,
with a much closer 79nm inter-precipitate spacing, leading to substantial Orowan strengthening in
comparison to the homogenized sample. Overall, the ability to maintain high precipitation
strengthening and solid solution strengthening associated with 7xxx series Al alloys by
compensating for evaporation of Mg and Zn, along with TiC nanoparticles refining grain size and
thus increasing grain boundary strengthening, result in a printable alloy with remarkably high

strength.

58



T T T T
600 §
500 .
400 r 4
>
o~ 300 .
200 .
Ao,
100 | .
Acg,,
0 To
HIP + HIP + HIP + HIP +
Homogenize: Homogenize: Homogenize + Homogenize +
Calculation Experiment 24hr Age: 24hr Age:

Calculation Experiment
Figure 1.14. Comparison of the analytically estimated strengthening mechanisms with experimentally determined
yield strength values, for the 400W sample before and after aging.
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1.4. Chapter 1 Summary and Conclusions
A modified Al-7068 alloy enriched with higher Zn and Mg content and TiC nanoparticles was
designed and printed to eliminate hot cracking, improve mechanical behavior, and counter-act

evaporation of volatile elements. The key conclusions can be summarized as follows:

(1) The TiC particles in the feedstock powder promoted equiaxed grains in the as-printed
condition, avoiding hot cracking. TiC particles are present both within the grain (indicating
heterogeneous nucleation sites) and at grain boundaries (indicating the grain restriction during
solidification). This results in small grains and high grain boundary strengthening effect after

conventional homogenization and aging treatments.

(2) A post-print target composition was achieved by counteracting the evaporation of
constituent elements. This provided a near-optimal distribution of MgZn, precipitates upon

homogenization and aging, resulting in a very significant Orowan strengthening effect.

(3) Simple analytical models of selective evaporation agree well with experimental
measurements of compositions in samples printed at intermediate energy densities, when
porosity is minimal and sample quality is maximal. CALPHAD calculations based on post-
print compositions captures experimentally observed phase evolution and volume fractions.
Collectively, these models can be easily applied to other alloy compositions, providing a
valuable tool for the design of powders for LPBF of aluminum alloys strengthened by

precipitates incorporating highly volatile elements.
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(4) Lack-of-fusion and keyhole porosity mechanisms in the novel alloy used in this study are
similar to those in previously reported LPBF-processed Al alloys. However, we observed an
unusual bimodal porosity distribution along the recoating direction. This suggests that
increased Mg and Zn evaporation causes ejected powder spatter onto the surface, which
persists through HIP. Possible strategies to eliminate spatter-induced defects include
increasing the gas inlet flow rate to remove spatter within the vapor plume Furthermore,
reducing the concentration of Zn in the initial powder feedstock would enable printing at lower

energy density, hence reducing elemental evaporation, spatter, and sample porosity.

(5) Optimally processed samples reach strengths comparable to wrought alloys, and much
higher than those of previously LPBF-processed Al alloys. The presence of oxide inclusions,
which are present even in HIP-treated specimens, results in low ductility. As we surmise that
the larger oxides are mostly due to LPBF processing-induced spatter and elemental
evaporation, the aforementioned strategies to reduce spatter would result in increased ductility.
The presence of residual MgZn> precipitates at the grain boundaries after the aging process
may also contribute to low ductility. Given the effectiveness of TiC in limiting grain growth,
increasing the homogenization time may further remove MgZn, from the grain boundaries and

help the alloy approach typical wrought standards.
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2. Chapter 2. Microstructural Control of a Multi-Phase PH Steel

2.1. Introduction and Background

The intrinsic point-by-point nature of AM, combined with the enormous and location-
dependent temperature gradients that affect laser and electron beam melting processes, present
significant challenges in controlling residual stresses and achieving uniform microstructures across
geometrically complex parts. Historically, much of the research in LPBF, EBM and DED has
focused on tackling these challenges, while depositing materials with properties approaching (and
occasionally exceeding) those of commercially available wrought or cast alloys“®%%l. While this
approach has certainly facilitated adoption and certification of AM parts for several industries, a
huge opportunity remains largely unexplored: the development of strategies to print heterogeneous
‘designer microstructures’, where composition and/or microstructure are locally controlled at the
microscopic scale and tailored to optimize component performance. The ability to fabricate large-
scale components with local microstructural control has the potential to revolutionize
manufacturing.

AM techniques based on material deposition (including DED, FFF, MBJ) enable local
control of composition via the use of multiple feedstocks, promising the most dramatic gradients
in local material properties'“>1%%1, Beese et al. reviewed recent advances in additive
manufacturing of metal functionally graded materials, highlighting the potential for multiple AM
techniques to produce microstructures impossible to manufacture just a few years before46l,
Additionally, it has been well established that functionally graded lattice geometries can be printed
to manufacture ‘metamaterials’ with bulk properties exceeding that of conventional monolithic
materialsi*4"1%8l. The combination of gradations in material structure and gradations in part

geometry, both enabled and unique to AM processes, will allow for the design of truly multi-scale
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optimized parts. While significant challenges exist when grading disparate materials particularly
relating to the formation of undesirable brittle phases along compositional pathways, significant
progress was made in DED of hybrid and functionally graded materials, with much research
focusing on titanium/molybdenum(*4%15% ferritic/austenitic steelst*>*, steel/Inconel,[*521531 and
novel functionally graded structures with multiple intermediate compositionst*>*1%l, The
formation of undesirable brittle phases is a challenge which is exacerbated when multiple principal
element alloys are used, for which the complex multidimensional thermodynamic space is not fully
explored.

With the exception of some recently introduced multi-material powder bed systemst’-"°1,
most powder bed processes have uniform feedstock and do not allow compositional grading. Thus,
the only possible route in LPBF is control of microstructural evolution is by local tailoring of the
processing parameters. Recent progress in this field has shown significant ability to locally control
the grain size, shape and texture, by manipulating the printing strategy to tune the direction of the
temperature gradients upon cooling® -8, Mukherjee et al. have thoroughly reviewed and outlined
the different methods for controlling the grain structure, phases, and defects in metal AM parts®l,
Most notably, Sofinowski et al. have introduced highly controllable layer-wise engineering of
grain orientation (LEGO) microstructures, where the crystallographic grain orientation in LPBF
316L steel®1 and Ti-Nb'® can be locally manipulated with great accuracy, by using the laser scan
speed and printing strategy to manipulate thermal gradients. This capability has recently been
further refined by Gao et al. through careful selection of the hatch spacing and remelting the same
location from multiple laser scans. This allows for controlling the grain orientation texture of LPBF
316L at a resolution of 125umf®. Similarly, Plotkowski et al. have shown the ability to control

grain texture and morphology in EBM Inconel 718 by locally tuning the amount of time the
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material is above the melting point, generating equiaxed and columnar microstructures on a point-
by-point basisl®®. These approaches indicate the feasibility of manipulating the processing
parameters to affect the resultant microstructures. However, the work to date does not result in
significant spatial gradation in mechanical properties nor the ability to generate local
microstructures with competing properties (e.g., strong/brittle VS soft/ductile)[8088911,

In this chapter, we propose an alternative approach for local microstructural control in
LBPF, based on tailoring of volume fractions in multi-phase alloys. We demonstrate the potential
of this approach on 17-4 precipitation hardening (17-4PH) stainless steel (Type 630, or UNS
S17400). In its wrought form, 17-4PH is in the solutionized and quenched state (Condition A) in
a fully martensitic microstructure and is subsequently precipitation-hardened to maximize strength
and/or corrosion behavior(475.76.1561,

A concentric borders scan strategy and a rotating stripe scan strategy were used
respectively. Both studies printed with the same 3D Systems provided powder on a 3D systems
ProX 300 LPBF printer, with energy densities of 53 and 56 J/mm?, further highlighting the
variability present in the as-printed microstructures between similar feedstocks printed under
similar conditions. While the as-printed steel can always be solutionized and quenched back into
a fully martensitic homogeneous microstructure, the high-property contrast between these phases
in the as-printed condition may be exploited for local microstructural control. Here we show that
we can locally control the volume fraction of martensite and ferrite by spatially varying the energy
density during LPBF printing. We characterize the limit of the microstructures we can achieve
while preserving nearly 100% density and demonstrate the ability to locally and systematically
vary strength by ~20% and ductility by ~150% at a spatial resolution ~150um. This enables the

fabrication of metal-matrix-composites (MMC) with a hard/brittle BCT martensite phase and a
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soft/ductile BCC ferrite phase. While 17-4PH is used as a model material in this study, this
approach applies to virtually all multi-phase materials, including titanium alloys, nitinol shape
memory alloys, and especially in multiple principal element alloy systems in which phase stability
and microstructural evolution are highly dependent on processing conditions!*>" 2%l This
approach opens a vista of opportunities to manufacture metallic systems with locally tailored

‘designer microstructures’.

2.2. Methods

Nitrogen atomized 17-4PH powder from Carpenter Additive is used as feedstock for this
study. The particle size distribution is between 20um and 40pm. All samples are printed using a
SLM Solutions 125HL printer, with the build chamber in a 99.99% Nitrogen atmosphere and the
build substrate pre-heated to 200°C. A laser power of 200W, a layer thickness of 30um, a hatch
spacing of 100um, and a scan strategy of “borders inside-out” are kept constant throughout the
printing. Borders inside-out is a scan strategy in which concentric outlines (borders) of the parts
are printed, from the smallest inside the core of the part towards the outer border of the part. The

scan speed is varied from 166mm-s? to 1333mm-s?, to vary the volumetric energy density from
50 J/mm?3 to 400 J/mm?. Energy density is calculated by E = # where P is the laser power, v is

the laser scan speed, h is the hatch spacing, and t is the layer thickness.

Wedge specimens are printed at 4 different energy densities (50, 100, 250 and 400 J/mm?3),
and with two different printing directions (in the plane of the triangle and perpendicular to it).
Thin-wall specimens (with single track and double track width) are printed vertically, with two
different energy densities (100 and 400 J/mm?). Dog-bone-shaped specimens are printed in the

vertical direction, with three different printing conditions: E=100 J/mm? throughout, E=400
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JImm? throughout, and a hybrid ‘brick-and-mortar’ pattern, with harder (E=400 J/mm?®) prismatic
bricks embedded in a softer (E=100 J/mm?®) matrix. Gradient blocks are printed with alternating
layers at low energy density (E=100 J/Jmm?) with layers at high energy density (E=400 J/mm?3),
resulting in microstructural gradients parallel to the printing direction. Finally, hybrid specimens
(the UCI logo and the soft core/hard shell cylinder) are printed with microstructural gradients
parallel to the build platform: multiple energy densities in a single layer are achieved by
interpenetrating two geometrical files, each printed with uniform energy density, in a single build.

Samples are removed from the build substrate via wire electro-discharge-machining
(EDM). Post-processing heat treatments of the samples consist only of aging, without any
solutionizing step. Samples are aged at 482°C for 60 minutes in a Nabertherm B400 furnace in
ambient atmosphere with a heating rate of 10°C-min’t, and then air quenched.

Microstructural analysis for lower magnifications is performed using an Olympus DSX10-
UZH Digital Optical Microscope. Higher magnification microscopy is conducted using a
TESCAN GAIA-3 Scanning Electron Microscope (SEM). Electron-Backscatter-Diffraction
(EBSD) phase-distribution maps are acquired with Oxford NordlysMax3 detector, and the Kikuchi
patterns are processed via Aztec software. Particle size distribution of the feedstock is imaged in
secondary electron (SE) mode. Phase fractions are calculated using ImageJ Software. Samples are
mounted in epoxy and polished using standard metallurgical procedures down to 0.05um. To
differentiate between the phases, samples are etched using Waterless Kalling’s, aka Kalling’s No.2
Reagent. Samples are submerged in etchant for 40s before immediately being rinsed, sonicated for
1 minute, and air dried.

Higher resolution microstructural characterization of the lattice structure and precipitates

is conducted in a JEOL JEM-2800 scanning/transmission electron microscope (S/TEM) with a
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Gatan Oneview camera, operating at a beam voltage of 200 kV. JEM-2800 is equipped with dual
100 mm? silicon drift detectors (SDD) for energy-dispersive X-ray spectrometry (EDS). TEM
lamellae are extracted using a focused ion beam (FIB) in a Quanta 3D FEG dual beam SEM/FIB
(Thermo Fisher Scientific Inc.).

Tensile tests are conducted on an Instron 5985 frame with a 250kN load cell. An AVE2663-
901 video extensometer with a Fujinon HF16HA-1S lens is used to track the strain of the gauge
section. Tests were conducted according to ASTM ES8 standards at quasistatic strain rate of 0.001s
1 Strain mapping via Digital Image correlation (DIC) is conducted using a Correlated Solutions
system, and the captured speckle patterns are processed via Vic3D software. Vickers hardness
measurements are taken with a 5009 load held for 10s for each indent. Hardness maps are created
with indents spaced 150um apart, across the entire sample. A Wilson VH3300 automated indenter

is used for mappings.

2.3. Results and Discussion
2.3.1. Phase Stability and Microstructural Control

It is well known that the quality of metal parts printed by LPBF is dramatically influenced
by multiple processing parameters, most notably the laser power (P), the laser scan speed (v), the
hatch spacing (h), the thickness of each powder layer (t) and the scan strategy (laser path). An

intuitive combination of these parameters is the volumetric energy density (E), calculated as E =
ﬁ , expressing the amount of energy deposited in a given volume of powder. For a given material,

the ratio of E to the minimum amount of energy necessary to melt the powder strongly correlates
with sample density™*+1%: Jow values of E cause excessive lack-of-fusion porosity, whereas

excessively high E induces significant turbulence in the melt pool, resulting in keyhole porosity.
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Both scenarios negatively affect mechanical properties, in particular ductility. Intermediate values
of E generally yield maximum density and hence optimal mechanical behavior. To determine the
processing window for 17-4PH steel, we print a number of wedge-shaped specimens along two
different printing directions, over a range of energy densities between 50 and 400 J/mm?® (see
Figure S2.1 for geometric details). The ‘borders inside-out” scan strategy is used in all our prints,
whereby an outline of the shape is printed from the inside of the sample, followed by progressively
larger adjacent outline scans until the final border is scanned. The results are shown in Figure 2.1,
with porosity data reported in Table 2.1. Figure 2.1(a-d) and Figure 2.1(e-h) show optical images
of the samples printed horizontally and vertically, respectively. Significant lack of fusion porosity
is clearly visible in the samples processed at the lowest energy density (E=50 J/mm?), regardless
of the printing orientation. The vertically printed sample (Figure 2.1e) shows more porosity near
the base, consistent with the higher heat flow induced by the vicinity of a large heat sink. All other
samples are almost fully dense (porosity < 0.1%), except for the vertically printed specimen at
the highest energy density (E=400 J/mm?), in which pores are visible near the tip. Indeed, this
region is the furthest away from the heat sink, consistent with keyhole porosity. The conclusion is
that 17-4PH steel presents a wide processing window, where near fully dense specimens can
consistently be printed with energy densities in the range of 100-400 J/mm?. This is in striking
contrast with many conventional LPBF alloys, which enter the keyholing porosity regime at much

lower energy densities®70l,
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Figure 2.1. (a)- (d) Optical micrographs of wedge builds printed with an out- of page build dlrectlon mcreasmg the
energy density from 50 to 400 J/mm?. (e)-(h) Optical micrographs of wedge builds printed with an upwards build
direction, increasing the energy density from 50 to 400 J/mm?. Higher magnification of wedge builds printed with an
out-of-page build direction, showing dual phase versus martensitic microstructures corresponding to (i) E=100 J/mm?
and (j) E=400 J/mm? respectively. (See Figure S2.1 for geometric details).

Table 2.1. Porosity of wedge samples as a function of energy density.

Porosity (%) E=50 J/mm?® E=100J/mm?® E=250J/mm? E=400 J/mm3
Build Direction 2.6% 0.003% 0.003% 0.013%
Out-of-Page
Build Direction Up 1.5% 0.002% 0.088% 0.45%

The optical micrographs in Figure 2.1 have been etched to reveal microstructural details.
A clear difference emerges between the samples produced at low (50-100 J/mm?) and high (250-
400 J/mmd) energy densities, with the former showing a two-phase microstructure with finely
spaced martensitic laths interspersed with larger grains between scan lines (Figure 2.1i), and the
latter exhibiting a very uniform martensitic microstructure throughout the specimen (Figure 2.1j).
All samples clearly show a uniform martensitic outer border, regardless of the printing conditions.
As the outer border is printed last, this suggests that the initial solidification of any single laser

scan has a sufficiently high cooling rate to induce a martensitic transformation. This is consistent
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with well-established estimates of cooling rates in a single LPBF laser scan of 10%-107 °C-s%, which
are much higher than the critical cooling rate needed to induce martensitic transformations in steels
upon cooling from austenite, 10-100 °C-s*[2021.159.171] "The |arger grains present can be linked to
retained ferritel*®: in the present work, this is proposed to have formed through re-transformation
upon reheating from an adjacent scan line. Since dual phase microstructures are only observed in
our lower energy density prints, and fully martensitic microstructures are observed in our higher
energy density prints, the reheating effect necessary to retransform martensite during adjacent
scans is dependent on the processing parameters. The important conclusion is that two processing
conditions exist (corresponding to E=100 J/mm?® and E=400 J/mm?) that result in fully dense
specimens with remarkably different microstructures, clearly indicating the possibility of

microstructural control. These two processing conditions were selected for further analysis.

E=100 J/mm?
Tensile Gauge 5

Build Direction

E=400 J/mm?® ' ¥jl(e) E=400J/mm?
Tensile Gauge . Core

(f) E=400 Jimm?
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Figure 2.2. (a,d) SEM images of dual phase versus fully martensitic microstructures from gauge sections of dog bone
specimens processed with E=100 J/mm?® and E=400 J/mm?, respectively. Microstructures of the inner core versus the
outer border of the samples are shown in (b-c) for E=100 J/mm? and (e-f) for E=400 J/mm?. (g) Optical image of an
etched hybrid sample printed by alternating 1mm layers at E=100 J/mm?® and 400 J/Jmm?, with IPF-X maps, phase
maps, and band contrast maps shown in (h-j) for the inset in (g), respectively. The build direction is upwards
throughout the figure. (See Figure S2.1 for geometric details).
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To further investigate the difference in microstructure between samples printed at different
energy densities, 1mm-thick dog bone specimens are printed with E=100 J/Jmm?® and E=400
JImm3, respectively. A larger specimen is fabricated with alternating 1mm-thick layers printed
with E=100 J/mm?® and 400 J/mm?3 conditions, allowing visualization of the interface between
different processing conditions. (See Figure S2.1 for geometric details). Scanning Electron
Microscopy (SEM) images of the dog bone gauge sections are depicted in Figure 2.2a and 2.2d.
While the sample printed at lower energy density displays a martensitic border (Figure 2.2c)
encompassing a two-phase core consisting of fine martensite intermixed with larger grains (Figure
2.2b), the sample printed at higher energy density shows a uniform martensitic microstructure
(Figure 2.2e-f). This finding is consistent with the ‘border-inside-out’ printing strategy, as
discussed above. The interfacial region between volumes printed with different energy densities is
analyzed by Electron Back Scatter Diffraction (EBSD), with Figure 2.2h-j showing Inverse Pole
Figure (IPF-X), phase map, and EBSD band contrast, respectively. The phase map (Figure 2.2i)
confirms that the region processed with E=100 J/mm? (top half) has a dual phase microstructure,
composed mainly of columnar ferrite grains (shown in red) and regions of martensite laths (shown
in blue); by contrast, the region processed with E=400 J/mm? (bottom half) shows a fully
martensitic microstructure. We note that the several red pixels indexed as ferrite in this region are
due to the challenge in distinguishing between body centered cubic (BCC) ferrite and the low
aspect ratio centered tetragonal (BCT) martensite, resulting in an EBSD detection limit of ~1um,
which is comparable with the laths dimension3541721, From the large area EBSD phase map
(Figure 2.2i), ferrite fractions are measured as 79% and 28% in the regions processed with E=100

JImm3 and E=400 J/mm? respectively. While the phase fractions from the phase map in Figure
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2.2i are not precise values, they nonetheless offer good estimates, and exclude the presence of
austenite. Most importantly, Figure 2.2h-j clearly shows that regions printed with different energy

densities consistently exhibit different (and repeatable) microstructures.

E =100 J/mm?

g

Single Track Walls
Build Direction

Dual Track Walls

L
Figure 2.3. Single-track walls printed with (a) E=100 J/Jmm? and (b) E=400 J/mm?2. Dual-track walls printed with (c)
E=100 J/mm?3 and (d) E=400 J/mm?3. Notice that ferritic grains are only present in the inter-hatch spacing in dual-track
walls printed with the lower energy density.

To fully validate the hypothesis that powder always initially solidifies in a fully martensitic
microstructure (regardless of the energy density), with dual-phase ferritic/martensitic regions
developing into inter-hatch regions upon subsequent heating/cooling cycles in samples printed at
lower energy density, we print simple vertical walls, either one or two laser tracks wide, with the
two different energy densities, 100 and 400. The programmed hatching distance for the two-track
walls is 100um. Optical images of the etched specimens are shown in Figure 2.3. Notice that the
width of single-track walls increases significantly with energy density, almost doubling from 158.8
4+ 20.0pm at 100 J/mm?® to 327.1 + 22.4um at 400 J/mm?, implying that the remelted region
between adjacent melt pools is significantly larger in the 400 J/mm?® two-track sample than in the

100 J/mm? two-track sample. It should be noted that both single and dual-track walls printed at
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high energy density display a uniform martensitic microstructure, consistent with the results on all
parts displayed in Figures 2.1 and 2.2. Single-track walls printed at low energy density also display
a uniform martensitic microstructure, indistinguishable from that of the walls printed at higher
energy density. Conversely, dual-track walls printed at low energy density show a clear martensitic
border encapsulating a dual-phase microstructure in the core, with large ferritic grains extending
through multiple print layers. Both the ferritic and martensitic phases are identical to those seen in
the large-scale specimens (Figure S2.3). This clearly confirms that powder always initially
solidifies in martensitic microstructure at all energy densities (consistent with the very fast cooling
rates experienced in LPBF), and that the ferritic microstructure is formed in the hatch between
adjacent scan tracks upon reheating — and only at low energy densities.

It is well known that vaporization of lower boiling point elements in LPBF melt pools is a
function of energy density, potentially resulting in variations in alloy composition at different E
values. We measure these differences via OES and perform Scheil solidification calculations with
ThermoCalc (Figure S2.5). With the caveat that martensitic transformations are not accounted for
in the model, we demonstrate that these compositional differences are not responsible for the
observed differences in microstructure between samples printed with different energy densities
reported herein. Fully elucidating the precise pathways that induce the martensite to ferrite solid
phase transformation in the hatch upon the heating/cooling cycle requires a more complex
combination of numerical modeling and experimental work, which is beyond the scope of this
article. Our working hypothesis is that the temperature distribution and history is such that some
volumes of material near the hatch get reheated to a temperature where the 5-ferrite phase is stable,
inducing fast athermal transformation to the & phase. Once nucleated, these grains no longer

transform to martensite upon fast cooling, ‘locking in’ the ferritic microstructure. Extensive
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simulations of thermal history coupled with thermodynamic modeling and selected experiments

are currently underway to verify this hypothesis.

E =100 J/mm? E =400 J/mm?

As Printed H900 Heat Treated As Printed H900 Heat Treated
T

Figure 2.4. STEM and STEM-EDS images of a sample processed with E=100 J/mm?2 in the as-printed (a-e) and heat
treated conditions (f-j), and a sample processed with E=400 J/mm? in the as-printed (k-0) and heat treated conditions
(g-t). Nb-rich precipitates are visible in the heat treated samples.

In conventionally processed 17-4PH steel, the martensitic microstructure is introduced via
solutionizing and quenching, and further enriched with Nb- and Cu-rich precipitates upon lhr
aging at 482°C (900°F), a thermal process denoted as H900P*76:1561 |n LPBF-printed and H900-
treated 17-4PH, the nature and distribution of precipitates appears to depend on the printing
conditions, in ways that have not been fully elucidated®731741. As solutionizing would effectively
erase any gradient in microstructure intentionally introduced in our samples, in this study we
eliminate this process and directly age the as-printed specimens. To verify the efficacy of this
approach in generating precipitation-strengthened microstructures and identify potential
differences as a function of the applied energy density, Scanning Transmission Electron

Microscopy (STEM) and Energy Dispersive Spectroscopy (STEM-EDS) are performed on
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samples printed at E=100 and E=400 J/mm?, both in as-printed and heat treated conditions (Figure

2.4). The TEM lamellae samples processed at E=100 J/mm? are taken from a large grained ferritic

region, and those processed at E=400 J/mm?® are taken from the martensitic region. Several

important results emerge:

(i)

(i)

(iii)

Samples printed at lower energy density (Figure 2.4a and 2.4f) exhibit a much lower
dislocation density than samples printed at higher energy density (Figure 2.4k and 2.4p),
both before and after the aging process. This observation, combined with visual
observation of the lath structure in the sample printed at a high energy density, confirms
that samples printed at high energy density (400) have a martensitic microstructure,
whereas the large grains observed in samples printed at lower energy density (100) are non-
martensitic. TEM diffraction patterns from all samples (Figure S2.4) confirm the large
grains to have a BCC ferrite structure (as opposed to FCC austenite).

STEM micrographs of both samples in the as-printed condition show large spherical
particles (~50-150 nm in diameter) dispersed throughout the samples (Figure 2.4a and
2.4k). STEM-EDS identified these particles as alumino-silicates in the low energy density
specimen (Figure 2.4b-e) and silicates in the high energy density specimen (Figure 2.41-0).
Similar silicate particles have been observed in LPBF-processed 17-4PH samples before,
and reported as inclusions, as opposed to strengthening precipitatest®2%1. Upon aging, these
particles appear to nucleate Nb-rich precipitates in samples printed at both energy densities
(Figure 2.4j and 2.4t). Interestingly, no Cu-rich precipitates are visible in either sample.
Both the ferritic and martensitic microstructures remain unaltered after the aging process
(except for formation of precipitates), confirming that this treatment maintains

microstructural gradients intentionally introduced during printing.
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In conclusion, the STEM investigation reveals that the aging process is successful in
precipitating Nb-rich particles in microstructures printed with any energy density, without altering
the martensite and ferrite distribution.

2.3.2. Mechanical Behavior

The ability to consistently program heterogeneous microstructures in samples of different
shapes, dimensions and printing orientations is demonstrated in Figure 2.5. (See Figure S2.1 for
geometric details). The low-energy density ferritic/martensitic microstructure and the high-energy
density fully martensitic microstructures are clearly visible in the etched specimens via optical
microscopy (Figure 2.5a-c). Note that the sample displayed in Figure 2.5a exhibits a
microstructural gradient parallel to the printing direction, while the two are perpendicular in the
samples shown in Figure 2.5b-c. Figure 2.5d-f displays hardness maps obtained by Vickers micro-
indentation on the same samples. Moreover, the fully martensitic microstructure is consistently
harder than the two-phase microstructure, with a difference that is more pronounced along the
printing direction: while the fully martensitic region consistently displays a hardness of ~500HV,
the dual-phase microstructure ranges in hardness from ~400HV along the print path (Figure 2.5d)
to ~450HV in the perpendicular direction (Figure 2.5e-f). The dependence of the hardness on the
printing orientation for the dual-phase microstructure is consistent with the highly elongated shape

of the ferritic grains along the printing direction (Figure 2.2h).
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printed by alternating Imm-thick layers processed with E=100 J/mm3 and 400 J/mm?; (b,e) a cylinder printed with an
E=100 J/mm? core and a 400 J/mm? outer shell; and (c,f) a block printed at 100 Jy/mm?® encompassing the UCI logo
printed at E=400 J/mm?3, (See Figure S2.1 for geometric details).

To investigate the scale of microstructural control, a gradient block sample is printed by
alternating high energy density (E=400 JJmm?) and low energy density (E=100 J/Jmm?) regions of
decreasing thickness, from 450um down to 30um (the thickness of a single print layer), along the
print direction. An optical image of the etched sample is shown in Figure 2.6a-b. As detecting the
boundaries between different regions becomes challenging as the regions get progressively
thinner, a hardness map is produced in Figure 2.6¢, with a scan across the gradient shown in Figure
2.6d. Note that differences in hardness are appreciable down to a thickness region of ~150um
(equivalent to ~5 print layers). As this value is partly determined by the resolution of our micro-
indentation maps, it can be taken as a very conservative estimate of the scale of our microstructural
control along the print direction. As the hatch spacing perpendicular to the print direction is
100um, and microstructural differences are evident at this scale (Figure 2.1i), we expect the

resolution perpendicular to the build direction to be of the order of 50-100um.
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Figure 2.6. (a) Optical image of an etched hybrid sample, printed by alternating layers processed at E=100 J/mm? and
400 J/mm?, with gradually lower thickness. The microstructural gradient is aligned with the printing direction. (b)
Magnification displaying the microstructural differences between the layers. (c-d) Hardness map and hardness profile
(averaged across the width) of region in (b), demonstrating a resolution for microstructural control of the order of
150pum. (See Figure 2.S1 for geometric details).

While non-instrumented indentation provides a high-throughput mechanism to ascertain
the impact of microstructural features on mechanical properties as well as allowing rapid 2D
mapping of large heterogeneous regions (Figures 2.5-6), it cannot capture all the information
embedded in a full stress-strain curve extracted from a tensile test. To fully appreciate the impact
of our microstructural control on the mechanical response of LPBF-printed 17-4PH components
(and in particular on yield strength, ultimate strength, hardening behavior and strain to failure), we
perform tensile tests on dog bone-shaped specimens printed with three different conditions: (i)
samples printed with uniformly low energy density of 100 J/mm?3; (ii) samples printed with
uniformly high energy density of 400 J/mm?3, and (iii) hybrid samples with a ‘brick-and-mortar’-
inspired architecture, embedding prismatic domains (bricks) printed with high energy density in a
matrix (mortar) printed with low energy density (Figure S2.1 and S2.2). Ten nominally identical
samples were tested for each processing condition. Stress-strain curves are displayed in Figure
2.7a, with average mechanical properties reported in Table 2.2. Several important results clearly
emerge. The samples printed with low energy density exhibit substantial ductility (strain to failure

~18%), and yield and tensile strength of 1,151 MPa and 1,378 MPa, respectively. By contrast, the
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samples printed with high energy density are remarkably more brittle (strain to failure ~7%) but

significantly stronger, with yield and tensile strength of 1,394 MPa and 1,561 MPa, respectively.

Remarkably, these results are consistent across all samples tested, with most properties exhibiting

variations of less than 2% (Table 2.2). The only exception is the strain to failure in the sample

printed at higher energy density, which shows variations in excess of 30%; this is consistent with

a brittle mechanical response and is likely exacerbated by the presence of keyhole porosity (Figure

2.1h). The hybrid sample printed with a ‘brick-and-mortar’ pattern displays intermediate

characteristics, with strain to failure ~13% and yield and tensile strength of 1,213 MPa and 1,444

MPa, respectively. A full-field strain map obtained during the uniaxial test of a hybrid specimen

by Digital Image Correlation (DIC) is shown in Figure 2.7b, clearly showing that plastic strain can

be effectively localized in the softer domains.
Collectively, two key results emerge:

@ By simple tuning of the energy density upon printing, we can generate two different
microstructures, both yielding desirable but different mechanical properties. Both phases
are easily printable with high quality and exhibit differences in yield strength and ductility
of the order of 20% and 150%, respectively, which are much larger than variations
achievable with any other previously demonstrated microstructural control strategy in
LPBF.

(b) Functionally graded hybrid samples can be readily fabricated by interpenetrating domains
printed with different conditions at a resolution of the order of 100um. These hybrid
printing strategies can be used to fully tune the mechanical response within the bounds
presented by the two end microstructures, as well as a mechanism to localize plastic

deformation in specific regions of the sample.
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Figure 2.7. (a) Engineering stress-strain curves from tension tests on dog bone specimens printed with differing
processing strategies: (i) uniformly low energy density of 100 J/mm? (black); (i) uniformly high energy density of
400 J/mm? (blue), and (iii) a ‘brick-and-mortar’-inspired architecture, embedding prismatic domains (bricks) printed
at 400 J/mm?3 in a matrix (mortar) printed at 100 J/mm? (red). (b) Stress-strain curve with DIC strain maps for a ‘brick-
and-mortar’-inspired sample, clearly showing localized plastic deformation in the softer regions printed at E=100
J/Imm3, (See Figure S2.1 for geometric details).

Table 2.2. Mechanical properties of dog bone specimens printed at E=100 J/mm3, hybrid ‘brick-and-mortar’
strategy, and E=400 J/mm?®. (See Figure S2.1 for geometric details).

E=100 J/mm? Hybrid Sample E=400 J/mm?

Yield Strength (MPa) 1151 + 17 1213 +41 1394 + 25

Ultimate Tensile Strength 1378 £ 22 1444 + 24 1561 + 16
(MPa)

Elongation to Failure (%) 18.3+0.3 12.7+ 35 7.2+2.7

2.4. Chapter 2 Summary and Conclusions

In summary, we demonstrated local microstructural control in a precipitation hardened
stainless steel printed via LPBF. When printed at high energy density (400 J/mm?), the material
develops a fully martensitic microstructure; by contrast, when printed at lower energy density (100
JImm?), a dual phase microstructure ensues, with martensitic laths interspersed with large ferritic
grains, which largely populate the inter-hatch regions of the samples. The two microstructures
exhibit significantly different mechanical properties, with ~20% differences in strength and ~150%
differences in ductility. We demonstrate local microstructural control with a resolution of ~100

microns, in samples of different shapes and sizes. While the kinetic pathways that lead to different
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microstructural evolutions under different processing conditions are still under investigation, we
experimentally confirm that ferritic grains consistently form exclusively in the inter-hatch region
during subsequent thermal cycles, when the material is reheated within the temperature range of
o-ferrite stability. Computational studies are currently underway to develop a mechanistic
understanding of these complex phase evolutions.

We expect that the findings presented in this study can be extended to other multi-phase
alloy systems (e.g., Titanium alloys), significantly expanding the design space for LPBF-processed

gradient structures.
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3. Chapter 3. Controlling Phase Evolution of 17-4PH steel in Laser

Powder Bed Fusion

3.1 Introduction

Laser powder bed fusion (LPBF) continues to be the most utilized metal additive
manufacturing (AM) process, thanks to its many advantages over other metal AM techniques,
specifically fine part resolution, high print density, improved mechanical properties, and
operational simplicity 2% While much of the effort in the early days of AM, and particularly
LPBF, focused on fabricating homogeneous structures with a minimal amount of porosity and
internal stresses, the inherent ability to locally tailor the structure and properties of a component
is a powerful and unique feature of additive manufacturing (AM), which is inaccessible by any
other manufacturing process [#¢146-1481 This is enabled by the highly localized solidification
process occurring at the dimensional scale of the melt pool (~100-500pm)t"3*5-771 With the
ability to tailor multi-phase microstructures and their properties at specific locations, new
pathways become available to optimize component performance [178-1821 For this opportunity to
be fully utilized, a mechanistic understanding of the thermodynamics and kinetics of the local
solidification processes contributing to phase evolution is needed.

Among the many alloys printed with LPBF, steels are the most utilized alloy family,
offering an extensive range of alloy classes with different properties 51681, Within the high-value-
added class of precipitation-hardening steels, 17-4PH emerges as one of the most employed due
to its exceptional mechanical properties, corrosion resistance, and sustained performance at
intermediate temperatures 471, Wrought 17-4PH is a well-studied alloy, in which the material is
often acquired or treated into the homogenized and quenched state (known as Condition A),

resulting in a nearly fully martensitic microstructure, which is then precipitation hardened at
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different temperatures and times for different levels of strength, ductility, and corrosion resistance
[56.183-185] By contrast, the literature on LPBF processing of 17-4PH has reported a myriad of
different microstructures and resulting properties, suggesting that this material is extremely
sensitive to processing parameters, and hence would be an excellent candidate for local
microstructural control [53:61-6365.72.73.172,186,187] ‘|ndeed, in our previous investigation, we observed
that 17-4PH specimens printed under different processing parameters consistently produce
different microstructures, ranging from 100% martensite to a dual-phase ferrite/martensite
microstructure, and we used this effect to tailor properties and fabricate hybrid microstructures
[188] locally. Figure 3.1 illustrates the degree of control. Simple parts printed with uniform
processing parameters, chosen to yield relatively low volumetric energy density (VED = 100
JImm?), develop a two-phase ferrite/martensite microstructure (Figure 3.1a-b), whereas the same
parts printed at uniform but higher volumetric energy density (VED = 400 JJmm?®) are fully
martensitic (Figures 3.1c-d). Here VED is defined as the laser power divided by the product of
hatching distance (i.e., distance between adjacent scan lines), layer thickness and laser scan speed.
Hybrid microstructures can be easily and consistently produced by alternating the processing
parameters during the build, e.g., by varying the laser scan speed while keeping the other
parameters constant (Figures 3.le-f). The mechanical properties are clearly affected by the
microstructure, with the single-phase martensitic structure exhibiting high yield strength and low
ductility, and the dual-phase ferrite/martensite structure displaying lower strength but much higher
ductility (Figure 3.1g). Intriguingly, hybrid components can be designed that intentionally localize
plastic deformation in specific regions (Figure 3.1h). Please, refer to [*881 for details. This level of

microstructural and mechanical property control was previously unreported in LPBF, and only
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possible through AM techniques that allow multiple material feedstocks (e.g., DED reviewed by

Beese et. al. [1461),
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Figure 3.1. (a,b) Representative dual-phase microstructures of VED=100J/mm? specimens and (c,d) fully martensitic
microstructure of VED=400J/mm?3 specimens. (e,f) The combination of multiple processing parameters into a single
part composed of a hybrid microstructure. (g) The stress-strain curves of showing the bounds of mechanical behavior
through microstructure. (h) Localized deformation controlled by purposefully input local microstructures. With
permission from reference (1881,
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While this previous work clearly demonstrates consistent local control of the
microstructure (particularly the ferrite/martensite phase composition) and associated properties, a
mechanistic understanding of the pathways leading to the observed microstructures remains
elusive. Here, we embark into an experimental and computational study to unveil these pathways.
Two key results emerge from Figure 3.1181: (i) samples printed with high energy density (VED =
400 J/mm?) develop a uniform, fully martensitic microstructure; by contrast, samples printed with
lower volumetric energy density (VED = 100 J/mm?®) develop a more complex two-phase
microstructure; (ii) in the case of low VED, the last scan lines are always martensitic (see borders
in Fig. 3.1b), with large ferritic grains only appearing in the hatch between adjacent scan lines
(Fig. 3.1b and 3.1f).

Microstructural evolution is a complex interplay of thermodynamic and kinetics effects,
both of which may be responsible for the difference in microstructures observed in Fig. 3.1.
Significant structural differences in the Fe-Cr-Ni system can be explained by understanding the
thermodynamic stability of phases influenced by chemical composition, and the kinetic conditions
promoting the formation of metastable phases (o’ martensite). Thermodynamic effects are related
to possible compositional changes induced by selective evaporation of low boiling point elements
during laser melting. The Fe-Cr-Ni system is thermodynamically complex, and small variations in
the chemical composition have significant effects on phase stabilities (and hence microstructural
evolutions). Cr, Mo, and Nb are é-ferrite-stabilizing elements, whereas Ni, Cu, C, and N are
austenite-stabilizing elements. These effects have been captured in Schaeffler diagrams [189-1911
which depict phase stability as a function of two compositional parameters, the Chromium
equivalent, Creq, and the Nickel equivalent, Nieg, which empirically capture the effects of alloying

elements on phase stability ©%1°%-19 \While these diagrams were originally derived to explain
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microstructural evolution in welds, they can help explain phenomena observed on LPBF, with the
important caveat on enormous kinetics differences between welding and LPBF. Incidentally, this
thermodynamical competition between body centered cubic (BCC) ferrite and face centered cubic
(FCC) austenite stability has been used as a framework for other alloy systems, including Fe-Mn-
Si [162.194.1%5] and Nitinol (157164191 shape memory alloys, Ti-6Al-4V dual phase alpha-beta alloys
[166.197] ‘and Fe-9Cr reduced-activation-ferrite/martensite (RAFM) (198201 steels. Kinetic effects are
related to local thermal rates during laser melting and solidification, as well as subsequent thermal
cycles associated with the melting and solidification of adjacent scan lines. Martensite forms upon
rapid cooling of austenitic microstructures from the austenizing temperature. A critical cooling
rate (CCR) can be defined as the minimum rate necessary to form a completely martensitic
microstructure. The CCR is ~10!-10% °C/s for most steels, depending on their composition
[167.194,202203]. these rates are easily achieved in water quenching, and far surpassed in AM, which
is characterized by cooling rates of 10*-107 °C/s 2921, While the cooling rate from melting is likely
sufficiently high to transform all austenite to martensite upon solidification, the complex local
thermal history associated with multiple heating/cooling cycles as the laser scans adjacent lines
may induce unexpected phase transformation. This complex local thermal history is unique in
comparison to conventional processes such as casting and quenching, in which only a singular
cooling event is observed.

While VED is a convenient parameter expressing the local energy input into a volume of
material during LPBF 1341 the convolution of thermal input during powder melting (which is well
captured by the linear energy density (LED), defined as laser powder divided by scan speed) and
proximity of scan lines (i.e., hatching distance) makes it difficult to explicitly analyze the effects

of thermodynamic and kinetic effects. To deconvolute these effects, we carefully examine the
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microstructural development of samples produced with different combinations of LED and VED.
To eliminate, to the extent possible, the effects of sample geometry and the ensuing complexities
in thermal history, while retaining the ability to investigate in-track and in-hatch regions of the
builds, we produce simple thin-wall samples, vertically printed from the base plate, with
thicknesses deriving from 2 (dual-wall) or 4 (quad-wall) adjacent scan lines (with the actual sample
thickness affected by number of lines, LED and hatch distance). We analyze global (sample scale)
and local (melt pool scale) chemical compositions, and relate them to phase stability, using both
thermodynamic equilibrium and kinetic models, the latter informed by Finite Elements simulations
of thermal histories [16%2042051 Finally, we propose a diffusion model to explain the observed

formation of large ferritic grains in the hatches between adjacent melt pools.

3.2 Methods
3.2.1 Samples Preparation
Experiments are conducted where the volumetric (VED) and linear (LED) energy densities
are varied to yield different combinations of remelting and reheated regions. VVolumetric and linear

energy density are combinations of printing parameters that are used to express the total energy
per unit of volume, and length, respectively. Here VED is defined as VED = UIL;M , Where P is the

laser power, v is the laser scan speed, h is the hatch spacing between adjacent scans, and t is the
layer thickness between consecutive build layers. LED is defined as LED = P/v. With this
definition, LED is independent of hatch spacing, and only characterizes melting along a single
scan line 4. While these quantities could be defined via non-dimensional parameters that include
thermophysical properties and allow comparisons across different alloysi?%l, here we are

considering a single material and preferred referring to the classic dimensional definitions.
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17-4PH stainless steel N2-atomized powder is obtained from Carpenter Additive and used
throughout this study. All samples were printed with a SLM Solutions 125 printer, with a 99.99%
N2 atmosphere in the build chamber. Dual-wall samples were printed, in which each layer is
produced by scanning the laser in a straight line, hatching over, and scanning the second line in
the opposite direction. Quad-wall samples were produced similarly, but with each layer produced
by 4 parallel scan lines. Dual and Quad wall samples are 5mm in length, 5mm in height, and have
thickness varying depending on hatch spacing. Processing parameters were kept constant within
each sample. For all samples, the laser power and layer thickness were kept constant at 200W and
30um, respectively. Two scanning speeds of 167mm/s and 667mm/s were used, resulting in two
different LEDs (LED = 1.2 J/mm and 0.3 J/mm respectively). The hatching distance (h) is varied
from 80um to 600um for the higher LED samples, and from 20um to 150pm for the lower LED
samples, resulting in a range of VED of 67-500 JJmm? for both sets of LED. All other printing
parameters were kept constant throughout the prints. The ‘borders inside-out’ scan strategy is
chosen, in which concentric borders are printed from the inside to the outside. While this strategy
had no effect for the dual-wall samples, the implication for quad wall samples is that the inside
scans are reheated/remelted twice (once on each side/border). Sample characterization and analysis
is conducted on the as-printed condition of the samples throughout the paper.
3.2.2 Microstructural Characterization

Samples are ground from 200 grit down to 600 grit and then polished via standard
metallurgical techniques to 0.05um using alumina. Samples are etched using Waterless Kalling’s
Reagent, aka Kalling’s No.2, submerged face up and swirled for 60s. Microstructural analysis is
predominantly performed using an Olympus DSX10-UZH Digital Optical Microscope. Higher

magnification microscopy is conducted using a TESCAN GAIA-3 Scanning Electron Microscope
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(SEM) with an Electron-Backscatter-Diffraction (EBSD) Oxford NordlysMax3 detector, to
acquire phase maps to distinguish the martensite and ferrite phases. EBSD is used instead of XRD
to identify phases, since multiple Kikuchi bands allow better differentiation compared to X-Ray
Diffraction (XRD) shown in Figure S3.1 and S3.2 in which the detectable peaks are not
distinguishable between BCC-ferrite and BCT-martensite. EBSD still has issue indexing the BCT
martensite since 17-4PH is a low carbon steel, thus the tetragonality is minor and difficult to detect.
Additionally, the martensitic grains are on the order of 500nm-1um in size. With an EBSD spot
size >200um, indexing individual martensitic lathes is often unreliable and results in a perceived
small ferrite grain. While some small untransformed residual ferrite is surely possible, the
martensitic regions of our VED = 400 J/mm?® samples are unlikely to be the ~25% indexed as
ferrite, as that due to the difficulty in distinguishing between the two crystal structures.
3.2.3 Chemistry and Phase Measurements

Bulk chemistry is measured using a SPECTRO SPECTROLAB-S Spark Optical-
Emission-Spectrometer (OES), in which the material is vaporized, and the radiation emitted is
passed through to the OES and compared to a database of Fe-Ni-Cr calibration curves (Fe-30
Spectro database). Spark-OES is a bulk measurement, vaporizing >100pum of material from the
surface. As Spark-OES is highly sensitive to sample preparation, samples are tested in the as-
printed condition immediately after printing. Spark-OES is also used to measure light elements
such as C and N, which play a significant role in promoting the stability of FCC and BCC phases.
To measure bulk sample chemistry via Spark-OES (see Materials and Methods), we fabricate
prismatic samples (30mm x 30mm x 2mm) using the same combinations of LED and VED that is
employed for the dual-wall samples (Figure 3.2). These samples were larger than dual-wall

samples in order to meet the requirements for Spark-OES chemistry testing. X-Ray Fluorescence
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(XRF) is also conducted using a Horiba XGT-9000 to precisely measure the local chemistry and
capture elemental segregation. XRF points are measured using 50kV accelerating voltage, 1000pA
current, and a scan time of 120s. XRF enables sample mapping at a spatial resolution of ~30um,
however light elements cannot be measured.

Differential Scanning Calorimetry (DSC) is conducted using a Netzch STA 449 F3 Jupiter.
DSC is used to measure latent heats and capture phase transformations. DSC samples are heated
from room temperature to 1500°C at a rate of 10 °C/min, held for 15 minutes, and then cooled back
down at slow cooling rates of 5, 20, and 50 °C/min.
3.2.4 Thermodynamics, Kinetics and Thermo-Mechanical Simulations

ThermoCalc 2023b software is used to conduct thermodynamic equilibrium calculations
using the TCFES8 equilibrium database. Only BCC-ferrite and FCC-austenite are equilibrium
phases, thus meta-stable martensite is not considered in these diagrams. However, the full
transformation of austenite into martensite due to extreme LPBF cooling rates is discussed in
Appendix 1. Diffusion and Scheil solidification calculations are conducted using both the TCFES8
equilibrium and MOBFES8 mobility databases. Scheil solidification calculations account for back
diffusion into the primary phase, as opposed to no diffusion in the solid when using conventional
Scheil solidification calculations. Additionally, the d-ferrite to y-austenite transformation is
accounted for. For the details of the Abaqus Finite Element Method thermal history simulations,

see Appendix 1.

3.3. Results & Discussion

3.3.1 Microstructural Observations Across the Processing Regime
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Optical images of dual-wall samples printed over a range of VED and LED, and etched to
reveal microstructural features, are presented in Figure 3.2. All images are parallel to the build
platform. While Figure 3.2 uses optical microscopy and etching to distinguish between ferrite
(bright) and martensite (dark), these phases were also confirmed by electron-backscatter-
diffraction (EBSD) (Figure S3.1).

In agreement with previous results obtained on larger specimens (Figure 3.1)[*88 only the
samples printed with VED < 100 J/mm? produced a dual phase microstructure, with large
columnar ferrite grains shown in Figure 3.2h, and smaller ferrite grains also observed in Figure
3.29. Interestingly, though, this dual phase microstructure is only present at low linear energy
density (LED = 0.3 J/mm). By contrast, all samples printed with VED > 100 J/mm? or LED =
1.2 J/mm consistently show a uniform martensitic microstructure. Unsurprisingly, samples with
LED = 1.2 Jmm and VED < 200 J/mm?, and samples with LED = 0.3 J/mm and VED <
100 J/mm? also display a considerable amount of lack-of-fusion porosity. The implication of
these findings is that VED alone is not a sufficient parameter to predict microstructural evolution,
and non-trivial interplays of melt pool energy input and hatching spacing (represented by different
combinations of VED and LED) are responsible for the distribution of phases in the as-printed

microstructures.
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LED = 1.2 J/mm (P=200W, v=167mm/s)

Smabin
mm3 —— 500J/mm? |—

LED = 0.3 J/mm (P=200W, v=667mm/s)

Figure 3.2. Effect of hatch spacing, and thus VED on dual walls with (a-f) LED = 1.2 J/Jmm resulting in no columnar
ferrite under any printing condition. (g-1) LED = 0.3 J/mm resulting in columnar ferrite forming under hatch spacings
of (g) 100um and (h) 150um.

From Figure 3.2, approximate melt pool sizes of 160um and 320um can be extracted, for
LED = 0.3 Jmm and 1.2 J/mm, respectively. In comparison, the laser spot diameter is
approximately 80um. Thus, when the hatch spacing is much smaller than the melt pool size, the
already solidified first melt pool is essentially being rescanned and fully remelted upon scanning
of the adjacent line. This effectively increases (up to nearly doubling) the LED for a given melt
pool. The implication of this phenomenon on phase evolution is discussed in detail in section 3.3.
3.3.2 Thermodynamic Phase Stability from Global and Local Chemistry

As discussed in the introduction, the differences in microstructural evolution as a function
of processing parameters may be attributable to thermodynamics (i.e., differences in sample
chemistry due to selective evaporation of low-boiling point elements during laser fusion) or

kinetics (i.e., differences in cooling rates and thermal histories) - and possibly the interplay of both.
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To deconvolute these effects, we utilize Differential Scanning Calorimetry (DSC). DSC
uses very slow cooling rates (<1°C/s, compared to 10*-107°C/s for LPBF) to identify near-
equilibrium phase transformations. Samples printed with fully martensitic microstructures (LED
=1.2 JJmm and VED = 400 J/mm?3, Figure 3.3c) and dual phase ferritic/martensitic microstructures
(LED = 0.3 JJmm and VED = 100 J/mm?, Figure 3.3f) are inserted in the DSC furnace, melted at
1500°C and subsequently cooled down at different cooling rates (5-50 C/min). Heat flow-
temperature profiles are displayed in Fig. 3.3. A key result emerges: samples printed with high
VED and LED show a single liquid — austenite transformation peak at ~1400C with no evidence
of additional solid-solid phase transitions (Figure 3.3a-b), consistent with the fully martensitic
microstructure observed after LBPF (Figure 3.3c); by contrast, samples printed with low VED and
LED show an additional &-ferrite — austenite transformation peak at ~1220C (Figure 3.3d-e),
clearly confirming a thermodynamic stability region for the 5-ferrite phase. Consistent with the
fully martensitic microstructure observed after LBPF; this could help explain the presence of &-
ferrite in the final LPBF microstructure (Figure 3.3f).

DSC experiments are conducted with cooling rates down to 5°C/min (0.1°C/s), essentially
eliminating the effect of cooling rate on solidification, and indicating that the &-ferrite phase is
only thermodynamically stable in our LED = 0.3 J/mm and VED = 100 J/mm?sample. Since these
fully melted samples have their as-printed microstructures erased and are cooled slowly, this
difference in observed phase stability is purely a chemistry effect. Thus, it is necessary to

thoroughly analyze the effects of different processing parameters on chemistry.
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Figure 3.3. (a,b) DSC of LED = 1.2 J/Jmm & VED = 400 Jmm?® and (c) the corresponding fully martensitic
microstructure. (d) DSC of LED = 0.3 J/mm & VED = 100 J/mm? and (e) magnification near 1150°C where the
exothermic 3-ferrite to y-austenite phase transformation is observed. (f) The corresponding dual phase microstructure.

Differences in chemistry in the bulk samples are attributed to different heat inputs during
laser melting (and possible remelting, for closely spaced scan lines), which is related to both LED
and VED. Although 17-4PH is not as susceptible to large compositional changes upon LPBF as
other alloys with very high-volatility components, such as Mg, Zn, and Li 82%7] the Fe-Cr-Ni

system is extremely sensitive to very small changes in chemistry.
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Figure 3.4. Post Print Creq/Nigq ratio.

The measured elemental compositions can be combined into empirical Cr equivalent (Creq)
and Ni equivalent (Nieq) parameters, with the ratio of these representing the tendency for -ferrite
phase stability 921, The most recent versions of these empirical parameters are provided by the
1992 Welding Research Council 1% as:

Creqg = Cr + Mo + 0.7Nb @Y
Nigq = Ni + 35C + 20N + 0.25Cu (2)

The results are presented in Figure 3.4. Notice that the Creq/Nieq ratio is lower for all
samples processed with LED = 1.2 J/mm than for samples processed with LED = 0.3 J/mm.
Consistent with the higher melt pool temperature resulting from higher LED, and the relatively
high volatility of Chromium relative to Nickel. Also notice that the samples with the two highest
Creg/Nieq ratios are those where columnar ferrite is observed. For reference, consider that 15-5PH

stainless steel, which has a composition designed to prevent any ferrite formation, has
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Creq/Nieg=1.85 2%l: hence, we can expect that any sample with Creq/Nieq <1.85 should have a fully
martensitic microstructure, in agreement with our experimental measurements.

The volume fraction of the individual elements contributing to Creq and Nieq are shown in
Figure S3.3. Notice that nitrogen and carbon contents are noticeably higher in the LED = 1.2 J/Jmm
samples than in the LED = 0.3 J/mm samples. The results for nitrogen can be attributed to different
absorption while printing in a nitrogen atmosphere: the higher LED = 1.2 J/mm samples are
processed with a much lower scan speed (167mm/s, compared to 667mm/s in the LED = 0.3 J/mm
samples), providing more time for the liquid melt pool to absorb nitrogen from the build chamber.
This increase in absorption time from a much slower scan speed, must also allow for more
absorption of the residual carbon in the printing chamber.

While Figure 3.4 clearly shows that the samples that experimentally exhibit large ferritic
grains in the microstructure have the highest Creq/Nieq ratios, CALPHAD equilibrium phase
diagrams calculations performed with ThermoCalc’s TCFE13 database suggest that the measured
values of Creq/Nieq = 1.85-1.9 are still too low to stabilize the 5-ferrite phase, and predict that even
the samples with highest Creq/Nieq ratios should display an equilibrium phase composition of 100%
austenite.

To better understand the origin of the observed ferritic grains, as well as explain why their
presence is largely localized to the in-hatch regions between adjacent scan lines, we resort to local
chemistry measurements by X-Ray Fluorescence (XRF); this technique is chosen over more

conventional SEM-EDS measurements thanks to its high chemical detection resolution of 0.01%.
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Figure 3.5. (a) Optical micrograph of LED = 0.3 JJmm & VED = 100 J/Jmm?® sample with the boxed region to be
XRF’d. XRF measurements of (b) Fe, (c) Cr segregation, and (d) Ni depletion in the ferrite region. Thermodynamic
equilibrium step diagrams calculated for the (e) In-Hatch Cr enriched (16.3 wt%) regions and the (f) In-Track Cr
depleted (15.5 wt%) regions. Notice 3-ferrite is only thermodynamically stable in the Cr enriched region.

Figure 3.5 displays XRF maps of a multi-phase region in the sample (Figure 3.5a) printed
with LED = 0.3 J/mm and VED = 100 JJmm?. Significant Cr segregation to the in-hatch region (in
clear correspondence with the location of the large ferritic grains) is clearly observed (Figure 3.5¢),
accompanied by Fe (Figure 3.5b) and Ni (Figure 3.5d) depletion. Interestingly, Cr concentrations
as high as 16.3% are measured in those regions, compared with baseline values of 15.5% in the
largely martensitic domains. These local differences (0.8%) are much more pronounced than the
largest difference in average Cr concentration among all printed samples, which is 0.15% (Figure
S3.3). CALPHAD equilibrium phase diagrams calculations, again performed using ThermoCalc’s
TCFE13 database, clearly show that these local differences can explain the observed

microstructural differences. While the In-track regions are sufficiently Cr-depleted to completely
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climinate o-ferrite stability (Figure 3.5e), the Cr content in the In-hatch region is Cr-enriched
enough for o-ferrite to be thermodynamically stable (Figure 3.5f). Similar XRF analyses were
conducted on selected fully martensitic samples printed with higher VED and LED, and confirmed
low enough Cr content to fully destabilize the &-ferrite phase across the samples.

These local chemistry measurements, combined with CALPHAD simulations, help explain
the microstructural differences observed among the samples printed in this study. When the
feedstock powder is locally melted by the scanning laser beam, primarily Cr evaporates, depressing
Creq. In all samples printed with sufficiently high VED and LED, Creq drops below the level
required to stabilize the -ferrite phase. As a result, only austenite forms upon solidification. By
contrast, in the In-hatch regions, sufficient amount of Cr remains to allow formation of some 6-
ferrite phase. Upon solidification, both é-ferrite and austenite form.

While the explanation above convincingly relates local chemistry with phase stability, the
solid state transformation occurring during rapid cooling, as well as the mechanisms leading to Cr
segregation into the In-hatch regions for the samples printed at low VED and LED remain
unexplained. Kinetic considerations, explored in the next section, are necessary to shed light on
these phenomena.

3.3.3 The Effect of Kinetics: Cooling Rates, Melt Pool Diffusion, and Segregation

Differences in local chemistry and thus thermodynamic stability explain why we observe
different phases in our In-Hatch and In-Track regions of the LED = 0.3 J/mm and VED = 100
Jimm?® sample. To further explain how this high temperature &-ferrite is retained at room
temperature, as well as how austenite transforms into martensite, it is necessary to understand the

kinetics regarding thermal history of each sample during processing.
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The application of kinetics models requires at least approximate knowledge of the thermal
history (and in particular, the cooling rates) experienced by the samples during melting and
solidification, as a function of the processing parameters. Reasonable estimates can be extracted
by Finite Elements Analyses (FEA), described in detail in Appendix 1. FEA predictions of the
thermal histories experienced at two locations, contained in the In-hatch and In-track regions, of
two samples printed with different processing conditions (LED = 0.3 J/mm, VED = 100 J/mm?,
and LED = 1.2 JJ/mm, VED = 400 J/Jmm?q) are depicted in Figure 3.6. Printing of two lines and four

layers is simulated for each sample, resulting in 8 temperature cycles.
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Figure 3.6. Simulated thermal history with overlayed experimentally measured phase stability for the LED = 0.3 J/mm
& VED = 100 J/mm?3 (a) In-Hatch region and (b) In-Track region. Simulated thermal history for LED = 1.2 J/mm &

VED = 400 J/mm? (d) In-Hath region and (e) In-Track region. The corresponding microstructures are shown for (c)
VED = 100 J/mm?2 and (f) VED = 400 J/mm?.

The experimentally measured temperature ranges for stability of the austenite and ferrite
phases are included for reference. While the thermophysical model does not contain information

on the latent heat of vaporization, resulting in overprediction of the peak temperature upon melting,
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the rest of the thermal history is expected to be accurate. Cooling rates from the melt of ~1x10°
°C/s and ~5 x 10° °C/s for the VED = 400 J/mm? and VED = 100 J/mm? samples, respectively, are
extracted from the simulations. In all cases, these cooling rates vastly exceed the critical cooling
rates for martensitic transformation (10* — 10° for most martensitic steels 2%, clearly explaining
why no austenite is observed in the room temperature microstructures. These cooling rates are also
fast enough to skip the nose in the 5-ferrite — austenite CCT diagram 2% suggesting that the &-
ferrite phase could remain in metastable state at room temperature, in agreement with experimental
observations.

To further confirm this hypothesis, Scheil solidification calculations for different regions
of the VED = 100 J/mm? sample are conducted within the ThermoCalc simulation package, using
the cooling rates extracted from the FEA simulations and the experimentally measured chemical
compositions. The model is able to capture back diffusion into the primary phase, as well as the 5-
ferrite to austenite phase transformation during solidification. Results for the In-hatch and In-track
regions are reported in Figure 3.7a-b and Figure 3.7c-d, respectively. The evolution of the mass
fractions of austenite and o6-ferrite with temperature is shown in Figures 3.7a,c and 3.7b,d,
respectively. In the Cr enriched In-hatch region, o-ferrite is the primary solidified phase (Figure
3.7b), which hits a peak mass fraction of 20%, before only partially transforming into austenite.
The growth of the austenitic phase continues (Figure 3.7a) until the material is fully solidified,
with a final composition of 85% austenite and 15% o-ferrite. This unequivocally confirms that the
o-ferrite phase is kinetically stabilized at room temperature in the In-hatch region of the VED =
100 J/mm? sample. By contrast, only austenite forms in the In-track region of the same sample,

which fully transforms to martensite upon cooling to room temperature.
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Figure 3.7. Scheil solidification calculations accounting for)boath back diffusion into the primary phase, and the é to y
transformation for our LED = 0.3 J/mm & VED = 100 J/mm? sample. The mass fraction during solidification of (a)
FCC and (b) BCC for the Cr enriched region. The mass fraction during solidification of (a) FCC and (b) BCC for the

Cr depleted region.

Another mechanism that is not accounted for in Figures 3.6 and 3.7 is the increased stability
of Cr in the BCC (8) compared to the FCC (y). Figure S3.4 shows mass percent Cr stable in BCC
vs FCC under different conditions. The important takeaway is that regardless of solidification
model, the BCC has a higher Cr stability compared to in the FCC by at minimum 2% Cr in
equilibrium. Therefore, in addition to our thermodynamic equilibrium and solidification models,

Cr has a natural driving force to selectively enrich into the BCC and grow epitaxially once

nucleated by nature of being more stable in that crystal structure.
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To elucidate possible mechanisms resulting in the segregation of Cr in the -Hatch region
of samples printed with low VED and LED, diffusion calculations are performed using
ThermoCalc’s DICTRA software with the MOBFES steel database. A simple one-dimensional
model is analyzed, capturing the time evolution of the Cr concentration profile during melting of
the second track (on the right), separated from the previously solidified track (on the left) by an
In-hatch region. The concentration of the right track is justified by the virgin powder chemistry,
shown in Table S1. The domain spans the distance between the centerlines of two adjacent scan
lines. The boundary condition at the left end of the domain (corresponding to the center of the
previously solidified track) is set to the experimentally measured Cr content in the In-track region
(simulating the Cr content in the previously solidified track). In contrast, a Cr gas activity boundary
condition is applied to the right end of the domain, simulating evaporation of Cr through the
surface of the melt pool for the second track. The concentration of Cr in the virgin powder is used
as initial conditions for the melt pool (Table S1). Results are shown in Figure 3.8. Cr diffusion
from the enriched region (representing virgin powder) towards the depleted region (representing
the first solidified melt pool) are shown at different times during solidification (with time scales
extracted from the FEA simulations in Figure 3.6). Note that at a time of ~40ms, the Cr
concentration profile predicted by this simplified 1D diffusion/evaporation model qualitatively
matches the experimental Cr concentration line profile extracted from the XRF measurements
(Figure 3.8a). We emphasize that this model significantly oversimplifies the physics of melt pool
solidification and Cr evaporation and diffusion, by reducing a complex three-dimensional
phenomenon to a 1D problem, lumping all evaporation through the surface of the melt pool to a
point-wise boundary condition, and neglecting any convective phenomenon (e.g., Marangoni

flows) within the melt pool. Consequently, its predictions should only be interpreted in a
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qualitative way. Nonetheless, the important result is that noticeable segregation of Cr may occur
during solidification in the VED = 100 J/mm?3, LED = 0.3 J/mm sample, leaving the In-Hatch
regions richer in Cr than the In-track regions, in agreement with experimental evidence. While the
same model does not predict a flat concentration profile for the fully martensitic samples (e.g., the
VED =400 JJmm?, LED = 1.2 JJmm sample), we emphasize that neglecting convective Marangoni
flows is particularly inaccurate for the high LED samples, where the melt pool is expected to be
much more turbulent %219 Hence, we expect Marangoni flows to strongly homogenize the
chemical composition of high LED samples, resulting in local compositions nearly equal to the
average compositions measured by OES (Figure S3.3); these compositions result in Creq/Niegq ratios
that are consistent with a fully martensitic microstructure (Figure 3.4). Finally, to explain why no
5-ferrite is observed in samples printed at low LED (0.3 J/mm), but larger VED (>100 J/mm?), we
notice that the melt pool heavily overlap under these conditions (see Figure 3.2), resulting in
repeated melting of the same volume of material, with an associated increase in Cr evaporation,

which brings the Creq/Nieq ratio to the limit below which 3-ferrite can be stable.

17.0 y
(b)
= T=0ms Powder (To be|
= T=2ms Melt Pool 2)
16.6 == T=10ms ]
== T =40ms
-0 Experiment

-
*
N

Cr Depleted
Melt Pool 1

Mass percent Cr
o
(o]

1541

: : 15.0 - : - : x : '
0 50 100 150 200 250 300 350 0 50 100 150 200 250 300 350

Distance (um) Distance (um)

103



Figure 3.8. (a) XRF Cr segregation in the In-Hatch region. (b) CALPHAD liquid diffusion calculation with a 1%
chromium concentration gradient across a 380um region. The diffusion kinetics are fast enough that under a few ms
solidification time (as in LPBF), segregation of Cr across the melt pools can be induced.

3.4. Chapter 3 Summary and Conclusions

Multiple thin-wall samples were printed with 2 and 4 scan lines across the thickness via LPBF
in 17-4PH stainless steel, covering a wide range of VED and LED. Microstructural
characterization reveals that nearly all samples display a uniform, single-phase martensitic
microstructure, with the exception of 2 samples printed with simultaneously low LED (0.3 J/mm)
and low VED (<100 J/mm?3), which exhibit a more complex two-phase microstructure, with
martensitic In-track regions separated by ferritic In-hatch regions. Average and local chemical
analysis performed with Spark-OES and XRF, respectively, coupled with CALPHAD
thermodynamic calculations, confirm that all high-energy samples have experienced sufficient
evaporation of Cr to effectively suppress the thermodynamic stability of 5-ferrite; when combined
with Finite Element simulations of thermal history, which predict cooling rates of the order of 1 -
105 °C/s (far exceeding the critical cooling rates for martensitic transformation), these results fully
explain the fully martensitic microstructure observed in these samples. The situation is more
complex for the low energy samples: for these samples, while the average chemical composition
is still too low in Cr to predict d-ferrite stability, In-hatch regions display significantly higher Cr
content than In-track regions, for which CALPHAD simulations predict a window of d-ferrite
stability. Scheil solidification simulations confirm that 5-ferrite will remain in metastable form at
room temperature, in agreement with microstructural observations (with the austenitic regions
transforming to martensite upon cooling, as in the high energy samples). We invoke a simple 1D
diffusion model to provide an explanation for the segregation on Cr in the In-hatch regions, and

attribute the absence of segregation in the high-energy samples to the presence of strong
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Marangoni flows associated with high LED. Collectively, these results provide a mechanistic
understanding of microstructural evolution of 17-4PH steel processed in LPBF, and explain the
origin of complex spatially heterogeneous two-phase microstructures that were observed in
previous studies. The relationship between LED and VED can also be expressed in terms of LED
and hatch spacing; the implication of hatch spacing on microstructural evolution is schematically
illustrated in Figure 3.9a and 3.9b, for LED = 1.2 J/mm and LED = 0.3 J/mm, respectively.

The results can be used for intentional local design of specific microstructures in 17-4 PH steel, as

summarized with the decision tree in Figure 3.9c.
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Figure 3.9. (a) Dual wall melt pools of LED = 1.2 J/mm with various hatch spacings. (b) Dual wall melt pools of LED
= 0.3 JJmm with various hatch spacings. (c) Thermodynamic and Kinetic effects from LPBF process parameters.
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SUPPLEMENTARY FIGURES
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Figure S1.1. Vicker’s hardness across diferent ageing times at 130°C. Peak age occurs at 24 hours.
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Spatter
Accumulation

Figure S1.2. Snapshot of the powder bed (a) before the laser scan and (b) after the laser scan 100 layers later. The
spattered powder can be seen on the powder bed where the laser does not scan. Most of the spatter accumlates on the
left of the build chamber, as directed by the inlet gas flow from right to left.

Optical Micrograph b Topography Map

(a)
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(d)
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Specimen

Figure S1.3: Post-HIP homogenized (a) optical and (b) topography map of the least ductile specimen fracture surface,
further analyzed in Figure 1.13. Post-HIP homogenized (c) optical and (d) topography map of the most ductile
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specimen fracture surface. There is an abundance of discolored inclusions in the least ductile specimen in comparison
the most ductile specimen.
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Figure S1.4; RebfesehtdtiVe porosity ina terisile sbecimen @ Pre-HIP and (b) Post-HIP.

Homogenized

115



Table S1.1. Chemical composition (wt%) of each printed sample obtained from ICP-MS, with TiC percentage
provided by MetaLi™. The optimal conditions referred to as 200W and 400W are the 200W, 400mm/s and 400W,

750mm/s samples respectively.

Laser Power (W), Energy Al Zn Mg Cu TiC
Scan Speed (mm/s)  Density
(J/mm?3)
200, 200 333 Bal. 8.6 2.5 2.2 1.5
200, 300 222 Bal. 9.5 2.6 2.2 1.5
200, 400 167 Bal. 10.3 2.7 2.2 1.5
200, 500 133 Bal. 9.7 2.6 2.1 1.5
200, 750 89 Bal. 10.8 2.8 2.1 1.5
200, 1000 67 Bal. 11.5 2.9 2.1 15
300, 250 400 Bal. 7.6 2.4 2.3 1.5
300, 500 200 Bal. 9.5 2.7 2.2 1.5
300, 750 133 Bal. 10.3 2.7 2.1 1.5
300, 1000 100 Bal. 10.6 2.8 2.1 1.5
300, 1250 80 Bal. 10.9 2.8 2.0 1.5
400, 250 533 Bal. 7.6 2.3 2.2 1.5
400, 500 267 Bal. 9.8 2.8 2.3 1.5
400, 750 178 Bal. 10.5 2.7 2.0 1.5
400, 1000 133 Bal. 11.1 2.7 2.1 15
400, 1250 107 Bal. 10.7 2.8 2.1 1.5
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Chapter 2 Supplementary
17-4 PH Sample geometry and printing strategy
The geometry and printing strategies for all samples printed in this work are depicted in Figure

S2.1.
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Figure S2.1. Geometry of all printed samples. (a) Wedge specimens are printed with four different energy densities
(50, 100, 250 and 400 J/mm?3) and two different printing orientations (with triangles parallel and perpendicular to the
build platform); (b) Dog bone specimens are printed perpendicular to the build platform, with three different strategies:
uniform energy density of 100 J/mm?, uniform energy density of 400 J/mm?3, and hybrid ‘brick-and-mortar’ strategy,
with bricks printed at 400 J/mm?®embedded in a mortar printed at 100 JJmm?; (c,d): Gradient blocks are printed with
the gradient perpendicular to the build platform, alternating layers printed with energy densities of 100 (light) and 400
Jimm?3 (dark). (e) The hybrid cylindrical specimen is printed with the cylinder axis perpendicular to the build platform,
with a shell printed at 400 J/mm? (dark) encompassing a core printed at 100 J/mm? (light); (f) The UCI logo is printed
parallel to the build platform, with letters printed at 400 J/mm? (dark) embedded in a volume at 100 J/mm?.

Photographs of the dog bone specimens printed with energy densities of 100J/mm? and
400J/mm?3 are shown in Figure S2.2a. The hybrid ‘brick-and-mortar’-inspired sample is shown in

Figure S2.2b.
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(B)  Hybrid Design

(@) Uniform Designs

Figure S2.2. (a) Builds of dog bone specimens printed with energy densities of 100 J/mm?® and 400 J/mm3. (b) Build
of the hybrid ‘brick-and-mortar’-inspired dog bone specimens.

Microstructure of 17-4PH specimens printed with energy density of 100 J/mm?

Figure S2.3 depicts optical images of different samples, etched to reveal the microstructure,
printed with energy densities of 100 J/mm?3: (a) a wedge sample printed with the triangle parallel
to the build platform; (b) the E=100 J/mm? portion of a gradient block specimen, printed with the
gradient perpendicular to the build platform; (c) a dual-track thin-wall specimen, printed
perpendicular to the build platform. Two important results emerge: (i) the martensitic and ferritic
microstructures are qualitatively similar in all samples; (ii) the outer borders of all specimens
clearly show a fully martensitic microstructure, with ferritic regions occupying the space between
adjacent laser tracks. EBSD band contrast, phase map, and IPF-X for a selected region in the thin-
wall specimen are shown in Figure S2.3d-f, respectively. The phase map in Figure 2.3e confirms
the presence of fine martensitic regions (shown in blue) along the border of the wall, with columnar
ferritic grains (shown in red) epitaxially growing near the center of the specimen, extending

through multiple build layers. As the outer border of all specimens is always the final scan for our
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‘borders inside-out’ scan strategy, these findings prove that initial solidification from the molten
powder state always produces a martensitic microstructure, regardless of the energy density, and
that ferritic grains exclusively form between adjacent laser scan lines, upon reheating/cooling

cycles, as long as the energy density is sufficiently low.

ﬂ e § M —l o Sc
Figure S2.3. Optical images of different samples, etched to reveal the microstructure, printed with energy densities of
100 J/mma3: (a) a wedge sample printed with the triangle parallel to the build platform; (b) the E=100 J/mm3 portion
of a gradient block specimen, printed with the gradient perpendicular to the build platform; (c) a dual-track thin-wall
specimen, printed perpendicular to the build platform. (d) BSD band contrast, (e) phase map (red = ferrite, blue =
martensite), and (f) IPF-X for a selected region from (c).

Selected-Area-Diffraction-Patterns (SADPs) are extracted from as-printed samples, processed
with energy densities of 100 J/mm?® and 400 J/mm?3, as shown in Figure S2.4. Notice the
polycrystalline microstructure consisting of small martensitic laths for the E=400 J/mm? sample
(Figure S2.4c), in contrast with the single grain structure of the 100 J/mm? sample (Fig. S2.4a).
These differences are clearly confirmed by the SADP for the two samples, whereby the E=100
JiImm? sample shows a single grain orientation (Figure S2.4b), in contrast with the visible
diffraction rings from the E=100 J/mm?® sample (Figure S2.4c). The diffraction pattern along
<011> exclude the presence of FCC austenite. This is further confirmed by the diffraction pattern
along <111>, on the basis of lattice parameters, although the resolution is insufficient to clearly

disambiguate BCC ferrite from low-aspect ratio BCT martensite.
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E=100 J/mm?® As Printed E=400 J/mm As Printed

- 0.5 ym . E

g ‘f
Figure S2.4. TEM micrographs of samples printed with (a) E=100 J/mm?3 ad (c) 400 J/mm?3, in the as-printed
condition. Selected Area Diffraction Patterns (SADPs) collected from (b) ferritic E=100 J/mm?® sample and (d)
martensitic

Chapter 3 Supplementary

Build Direction

) I

Figure S3.1. (a) Monochrome micrograph of dual-phase specimen processed with LED = 0.3 J/mm & VED=100
J/imm3, and (b-d) EBSD band contrast, IPF-X, and phase maps respectively. (e) Optical color micrograph of an etched
hybrid sample printed by alternating layers at VED=100 J/mm? and 400 J/mm3, with IPF-X maps, phase maps, and
band contrast maps shown in (f-h) for the inset in (), respectively. Red indicates ferrite and blue indicates martensite
in (d,g). The build direction is upwards throughout the figure.
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X-Ray Diffraction: 17-4PH As-Printed

ol . LED=1.2J/mm,
el . ED=400J/mm?

Intensity (a.u.)

olo’ oot

LED=0.3J/mm,
VED=100J/mm?3

40 45 50 55 60 65 70 75 80 8 90 95
20

Figure S3.2. X-ray diffraction of bulk samples printed with (a) pure martensitic microstructure and (b)
martensitic/ferritic microstructure. XRD alone cannot differentiate between BCC-ferrite (o) and low carbon, low
aspect ratio BCT-martensite (o). Peak strain broadening is larger than the difference in peak angles, with the
VED=400J/mm? higher strained BCT microstructure having broader peaks than VED=100J/mm3,
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Figure S3.3. Individual contributing element compositions which are (a) chromium equivalent and promote d-ferrite
stability, (b) nickel equivalent and eliminate 3-ferrite.
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Figure S3.4. CALPHAD calculations of mass percent Cr in BCC under (a) equilibrium, (b) Scheil solidification with
back diffusion and 8 to y transformation, (c) Scheil with solute trapping. Cr in FCC under (d) equilibrium, (e) Scheil
solidification with back diffusion and 6 to y transformation, (f) Scheil with solute trapping.
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Figure S3.5. SEM image of (a) an individual etched 17-4PH powder particle, (b) multiple particles, and the
corresponding (c) powder size distribution.

Table S3.1. Nominal and EDS measured composition of 17-4PH Carpenter powder feedstock.

Fe Cr Ni Cu Nb C N
Nominal Bal. 15.0- 3.0-5.0% | 3.0-5.0% 0.15- 0.07% 0.1%
17.5% 0.45%
SEM- Bal. 16.2- 3.9-48 | 4.0-5.3% | 0.4-0.6% - -
EDS 17.0%
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APPENDICES

Appendix 1: Analytical Estimation of Selective Elemental Evaporation
This appendix recalls the analytical models used for calculating the mass loss of each
individual constituent element. We calculate the vaporization flux J; for each element i using the

Langmuir equationt!18l:

M.
Ji = Peon " " Psat,i ’mr (l)

where pga; IS the saturated vapor pressure of element i, @.,, is a non-dimensional factor
accounting for condensation (®.,,= 0.82 is its maximum value, routinely reached under LPBF
conditions ?'%) M; and a; are the molar mass and the activity of element i, respectively. a; has
been shown to be modeled accurately by the mole fraction (ideal solution model) 21 taken as
0.048 and 0.079 for Mg and Zn, respectively.

The saturated vapor pressure can be calculated from the Clausius-Clapeyron equation™€l:

AHy; T-Tp;

Psati = Po * €Xp <7' ™ > 2

where po is the ambient or chamber pressure, AHy,; is the latent heat of vaporization of element i,
Th,i is the boiling point of element i, R is the gas constant, and T is the temperature of the melt pool.
The thermophysical properties of our bulk material and constituent elements are reported in Table
Al.1. A chamber pressure po=4 mbar is measured during printing. The melt pool temperature can
be estimated from the Rosenthal equation ast*34l:

a-P

i ©

with a the absorptivity of the powder bed, P the laser power, p, Cp and D, the density, specific heat
and thermal diffusivity of the alloy, respectively, v the scan speed, and r the laser spot radius.

Temperature calculations for our process parameters result in melt pool temperatures much higher
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than the boiling point of the highest boiling point element, in our case aluminum. As this model
does not account for the latent heat of vaporization, these predictions merely indicate that the
temperature reaches the boiling point of aluminum. As the melt pool temperature cannot exceed
this valuel?%118l we take T=Tpa = 2470°C.

With the known vaporization flux, the mass of evaporated element i, Am;, and the relative

evaporation from its initial mass m,; can be calculated as:[?'?!

L .A o ]
Ami — mpv sJi (4)
Ami Ami
oMo oMy 5
Mmo,i PVmp'fi ( )

where Lmp, As and Vi, are the length, surface area and volume of the melt pool, respectively, J; is
the vaporization flux (Eq. (1)), v is the scan speed, p is the density, and f; is the initial mass fraction
of element i.

The melt pool cross section was estimated using the Rosenthal equations, which give
analytical expressions of a semi-elliptical melt pool cross section. This has been shown to agree
experimentally with LPBF melt pool width and depth measurements*3134 \While the Rosenthal
solutions only provide two-dimensional section predictions (width, W,,,, and depth, D,,,,), the pool

length, L,,,, can be estimated by empirical proportional scaling laws. Hence, we havel!$3134l;

8.a.P
me = ZDmP - \/ﬂ-e-p-Cp'v'(Tm—Ts) v
T
. r [0.0053 — 021 p-B + 13 p2 — (0.11+0.17 - B) - p? - In(p) +

+ B+ (0.75-p? + 0.23 - p — 0.0062)] @)
where p = % and B =T/T,, are dimensionless parameters used to characterize melt pool

proportional scaling. We can readily extract:
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Ag = Wy * Linp/1.75 8)

Vinp = Winp * Dinp * Lmp/3.5 9)

Table Al.1. Thermophysical properties used in vaporization calculations.

Property Value Property Value

Laser Power (P) 200 W Boiling point Mg (Tb,mg) 1091°C
Scan Speed (v) 125 — 1000 mm/s Latent Heat Zn (AHy,zn) 115 kJ/mol
Density (p) 2900 kg/m?3 Latent Heat Mg (AHv,mg) 134 kJ/mol

Thermal Diffusivity (D) 4.8x107° m?/s Laser spot radius (r) 40 um

Substrate temp (Ts) 200°C Powder Bed Absorption («) 0.7

Boiling point Al (Tp,al) 2470°C Specific Heat (c,) 960 J/kgK
Boiling point Zn (Tp,zn) 901°C Thermal Conductivity (k) 135 W/mK

Appendix 2: Analytical Modeling of Strengthening Mechanisms
This appendix recalls the analytical models used to estimate the impact of the strengthening
mechanisms operating in the presently investigated Al 7xxx alloy, including: (i) grain boundary

(Hall-Petch) strengthening (Adgy), (ii) solid-solution strengthening (Aog), (iii) dislocation

strengthening (Aay;s), and (iv) precipitate/dispersoid (Orowan) strengthening (AGyrowan)- Table
A2.1. provides the values of the parameters that are used to quantitatively describe these
strengthening mechanisms. The strengthening mechanisms contribute to the yield strength so that:

oy = 0¢ + Aoy, + Aogs +A04is + AGorowan (20)

y
with 6, = 29 MPa taken as the yield strength of pure singe-crystal aluminum[?3l,

Table A2.1. Physical meaning and values used for theoretical strengthening mechanism calculations.
Symbol Definition Value B0
b Burgers vector 0.286 nm
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k, Hall-Petch coefficient 0.12 MPa/A/m
M Mean orientation factor 3.06

G Shear modulus 26.9 GPa

a Constant for FCC metals 0.3

v Poisson ratio 0.33

(i) Grain boundary strengthening is governed by the Hall-Petch relationship, describing the
strength of a polycrystalline metal as:[?4!

1
Aogy = ky - d"2 (1)

The average grain diameter (d) can be measured from SEM and TEM image analysis (Figures
1.10 and 1.11) as 1.61um and 1.71um for the homogenized and aged samples, respectively. We
obtain Aoy, = 95MPa and 92MPa for the homogenized and aged samples, respectively, in good
agreement with reported values for fine-grained aluminumf?*l,

(ii) Solid-solution strengthening is governed by the Fleischer equation: 2%l

Ao =M-G-b-e3?c1/? (12)

where M is the mean orientation factor, G the shear modulus, b the magnitude of the Burger’s
vector, c the solute concentration, and € the micro-strain. Values for the parameter M, G, and b
are given in Table A2.1. The micro-strain (¢) can be extracted through XRD measurements from
the slope of a linear regression of the Williamson-Hall equation:

. 13
BHKL'COSQHKL =T+4'€'Sin9HKL ( )

where the peak broadening (Byg;) is extracted as the full-width-half-max (FWHM) from
individual XRD peaks, using Cu K, radiation with wavelength 4 = 0.154nm, with the constant K
= 0.9251 The power of % in Eq. 12 is empirically determined, however it has been verified for

grains larger than 100nm[?4.215],
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Assuming that all the Zn, Mg, and Cu atoms in the alloy are found in solid-solution, Eq. (12) yields
a theoretical upper-bound Ao, = 125MPa. This estimate is expected to be more accurate for the
homogenized state than for the aged state.

(iii) Dislocation interaction strengthening is governed by the Bailey-Hirsch relation:[?'"]

Acygis=M-G-a-b-p'/? (14)

where M, G and b are defined as above, a = 0.3 for FCC metals, and the dislocation density (p)

is estimated from:

2V3 ¢ (15)
d-b

p:

where ¢ is extracted from Eqg. (14), and d as defined previously. The calculated dislocation
densities in the homogenized and aged states, are p = 1.9x10* m? and p = 1.1x10* m?
respectively leading to strength increases of Ao ;s = 99MPa and 75MPa, respectively. These high
dislocation densities are comparable to those found in 7xxx Al alloys with ~lum grains[®0-213.215],
Given that our samples are rapidly solidified under high thermal gradients, the high dislocation

density, and thus significant dislocation strengthening, is expected.

(iv) Precipitate / dispersoid strengthening is governed by the Orowan dislocation bypassing
mechanism, described as: 232151,
27 1
o 04:G:b () 10)
Oorowan = Tl.'m /1p
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with G, b, M defined as above, and v as the Poisson’s ratio of the alloy (Table A2.1). Using the
measured mean radius (7) and mean inter-precipitate distance (1,) from TEM image analysis
(Table 1.4), the total precipitate / dispersoid strengthening for the homogenized and aged condition
are Aoy rowan = 75MPa and 232MPa, respectively. It is noted that HRTEM imaging (Figure A2.1)
confirms the MgZn; precipitates to be incoherent, implying that the operative mechanism is indeed

Orowan dislocation bypassing as opposed to dislocation shearingf?*®l, the former being described

by Eqg. (16).

TiC
Nanoparticle

i 3

Figure A2.1. HR M of interfaces between (a) MgZn,/FCC-Al and (b) Ti

CIFCC-AL.
The quantitative contributions of these four strengthening mechanisms are reported in

Figure 1.14, in good agreement with experimental measurements.

Appendix 3. Finite Elements Analysis (FEA) Simulation of Thermal Histories
A finite element model is created to simulate the thermal history resulting from multiple

laser scans and multiple build layers. The finite element method is chosen as the modeling
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technique of choice, due to its simultaneous ability to simulate a large amount of material with a
sufficiently fine mesh, while still accounting for the most dominant heat transfer physics, including
heat conduction through the material into the substrate and adjacent layers, radiation and
convection to ambient, and latent heat of fusion/solidification. Higher fidelity models that include
more specific physics such as the particle nature of the powder bed, Marangoni flow, material
evaporation, or internal laser reflections in the melt pool, are not suitable for simulating large
amounts of layers and laser scans. Experimental validation using melt pool dimensions and thermal
cameras has shown that FEA is the most suitable modeling technique for simulating layer
temperature [169,204,205,219]_

Two samples are modeled, chosen as representative for fully martensitic microstructures
(LED = 1.2 J/mm and VED = 400 J/mm?®) and dual-phase, ferritic/martensitic microstructures
(LED = 0.3 J/mm and VED = 100 J/mm?).

Table A3.1. Thermophysical properties and laser parameters used in simulations [5220-222,

Density (p) @ 25°C 7800 kg/m?® Heat of fusion (AHs) 250 kJ

Density (p) @ 1500°C 6900 kg/m® | Specific Heat (Cy) @ |600J/kg - K
25°C

Thermal Conductivity (k) @ | 25W /m-K | Specific Heat (Cp) @ | 1300J/kg-K

Thermal 25°C 1500°C

Thermal Conductivity (k) @ | 70 W /m-K | Convective Heat | 25 W /m? - K

Thermal 1500°C Transfer Coefficient

Laser Absorptivity 0.7 Emissivity 0.6

Ambient Temperature 25°C Laser Power 200W

Laser Diameter 80um Laser Scan Speed 167, 667 mm/s

Hatch Spacing 100pum Layer Thickness 30um

Ambient Temperature 25°C
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Simulated 150um
Melt Pool Width

(C) 2mm Track Length

Figure A3.1 Overview of the dual scan simulation. (a) 1% laser scan (b) 2™ laser scan after hatched over 100um. (c)
Top view of the laser scan. (d) Cross-section of the melt pool, with the In-Track region directly in the track and the
In-Hatch region in-between the 1st scan and 2nd scan, which would raster back on the left side in this point of view.
(e) Experimental microstructure of the dual wall printed with energy density VED = 100 J/mm?3, consisting of a dual
phase microstructure and corresponding In-Track and In-Hatch locations.

Finite element analysis (FEA) is performed with the Abaqus CAE software package. A
customized DFLUX subroutine is used to create a moving Gaussian heat source, representing the
laser. A 30pm build layer is initially deposited on the substrate. The laser scans over a length of
2mm, hatches over by 100um, and subsequently scans back over the same 2mm length. The build
plate is allowed to equilibrate for 1 sec (which is enough time to reach the build plate temperature
of 200°C), before the second 30um build layer is introduced and scanned with the same approach.
This process is repeated for a total of 4 layers. The time for the DFLUX scanning steps are 6ms
and 24ms, for the VED = 100 J/mm? and VED = 400 J/mm? samples, respectively, broken into
100 time steps. The mesh is biased from an element size of 3um near the heat source to 30um near
the bottom of the base plate. A standard solid heat transfer linear brick (DC3D8) element is used
for all simulations. Heat conduction, convection, and radiation are all accounted for in the

simulation, with thermophysical values and print parameters reported in Table A3.1.
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Thermophysical properties are temperature dependent to best account for the melting phase
change, as well as laser absorptivity representative of the laser-powder interaction.

Temperature profiles from the simulations are reported in Figure A3.1, with thermal histories for
the In-track and In-hatch regions of the two samples depicted in Figure 3.6. While the latent heat
of evaporation is not included in the model, resulting in overprediction of the peak temperature
upon melting, the rest of the thermal history is expected to be accurately predicted. To validate
this statement, we compare predicted melt pool widths (Figure A3.d) with experimental
observations (Figure A3.1e and Figure 3.2). The experimental melt pool widths of 158+20um and
317422um for the VED = 100 J/mm? and VED = 400 J/mm? conditions, respectively, agree well

with simulated values of 150pm and 290um.

Appendix 4. From Thin Wall Samples to Larger Parts

While the simple dual-wall samples discussed in this work helped elucidate the
mechanisms of phase evolution in 17-4 PH steel under LPBF, and in particular shed light on the
localized appearance of ferrite exclusively in the In-track regions of low VED, low LED samples,
the volume fraction of ferrite in all samples is significantly lower than reported in previous work
[8] " conducted on bulk samples consisting of dozens to hundreds of scan lines (for example,
compare the microstructures depicted in Figure 3.1f with Figure 3.2h, obtained from samples
printed with nearly identical values of LED and VED).

We attribute this discrepancy to the stochastic nature of certain physical phenomena
(vaporization, spatter, balling, the discretized powder nature of the bed, Marangoni flow, etc.)
occurring in the melt pool, and leading to noticeable differences across the same sample. This is

highlighted in the dual-wall sample for LED = 0.3 J/mm and VED = 100 J/mm?, shown in Figure
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A4.2a (reproduced from Figure 3.2h): while columnar ferrite grains are observed in the In-Hatch
region (in agreement with the microstructure of larger specimens (Figure 3.1f), they do not
propagate through the entirety of the sample, with most of the In-Hatch region still consisting of
martensite.

We surmise that these stochastic effects are amplified in small-scale samples, which are
printed near the resolution of the machine, and become gradually less significant as sample size is
increased. To support this interpretation, Figure A4.2 illustrates quad-wall samples printed with
the same conditions as the dual-wall samples depicted in Figure 3.2. All quad-wall samples were
printed with 4 laser scans, with the same ‘borders inside-out’ scan strategy used for bulk specimens
from previous work 81, The quad walls of the LED = 0.3 J/mm sample with hatch spacings of
<50um are still extremely thin as they are essentially remelted four times, without ever hatching
beyond the size of the melt pool. Again, large amounts of lack-of-fusion porosity occur in the LED
=1.2J/mmand VED =67 and 100 J/mm?, rendering these conditions useless in practicality. Notice
that all microstructural observations on quad-wall samples (Figure A4.2) are in perfect agreement
with those extracted from dual-wall samples (Figure 3.2), with only two conditions (LED = 0.3
JImm with VED = 67 and 100 J/mm?) yielding dual-phase microstructure with columnar ferrite

observed.
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LED = 1.2 J/mm (P=200W, v=167mm/s)

(d)H=133um W(e) H=100um () HfSO/,Lm

m3 ’—' 400J/mm3 }—‘ 500J/mm3 l—

(1) H=207m

(k) H=25m

LED = 0.3 J/mm (P=200W, v=667mm/s)

Figure A4.1. Effect of hatch spacing on Quad Walls, and thus VED, on (a) LED = 1.2 J/mm resulting in no columnar
ferrite under any printing condition; and on (b) LED = 0.3 J/mm resulting in columnar ferrite forming under hatch
spacings of 100 um and 150pm.

However, there is a noticeably higher volume fraction ferrite in the quad-wall samples,
compared to the dual-wall samples printed under the same conditions. This comparison is further
illustrated in Figure A4.2, which also include a larger bulk sample composed of >20 walls. Image
analysis shows that the volume fraction of ferrite increases with sample size, from 9% in the dual-
wall sample, to 38% in the quad-wall sample and 68% in the bulk specimen. It should also be
noted that each sample in Figure A4.2, is printed with the “Borders Inside-Out” scan strategy in
which concentric borders are printed next to each other until the final outer outline. The outer
border (and thus the final scan) for each part in Figure A4.2, is composed of martensite, as initially
observed in our previously study (881, Another reheating cycle is added for each adjacent layer
printed. Thus, while the larger parts consistently have more ferrite, they still do not have ferrite at

the border under any processing conditions.
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Dual Wall >20 Walls

VED = 100 J/mm® Region

9%
“0-Ferrite

68%
o-Ferrite

VED = 400 J/mm? Region AUy LAl

Fiur A4.2 Evolution of ferrite phase fraction through (a) single walls (b) dual walls (¢) quad walls) and (d) a full
part with permission from reference [1881
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