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A facile and low-cost route based on thermodynamic principles of surface
amorphous films (SAFs), intergranular films (IGFs), and cation surface segregation
benefits electrochemical performances of electrode materials for lithium-ion
batteries and sodium-ion batteries.

SAFs as a facile and generic surface modification method is utilized to
significantly improve the rate performance and cycling stability of cathode

materials for lithium-ion batteries. A thermodynamic framework of SAFs is
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proposed. These nanoscale SAFs form spontaneously and uniformly upon mixing
and annealing at a thermodynamic equilibrium, and they exhibit a self-regulating
or “equilibrium” thickness due to a balance of attractive and repulsive interfacial
interactions acting on the films. Specially, spontaneous formation of nanoscale
LisPOs-based SAFs has been demonstrated in two proof-of-concept systems
LiCoOz2 and LiNiosMn1.50a4. Furthermore, SAFs also facilitate electrochemical
performance of TiO2 by surface nitridation as an anode material for sodium-ion
batteries.

Similarly, IGFs are also found and benefit electrochemical performance in
the system of Sn doped Si anode for lithium-ion batteries. The coexistence of IGFs
and porous secondary structure (characterized by FIB/SEM on the cross section)
results in an enhanced performance. Both SAFs and IGFs can be used to guide
future experiments of other material systems.

Utilizing cation surface segregation to thermodynamically control the
particle morphology and the surface composition is another economic, facile, and
effective method to significantly improve the electrochemical performance of
battery electrodes. WO3 doping and anisotropic surface segregation can change
the facet relative surface energy to tailor the particle Wulff shape of LiMn1.5Nio.504
spinel materials and the surface Mn/Ni ratio and benefits performances.

W cation surface segregation are also effective on Li-rich layered oxide
Liz.13Nio.3sMno5702 cathode material improving its reversible capacity and rate
capability. X-ray photoelectron spectroscopy in conjunction with ion sputtering has

shown that W segregates to the particle surfaces and decreases the surface Ni/Mn
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atomic ratio; high-resolution transmission electron microscopy has further
suggested that the segregation of W increases the structural disorder at the

particle surfaces, which may also benefit the rate performance.
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Chapter 1. Introduction
1.1. The Introduction of Thermodynamic Models
1.1.1 Surface amorphous films

A film will spontaneously “coat” on the surface of crystalline electrode

0

particle if replacing a “clean” crystal-vapor surface of the electrode ( 7C(V’) with a

film-vapor surface (;,) and a crystal-film interface (7, ) lowers the free energy:

Ve + 70 <79 1.1

Eq. 1.1 suggests that we should select a coating material with a lower surface

energy than that of the electrode material (7, < 7)) in order to form uniform

coatings spontaneously. Moreover, the film-electrode interfacial energy (7 )

should be small; consequently, it is easier to make structurally-disordered
coatings than crystalline coatings because the incoherent crystal-crystal
interfacial energy is typically great. In the following text, we only consider
structurally-disordered surface films; thermodynamically, we treat them as an

“l”

undercooled quasi-liquid; thus, we replace all “f” with “I” in the subscripts (i.e., we

rename y,, =¥, and y, =74) in the following text.

We should recognize three important nanoscale wetting phenomena, as
follows. First, as schematically illustrated in Figure 1.1(a), a nanometer-thick
undercooled liquid film of thickness h can be thermodynamically stabilized on a

surface below the bulk solidus line if



~Ay=y3) (e + n)>AGH) h 1.2

amorph

where AGY® s the volumetric free-energy penalty for amorphization to form the

amorph

undercooled liquid. The stabilization of impurity-based, quasi-liquid SAFs below
the bulk solidus line is analogous to the well-known phenomenon of premelting
(or surface melting) in unary systems?*-3 as well as the prewetting in Cahn’s
critical point wetting model*-®.

Second, when the quasi-liquid film is nanometer-thick, the abutting crystal
will inevitably impose significant partial structural order into the film.”8 Thus,
these SAFs are not fully liquid/amorphous, despite that they were named as
surface “amorphous” films.8 Interestingly, recent experimental and theoretical
studies suggesting that such partial structural order near the crystal-glass
interfaces can promote ion transport to achieve higher ionic conductivity than
both bulk crystal and glass phases.%1°

Third, when the film thickness is in the nanometer range, short-range, van
der Waals (vdW) London dispersion, electrostatic, and other interfacial

interactions will arise. Thus, the excess surface free energy can be written as:

G*() =y + 74)+ACugy,-h+o

amorph short-range (h) + O-vdW (h) + O-e (h) to 13

lec

where all interfacial interactions is defined so that ai(h = +0) = 0 for consistence.
The SAF will adopt an “equilibrium” thickness (heq) that minimizes the excess film
free energy (dG¥/dh|n=neq = 0), which represents a balance among attractive or
repulsive pressures (dai(h)/dh) acting on the film (Figure 1.1(b)). Such a

pressure-balance model was first proposed by Clarke to explain the equilibrium



thickness of IGFs!113 and later adapted to model SAFs.6814.15 Cannon proposed
that these impurity-based equilibrium-thickness IGFs and SAFs can be
alternatively (and equivalently) interpreted as a special class of structurally-
disordered multilayer adsorbates.® It is important to note that the two interfaces
are no longer independent and become one crystal-vapor surface
thermodynamically under the condition that an equilibrium thickness is
achieved,'” where equilibrium surface energy corresponds to the minimum of Eq.

1.3:
Yo" = Your = MI{G*(N)} =G (h,y) < 7 =G*(0). 1.4
The sum of the total interfacial pressure (Zidai(h)/dh) is the well-known
Deryaguin disjoining pressure. Quantifying all interfacial interactions in Eq. 1.3 for

an oxide or phosphate system is infeasible. Alternatively, we can define a
dimensionless interfacial coefficient (f(h)) based on the following equation:
—Ay-[1-f(h)]= Zi o.(h). 1.5
Then, Eq. 1.3 can be simplified to:
G*(h)— 7Y =Ay- f(h)+AGSm, -, 1.6
which is schematically plotted in Figure 1.1(b). Since the SAF formation should
reduce the total surface excess free energy (i.e., GX(heq) < 7), Eq. 1.2 can be

refined to a more rigorous inequality:

~Ay-f(hy)>AGL) -h,, . 1.7

amorph : eq



By definitions, the dimensionless interfacial coefficient changes from zero
to one as the film thickness is varied from zero to infinity, i.e., f(0) = 0 and f(+x) =
1.

1.1.2. The Surface adsorption/segregation, Wulff construction, and

anisotropic surface segregation

The surface energy can be changed (reduced) with adsorption/segregation

of cation according to the well-known Gibbs adsorption equation:

dy__
o= T, 1.8

where yis the surface energy, and x and 7, respectively, are the chemical
potential and surface excess (total adsorption amount per unit area) of the

adsorbing specie, respectively.

According to the well-established Wulff construction theory, a crystalline
particle for a given volume at thermodynamic equilibrium status is of the lowest
sum of anisotropic surface energy of various surface facets, which implies that the
facets with lower surface energy should contribute to larger fraction of crystalline
surface area; the decrease of surface area of certain facets indicates an increased

surface energy corresponding to those facets.

Hence, by combining the Gibbs adsorption and Wulff theory, the
morphology of crystal could be controlled by tailing facet surface energy resulting

from cation surface segregation. Furthermore, the surface segregation of cation



could prefer to occur on the facets with higher relative surface energy to minimize

the system Gibbs free energy.

1.2. The Motivation and Overview

Upgrading the electric energy storage capability can promote the renewable
energy synchronization with powder grid, expedite the distributed energy storage
for high efficient utilization of traditional energy, and boom the electric automotive.
Lithium-ion batteries, sodium-ion batteries as energy storage devices aims at
higher energy density, higher rate capability, longer battery life, and lower cost to
meet the application requirements. The electrode materials of both cathode and
anode for lithium-ion batteries and sodium-ion batteries are the most important
factors to improve the electrochemical performances.

It is a promising route that apply the thermodynamic principles based on
surface amorphous films and cation surface segregation, combined with facile and
low-cost synthesis method of high-energy ball milling with post annealing, to
modify cathode and anode materials for enhanced electrochemical performances.
Nanoscale coatings are widely used to improve the performance of electrode
materials for lithium-ion batteries. In an ideal scenario, one wishes that such
coatings form spontaneously via a facile treatment, have self-regulating and highly-
uniform thickness, and help to significantly improve the performance of electrode
materials.®* This study demonstrates an approach to make such “dream coatings”
through a facile “mixing and annealing” route via utilizing a unique class of

equilibrium-thickness surface amorphous films (SAFs), which are essentially two-



dimensional surface “phases” (also called “complexions” based on an argument
that they are not “phases” rigorously according to the Gibbs definition). In chapter
1 and chapter 2, a thermodynamic framework of Surface amorphous films (SAFs)
is proposed, which can be used to guide future experiments of other material
systems. SAFs as a facile and generic surface modification method is utilized to
significantly improve the rate performance and cycling stability of cathode
materials for lithium-ion batteries. These nanoscale SAFs form spontaneously and
uniformly upon mixing and annealing at a thermodynamic equilibrium, and they
exhibit a self-regulating or “equilibrium” thickness due to a balance of attractive
and repulsive interfacial interactions acting on the films. Furthermore, the formation
of these SAFs improves the rate capability and cycling stability of both cathode
materials significantly. Such SAFs can be utilized to improve the performance of
many cathode as well as anode materials via a facile treatment. A potentially-
transformative concept is to utilize surface phases (complexions) to achieve
superior properties unattainable by conventional bulk phases or nanomaterials.

In chapter 3, utilizing anisotropic surface segregation to thermodynamically
control the particle morphology is another economic, facile, and effective method
to significantly improve the electrochemical performance of battery electrodes that
can be applied to other materials. WOz doping and anisotropic surface segregation
can change the particle Wulff shape of LiMn1sNiosO4 spinel materials and the
surface Mn/Ni ratio. The anisotropic surface segregation of W changes relative

surface energies, increasing the areas of {110} and {111} facets with open



channels for fast lithium-ion diffusion. The rate capability is improved significantly
by WOs3 doping.

In chapter 4, the WOs anisotropic surface segregation can also improve
Co-free Li-rich layered oxide Lii.13Nio.sMno.5702 cathode material with enhanced
discharge capacity, rate capability, and cycling stability. X-ray photoelectron
spectroscopy in conjunction with ion sputtering has shown that W segregates to
the particle surfaces and decreases the surface Ni/Mn atomic ratio; high-resolution
transmission electron microscopy has further suggested that the segregation of W
increases the structural disorder at the particle surfaces, which may also benefit
the rate performance.

In chapter 5 for the anode material of lithium-ion batteries, the amorphous
intergranular films (IGFs) is found on the surface region of Sn doped Si anode with
improved cycling stability. The coexistence of amorphous intergranular films and
porous secondary structure (characterized by FIB/SEM on the cross section) could
be resulted in the enhanced cycling stability.

In chapter 6, beyond lithium-ion batteries, surface amorphous films (SAFs)
can also improve the rate performance and cycling stability of electrode materials
for sodium-ion batteries. A modified TiO2 with spherical secondary structure for via
facile method of high energy ball milling following with annealing and surface
nitridation.

In chapter 7, the feasibility of tailoring the electrochemical performance of
electrode materials by simply changing their microstructures via facile ball milling

and heat treatments can be particularly useful for optimizing composite electrodes



for sodium-ion batteries. Composites of Nao.4sMnO2, Nao.7MnO2z.0s, and
Nao.e1MnO:2 as cathode materials for sodium-ion batteries are synthesized by facile
solid-state reaction, ball milling, and annealing methods. Two different composites
of identical overall composition but drastically different morphologies and
microstructures are synthesized.

Chapter 1, in part, is a reprint of the material “A Facile and Generic Method
to Improve Cathode Materials for Lithium-lon Batteries via Utilizing Nanoscale
Surface Amorphous Films of Self-Regulating Thickness” as it appears in the
Physical Chemistry Chemical Physics, Jiajia Huang and Jian Luo, 2014, 16, 7786-
7798. Chapter 1, in part, is a reprint of the material “Composites of sodium
manganese oxides with enhanced electrochemical performance for sodium-ion
batteries: Tailoring properties via controlling microstructure” as it appears in the
Science China Technological Sciences, Jiajia Huang and Jian Luo, 2016, 59,

1042-1047.
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Figure 1.1 Schematic illustration of the thermodynamic principle for stabilizing a
nanometer-thick SAF (being treated as an undercooled quasi-liquid film) below the
bulk solidus line. The two micrographs used in this schematic illustration are actual
HRTEM images of the LiMn1.sNio.s04 specimens with and without a LisPOas-based
SAF. (b) Schematic illustration of an excess free energy vs. film thickness curve.
The equilibrium thickness (heg) corresponds to the minimum in GX(h), which is
determined by a trade-off between the reduction of surface energy as the
thermodynamic driving force (Ayf(h)) and the free-energy penalty for forming the

undercooled liquid (AGY?  .h).
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Chapter 2. A Facile and Generic Method to Improve Cathode Materials for
Lithium-lon Batteries via Utilizing Nanoscale Surface Amorphous Films of

Self-regulating Thickness

2.1. Introduction

Surface coatings and modifications are widely used to improve the
performance of electrode materials for lithium-ion batteries. Notably, a series of
recent studies have demonstrated that nanoscale surface oxide coatings made
by atomic layer deposition (ALD) can improve the cycling stability and other
performance properties of cathode materials.® Although ALD can be used to
make uniform nanoscale oxide coatings with high levels of controls, this
technique requires special equipment. Alternatively, numerous prior studies
attempted to “coat” battery materials by mixing the active materials with coating
materials by wet chemistry methods or simply dry mixing, where the specimens
were typically subjected to subsequent annealing.®?” It is hoped that uniform
nanoscale surface coatings might form, which were not always guaranteed.
Consequently, substantial trials and errors were required and the success of
such an approach largely depended on luck.

This study aims to establish an innovative coating strategy through a facile
“mixing and annealing” route via utilizing a unique class of equilibrium-thickness
surface amorphous films (SAFs). Compared with conventional approaches, these
nanoscale SAFs form spontaneously with self-regulating and uniform thickness.

Using LiCoO:2 and LiNio.sMn1504 as two proof-of-concept systems, we have

14
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demonstrated that nanoscale LisPOs-based SAFs can form these spontaneously
and uniformly at thermodynamic equilibria, which have subsequently improved
the rate performance and cycling stability of the two cathode materials via
reducing the interfacial charge transfer resistance and suppressing the growth of
the solid-electrolyte interphase (SEI).

The study was primarily motivated by the discovery of the thermodynamic
stabilization of nanoscale SAFs in a variety of oxide systems.?®3¢ These SAFs
are free-surface counterparts to a class of equilibrium-thickness intergranular
films (IGFs) that have been widely observed at ceramic grain boundaries and
metal-oxide interfaces.®>4° Thermodynamically, these equilibrium-thickness
SAFs (or IGFs) can be considered as two-dimensional surface (or interfacial)
“‘phases,” which have been named as “complexions” by Tang, Carter and
Cannon based on arguments that they are not “phases” according to the rigorous
Gibbs definition and they cannot exist without abutting bulk phases.3%41-46 These
SAFs (and analogous IGFs) have several distinct characteristics. First, they form
spontaneously by mixing and annealing at a thermodynamic equilibrium. Second,
they adopt a self-regulating or “equilibrium” thicknesses on the order of 1 nm.
Third, they are neither fully crystalline nor completely amorphous (despite being
called “amorphous” films). Forth, they can possess structures and compositions
that are neither found nor stable as bulk phases (e.g., the average film
composition can lie in a bulk miscibility gap). Fifth, they can form at a
thermodynamic equilibrium when the corresponding bulk liquid or glass phase is

no longer stable. Thus, they can be utilized to achieve superior properties
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unattainable by conventional bulk phases or nanomaterials.?8

In 2005, Li and Garofalini 47 first suggested that such nanoscale
“amorphous” interfacial films can act as rapid Li ion transport pathway via
molecular dynamics simulations of V20s. In 2008, De Jonghe and co-workers
showed that the formation of 1-4 nm thick, impurity-based IGFs in lanthanum
phosphate solid-state electrolytes increased the proton conductivity by more than
an order of magnitude.*® Later, nanoscale, phosphate-based IGFs, along with
SAFs of similar character, have also been observed in partially-sintered LiFePOa4
and LiMnz1.sNio.504 electrodes.??4%50 In 2009, Tang, Chiang and Carter suggested
that nanoscale SAFs can form in LIMPO4 (M = Fe, Mn, Co, Ni) olivines and
critically affect the phase transformation during electrochemical cycling via a
diffuse-interface (phase-field) model.>! In the same month, Kang and Ceder
reported that the formation of a glassy LisP207-like “fast ion-conducting surface
phase” (<5 nm) in “off-stoichiometric” LiFePO4 can help to achieve ultrafast
discharging.>? Although this report 52 led to great excitement, it too resulted in a
debate.535* A technical comment 52 suggested: “There is no reason to believe
that LisP207 impurity will coat the particles. Instead, impurities usually form
nanoparticles that stick on the surfaces.” The follow-up study by Kayyar et al. 2°
showed that such coatings can form and they are likely equilibrium-thickness
SAFs. In 2012, Chong et al. carefully re-examined Kang and Ceder’s material
and benchmarked it with carbon-coated LiFePOg; their study confirmed the
effects of LiaP20O7-based “fast ion-conducting surface phase” in improving the rate

performance despite that the electronic conductivity was not increased.*®



17

It is also worth noting that a series of prior studies coated amorphous
oxides (such as Al20s3, ZnO, Bi203, AIPO4, MgO, CoPO4, CeOz2, ZrO2, and SiO2)
on a variety of cathode particles to improve cycling and rate performances.*-2°
These coatings were made by a special solution-based sol-gel coating method.
Some of these coatings remained uniform and amorphous after subsequent
annealing at 400-600 °C, so that they must be at least metastable. However, it is
unknown whether they are true equilibrium SAFs; in fact, many of these systems
are unlikely equilibrium SAFs because of the high surface energies of the film-
forming oxides (as discussed in the next section). Thus, these surface coatings
were likely kinetically stabilized (a.k.a. they were not the equilibrium SAFs that
would form spontaneously with self-regulating thickness upon annealing).
Nonetheless, this series of studies!?® demonstrated the great potential of using
nanoscale amorphous coatings to improve the performance of cathode materials.

Three more recent studies attempted to coat lithium phosphates on the
surfaces of various cathode materials with some successes. In 2011, Sun and
Dillon showed that LisPOas-based surficial films could form on LiCoOz in
specimens annealed and quenched from 850 °C, which improved the rate
performance; however, the authors noted that the surficial films formed at that
specific condition were “not necessarily continuous or constant thickness” and
were thicker (~10 nm) where they were present.?? In 2012, Li et al. coated
“nano-LisPO4” on LiMn204 to enhance the cycling stability at an evaluated
temperature;2® in their work, the specimens were calcined at a lower temperature

of 450 °C, which resulted in ~ 10 nm thick crystalline nano-LisPOa4 phase
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(presumably not uniform films) on LiMn204. In 2013, Chong et al. reported
“surface stabilized LiMn1.5Nio.504” by LisP207-based coatings with improved rate
capability and cycling stability at room temperature;® in this study, the surface
coatings appear to be uniform and thicker (8-10 nm), which the authors referred
to as “a coating layer of LiaP207 crystallite coexisting with a little LisPO4”. It
appeared that these phosphate-based coatings obtained at the specific
processing conditions used in the three above-mentioned studies were not fully
equilibrium SAFs that would from continuously with nearly constant thickness in a
typical range of 0.5-5 nm.?®

The assembly of the above-discussed recent studies motivated us to use
LisPOs-based SAFs on LiCoO2 and LiNio.sMn1.504 as two proof-of-concept
systems to conduct a systematic and definite study, where we successfully found
the processing conditions to form SAFs with self-regulating (equilibrium)
thickness of ~2.9 nm and ~2.5 nm, respectively. It is imperative to conduct
careful statistic measurements to prove the formation of uniform SAFs with
nearly constant (equilibrium) thickness and then demonstrate that such SAFs can
be utilized to improve the rate performance and cycling stability; such a critical
and definite study has never been conducted before, which warrant the current
work.

A further objective of this study is to investigate the underlying
mechanisms of how such surface films/phases (regardless they are equilibrium
or not) improve the performance of cathode materials. Kang and Ceder proposed

that LisP207-like “fast ion-conducting surface phase” can serve as a “beltway” to
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effectively improve ion transport because of the one-dimensional lithium ion
conduction in LiFeP04.5? Sun and Dillon showed that LisPOas-based surficial
films, although they were not continuous with a constant thickness, significantly
improved the rate performance of a more isotropic material, LiCoOz, with two-
dimensional ion conduction; thus, they suggested that these films might enhance
the rate capability by reducing concentration polarization at the participle
surfaces.?? In this study, we found the processing conditions to form significantly
more uniform LisPOs-based SAFs on LiCoO2 with an equilibrium thickness of
~2.9 nm. Furthermore, we adopted a special technique developed by Creager
and co-workers °° to show that the enhanced rate capability is not due to
reduction in the concentration polarization; further impedance measurements
suggested that these nanoscale SAFs may enhance the rate performance by
reducing the interfacial charge transfer resistance. We further demonstrated that
LisPOs-based SAFs can enhance the rate performance of an even more isotropic
material, spinel LiNio.sMn1504, as well as significantly improving its cycling
stability at an elevated temperature by protecting the electrode surfaces and
suppressing the SEI growth.

2.2. Thermodynamic Model and Theoretical Analysis

Here, we first present a thermodynamic model?® to assess the stabilization
of LisPOas-based SAFs in the two proof-of-concept systems and to explain origin
of the equilibrium thickness based on the discussion in chapter 1.1.1. This model

can also be used to analyze and forecast the formation and stability of
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equilibrium-thickness SAFs in other battery materials in future studies.

we can use the above framework to assess the possible stabilization of
LisPOas-based, equilibrium-thickness SAFs on LiCoO2 and LiNio.sMn1.504, the two
proof-of-concept systems adopted for this study. On one hand, the reduction in
the interfacial energy (represented by Ayf(h), which should be negative for SAF

formation,) is the thermodynamic driving force to form an SAF. In the current
case, first-principle calculations estimated the 7 to be ~1-3 J/m2for LiCoO>

(Ref. %6) and ~1.7-3.1 J/m? for LiNio.sMn1.504 (Ref. °7), respectively. Thus, we

(0)

cv

adopt a median value of y,,’ ~ 2 J/m? for our estimation. In comparison, the

crystalline LisPQOa4 surface energy was calculated to be ~0.6-1.2 J/m? by first-
principle calculations,®® and the liquid/amorphous y,, for LisPO4 should be less
because some broken bonds can be satisfied by more relaxation; thus, we adopt
the lower end value of the computed crystalline LisPO4 surface energy for the

liquid/amorphous surface energy: y,, ~ 0.6 J/m?. Since we know that 0 < -Ay <

(7y9- y,) = 1.4 JIm? for SAF formation, we adopt a median value of Ay~ -0.7

J/Im? as a rough estimation for the driving force for stabilizing an SAF in our
systems.

On the other hand, there are two major attractive interactions that act to
thin (diminish) the SAF. First, an attractive vdW London dispersion force is
believed to restrain SAFs and IGFs from thickening above the bulk solidus
line.?8:30:37.3940 |n the current cases, the specific refractive indices and dielectric

constants are not available for estimating the sign and strength of the dispersion



21

force; however, the refractive index of the LiPOs glass (n ~ 1.5) is less than those
of transition metal oxides (n > 2 for MnO and NiO)%°, so the dispersion force is
likely to be repulsive and insignificant for the current case.®%61 More importantly,
we aimed to form SAFs well below the corresponding bulk solidus lines and prior

studies suggested that the dispersion force is typically overwhelmed by the other

(second) most common attractive interaction resulted from the AGY® .h

amorph
term.?862 Under such conditions, we can safely neglect the dispersion interaction.
Then, we can introduce a thermodynamic parameter (A) to represent the
thermodynamic tendency to stabilize a nanoscale SAF well below the bulk

solidus line, as follows:63-65

1=_"Ar 2.1
AG(vol)

amorph

The computed A scales the actual film thickness. In the current case,

where the AGY .h term is the dominant term that controls the film thickness

amorph
well below the bulk solidus line, A can be used as a first-order estimate of the film
thickness. More details about the derivation and justifications of this model and
estimation method can be found in earlier studies of analogous subsolidus IGFs
in metallic alloys,®3%7 where the basic interfacial thermodynamic model and

analysis methods are applicable to the current case.

To quantify AGY and accurately estimate the film thickness, we need

amorph

full thermodynamic functions (typically from CALPHAD data) for the

multicomponent systems involved,3-%” which are not available for the current
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case. However, we can roughly estimate this term by using a one-component

v~ ASY AT where ASY is the volumetric fusion entropy

equation’ A(;amorph ~ fusion fusion
and AT is the effective undercooling. There is no reported fusion entropy for
LisPOa. The fusion entropy is ~23 J/mol-K for KsPOa4, ~33 J/mol-K for HzPO4, and

~17 J/mol-K for NaPOs (Ref. %8); thus, we estimate the fusion entropy for LisPO4

to be ~15-35 J/mol-K, resulting in AS{ ~ ~3-7x10% J/m3-K. The melting

fusion
temperature for LisPOas is 1205 °C (Refs. 8%79). We select annealing temperatures
of 600-800 °C to form SAFs so that the effective AT ~ 400-600 K since there is
no known intermediate compound or eutectic reaction in either binary system.

Subsequently, AGY s estimated to be ~1-4x108 J/m3, which is equivalent to an

amorph

attractive pressure of 100-400 MPa that acts to thin the SAF; this estimate also
further justifies that dispersion forces, which are typically on the order of 1-10

MPa for similar cases?®62, can be safely neglected for the current cases. The

actual effective AT and AGY"_can be reduced somewhat if there are some

amorph
solubilities of other oxide components in the LisPOas-based liquid or SAFs.

Eq. 1.2, Eqg. 1.7 and Figure 1.1(b) show that AGY® .his the free-energy

amorph
penalty to form an SAF, which adds 0.1-0.4 J/m? per nanometer (of the SAF
thickness) to the total excess surface energy in Eqg. 1.3 or Eq. 1.6. The analysis
above estimates the median value of Ay to -0.7 J/m?, which provides the
thermodynamic driving force that is significant enough for stabilizing an SAF

(Figure 1.1(b)). Combining the estimations of driving force and penalty, Eqg. 1.8
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produces an estimated A value of ~2-7 nm (which may be somewhat greater if
the actual effective AT is less). Furthermore, comparing Eg. 1.7 and Eq. 1.8
produces: heq < A-f(heg); thus, it is reasonable to estimate the actual equilibrium
thickness to be in the low end of estimated range of 2-7 nm. In the experiments
that will be presented subsequently, we have observed the formation of SAFs
with equilibrium thicknesses of ~2.9 nm and ~2.5 nm, respectively, for the two
proof-of-concept systems, which are well consistent with the model prediction.

2.3. Experimental

2.3.1. Materials synthesis

To prepare LisPOs-coated LiCoOz2, 2 or 5 vol. % of LisPO4 powder was
added to 5 g of as-received LiCoO:2 (Alfa Aesar, 99.5%) and dispersed in 10 ml
acetone; the mixture was placed in a silicon nitride grinding vial with two silicon
nitride balls. Before sealing the jar, corprene gasket was taped by Teflon to
prevent it from acetone corrosion and precursor contamination. High energy ball
milling was carried out using a SPEX 8000D mill for a duration of 10 min followed
by a 15 min resting interval, and this milling process was repeated for 3 times.
The mixture was dried in a vacuum oven. The dried powder was placed in a
covered alumina crucible, isothermally annealed at 600 °C for 4 h in a box
furnace with a heating rate of 5 °C/min, and air quenched. As a reference,
controlled specimens of uncoated LiCoO2 were prepared with exactly the same
ball milling and annealing procedure described above without the addition of

LisPOa.
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LiMn1.sNio.sOs-based specimens were prepared with a similar procedure.
To prepare the reference uncoated specimens, as-received LiMn1.5Nio.s04
(Sigma-Aldrich, >99%) was ball milled for 60 min, isothermally annealed at 800
°C for 8h (with 5 °C/min heating rate), and quickly cooled down in the furnace
with power shut down. LisPOas-coated LiMn1.5Nio.sO4 specimens were prepared by
mixing 2 vol. % LisPO4 with the pristine LiMn1.5Nio.s04, which were subsequently
subjected to the exact same ball milling and heat treatment procedures. Since
the as-received LiMn1.sNiosO4 are non-uniform in particle size distribution and
agglomerated, an additional reference LiMn1.sNio.s04 specimen was prepared by
annealing as-received LiMn1.5Nio.504 at 800 °C for 8h without prior ball milling.

2.3.2. Material characterization

X-ray diffraction (XRD) was carried out on a Scintag 2000 diffractometer
using Cu Kaq radiation (A = 1.5418 A) operating at 40 kV and 35 mA with a step
size of 0.02° and a step time of 1 s. Particle sizes and morphologies were
characterized using a Hitachi 4800 scanning electron microscope (SEM). Patrticle
surfaces were characterized by high-resolution transmission electron microscopy
(HRTEM) using a Hitachi 9500 microscope. HRTEM specimens were prepared
by dispersing powders ultrasonically in acetone and dropping a small amount of
the suspension onto carbon coated copper grids; the specimens were then dried
overnight in a desiccator. Minimum exposure was used during HRTEM to reduce
electron beam damages. A large number of images of randomly-selected patrticle

surfaces were recorded for each specimen for a fair statistical analysis.
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2.3.3. Electrochemical measurement

To prepare cathodes, 80 wt. % active materials, 15 wt. % carbon black
(MTI), 5 wt. % PVDF (MTI), and appropriate amount of NMP (Alfa Aesar,
anhydrous, 99.5 %) were mixed in a glass vial by a vibrating mixer, followed by
further ultrasonic dispersion. The mixture was coated on an aluminum foil, which
was subsequently dried in a vacuum oven at 120 °C for 12 h. Cathode electrodes
with a diameter of 10 mm were punched out, pressed at ~187 MPa, and
transferred into an Ar-filled glovebox for battery construction. Half cells were
made with a cathode electrode, a metal Li chip (MTI, 99.9 %) as the anode, 1M
LiPFs electrolyte, C480 separator (Celgard), and 2032 coin cell cases (SS304,
MTI). The detailed procedure of assembling coin cells can be found in Ref. 1. To
make the electrolyte, EC/DEC/DMC (1:1:1 vol., BASF) solvent was used for
LiCoO: batteries that were charged up to 4.3 V, and EC/DMC (1:1 vol., BASF)
solvent was used for LiCoO:2 batteries that were charged up to 4.5V and
LiMn1.5Nio.s04 batteries that were charged to 5.0 V. To probe whether the
interfacial polarization of the electrolyte near the particle surfaces is the rate
control step in LiCoO2-based cathodes, we also prepared and tested coin cells
with 0.1M LiPFe electrolyte following a procedure developed by Creager and co-
workers.>

Electrochemical cycling tests were carried out on an Arbin 2143 tester.
The rate capabilities of LiCoO2 were tested at charge and discharge rate of C/5

for 4 cycles, followed by discharging at 1C, 2C, 5C, 10C, and 25C sequentially (2
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cycles at each discharge rate) while keeping the charge rate at C/5. An external
pressure of ~40 MPa was added on coin cells during rate performance tests to
reduce internal contact resistance. The rate performance of LiMn1.5Nio.504
specimens was tested at the discharge rates of C/5, 1C, 5C, 25C, 45C, 65C, and
85C sequentially (1 cycle at each discharge rate) with a constant charge rate of
C/5. Before the rate performance test, all fresh LiCoO:2 cells were charged and
discharged at C/10 for 1 cycle and C/5 for 10 cycles to allow cells reaching a
steady state. The cycling stability test of LiCoO2 was performed between 3.0 V
and 4.5V at a rate of 1C and room temperature after charging and discharging
from 3 Vto 4.2 V at a rate of C/10 for 1 cycle. The cycling stability of
LiMn1.5Nios0O4 specimens were measured at charge and discharge rate of 1C
between 3.2 V and 5.0 V at an elevated temperature of 55 £ 3 °C in an
isothermal dry oven after first idling at 55 + 3 °C for 2 h.

Cyclic voltammetry (CV) and electrochemical impedance spectroscopy
(EIS) were performed using a Solartron 1287A/1255B analyzer. CV of LiCoO:
was performed between 3.3 V and 4.5 V at a scan rate of 0.1 mV s,
Electrochemical impedance was measured from 1 MHz to 0.05 Hz at 10 mV.
Fresh cells of LiCoO2 with Li metal as the counter electrodes were cycled for 4
cycles at rate of C/5 and finally charged to 4.2 V before the impedance
measurements. Impedance measurements were also conducted for
LiMn1.5Nio.s04 cells that were cycled at room temperature for 10 cycles (before

the first measurement) and then cycled at 55 + 3 °C for 50 additional cycles
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(before the second measurement). All cells for impedance measurements were
kept for more than 10 h after the charging to reach steady states.

2.4. Results and Discussion

2.4.1. LisPOs-based equilibrium-thickness SAFs on LiCoO2

XRD revealed only LIiCoO2 peaks in both uncoated and 2 vol. % LisPOa4
coated LiCoOz2 specimens (Figure 2.1); some crystalline LisPO4 phase might
exist in the coated specimens as the secondary phase, but the amount and
crystallinity were below the detection limit of XRD. SEM characterization showed
that uncoated and 2 vol. % LisPO4 coated LiCoO2 specimens have similar
particle sizes on the order of ~ 1um (Figure 2.2).

Thin layers were found on the surfaces of uncoated LiCoO: particles,
which were presumably Li2CO3 formed during annealing (that was commonly
seen in prior studies 2°72). As shown in Figure 2.3, thicker and more uniform
amorphous films were observed to form on patrticle surfaces of LisPO4 added
LiCoO:2 specimens, in comparison with the reference uncoated LiCoO:2 that has
been subjected to the exactly the same milling and annealing conditions. The
observed surface films in LisPOs-coated LiCoO2 specimens appeared to be
largely “amorphous” in HRTEM imaging (Figure 2.3(b)), despite the equilibrium
temperature (600 °C) was likely well below the solidus temperature (Tmelit = 1205
°C for LisPOa4 according to Refs. 8970 and there is no known deep eutectic
reaction between LisPO4 and LiC00Oz2). As discussed in 82, the stabilization of the

“amorphous” or quasi-liquid surface films with large structural disorder was likely
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driven by the -Ayterm as the formation of crystalline surface films was frustrated
by the high crystal-crystal interfacial energy that would occur.

To determine whether the observed SAFs have an equilibrium thickness,
a large number of HRTEM images were recorded for randomly selected particle
surfaces in three specimens (uncoated, 2 vol. % and 5 vol. % LisPOs-coated
LiCo0O3) that were equilibrated at and quenched from 600 °C, and careful
statistical analysis was performed subsequently. The key results were
summarized in Figure 2.3(c). In the uncoated LiCoO2 specimen, and surface
(carbonate) films (> ~0.3 nm thick to be clearly discerned by HRTEM) were found
on ~78% particle surfaces among 18 surfaces characterized. The mean film
thickness was measured to be 0.88 nm with a large relative standard deviation of
0.75 nm; this specimen was referred to as “uncoated LiCoO2” or “LiCoO2 without
SAFs” interchangeably despite of the presence of thin carbonate layers.
Discernable SAFs were observed on 62 out of 64 (~97%) independent particle
surfaces in the LisPOs-coated LiCoO2 specimens. In the 2 vol. % LisPO4 added
LiCoO2 specimen, the mean film thickness was measured to be 2.90 nm with a
standard deviation of 2.17 nm from a population of 35 independent particle
surfaces characterized. When the addition of LisPO4 was increased to 5 vol. %,
the mean measured film thickness remained at 2.97 nm with a standard deviation
of 2.00 nm (measured from 29 independent particle surfaces). The fact that the
mean and distribution of the measured film thickness was independent of the
extra amount of added LisPOa4 (2 vs. 5 vol. %) after reaching equilibration (Figure

2.3(c)) unequivocally proved that these LisPOs-based SAFs exhibited a self-
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limiting (equilibrium) thickness of ~ 2.9 nm, which was thermodynamically-
determined (as discussed in §2).

As shown in Figure 2.4(a), LisPOs-based SAFs appreciably improved the
rate performance of LiCoO2 for specimens tested in the normal 1M electrolyte. At
25C, the average discharge capacity was measured to be 25.0 mAh/g for the
LiCoO2 specimen without SAFs, which was increased by ~130 % to 56.1 mAh/g
in the 2 vol. % LisPOas-coated LiCoO2 specimen with ~ 2.9 nm thick SAFs. Since
the SEM measurements showed that both specimens have comparable particles
sizes (Figure 2.2), the comparison of rate performances was fair. Interestingly,
the average discharge capacity was measured to be 37.0 mAh/g for the 5 vol. %
LisPO4 added LiCoO:2 specimen, which represented only a ~50 % increase from
the uncoated specimen. This result suggested that adding extra mount of LisPOa4
beyond that was needed for forming equilibrium-thickness SAFs provided no
additional benefits; in fact, the extra LisPO4 existed as a secondary phase, which
might cause detrimental sintering and agglomeration effects during the 600 °C
annealing. The substantial improvement of the rate performance was consistent
with Sun and Dillon’s prior results obtained in specimens quenched from 800 °C
with thicker and non-uniform surficial films.?2

Kang and Ceder proposed that LisP207-based surface phase improved the
rate performance of one-dimensional ionic conducting LiFePO4 by enhancing fast
surface ion conduction around the particle.>? Since LiCoOz2 is a more isotropic
two-dimensional ion conductor, Sun and Dillon suspected that the enhanced rate

performance was achieved by reducing concentration polarization of the
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electrolyte at the participle surfaces.?? In a recent work, Creager and co-workers
55 suggested that if the interfacial concentration polarization was the rate limiting
step, the benefit would be increased after intentionally lowering the concentration
of the electrolyte. Following this idea, we tested our specimens with and without
SAFs in the 0.1 M LiPFe electrolyte for a mechanistic study. As shown in Figure
2.4(b), the SAFs became detrimental and lowered the discharge capacity at all
rates. This result suggested that the concentration polarization of the electrolyte
at the interface was not the rate limiting step for the current case according to
Creager and co-workers’ theory,> though we should recognize that Sun and
Dillon’s specimens had thicker (but non-uniform) surficial films, which might
exhibit more ability to reduce the concentration polarization of the electrolyte by
creating a through-thickness lithium gradient in the film (that was ~10 nm or ~3X
thicker, according to their HRTEM images) as they suspected.??

EIS measurements were carried out to further understand how SAFs
improve the rate performance. The measured spectra were shown in Figure
2.5(a) and fitted to an equivalent circuit shown in Figure 2.5(b) that was proposed
and tested by Liu and Manthiram.# In this model (Figure 2.5(b)), Ro refers to
Ohmic resistance arising from electrolyte, internal contact of different cell parts,
separator, and cell cases; Rr and Cs refer to film resistance and capacitance of
SEI and SAFs, which produce the high-frequency semicircle in the spectra; Ret
and Cq represent the charge transfer resistance and capacitance of double layer,
which produce the middle-frequency semicircle. The fitted Rr and Rct values were

summarized in Table 2.1. It was found that the sum resistance of Rf and Rct
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inversely correlated with the measured discharge capacities at 25C (by
comparing the last two columns in Table 2.1), with the following order
(decreasing rate performance or increasing Rr + Rct): the coated cathode in the 1
M electrolyte > the uncoated cathode in the 1 M electrolyte > the uncoated
cathode in the 0.1 M electrolyte > the coated sample cathode in the 1 M
electrolyte, which suggested that (Rt + Rct) might control the rate performance. If
this was true, the EIS measurements suggested that the formation of SAFs (at
~97% of surfaces with an average thickness of 2.9 nm) improved rate
performance (at the normal electrolyte concentration of 1 M) largely by reducing
interfacial charge transfer resistance (Rct), as shown in Table 2.1.

It is well known that LiCoO2 exhibits good cycling stability at room
temperature when it charged up to 4.2V, but the capacity fades when it is
charged to a higher voltage (with the occurrence of a hexagonal-monoclinic-
hexagonal phase transition accompanying anisotropic lattice distortion 72 along
with possibly more significant Co dissolution and HF corrosion). To investigate
the effects of SAFs on capacity fading, we measured cycling performances of the
LiCoOz2 specimens with and without LisPO4s-based SAFs by charging and
discharging between 3.0 and 4.5 V for 200 cycles. The measured results
suggested that SAFs did appreciably reduce the capacity decaying (Figure 2.6).
It was presumed that SAFs protected the electrode by reducing HF attack and
Co dissolution. In the current case, phase transitions and associated strains and

fractures likely make significant contributions to the capacity fading,’* which are
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presumably less effected by SAFs; this is partially confirmed by CV studies of
cycling stability mechanism described below.

As shown in Figure 2.7(a), CV curves of LiCoO2 specimens with and
without LisPOas-based SAFs after the first cycle indicates that both materials
underwent similar Li ion extraction/insertion and phase transition. Specifically, the
peaks at 4.20/4.16 V corresponded to the phase transition with large lattice
expansion,”® and Figure 2.7(a) illustrated that LisPOs-based SAFs had no effect
on suppressing this phase transition. Figure 2.7(b)-(d) displayed the CV results of
these two materials after 10, 50 and 100 cycles, respectively. It was evident that
the peak current of LiCoO2 with LisPOas-based SAFs was higher than that of the
reference LiCoOz2 specimen without LisPOs-based SAFs at all cycles, suggesting
a protection effect from the SAFs; these CV results were consistent with cycling
stability performance shown in Figure 2.6. Furthermore, the peak currents of both
coated and uncoated LiCoO2 decreased with increasing number of cycles,
indicating the performance decaying in both specimens; this was presumably due
to the strain accumulation and possible micro-fractures for which SAFs would
have little protection effect; these results were also consistent with the gradual
decaying of discharge capacities for both materials (Figure 2.6). Consequently,
we conducted a more thorough study to examine the effects of LisPOs-based
SAFs on protecting LiMn1.sNio.s04 at an elevated temperature, where HF attack
and Mn dissolution is the major concern (so SAF formation is more beneficial),
which was described in the next section.

2.4.2. LisPOs-based equilibrium-thickness SAFs on LiMn15Nios504
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XRD characterization of LiMn1.5Nio.s04 specimens revealed the presence
of minor impurities of LixNi1xO in the milled and annealed specimens (Figure
2.8), the formation of which was reported in literature for specimens annealed at
similar conditions.”® LiMn1.5Nio.sO4 was the majority phase (while the amount of
LixNi1-xO was fairly minor) and no other impurity phase was detected by XRD
(Figure 2.8). Again, minor secondary crystalline phase of LisPO4 might be
present in the LisPO4 added specimens, but below the detection limit of XRD.
SEM characterization showed that the particles were well dispersed with
comparable and normal distributions of particle sizes (both about 1 um) for
uncoated and coated specimens after milling and annealing, even if the starting
powder has a non-uniform particle size distribution and was agglomerated
(Figure 2.9).

HRTEM showed the formation of nanoscale LisPO4s-based SAFs in the 2
vol. % LisPO4 added specimen, which appeared to be largely “amorphous” in
HRTEM imaging (Figure 2.10(b)); this was again consistent with the
thermodynamic model presented in 82. The statistical results of the film thickness
measurements were displayed in Figure 2.10(c). On one hand, ultrathin surface
layers were identified on 17 out of 19 particle surfaces in the reference uncoated
specimen; the mean thickness was measured to be 0.44 nm with a standard
deviation of 0.26 nm, which was significantly thinner than the case of uncoated
LiCoO2. Again, this specimen is referred to as “uncoated LiMn1.5Nio.s04” or
“LiMn1.sNio.sO4 without SAFs” in the following text despite of the presence of thin

layers of presumably carbonate. On the other hand, discernable SAFs were
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observed on 28 out of 29 (~97%) independent particle surfaces in the 2 vol. %
LisPO4 added LiCoOz2 specimen that was milled and annealed at the identical
conditions. The mean film thickness was measured to be 2.53 nm with a
standard deviation of 1.31 nm. The relative narrow distribution of the measured
film thicknesses for LisPOa-coated LiCoO2 specimen was an indication that an
equilibrium (constant) thickness was achieved for the LisPOs-based SAFs.

The rate performances of LiMn1.5Nio.s04 specimens with and without
LisPOas-based SAFs, which were subjected to identical milling and annealing
conditions and have comparable particle sizes of ~1 um, were summarized in
Table 2.2. Representative discharging curves were displayed in Figure 2.11.
Similar to the case of LiCoOg, LisPOs-based SAFs appreciably improved the rate
performance of LiMn1.sNio.sO4 at all rates. The increases were ~5-6 % at 0.2-5C,
~40 % at 25C, and ~360 % at 45C, respectively, which were presumably due to
the formation of ~2.5 nm thick LisPOs-based SAFs. Small (but non-zero)
discharge capacities of ~15.4 mAh/g at 65C and ~7.3 mAh/g at 85C were
measured for the specimen with SAFs, while the capacity almost vanished for the
specimen without SAFs at the same rates. At the same nominal rate of 25C, the
achieved discharge capacity with SAFs was ~70.7 mAh/g for the LiMn1.5Nio.504
specimen with ~2.5 nm thick LisPOas-based SAFs, which was greater than the
discharge capacity of 56.1 mAh/g for the LiCoO2 specimen with ~2.9 nm thick
LisPOas-based SAFs, although the percentage increase was less (~40 % for
LiMn1.5Nio504Vvs. ~ 130 % for LiCoO2 with the SAF formation). LiMn1.5NiosO04 has

a cubic spinel structure, which is even more isotropic than the layered LiCoOz:.
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The SAFs still enhanced the rate performance, suggesting that anisotropic ion
conduction was not a necessary condition for SAFs to improve the rate
performance.??52

It is well-known that the high-voltage materials LiMn1.5Nio.sO4 is prone to
capacity fading due to Mn dissolution and unstable SEI, particularly at elevated
temperatures.’®’® We have measured the cycling stability at an elevated
temperature of 55 °C (with a relatively high charge/discharge rate of 1C) for five
cells of LiMn1.sNio.sO4 specimens without LisPOas-based SAFs and five cells of
LiMn1.sNio.sO4 specimens without LisPOs-based SAFs, respectively; the results
clearly showed that the formation of LisPOs-based SAFs reduced the capacity
fading at 55 °C and improved cycling stability and consistence substantially. As
shown in Figure 2.12, all five cells of LiMn1.5Nio.sO4 with LisPOas-based SAFs
produced very consistent and stable cycling behaviors. In contrast, the cycling
behaviors of the LiMn1.5Nio.s04 specimens without LisPOs-based SAFs (that was
subjected to identical milling and annealing processes) showed large variations
in their capacities and capacity fading rates. Two cells of the uncoated
LiMn1.5Nio.s04 died after ~150 and ~250 cycles, respectively; other cells also
exhibited lower capacities and greater capacity fading rates. Figure 2.12 clearly
showed that all five LiMn1.5Nio.s04 specimens with LisPOs-based SAFs
consistently exhibited more superior cycling stability than the five reference
specimens without LisPOs-based SAFs. Notably, the LiMn1.5Nios04 specimen
with ~ 2.5 nm thick SAFs retained ~90 mAh/g or ~80% of the initial capacity after

350 cycles at an elevated temperature of 55 °C and relatively high
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charge/discharge rate of 1C, which was an exceptional performance. Figure 2.13
further showed that LiMn1.5sNio.5s04 with ~ 2.5 nm thick SAFs also performed
better than the as-received LiMn1.sNio.sO4 and an additional reference specimen
that was annealed at 800 °C without prior ball milling.

We further conducted EIS measurements to investigate how SAFs
improved the cycling stability. Four electrochemical impedance spectra for the
specimens with and without SAFs, respectively, after 10 cycles at room
temperature (as the start point before raising the temperature) and after 50
additional cycles at an elevated temperature of 55 °C, respectively, were
collected and shown in Figure 2.14. The semicircles in the spectra represented
the responses from the film resistance, which were mainly contributed from the
SEI formed during the cycling. While the film resistance should always increase
with cycling due to the SEI formation, it was clearly evident from Figure 2.14 that
LisPOs-based SAFs suppressed the growth of SEI, which was likely related to the
improvement of the cycling stability at 55 °C; presumably, this was because the
LisPOs-based SAFs protected the electrode surfaces from HF attacks and
reduced Mn dissolution, which resulted in more stable SEI that grew slower with
the high-temperature cycling.

2.5. Conclusions

This study unequivocally demonstrated that equilibrium-thickness SAFs
can form spontaneously via a facile mixing and annealing method in selected

systems and processing conditions that satisfy certain thermodynamic criteria. A
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thermodynamic framework is presented, which can be used to forecast the
formation and stability of such nanoscale equilibrium-thickness SAFs in a broad
range of battery electrode-coating systems if the relevant thermodynamic data
are available or can be estimated. Using LisPOs-based SAFs on LiCoO2 and
LiMn1.5Nio.s04 as two proof-of-concept systems, we demonstrated that in each
system/equilibrium condition, the spontaneously-formed SAFs formed uniformly
(on ~ 97% of surfaces) with rather a narrow distribution of film thicknesses
(around the corresponding thermodynamically-determined “equilibrium”
thickness). Adding extra film-forming materials beyond that was needed for
forming equilibrium-thickness SAFs did not change the mean and distribution of
the measured film thicknesses, which definitely proved that these SAFs have
self-limiting (equilibrium) thickness.

The formation of SAFs significantly improved the rate performance and
cycling stability of both LiCoO2 and LiMn1.sNiosO4. At a high rate of 25C, SAF
formation improved the discharge capacity by ~130% for LiCoO2 and by ~40 %
for LiMn1.sNio.sO4, respectively. A specially-designed mechanistic study
suggested that interfacial polarization of the electrolyte was not the rate-limiting
step for LiCoOz2 specimens, and EIS measurements further suggested that SAFs
improved the rate performance of LiCoO: by facilitating interfacial charge
transfer. LisPOas-based SAFs also significantly improved the cycling stability of
both cathodes. With the formation of ~2.5 nm thick equilibrium-thickness SAFs
on the high-voltage material LiMn1.sNio.sO4, a discharge capacity of ~90 mAh/g

has been successfully retained after 350 cycles at an elevated temperature 55 °C
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and a relatively high charge/discharge rate of 1C. EIS measurements suggested
that LisPOas-based SAFs reduced the capacity fading and improved the cycling
stability and consistence by suppressing the SEI growth.

This study established a facile and generic surface modification method
via an innovative use of equilibrium-thickness SAFs (a.k.a. a type of equilibrium
surface “phases”) to improve the performance of battery electrodes, and this
method can be readily applied to many other cathode as well as anode materials.
The key idea is to let thermodynamics make the uniform nanoscale coating for
us. On the top of this, a potentially-transformative concept is to utilize surface
“‘phases” or complexions (equilibrium-thickness SAFs as only one example) to
achieve superior structures and properties that are unattainable by using
conventional bulk phases or normal materials fabrication methods. It is
interesting to note that there was spot evidence in recent literature showing that
facile heat treatments in controlled chemical environments can sometimes
substantially improve the performance of both cathode”®-®! and anode®?8°
materials for lithium-ion batteries via the formation of surface defects or
disordered structures including segregation or adsorption of impurity or doping
species® 8185 (and similar surface “phases” can also be utilized to improved other
properties, e.g., catalytic and photocatalytic activities 31:32.86.87) though it was
unknown whether equilibrium surface “phases” or complexions truly formed (and
if so, what were their particular types and characters) in those cases. The

success of current study called for systematic and in-depth studies to explore the
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innovative concept of utilizing surface “phases” or complexions to achieve distinct
surface structures with superior properties that may be unattainable otherwise.
Chapter 2, in part, is a reprint of the material “A Facile and Generic Method
to Improve Cathode Materials for Lithium-lon Batteries via Utilizing Nanoscale
Surface Amorphous Films of Self-Regulating Thickness” as it appears in the
Physical Chemistry Chemical Physics, Jiajia Huang and Jian Luo, 2014, 16, 7786-

7798.
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Figure 2.1 XRD patterns of the LiCoO2 and LiCoO2 + 2 vol. % LisPO4 specimens
that were milled and subsequently annealed at 600 °C for 4 h.
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Figure 2.2 Representative SEM images of the (a) LiCoO2 and (b) LiCoO2+ 2 vol. %
LisPOa4 specimens that were milled and subsequently annealed at 600 °C for 4 h.
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Figure 2.3 Representative HRTEM images of the particle surfaces in (a) uncoated
and (b) 2 vol. % LisPO4 coated LiCoO2 specimens equilibrated at 600 °C. (c)
Measured film thickness vs. volume percentage of LisPO4 added in LiCoOz2 for
specimens equilibrated at 600 °C. Each horizontal bar represents the average
thickness of an SAF formed on the surface of one particle (measured at multiple
points around the particles and averaged). Each solid dot represents the measured
mean thickness for the SAFs on all particle surfaces in a specimen and the
connecting vertical bar represents + one standard deviation. Open circles, upper
triangles and lower triangles, respectively, represent the medians, lower quartiles
and upper quartiles, respectively. These SAFs exhibit a self-limiting thickness that
is independent of the excess volume fraction of LisPOa, after an equilibration is
achieved, which unequivocally proved the existence of a thermodynamically-
determined equilibrium thickness.
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Figure 2.4 Measured rate performance of uncoated and coated LiCoO:2 at the
electrolyte concentration of (a) 1M and (b) 0.1M, respectively. Three coin cells
were made and tested for each condition; the means are presented in the graphs
and error bars represent + one standard deviations. All cells were charged at C/5
and discharged at various rates (labeled in the graphs) at room temperature.
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Figure 2.5 (a) Measured electrochemical impedance spectra of the LiCoO:2
specimens with and without LisPOs-based SAFs, respectively, tested in 1 M and
0.1 M electrolytes, respectively. Dots represent experimental data and solid lines
represent fitting curves using (b) an equivalent circuit model that was proposed by
Liu and Manthiram.4
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Figure 2.6 Cycling stability of LiCoO2 specimens with and without LisPOas-based
SAFs that were cycled between 3V and 4.5 V (vs. Li/Li*) at the charge/discharge
rate of 1C at room temperature. The capacity fading is appreciably lower in the
specimen with ~ 2.5 nm thick SAFs. It is possible that the SAFs disintegrated after
~140 cycles due to the strain accumulation resulted from cycling at the extended
voltage range of 3V t0 4.5 V.
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Figure 2.7 Comparison of cyclic voltammograms of the LiCoO2 specimens with
and without LisPOas-based SAFs after (a) 1 cycle, (b) 10 cycles, (c) 50 cycles, and
(d) 100 cycles, which were measured at a scan rate of 0.1 mV s from 3.3V to 4.5
V. The first charge-discharge cycle was conducted from 3 V to 4.2 V at C/10, and
the subsequent cycles were all conducted from 3 Vto 4.5V at 1C.
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Figure 2.8 XRD patterns of various LiMn1.sNio.s04 specimens. Minor amounts of a
secondary crystalline phase of LixNi1-xO were detected in the milled and annealed

specimens.
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Figure 2.9 Representative SEM images of (a) the as-received LiMni.sNio.504
specimen and (b) the reference LiMnisNiosO4 specimen annealed at 800 °C
(without ball milling), as well as the (c) LiMn1.sNiosO4 and (d) LiMn1.sNio.sO4 + 2
vol. % LisPOa4 specimens that were milled and subsequently annealed at 800 °C

for 8 h.
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Figure 2.10 Representative HRTEM images of the particle surfaces in the (a)
LiMn1.5Nios04 and (b) LiMn1.5Nio.sO4 + 2 vol. % LisPO4 specimens that were ball
milled and subsequently annealed at 800 °C for 8h. (c) The corresponding
distributions of measured thicknesses of the surface carbonate layers or LisPOus-
based SAFs for these two specimens, where each bar represents to an average
thickness measured from multiple points of one particle surface (and each error
bar represents + one standard deviation of those multiple measurements, which
signifies the uniformity of the surface film).
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Figure 2.11 Comparisons of discharge curves of LiMna.sNio.s04 specimens without
(solid lines) and with (dash lines) LisPOs-based SAFs. All cells were first charged
and discharged at C/10 for 1 cycle and C/5 for 10 cycles to reach steady states
before testing at the various discharge rates labeled in the graph.
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Figure 2.12 Comparison of the cycling stabilities of five LiMn1.5Nio.504 specimens
without LisPOas-based SAFs and five LiMn1.5Nio.s04 specimens with LisPOas-based
SAFs; all ten specimens were ball milled and subsequently annealed at 800 °C for
8 h. All fresh cells were charged and discharged at 1C at 55 °C. “X” indicates that
the battery died at that point.
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Figure 2.13 Comparison of the cycling performances of the as-received
LiMn1.5NiosO4 specimen and the reference LiMnisNiosO4 specimen annealed at
800 °C without ball milling, along with the two means of the LiMnisNio.50a4
specimens with and without LisPOas-based SAFs that were milled and annealed at
800 °C, which were averaged from the data shown in Figure 2.12 (noting that those
uncoated specimens that failed before 200 cycles were excluded for obtaining the
mean). All fresh cells were charged and discharged at 1C at 55 °C. “X” indicates
that the battery died.
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Figure 2.14 Electrochemical impedance spectra of LiMn1.5Nio.s04 specimens with
and without LisPOs-based SAFs. Specimens were firstly charged and discharged
at 1C for 10 cycles at room temperature followed by charging and discharging at
1C for 50 cycles at 55 °C.
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Table 2.1 Surface film resistance (R, which includes possible contributions from
the SEI and SAFs) and charge transfer resistance (Rct) of LiCoO2 specimens
tested at the electrolyte concentration of 1M and 0.1M. The average measured
discharge capacities at 25C from Figure 2.4 are also listed for comparison. The
entries are sorted according to increasing total resistance (Rf + Rct), which is
correlated with decreasing discharge capacity at 25C.

. Electrolyte Ri+ Re  Discharge Capacity
Specimen Concentration " () Rt (Q) Q) at 25C (mAh/g)
LiCoO, with SAFs M 14005  26.0=%0.2 39.9 57.6
LiCoO, without SAFs M 11.0+12  37.0x05 48.1 25.0
LiCoO, without SAFs 0.1M 121409 42205 54.3 4.3
LiCoO, with SAFs 0.1M 24.4+0.7  38.8+0.7 63.2 2.0

Table 2.2 Measured discharge capacities of the LiMn1.sNio.sO4 specimens with and
without LisPOas-based SAFs (which were subjected to the same milling and
annealing treatment), along with the “annealed only” specimen without milling as
an additional reference point.

Discharge Capacity (mAh/g) Increased Percentage

Rate annealed only without SAFs with SAFs with SAFs

C/5 116.9 0.6 110.5 +0.1 116.3 £3.1 52%

1C 1155 +1.0 109.2 1145 +3.3 4.8 %

5C 99.6 +8.4 96.9 +2.4 102.6 6.1 59 %
25C 58.3 £6.0 50.1 £6.1 70.7 £7.1 41 %
45C 8.7 5.7 7927 36.3+7.9 ~360 %
65C 3.0+29 22%1.0 15.4 +3.8 ~600 %
85C 1.3+1.3 ~0.2 7.3%2.0 --

C/5 118.6 +1.1 112.4 118.1 +2.3 51%
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Chapter 3. Enhancing the Electrochemical Performance of LiMn1.sNios04
through WOs Doping and Altering the Particle Wulff Shape via Anisotropic

Surface Segregation

3.1. Introduction

High-voltage LiMn1.5Nio.504 spinel is one of the most promising candidates
for next-generation cathode materials of lithium-ion batteries for electric vehicles
and other high-energy density applications due to its high operating voltage ~4.7
V, low cost, and environmental friendliness. Prior studies investigated the effects
of Mn and Ni cation disordering,'-® Mn3* concentration,® 78 oxygen
vacancies, %10 cation doping®'1-22, impurities®?® and surface coating ?#?°on
improving the electrochemical performance of LiMn1.5Nio.504. Specifically, several
recent studies suggested that the crystalline orientations on the particle surfaces
can have significant influences on the electrochemical properties.?6-3* In most
experiments, different crystalline facets were found to coexist at the surfaces of
LiMn1.5Nio.s04 particles:?8-34 {111} and {100} surface facets were most frequently
observed, followed by a smaller fraction of {110} facets that exhibit the most open
channels for fast lithium diffusion but appear to have a higher surface energy.3®
Thermodynamically, {111} and {100} facets tend to coexist due to their similar
(low) surface energies, while eliminating {100} facets appears to benefit rate
capability and cycling stability.?® Notably, Chemelewski et al. synthesized
LiMn1.5Nio.504 particles with dominating {111} surface facets (by an improved co-

precipitation method to kinetically control the particle morphology to eliminate
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{100} facets), which achieved an improved rate performance comparing to that of
particles with coexisting {100} surface facets synthesized by a traditional co-
precipitation method.?® Interestingly, a prior study also showed that Fe doping
could promote the formation of {111} surface facets of LiMn1.5Nio.504 particles
(synthesized by a traditional co-precipitation method),?® though its underlying
mechanism remained unclear.

Here, we have proposed and successfully realized a novel strategy to
increase the fraction of the most favorite {110} facets thermodynamically to
improve the rate capabilities via anisotropic surface segregation of WOs, along
with enhancing the cycling stability via improving the surface stability. Moreover,
we have conducted a combination of neutron diffraction, X-ray photoelectron
spectroscopy, Auger electron spectroscopy and various other systematic
characterizations to verify our hypothesis and reveal the underlying mechanisms
at multiple length scales.

Furthermore, prior reports already suggested that the surface segregation
of dopants can influence the electrochemical performance of LiMn1.5Nio.504.5:36:37
Though surface segregation appears to be related to the particle morphology
change,?®” the relation between the two phenomena has not been investigated
(and, in fact, it was often believed that particle morphology was mostly
determined by the synthesis method and different dopants; and the influence
surface segregation is unimportant 38). Here, we demonstrated, for the first time
to our knowledge, that the anisotropic segregation of W preferably on the {110}

surface facets of LiMn1.5Nio.504 can stabilize the most favorite {110} facets with
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the most open channels for fast lithium diffusion, in accord with the well-
established Gibbs and Wulff theories. Consequently, the surface segregation and
associated particle morphological changes contribute to significant improvements
of both rate capabilities and cycling stabilities of the high-voltage LiMn1.5Nio.504
cathode.

It should be noted that aliovalent doping can also change the Mn3*
concentration, which can influence the formation of oxygen vacancies and cation
disordering (both inside the bulk phase and at/near the surface). On one hand,
the existence of Mn3* cations benefits the rate capability by increasing both of the
lithium ion bulk diffusion rate and the electronic conductivity and it contributes an
extra amount of discharge capacity from Mn3*/Mn** redox at the voltage plateau
of ~4 V.37 On the other hand, the presence of Mn3* cations decreases cycling
stability by promoting the formation of Mn?* on surface and subsequently
dissolution of Mn?* in the electrolyte.’®3° Notably, a prior study also demonstrated
that surface segregation of Fe, Cr and Ga in LiMn1.5Nio.504 particles could inhibit
the Mn?* dissolution in electrolyte to subsequently improve the cycling stability.®

Specifically, in this study, we added 1 vol. % of WO3s, which is a well-
known “supported oxide catalyst” that would spontaneously spread (adsorb) on
the surfaces of inert oxides (typically Al2O3 and TiO2 nanoparticles) upon
annealing due to its low surface energy,*%#2 to LiMn1.5Nio.504, which
spontaneously adsorbed (segregated) on the particle surfaces upon a facile and
cost-effective “mixing and annealing” process. We further demonstrated that WOs3

dissolved into the LiMn1.5Nio.504 bulk phase and anisotropically adsorbed (a.k.a.
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segregated) on the surfaces of LiMn1.5Nio.504 particles to increase the fraction of
the most favorite {110} facets.?! The combination effects of bulk doping, surface
segregation, and anisotropic-segregation induced morphological changes
improved not only rate capabilities substantially (e.g., an ~500% increase in the
discharge capacity at 25C) but also the cycling stability (e.g., >25% increase in
the discharge capacity at 55 °C after 200 cycles at 1C).

3.2. Experimental
3.2.1. Materials synthesis

To prepare 1 vol. % WOs doped LiMn1.5Nio.504 (a nominal volumetric
percentage calculated using the molar volumes of individual compounds,
corresponding to an overall W/Mn atomic ratio of ~0.06), (NH4)2WO4 (precursor
for WO3) was added to as-received LiMn1.5Nio.504 (Sigma-Aldrich, >99%) and
dispersed in 4 ml of acetone. The mixture was placed in a silicon nitride grinding
vial with two silicon nitride balls. Before sealing the jar, the corprene gasket was
taped by Teflon to prevent it from acetone corrosion and precursor
contamination. High-energy ball milling was carried out using a SPEX 8000D mill
for a duration of 10 min, followed by a 15-min resting interval; this milling process
was repeated for 3 times. The mixture was dried isothermally in an oven around
70 °C. The dried powder was placed in a covered alumina crucible, isothermally
annealed at 800 °C for 4 h in a box furnace with a heating rate of 5 °C/min and
subsequently cooled in the furnace (with power being shut down) after the

isothermal annealing. As a reference, controlled specimens of undoped
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LiMn1.5Nio.504 were prepared with exactly the same ball milling and annealing
procedure described above, but without the addition of the WOs precursor
((NH4)2WOa).

3.2.2. Material characterization

Particle sizes and morphologies were characterized using a FEI XL30
scanning electron microscope (SEM). Specific surface area was measured on a
Micromeritics ASAP-2000 Gas Adsorption Analyzer.

The surface composition and depth profile of WO3 doped LiMn1.5Nio.504
particles were characterized by both X-ray photoelectron spectroscopy (XPS)
and Auger electron spectroscopy (AES). XPS was carried out by using a Kratos
AXIS ULTRA DLD XPS system equipped with an Al Ka monochromated X-ray
source and a 165 mm mean radius electron energy hemispherical analyzer with
a step size of 0.1 eV. A4 keV Ar ion beam was used for sputtering. Binding
energies were corrected using C 1s peak 284.6 eV. The sample current was set
to be ~4 yA. Depth profile data were collected after sputtering time of 10 s, 30 s,
60 s, 120 s and 240 s. The measured XPS depth profiles represent averages of
many different particles and crystalline facets. The XPS data were fitted with the
XPSPEAK41 software.

AES surface analysis, in conjunction with depth profiling using ion
sputtering, was carried out by a PHI 700 scanning Auger nanoprobe with a
nanoscale spatial resolution to obtain surface compositions of individual

crystalline facets. Au foils were used as substrates to eliminate charging effects.
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A multiplex mode survey was used to acquire accurate quantitative results of
various elements on surface. The signals from O, Mn, Ni, and W, respectively,
were scanned in ranges of 496.4 — 532.0 eV, 557.8 — 611 eV, 811 — 871 eV and
1692.5 — 1758.8 eV respectively, and subsequently analyzed in ranges of 502.7
—526.5eV, 563.9 —604.5 eV, 824.1 — 863.0 eV and 1713.0 — 1748.9 eV,
respectively. Each test was carried out with 40 sweeps and 1 eV per step. 10
cycles of measurements were conducted for obtain high-quality signals, in which
process the acquisition area was corrected after each point test to avoid beam
drift and ensure that data was acquired in the same location. The Mn2 signal at
536 eV was selected since there is an overlap of the Mn1 (519 eV) and O (510
eV) signals. Elemental compositions on the facets of (100), (110), and (111) of W
doped and undoped LiMn1.5Nio.504 specimens were investigated. At least two
points were taken on each facet. A beam energy of 20 kV was used to get a
smaller beam size with a spatial resolution of about 8 — 10 nm. The sputtering
source was neutralized Ar of 1 kV beam energy and with a 30° incident angle
with the sample. The target emission current was 15 mA. The sputtering area
was 1 mm by 1 mm. The sputter time was 30 s (between collecting two data
points) with a delay of 3 s. The specimen position was recalibrated after each
spot was measured. The AES data were fitted with the MultiPak software.
Neutron diffraction characterization data were collected on the VULCAN
beamline at the Spallation Neutron Sources (SNS) in the Oak Ridge National
Laboratory (ORNL). An incident beam (5 mm x 12 mm) of 0.7 to 3.5 A bandwidth,

allowing 0.5 - 2.5 A d-space in diffracted patterns in the 8 + 90° detector banks,
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was selected using the double-disk choppers at a 30 Hz speed. The high-
resolution mode was employed with Ad/ d = 0.25%. The SNS power was at 1100
KW nominally. Neutron diffraction data were collected for a duration of 3 h4344 at
room temperature and were reduced by the VDRIVE software.*54 A full-pattern
Rietveld refinement was performed using the GSAS programs with the EXPGUI
interface.*7:48

3.2.3. Electrochemical measurement

To prepare cathodes, 80 wt. % active materials, 15 wt. % carbon black
(MTI), 5 wt. % PVDF (MTI), and an appropriate amount of NMP (Alfa Aesar,
anhydrous, 99.5 %) were mixed in a glass vial by a vibrating mixer, followed by
ultrasonic dispersion. The mixture was coated on an aluminum foil, which was
subsequently dried in a vacuum oven at 90 °C for 6 h. Cathode electrodes with a
diameter of 10 mm were punched out, pressed at ~187 MPa, and dried in a
vacuum oven at 120 °C for 8 h before transferring into an Ar-filled glovebox for
battery construction. The density of dried electrode coating was ~3.2 mg cm.
Half cells were made with a cathode electrode, a metal Li chip (MTI, 99.9 %) as
the anode, 1M LiPFs in 1:1 vol. EC/DMC electrolyte (LP 30, BASF), C480
separators (Celgard), and 2032 coin cell cases (SS304, MTI).

Electrochemical cycling tests were carried out on an Arbin 2143 tester.
The rate performance of LiMn1.5Nio.504 specimens was tested at the discharge
rates of C/10, C/5, 1C, 5C, 25C, 45C, 65C, and 85C sequentially (with 4 cycles at

C/5 to stabilize the battery and 1 cycle for other discharge rates subsequently;
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1C equates to 150 mA g'') with a constant charge rate of C/5 at room
temperature. The cycling stability of LiMn1.5Nio.504 specimens were measured at
charge and discharge rate of 1C between 3.2V and 5.0 V at an elevated
temperature of 55 + 3 °C in a dry oven after first idling at 55 + 3 °C for 2 h.

The cyclic voltammetry (CV) and electrochemical impedance
spectroscopy (EIS) were performed using a Solartron 1287A/1255B analyzer. CV
was performed between 3.2 V and 5.0 V at a scan rate of 0.1 mV s".
Electrochemical impedance spectra were measured from 1 MHz to 0.05 Hz at 10
mV. The EIS data were fitted with the ZView software. The cells after rate
capability test were charged to a cut-off voltage of 5.0 V at C/10 and kept for 10 h
for the subsequent impedance measurements.

3.3. Results

3.3.1. Surface areas and particle morphologies

The measured BET specific surface areas of the undoped and WO3 doped
LiMn1.5Nio.504 specimens prepared using identical ball milling and annealing
conditions were ~1.8 m?/g and ~1.7 m?/g, respectively; the difference was only
~6 % and the undoped LiMn1.5Nio.504 specimen had a slightly larger specific
surface area. The comparable BET specific surface areas ensured fair
comparisons so that the enhanced rate capability and cycling stability of the WO3
doped LiMn1.5Nio.504 specimen as compared to those of the undoped specimen
(that will be discussed subsequently) were not due to different specific surface

areas.
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The morphologies of the undoped and WO3s doped LiMn1.5Nio.504 particles
are shown in Figure 3.1, where some differences are evident. For the undoped
LiMn1.5Nio.504 particles, surface facets of {111}, {110}, {100}, and {311} coexisted,
with estimated surface area fractions of ~44%, ~18%, ~20%, and ~18%,
respectively, which were calculated from Wulff construction simulation of a
particle (Figure 3.2(a)) that matched the observation by SEM (Figure 3.1(a)).
These observed results are generally consistent with prior density functional
theory (DFT) computations.3® For the WO3 doped LiMn1.5Nio.504 particles, the
surface area fraction of the {111} facets increased slightly from ~44% to ~56 %
and the fraction of the {110} facets increased substantially from ~18% to ~43 %,
whereas the fraction of the {100} facets decreased drastically from ~20% to <2%
and the {311} facets disappeared completely. The surface area fraction of the
{110} facets had the largest increase, being more than doubled with WO3 doping.

The simulation of Wulff shapes was done with the software Wulffmaker
running in Wolfram CDF Player.*® The simulated Wulff crystals of the undoped
and WOs doped LiMn1.5Nio.504 that matched the crystal morphologies observed
by SEM (Figure 3.1) are shown in Figures 3.2(a) and 3.2(b), respectively, and
corresponding relative surface energies are listed in Table 3.1. In comparison
with that of the {100} facets, the surface energies of both {111} and {110} facets
decreased more rapidly with WOs3 adsorption.

3.3.2. Anisotropic surface segregation
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Strong surface segregation of W was clearly evident in the XPS depth
profile. As shown in Figure 3.3, the surface atomic ratio of W/Mn was measured
by XPS to be 0.23 + 0.01 based on the fitting results, which decreased rapidly
with ion sputtering to ~0.07 after 60 s and leveled off at ~0.03 after sputtering
240 s (while the overall nominal W/Mn ratio is 0.06). The surface Ni/Mn ratio was
measured to be 0.23 £ 0.07, which was substantially lower than the nominal bulk
Ni/Mn ratio of 1/3. After sputtering 60 s, the measured atomic ratio of W/Mn is
0.33 £ 0.04, approaching to the nominal bulk stoichiometric ratio of 1/3 and
stayed roughly a constant. The sputtering rate was calibrated to be about 30 nm
min-' when a reference SiO2 material was sputtered at the same experimental
condition.*°

Furthermore, Auger electron spectroscopy (AES) with a nanoprobe of ~10
nm in the beam size was employed to quantitatively analyze the W atomic ratios
on various facets to identify anisotropy in surface segregation. The measured
depth profiles of W (obtained by ion sputtering) on the facets {110}, {100} and
{111} are shown in Figure 3.4. The atomic ratios of W/Mn on {110}, {100}, and
{111} facets, respectively, before sputtering was 0.28, 0.15, and 0.11,
respectively. The surface of the {110} facet had the highest W/Mn atomic ratio of
0.28, which was 1.8x of that on the {100} facet and 2.4x of that the {111} facet,
respectively. The atomic ratios of W/Mn on all facets decreased with increasing
sputtering time and leveled off after sputtering for 90 s. The sputtering rate was
calibrated to be ~ 5 nm min-' for a reference material of Si for using 1 kV Ar.

Finally, the atomic ratio of W/Mn on various facets all converged to ~0.05 after
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sputtering for 240 s, close to the XPS result. The AES depth profiles clearly
indicate that W prefers to segregate on {110} facets, in comparison with {100}
and {111} facets.

3.3.3. Electrochemical performances

The rate capability of LiMn1.5Nio.s04 was enhanced significantly by WOs
doping, as shown in Figure 3.5. The discharge capacities of the doped specimen
were substantially higher than those of the undoped specimen at all rates.
Specifically, the difference in the discharge capacities between doped and
undoped specimens increased with the increasing rate from 1C to 25C. At the
rate of 25C, undoped LiMn1.5Nio.504 only had an average discharge capacity of
16.6 + 24.3 mAh g'; in contrast, the WOz doped LiMn1.5Nio.504 maintained an
average discharge capacity of 101.3 = 0.4 mAh g, representing an ~500 %
increase from the undoped specimen. Furthermore, at rates higher than 25C, the
undoped specimen exhibited virtually no discharge capacity (< 1 mAh g'), but
the WO3 doped specimen still retained discharge capacities of 79.4 + 5.6 mAh g
at 45C, 46.9 + 16.8 mAh g at 65C, and 13.8 + 2.4 mAh g™! at 85C, respectively.
Though a relatively low mass loading of 3.2 mg/cm? with 80% active material was
used in this study, outstanding rate performance could still be achieved by
optimizing the carbon content for a thick electrode.

The measured EIS spectra are shown in Figure 3.6 and fitted results are

displayed in Table 3.2. Both the surface film and charge transfer resistances
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decreased from 156.0 and 47.0 Q of the undoped specimen to 56.3 and 19.5 Q
of the doped specimen, which is consistent with the enhanced rate performance.

Figure 3.7 displays the charge and discharge profiles of the doped and
undoped specimens in the first cycle at C/10. The discharge capacity of the
doped LiMn1.5Nio.504 is 132.6 mAh g!, which was higher than 116.9 mAh g-' of
the undoped LiMn1.5Nio.504. The increase of discharge capacity of ~16 mAh g in
the WOz doped specimen is mainly resulted from the extended Ni?*#* plateau (at
~ 4.6 and ~ 4.8 V) and Mn3*#* plateau (at ~ 4.0 V), indicating increased amounts
of Ni2*4* and Mn3*4* redox couples.*5' This observation is consistent with
measured CV results shown in Figure 3.8. Specifically, the discharge capacity
contributed by Mn3*4* (3.60 — 4.25 V) and Ni?*4* (4.25 — 4.8 V) in the doped
specimen increased by 6.6 mAh g’ (from 10.4 to 17.0 mAh g') and 10.8 mAh g’
(from 104 to 114.8 mAh g'), respectively, in comparison to those of the undoped
LiMn1.5Nio.504. In addition, the coulombic efficiency of the first cycle was also
improved from 78 % to 86 % with WO3 doping.

Figure 3.9 shows that the cycling performance was also enhanced by WO3
doping. After 200 cycles at an elevated temperature of 55 ‘C and a relatively high
rate of 1C, the discharge capacities were 111.7 mAh g' and 88.9 mAh g™,
respectively, for the doped and undoped specimens, respectively, corresponding
to the capacity retentions of 87 % and 81 %, respectively.

Both the rate capability and cycling stability of the undoped specimen
obtained in this work are comparable with those previously reported with the

same/similar compositions and loading density of the active material.38
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3.3.4. Surface and bulk Mn3* concentrations

XPS characterization of the Mn cations of the WO3 doped specimen as a
function of sputtering time (labeled in the graph) are shown in Figure 3.10(a),
where a decrease in the binding energy represents a decrease of the cation
valence. Specifically, the Mn 2p binding energy shifted from 641.8 eV at the
surface to 640.3 €V in the bulk, suggesting that the average Mn valence at the
surface is higher. In other words, the Mn3* concentration on the surface was
likely lower than that in the bulk. This result is different from the reported result of
the undoped LiMn1.5Nio.5s04, where no shift in the Mn 2p binding energy after
sputtering implies no change of the Mn valence at the surface.®°

For W, the distance between the two spin-orbit split doublets, W 4fs2 and
W 4f712, is 2.15 eV and the area ratio is 4:3, both of which should be constants
(as required by quantum mechanics). As shown in Figure 3.10(b), the W 4f7,2
peak was at ~34.7 eV in the XPS spectrum before sputtering, and shifted by ~0.2
eV toward higher energies after sputtering. The lower peak energies suggest the
presence of some W?>* on the surface, while the shift to a higher binding energy
with sputtering time implies more oxidized states of tungsten (presumably W®*) in
the bulk phase. The more reduced valence state of W (W& 2> W5*) is likely
correlated with more oxidized state Mn (Mn3* = Mn**) at the surface, which
presumably helps to reduce the dissolution of Mn and improve the cycling

stability.
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In addition, the Ni2ps2 binding energy was ~854.2 eV, which is consistent
with that reported in literature,?%%2 and did not change with the sputtering time,
indicating that the Ni valence does not change at the surface.

3.3.5. Neutron diffraction

Figure 3.11 shows the neutron diffraction patterns for the undoped and
WO3 doped LiMn1.5Nio504 specimens. The Rietveld refinement structure analysis
was used to investigate the crystal structure of both samples.%3-56 For long term
annealing at 700 °C, LiMn1.5Nio.504 intended to become ordered structure, and
the ordered structure is disturbed upon further higher heating.%”- While these
samples were annealed at 800 °C and cooled down quickly, both of them
retained the fully disordered structure. Both patterns of undoped and doped
specimens did not show any superstructure peaks arising from ordered structure
(P4332 space group) and both were successfully refined according to the Fd3m
space group of a disordered structure; the corresponding reliable factors Rwp and
Rp are 3.76% and 2.89 % for the undoped specimen, and they were 3.36% and
2.47% for the doped specimen. The lattice constant was 8.1610 + 0.0003 A and
8.1662 + 0.0002 A, respectively, for the undoped and doped specimens,
respectively. An increase in the lattice constant (0.0052 A) after WOs3 doping was
observed.

A secondary phase indexed with a rock-salt structure (Fm3 m space
group) was found in both patterns.®® The impurity content was 0.82 + 0.07 wt. %

for the undoped specimen, and it was 1.83 £ 0.08 wt. % for the doped specimen.
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The influence of such small amounts of the impurity phase on the
electrochemical performance may be negligible. WO3 doping also decreased the
oxygen occupancy from 100.6 + 1.8% to 97.7 £ 1.5%, which is consistent with
the increased concentration of Mn3* in the bulk phase, as well as the slight
increase in the lattice constant.

3.4. Discussion

3.4.1. The change in particle morphology and anisotropic surface

segregation of W

Both undoped and doped specimens were prepared via the same
procedure using the same LiMn1.5Nio.504 material and except the addition of
WOs. The resultant particle sizes (Figure 3.1) and BET surface areas of undoped
and doped specimens were roughly identical within the measurement errors.
Hence, it is reasonable to assume that WO3 doping led to the change in particle
morphology (Figure 3.1 and Figures 3.2(a) and 3.2(b)).

Furthermore, Both XPS and AES have unequivocally demonstrated the
surface segregation (adsorption) of W in the doped LiMn1.5Nio.504 particles. The
surface energy can be changed (reduced) with adsorption/segregation of W
according to the well-known Gibbs adsorption (Eq. 1.8). AES depth profiles
(Figure 3.4) show that W prefers to segregate at the {110} surface facets (with a
greater I') that leads to a greater reduction of y{110}, in comparison with other
facets. Consequently, the largest reduction in the relative surface energy in y{110)

(Table 3.1) leads to an increase in the fraction of the {110} facets according to the
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well-established Wulff theory (construction) of the equilibrium crystal shape,
which are consistent with experimental observations (Figure 3.1 and Figures
3.2(a) and 3.2(b)). Similarly, anisotropic segregation may also destabilize {311}
facets and change the relative ratios of other facets.

3.4.2. Mechanisms of the improved rate capability

The increase fraction of the {110} (as well as {111}) facets may enhance
the rate capability because {110} (as well as {111}) facets exhibit more open
channels for fast diffusion of Li* ions (Figures 3.2(c) - (e)). Though LiMn1.5Nio.504
is regarded as a 3D lithium diffusion material, the lithium diffusion rates
perpendicular to different facets can be different, particularly at high charging and
discharging rates. As shown in Figures 3.2(c) — (e), the {110} facets provide the
most open path for the lithium diffusion, followed by the {111} facets and then the
{100} facets. Since the anisotropic surface segregation of W significantly
increased the fraction of the {110} facets (from ~18% to ~43%) and moderately
increased the fraction of the {111} facets (from ~44% to ~56%), as shown in
Figure 3.1 and Figures 3.2(a) and 3.2(b), it improved the rate performance of the
doped specimen (Figure 3.5).

We note that the bulk doping of W8* can increase the concentration of
Mn3* in the bulk phase, which can also improve the rate capability via triggering
cation disordering in LiMn1-xNixO4 (being a possible alternative mechanism for the
improved rate performance).8 However, if the structure is (already) disordered,

further increasing the Mn3* content in the disordered structure may not further



1

improve the rate capability.® In the current case, refined structures obtained from
neutron diffraction (Figure 3.11) suggested both undoped and doped specimens
are likely fully disordered. Hence, the increase of the Mn3* concentration in the
bulk phase of the doped specimen may not play a major role in improving the
rate capability in the current case. In other words, the improved rate capability in
the current case is mostly likely related to the anisotropic surface segregation of
W and the associated particle morphological change of the Wulff shape with
increased fractions of the favorite {110}, as well as {111}, facets.

In addition to improving the cycling stability (a subject that will be
discussed further in the next section), the improved the chemical stability of the
W-segregated surfaces can also improve the rate capability via suppressing the
rapid increase of the surface resistance, as evident directly in EIS results (Figure
3.6).

3.4.3. Mechanisms of the increased discharge capacity and cycling stability

The neutron diffraction showed evidence of increased oxygen vacancy
concentration, as well as an increased lattice constant, with the W doping,
implying an increase of the Mn3* concentration in the bulk phase of the WO3
doped LiMn1.5Nio.504 specimen. It is known that an increased Mn3* content can
contribute to an increasing specific capacity at the voltage plateau ~ 4 V (Figure
3.7).10

It is also known that the existence of Mn3* on the surface can trigger

disproportionation of Mn3* cations to Mn?* and Mn** cations, which can promote
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the dissolution of Mn?* in the electrolyte and subsequently capacity losses;
subsequently, the Mn3* concentration on the surface can increase further during
electrochemical cycling, which can further promote the dissolution of Mn?2*,
resulting in poor cycling stability.5°

However, our cycling stability results (Figure 3.9) clearly show that the
doped specimen (that presumably have a high Mn3* content) had a better cycling
stability than the undoped specimen. It is likely related to the W surface
segregation (along with the partial reduction of W6* to W>* at the surface; Figure
3.10(b)), which likely decreases the Mn3* concentration at the surface, thereby
enhancing the cycling stability via reducing the disproportionation of Mn3* cations
and suppressing the Mn?* dissolution.

In summary, W8* doping in the bulk phase introduces oxygen vacancies
and increases the bulk Mn3* concentration, which can enhance the specific
discharge capacity. The surface segregation and partial reduction of W at surface
reduce the surface Mn3* concentration, which may increase the cycling stability
by suppressing the formation and dissolution of Mn?* at the surfaces (along with
the possible beneficial effects of the surface segregation of W).

This beneficial surface configuration (with W segregation and partial
reduction, along with suppressed Mn3* concentration at/near the surface) that
spontaneously formed during mixing and annealing in the WO3 doped
LiMn1.5Nio.504 specimen (as the thermodynamically equilibrium surface state) is a
2-D surface phase (also called “complexion”9-62) that can be considered as

naturally-formed surface protective “coatings,” akin to those nanoscale surface
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amorphous films®3-66 or nitridated surfaces®” observed in prior studies that also
improved both the rate capabilities®36466.67 and cycling stabilities®® of a range of
battery cathode®36466 and anode®” materials.

3.5. Conclusions

Minor WO3s doping, which can be achieved by a facile ball milling and
annealing process, can substantially enhance the electrochemical performance
of LiMn1.5Nio.s04. While the W®* doping in the bulk phase leads to extra oxygen
vacancies and increase of the bulk Mn3* concentration, the surface segregation
and partial reduction of W reduce the surface Mn3* concentration, which
improves the cycling stability via reducing the surface disproportionation of Mn3*
cations and suppressing the subsequent dissolution of Mn?* cations.
Furthermore, anisotropic surface segregation of W changes the relative surface
energies of different crystalline facets and subsequently the Wulff shape of the
crystalline particles, which improves the rate capability via increasing the areas of
{110} and {111} facets with more open channels for fast lithium ion diffusion. For
example, the discharge capacity at 25C can be increased by ~500% by 1 vol. %
WO3 doping.

In a broader context, this study has demonstrated the anisotropic surface
segregation (or formation of 2-D surface phases®3%7 in general) can be utilized as
a facile method to control the particle morphology thermodynamically, as well as
modify surface properties (i.e., increase the electrochemical stability and surface

transport rates in this particular case), to significantly improve the rate capability,
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cycling stability, and potentially other properties of battery materials, as well as a
broad range of other functional materials for energy-related applications, such as
supercapacitors® and photocatalysts®%70.

Chapter 3, in part, is a reprint of the material “Enhancing the
Electrochemical Performance of LiMnisNiosOs4 through WOs Doping and
Changing the Particle Wulff Shape via Anisotropic Surface Segregation” in
preparation, Jiajia Huang, Haodong Liu, Naixie Zhou, Ke An, Ying S. Meng and
Jian Luo. Neutron diffraction was carried out by Dr. Haodong Liu and Dr. Ke An in
Oak Ridge National Laboratory. Dr. Naixie Zhou gave a lot valuable opinions on

the thermodynamic model.
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Figure 3.1 Representative SEM images of the (a) undoped and (b) 1 vol. % WO3
doped LiMn1sNios04 specimens, where were prepared by annealing high-energy
ball milled powders at 800 °C for 4 h.
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{110} {100}

Figure 3.2 Calculated Wulff shapes of the (a) undoped and (b) WOs doped
LiMn1.sNiosO4 that matched the experimentally observed particle morphologies
shown in Figure 3.1 and schematics of the Li ion diffusion channels on (c) {110},
(d) {111} and (e) {100} facets, respectively. The relative surface energies that
produced these Wulff shapes are listed in Table 3.1.
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Figure 3.3 Atomic ratios of W/Mn and Ni/Mn vs. sputtering time curves measured

from XPS.
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Figure 3.4 Atomic ratios of W to Mn vs. sputtering time curves measured by AES
on three different surface facets of {110}, {100} and {111}. The {110} facet has the
highest level of W segregation, which is consistent with the observed largest
reduction in the relative surface energy in the WO3 doped specimen (Table 3.1).
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Figure 3.5 (a) Comparison of rate performance of undoped and WOs3s doped
LiMn1.5Nios04 specimens and discharge curves of (b) undoped specimen and (c)
WOs3s doped LiMn1.5Nio504 specimens. Three coin cells were made and tested for
each specimen. The means are presented in the graph and error bars represent +
one standard deviations. All cells were first charged and discharged at C/10 for 1
cycle and C/5 for 4 cycles to reach steady states and subsequently charged at C/5
and discharged at various rates (labeled in the graph) at room temperature
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Figure 3.6 Measured EIS spectra of the undoped and WO3s doped (red circles)
LiMn1.5NiosO4 specimens. The inset is an equivalent circuit. The fitted surface film
and charge transfer resistances are given in Table 3.2



87

Voltage (V)

3.4 e Undoped

3.2 .......'.,,ﬂ'lg'o3 doped
3.04% v Y v Y v T v
0 40 80 120 160
Capacity (mAh g”)

Figure 3.7 Measured charge/discharge curves for the undoped and WOs3 doped

LiMn1.sNio.s04 specimens. Both specimens were charged and discharged at a low
rate of 0.1C at room temperature.
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Table 3.1 Relative surface energies of the undoped and WOs-doped doped
LiMn1.sNio.s04 specimens that matched the experimentally observed Wulff shapes

undoped WO,-doped
Nu/ Yoo} 0.94 0.69
Mo} Voo 1.04 0.76
Yzl Vool 1.05 -

Table 3.2 Fitted surface film and charge transfer resistances from EIS

Specimen Re (Q) Ret ()
undoped 156.0 = 0.7 47.0 1.9

WO, doped 56.3 0.3 19.5 £ 1.0
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Chapter 4. Enhancing the Electrochemical Performance of Li-rich Layered

Oxide Li1.13Nio.3Mno.5702 via WO3s Doping and Surface Segregation

4.1. Introduction

Li- and Mn-rich layered oxides xLi(Li1/3sMnz2/3)O2:(1-x)LIMOz2 (that can
alternatively be expressed as xLi2MnOs:(1-x)LiMO2) (0 < x < 1; M = Mn, Ni, Co)
are promising candidates of next-generation cathode materials for lithium-ion
batteries due to their high specific capacity of > 280 mAh g*; with an average
discharge voltage of ~3.6 V, this capacity corresponds to an energy density of >
1000 Wh kg?.13 The Li-rich layered oxides are also low cost and environmentally
friendly due to the reducing of Co content in their composition. However, the
practical applications of these layered oxides are still hindered by the irreversible
capacity loss in the first cycle, the subsequent poor cycling stability, the low rate
capability, and the voltage fading.**

It is interesting to note that all the above-mentioned challenging
electrochemical properties can be highly affected by the surface properties of the
Li-rich layered oxides. The significant irreversible capacity loss in the first cycle is
believed to be resulted from formation of oxygen vacancies "8 and/or the
occupation of lithium sites by transition metal ions on the surfaces (when the
cathode is charged over 4.4 V)®, which subsequently triggers an irreversible
surface phase transition from the layered structure to a spinel-like structure.>%-11
Moreover, the rate capability can also be explained by the above-mentioned

surface structure/chemistry changes as the lithium diffusion path could be
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partially blocked by the occupancy of lithium layer sites by transition metal
cations.>%912 Hence, surface modifications could be an effective way to improve
electrochemical performance of Li-rich layered cathode materials.

Recently, Sathiya et al. reported that Ru(4d) substitution of M(3d) in
Liz2MOs in the bulk phase can significantly relieve the first-cycle irreversible
capacity loss, voltage fade and cycling decay.'® 14 15 A density functional theory
calculation suggested that a strong covalent character of the M-O bond would
likely promote reversible high capacity of Li-rich layered oxides, which can be
achieved by substituting M(3d) with M(4d, 5d) metal cations,® because M(4d,
5d)-O are stronger covalent bonds that enhance the structural stability of
Li2MnOs and reduce voltage fade during cycling. However, the rate capability of
M(4d, 5d) substituted Li-rich layered oxides are generally poor (< 50 mAh g at
5C) and these materials are more expensive due to the use of noble metals.
Thus, simultaneous achieving high discharge capacity, stable voltage during
cycling, and low cost remains a major challenge.

In this study, we used a small amount of WOs (a 5d transition metal oxide)
to “surface dope” a Li-rich layered oxide. WOs is selected because it has a low
surface free energy and tend to spread spontaneously (i.e., segregate or adsorb
thermodynamically) on the surfaces of other oxides (such as TiO2 and ZrO2)
during annealing, following a facile and cost-effective “mixing and annealing”
procedure that is employed widely to make so-called “supported oxide catalysts”
or “monolayer catalysts” in the petroleum and chemical industries.'”2° As a

result, these WO3s doped specimens exhibit improved rate capabilities (e.g.,
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retaining a capacity of 90 mAh g at a high discharge rate of 40C that represent
a 200% improvement from the undoped specimens) and cycling stability as well
as reduced voltage fading, in comparison with a undoped benchmark specimen
prepared using the identical ball milling and annealing procedure. The
improvements are attributed to surface segregation and disordering induced by
as low as ~1 vol. % WOs doping.

4.2. Experimental

4.2.1. Materials synthesis

The Li-rich prepared by coprecipitation method which is described in our
previous publications.*® To prepare 1 vol. % WO3z doped Li1.13Nio.3Mno.5702
(where the volume percentage was calculated based on the molar volumes
before mixing and the overall chemical composition is
0.4Li(LisMn2/3)O2-0.6LiMN12Ni1202-0.04W0Os3), an appropriate amount of
(NH4)2WOa4 (Alfa Aesar, 99.99 %) precursor (that decomposes to WO3 upon
annealing) was added to 3 g of pristine Li1.13Nio.3Mno.5702 and dispersed in 4 mi
of acetone. The mixture was placed in a silicon nitride grinding vial with two
silicon nitride balls. High-energy ball milling was carried out using a SPEX 8000D
mill for a duration of 10 min, followed by a 15-min resting interval; this milling
process was repeated for 3 times. The mixture was dried in an oven isothermally
at around 70 °C. The dried powder was placed in a covered alumina crucible,

isothermally annealed at 800 °C for 4 h in a box furnace with a heating rate of 5

°C/min; subsequently, the specimens were furnace quenched. As a reference, a
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controlled specimen of undoped Li1.13Nio.3Mno.5702 was prepared with the same
ball milling and annealing procedure described above without the addition of the
WOs precursor.

4.2.2. Material characterization

X-ray diffraction (XRD) was carried out on a Bruker D2 diffractometer
using Cu Kaq radiation (A = 1.5418 A) operating at 40 kV and 40 mA with a step
size of 0.02° and a step time of 1 s. Particle sizes and morphologies were
characterized using a FEI XL30 scanning electron microscope (SEM).

The surface composition and depth profile of the WO3 doped
Liz.13Nio.3Mno.5702 particles were characterized by X-ray photoelectron
spectroscopy (XPS) XPS was carried out by using a Kratos AXIS ULTRA DLD
XPS system equipped with an Al Ka monochromated X-ray source and a 165
mm mean radius electron energy hemispherical analyzer. 4 keV Ar ion beam was
used for sputtering. The sample current was ~4 pA. Depth profile data were
collected after sputtering time of 2s,5s, 10 s, 30 s, and 90 s. The XPS
characterization provided the overall surface composition and depth profiles that
are averages of many different particles and crystalline facets. XPS was also
carried out by using a Kratos Ultra DLD XPS. All XPS measurements were
collected with a 300 mm x 700 mm spot size using a charge neutralizer during
acquisition. Survey scans were collected with a 1.0 eV step size, and were
followed by high resolution scans with a step size of 0.05 eV for Mn 3p, Ni 2p,

and W 4d region. Bonding Energies were calibrated using C 1s peak of 284.6 eV.
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Particle surfaces were characterized by high-resolution transmission
electron microscopy (HRTEM) using a FEI Titan 80-300 microscope at 300 kV.
HRTEM specimens were prepared by dispersing powders ultrasonically in
acetone and dropping a small amount of the suspension onto carbon coated
copper grids; the specimens were then dried overnight in a desiccator. Minimum
exposure was used during HRTEM to reduce electron beam damage.

4.2.3. Electrochemical measurement

To prepare cathodes, 80 wt. % active materials, 15 wt. % carbon black
(MTI), 5 wt. % PVDF (MTI), and an appropriate amount of NMP (Alfa Aesar,
anhydrous, 99.5 %) were mixed in a glass vial by a vibrating mixer, followed by
ultrasonic dispersion. The mixture was coated on an aluminum foil, which was
subsequently dried in a vacuum oven at 90 °C for 6 h. Cathode electrodes with a
diameter of 10 mm were punched out, pressed at ~187 MPa, and dried in a
vacuum oven at 120 °C for 8 h before transferring into an Ar-filled glovebox for
battery construction. The area density of dried electrode coating is ~2.5 mg cm=.
Half cells were made with a cathode electrode, a metal Li chip (MTI, 99.9 %) as
the anode, 1M LiPFes in EC/DMC 1:1 vol. electrolyte LP 30, BASF), C480
separator (Celgard), and 2032 coin cell cases (SS304, MTI).

Electrochemical cycling tests were carried out on an Arbin 2143 tester.
The rate performance of LiMn1.5Nio.sO4 specimens was tested at the discharge
rates of C/20, C/10, C/2, 1C, 2C, 5C, 10C, 20C, 40C, 60C, 80C, 100C, and C/10

sequentially (1C equates to 250 mA h g*; 1 cycle at each discharge rate) with a
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constant charge rate of C/10 at room temperature. The cycling stability of
Liz.13Nio.3Mno.5702 specimens were measured at a constant charge and discharge
rate of 1C between 2.0 V and 4.8 V at room temperature. Electrochemical
impedance spectroscopy (EIS) was performed using a Solartron 1287A/1255B
analyzer measured from 1 MHz to 0.05 Hz at 10 mV. Cells after the testing were
charged to 4.8 at C/10 and kept for 10 h for subsequent impedance
measurements.

4.3. Results

No obvious difference of particle morphology between undoped and WOs
doped Li1.13Nio.3Mno.5702 was observed, as shown in Figure. 4.1. Both specimens
have similar agglomerated secondary particles (Figure 4.1(a) and (c)). The
measured primary particle sizes are 89.8 + 36.9 nm for undoped specimen and
88.2 £ 30.5 nm for WO3 doped specimen, respectively, and the representative
SEM images are shown in Figure 4.1(b) and (d). The difference in the measured
particle sizes is within the range of measurement errors and negligible.
Moreover, the primary particles of both undoped and doped specimens have
similar round morphology without observed faceting. Hence, a fair comparison
study of electrochemical performance between undoped and doped specimens
can be conducted without significant effects of the particle size and morphology.

XRD results reveal only Li1.13Nio.3Mno.5702 peaks in both undoped and

WOs3 doped specimens, as shown in Figure S4.2. All peaks are indexed to the

R3m space group that corresponds to the LiMOz2 structure, except for the
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superstructure peaks between 20-30° which are associated with a honeycomb
ordering of Li, Ni, and Mn in the TM layers.® The XRD patterns were refined by
the Rietveld method. The lattice constants of the undoped Li1.13Nio.3Mno.5702
were obtained as: a = 2.8654(2) and ¢ =14.257(2) A), while the WOs doped
Liz.13Nio.3Mno.s702 has lattice constants of a = 2.8667(2) A and ¢ = 14.262(2) A.
The slight increases in the lattice parameters of the WOz doped specimen
indicates the W is successfully doped into the Li-rich.

A comparison of Figure 4.3(a) and Figure 4.3(b) shows that the WO3
doped specimen has a higher initial discharge capacity tested at C/20 and room
temperature. On one hand, the first-cycle charge and discharge capacities for the
undoped specimen are 363 and 251 mAh g, respectively, with a coulombic
efficiency of 69%, which are consistent with the typical values reported in prior
studies.1%2021 On the other hand, the WOs doped specimen has charge and
discharge capacities of 350 and 284 mAh g, respectively, with an improved
coulombic efficiency of 81% (representing a 12% increase from that of the
undoped specimen). Correspondingly, the reversible discharge capacity is
increased by 33 mAh g or 13% with as low as 1 vol. % WOz doping, in
comparison with that of the undoped specimen.

The WOs doping improves the rate capability significantly. With WO3s
doping, the discharge capacity is increased from 164 to 198 mAh g (by ~21 %)
at 5C, and from 30 to 90 mAh g (by ~200 %) at 40C on an average as shown in
Figure 1(c). The cells after the rate performance test were characterized by

electrochemical impedance spectroscopy (EIS) and the spectra are shown in
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Figure. 4.3(d). The EIS results have revealed that the WO3 doped specimen has
smaller total resistance than that of the undoped specimen. After WO3 doping,
the charge transfer resistance decreases from 66.6 Q to 18.9 Q, while the
surface film resistance in fact increases from 3.5 Q to 13.3 Q; thus, the total
resistance decreases from 70.1 Q to 32.2 Q by 54 % with WOs3 doping.

The cycling stability is also enhanced by WOs3 doping, as shown in Figure
4.4. The WOs doped specimen maintains a discharge capacity of 188 mAh g
after 100 cycles at a relatively high charge and discharge rate of 1C, which is
about 27 % higher than that of the undoped specimen (Figure 4.4(a)). This
improved cycling stability is comparable with some of the best reported
performance in literature.*?2° Furthermore, the voltage fading is also mitigated
significantly by minor WO3 doping, which is in Figure 4.4(b). Consequently, an
energy density of ~664.6 Wh kg is achieved after 100 cycles at 1C, which
represent an ~30 % improvement from the undoped specimen (Figure 4.4(c)).

Figure 4.5 and Figure 4.6 shows XPS results of the undoped and doped
specimens. XPS spectra were collected before ion sputtering and after sputtering
for2s,5s,10s, 30 s and 90 s. The sputtering rate was calibrated to be about 30
nm min-! using a SiOz2 reference specimen sputtered at the same experimental
condition.??

The observed W 4ds2 peak before sputtering in Figure 4.5(a) suggests
that most W cations at the surfaces are W®* in doped Li1.13Nio.3Mno.s70z2 instead
of the more stable W¢* in WOs. The binding energies of the W&, W5 and W**

cations, respectively, correspond to are 248.2, 245.7 and 243.5 eV,
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respectively;?3 the brown, blue, and green lines, respectively, are the fitted peaks
for the W8, W5 and W** cations, respectively. Specifically, W°* has the highest
atomic ratio of 73 %, in comparison with 16 % of W®* and 11 % of W**.
Furthermore, the binding energy of W 4f72 shifts from 35.1 eV to 35.3 eV after
sputtering (Fig 4.5(b)),%* which indicates that W valence increases with sputtering
time; in other words, W®* cations (representing the most stable valent of W in
bulk phase like WO3) likely dominate in the bulk phase, while W>* cations could
dominate at the surfaces. In summary, the majority W cations are reduced from
W6* (in the bulk phase) to W** at the surface.

For both undoped and doped specimens, the binding energy of Mn 3p
peak before sputtering is ~49.7 eV, which shifted to ~48.2 eV after sputtering 90
s (Figures 4.6(a) and 4.6(c)); the decrease of binding energy with the sputtering
time represents a decrease of Mn valence, which indicates an increase of Mn3*
concentration from surface to bulk, though Mn** still dominates in bulk.?>2¢ Figure
4.6(b) and Figure 4.6(d) also show that the binding energy of Ni peaks do not
change with sputtering time for both specimens.

XPS in conjunction with sputtering also shows the surface segregation
(enrichment) of W (Figure 4.5(c)), while W is also present inside the bulk phase.
Furthermore, the surface segregation of W leads to a decrease of Ni/Mn ratio on
the surface; interestingly, the surface of the undoped specimen is enriched with
Ni, whereas the surface of the WO3 doped specimen is enriched of Mn.

4.4. Discussion
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Summarizing the results shown in Figure 4.5, we know that (1) Ni
segregates at the surfaces in the undoped specimen; (2) W segregates at the
surfaces with a surface reduction (W®* in bulk vs. predominately W5* at the
surfaces), and (3) the surface segregation of W suppresses the surface
segregation of Ni to increase the relative surface concentration of Mn.
Furthermore, HRTEM images (Figure 4.7) show that the surfaces of WOs3 doped
specimen is more disordered than that of the undoped specimen.

Such a unique surface configuration in the WO3 doped Li1.13Nio.3Mno.5702,
which formed spontaneously (during annealing) as the equilibrium surface
thermodynamic state and has its own distinct chemistry (composition and
valence states; Figure 4.5) and structure (more disordered; Figure 4.7) that are
markedly different from those of the underneath bulk phase, can be considered
as a 2-D surface phase (or complexion?”-2%), akin to those nanoscale surface
amorphous films (SAFs)3%-32 and other surface complexions®* previously
observed in various battery materials, which can also improve the rate
capabilities®9-31:33-35 gand cycling stabilities®C. In contrast to the prior cases of
phosphate-based, nanometer-thick SAFs that are discrete in HRTEM, the 2-D
surface phase observed in the WO3 doped Li1.13Nio.3Mno.s702 appears to have
more gradually-varying profiles of composition and structures (Figure. 4.5 and
4.7). Nonetheless, this the 2-D surface phase observed in the WO3s doped
Liz.13Nio.3Mno.570z2 in this study can also contribute to improved rate capability and

cycling stability as well as reduced charge transfer and voltage fading (similar to
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other types of 2-D surface phases3°31.33-35) Specifically, several possible benefits
of this 2-D surface can be discussed.

In the first charge, the region below ~4.4 V is usually attributed to a
reversible Ni2*/Ni** oxidation, corresponding to the lithium extraction from the
lithium layer.®> The plateau above 4.4 V is attributed to a partially reversible
anionic O%/0%* and irreversible oxygen loss, corresponding to the lithium
extraction from the lithium layer and transition metal layer with oxygen vacancy
formation, which will inevitably lead to the migration of transition metal cations
from the transition metal layer to the lithium layer .31236 Consequently, there is
always a high irreversible capacity observed in the first cycle of Li-rich. A prior
study showed that in the Li2RuxMn1-xOs with Ru partial substitution of Mn, a
Ru®*/Ru** redox was accompanied by the O%/O- redox processes.?® It is also
suggested that M(4d, 5d)-O bonds are stronger than those of M(3d)-O and can
enhance the M-O covalency and structural stability of Li2MO3.1¢ Likewise, W
doping in Li1.13Nio.3Mno.5702 phase (as well as on its surface with an enhanced
effect due to segregation) may also have similar stabilization effects as those of
Ru. Specifically, W has a higher formation enthalpy of W-O (~598 — 632 kJ mol?)
than that of Mn-O (~402 kJ molt) and Ni-O (391.6 kJ molt), which may
strengthen the M-O covalency and reduce oxygen release from breaking M-O
bonds (via promoting reversible M-O%/M-O%* redox instead of oxygen loss from
lattice structure).'® In this work, the first cycle irreversible capacity of Li-rich is
significantly reduced from 112 mAh g to 66 mAh g by W doping. At the same

time, the reversible discharge capacity of W doped specimen shows 33 mAh g



111

enhancement than the undoped specimen. All these facts indicate that the W
doping suppresses the irreversible oxygen loss and facilitates the reversible O%
/O redox processes, which helps to maintain the structural stability of Li-rich and
further improve the cycling performance.

The low oxidation state cation (Ni?*) migration to the lithium layer blocks
the lithium diffusion during electrochemical charge and discharge, which leads to
poor rate capability. The existence of oxygen vacancy facilitates this cation
migration.’ In this work, WOz doping and surface segregation not only mitigates
the oxygen vacancy formation, but also decreases the Ni content at the surface.
As a consequence, the transition metal migration is suppressed, results in an
improved rate performance of Li-rich.3

4.5. Conclusions

Minor 1 vol. % WOs doping can simultaneously enhance the reversible
capacity in the first cycle, the rate capability, and the cycling stability, as well as
reduce voltage fading, of the Lii.13Nio.3-Mno.5702 cathode material. XPS (with
depth profiling) and HRTEM characterizations showed that W segregates at the
particle surfaces, occurring concurrently with a surface reduction of W, a change
of surface Ni/Mn ratio, and surface structural disordering. Consequently, a stable
surface structure forms, which can be considered as a spontaneously-formed 2-
D surface phase, which benefits both cycling stability and rate capability. It is
further suggested that the stronger covalent character of the W-O bond could

alleviate oxygen loss on the surface and the migration of the transition metal
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cations. This work provides a new strategy of improving the performance of Li-
rich layered oxide cathode materials significantly via a facile and cost-effective
“mixing and annealing” procedure for uses in the next generation lithium-ion
batteries with high energy densities.

Chapter 4, in part, is a reprint of the manuscript “Enhancing the
Electrochemical Performance of Li-rich Layered Oxide Li1.13Nio.3Mno.5702 via WO3
Doping and Surface Segregation” in preparation, Jiajia Huang, Haodong Liu, Tao
Hu, Ying S. Meng and Jian Luo. Li1.13Nio.3sMnos7O2 was synthesized by Dr.
Haodong Liu. HRTEM observation was done by Dr. Tao Hu at University of

California Los Angeles.
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Figure 4.1 SEM micrographs of particle morphologies of (a, b) undoped and (c, d)
WOs3 doped Li1.13Nio.s3Mno.5702.
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Figure 4.2 X-ray diffraction pattern of (a) undoped and (b) WOs doped
Liz.13Ni0.3Mno.5702.
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Figure 4.3 The rate performance of undoped and doped specimens.
Charge/discharge curves of (a) undoped and (b) WO3 doped Li1.13Nio.3Mno.5702 at
various rates. The black lines represent the initial change/discharge curves tested
at C/20 (1C = 250 mAh g1) and color lines show subsequent discharge curves at
various rates labeled in the graph (with a constant charge rate of C/5). (c) Rate
capabilities of undoped (red circles) and WOs doped (blue triangles)
Liz.13Nio.3Mno.5702. Three coin cells were made and tested for each specimen. The
means are presented and error bars represent + one standard deviations. (d)
Electrochemical impedance spectra of undoped (red circles) and WO3 doped (blue
triangles) Li1.13Nio.sMnos702. The fittings were based on the equivalent circuit
shown in the inset. All tests were performed at room temperature in a voltage
window of 2.0 - 4.8 V
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Figure 4.7 HRTEM images of (a) undoped and (b, ¢) WO3 doped Li1.13Nio.3Mno.5702.
Both undoped and doped specimens were fabricated via an identical procedure by
ball milling and subsequently annealed at 800 °C for 4 h. The “vapor” shown in the
pictures means that the specimen was exposed in a vacuum environment during
the observation. The region above specimen in Figure 4(a) was amorphous carbon
on the grid since the sample was prepared on a copper grid with carbon film

coating.
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Chapter 5. Low-cost Si Anode with Enhanced Cycling Performance via Sn

Doping by High Energy Ball Milling and Post Annealing

5.1. Introduction

Si has the highest theoretical specific capacity of ~4000 mA h g* among
all anode materials (except Li metal), and a moderate working voltage ~0.4 V for
lithium-ion batteries.! However, volumetric expansion up to ~400 % and
anisotropic volumetric expansion of Si crystal during lithiation leads to poor
cycling stability and poor conductivity of electrodes.?2 In addition, the unstable
solid-electrolyte interface (SEI) can introduce serious Si loss and lead to a low
coulombic efficiency.* Although cycling stability has been improved significantly
by the design and synthesis of nanostructured Si materials, other issues raised in
the nanostructured Si materials, such as low coulombic efficiency resulting from
the irreversible by-reactions due to large surface area, limited rate capability, low
energy density etc. Porous structures® with robust frames and core-shell®
structures are promising ways to develop new generation Si anodes which can
supply free space for volume expansion without direct contact with electrolytes.
For example, a Si nanotube synthesized by sol-gel method combining with
electrospinning and CVD can give a discharge capacity of 600 mAh g* at ~6C
after 6000 cycles.” Porous Si nanowires fabricated by etching can give a
discharge capacity of 2000 mAh g at 0.5C after 200 cycles.® A core-shell
structured Si/C composite made from template had a discharge capacity of 1110

mAh g at 0.1C after 1000 cycles.® However, the nanotechnology methods were
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limited by disadvantages of high cost and limited feasibility to develop scalable
synthetic methods.

High-energy ball milling as a facile and low-cost method was reported to
synthesize alloy anode materials for lithium ion batteries,® but the specific
capacities of these alloys were generally much lower than those of
nanostructured anode materials. Recently, a high-energy ball milled Si anode
materials was reported, a capacity of 1170 mAh g* at ~0.1C after 600 cycles was
achieved, which was comparable to the nanostructured Si materials.1° It was
suggested that the reasons for the enhanced cycling stability were the formation
of nanosized Si crystalline region ~10 nm and grain boundaries for fast lithium
diffusion. Furthermore, a molecule dynamic calculation result of also suggested
that the amorphous intergranular films based on V20s crystal bulk could play a
role of fast lithium ion diffusion path.1! Actually, the amorphous intergranular
films could be taken as 2-D material phases 1216, and can be utilized as a facile
method to thermodynamically control and modify the surface/interface properties
and significantly enhance electrochemical performances. Specifically, in this case
the amorphous intergranular films could play a role of fast lithium ion diffusion
channel, which can facilitate lithium ion reach the inside of the Si particle and
promote the simultaneous lithiation/delithiation of the inner nanosized crystalline
regions. Consequently, a uniform and isotropic volumetric change could be

expected.
Furthermore, Si-Sn is a miscible system (AH ™ (0K) = 25.4kJ -mol ™) which

mix

allows Sn to exist as a second phase. The solid solubility of Sn is 6.9 x 10+
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(750 °C) and 1.6 x 10~ (1210 °C) in Si bulk; 6.9 x 102 (750 °C) and 1.6 x 10!
(1210 °C) in grain boundary respectively. The Sn particles or crystalline region
should exist independently and Sn (or Sn-rich) islet could be expected.

Herein, we use a facile method of high-energy ball milling to mix the as-
received microsized Si with nanosized Sn particles followed by post annealing
under Ar to form a porous secondary structure with the formation of intergranular
films promoted by the existence of Sn, where an improved cycling stability could
be achieved as anode materials for lithium ion batteries.

5.2. Experimental

5.2.1. Materials synthesis

As-received Si microsized powder (Alfa Aesar, 99.999 %, 325 mesh) and
Sn nanosized powder (US Research Nanomaterials, 99.9%, 60 — 80 nm) was
weighted and placed in a round-ended hardened steel grinding vial set (SPEX
SamplePrep, hardness 5.5 — 6 Mohs) with two harden steel balls and sealed in a
Ar-filled glovebox to prevent the powder from oxidation. High-energy ball milling
was carried out using a SPEX 8000D mill for a duration of 1 h, followed by a 0.5
h resting interval; this milling process was repeated for 20 times. Four ball milled
specimens were acquired: Sio.95sSNno.os, Sio.o0SNo.10, Sio.85SN0.15 and Sio.soSNozo With
ball milling yield > 96 %. The ball milled powder was placed in an alumina tray,
isothermally annealed at 750 °C for 20 h in a quartz tube with Ar flow and
guenched by taking the tube out of furnace and keeping Ar flow. As a reference,

Si powder was prepared with the same ball milling and annealing procedure
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described above without adding Sn. Furthermore, the specimen of Sio.co0Snoz1o
was annealed at various temperature 131 - 850 °C for 20 h.

5.2.2. Material characterization

X-ray diffraction (XRD) was carried out on a Bruker D2 diffractometer
using Cu Kaq radiation (A = 1.5418 A) operating at 40 kV and 40 mA with a step
size of 0.02° and a step time of 1 s. Particle sizes and morphologies were
characterized using a FEI XL30 scanning electron microscope (SEM). The cross
section of secondary particles and EDX mapping was acquired by FEI Scios Dual
Beam FIB/SEM.

Particle surfaces were characterized by high-resolution transmission
electron microscopy (HRTEM) using a FEI Titan 300 kV microscope. HRTEM
specimens were prepared by dispersing powders ultrasonically in acetone and
dropping a small amount of the suspension onto carbon coated copper grids; the
specimens were then dried overnight in a desiccator. Minimum exposure was
used during HRTEM to reduce electron beam damage. The lattice spacing was
measured by the software DigitalMicrograph with FFT and inverse FFT transition
of dm3 files. The measured spacing result was an average of 5 — 11 lattices.

5.2.3. Electrochemical measurement

To prepare cathodes, 80 wt. % active materials, 15 wt. % carbon black
(MTI), 5 wt. % CMC (Sigma-Aldrich, Mw = 90000), and a buffer solution of citric
acid and NaOH pH ~3 and appropriate amount of DI water were mixed in a glass

vial with a zirconia ball by a vibrating mixer, followed by ultrasonic dispersion.
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The final active materials on the electrode is 75 wt. %. The mixture was coated
on a Cu foil, which was subsequently dried in a vacuum oven at 100 °C for 12 h.
Then the anode electrodes were punched out with a diameter of 10 mm, and
dried in the vacuum oven again at 120 °C for 8 h before transferring into an Ar-
filled glovebox for battery construction. The area density of dried electrode
coating is ~1 mg cm. Half cells were made with an anode electrode, a metal Li
chip (MTI, 99.9 %) as the anode, 1M LiPFs in EC/DMC 1:1 vol. electrolyte (LP 30,
BASF), C480 separator (Celgard), and 2032 coin cell cases (SS304, MTI).

Electrochemical cycling tests were carried out on an Arbin 2143 tester.
The cycling performance of SixSni-x specimens was tested at the charge and
discharge rate of 1C (1C equates to 4200 mAh g*) at room temperature between
0.005 V and 1.5 V at room temperature. The cyclic voltammetry (CV) was
performed between 0.005 V and 1.2 V at a scan rate of 0.1 mV s using a
Solartron 1287A/1255B analyzer.

5.3. Results

Particle morphologies of Siz-xSnx (x = 0.05, 0.10, 0.15 and 0.20) are shown
in Figure 5.1. Before annealing, the morphology was not influenced by the Sn
molar fraction (Figure 5.1(a)-(d)). However, after annealing at 750 °C for 20 h,
sphere particles appeared on the surface; and the diameter of the sphere
particles increased from ~10! to ~10%2 nm with Sn increasing (Figure 5.1(e)-(h)).

Si and Sn peaks were observed in the XRD results (Figure 5.2(a) and (c))

since there is no compound between them based on the Si-Sn phase diagram.
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Neither peaks of Silicon oxides or Tin oxides were found. The grain size of Si and
Sn was calculated from XRD results (Figure 5.2(b) and (d)). Grain size of ball
milled pure Si was ~20 nm without annealing; it increased to ~40 nm after
annealing at 750 °C for 20 h. On the other side, Si grain size still maintained at
~20 nm in all specimens with Sn (Figure 5.1(b)). The Si grain size without Sn of
the annealed specimen was about twice of Specimens with Sn. It demonstrated
that the existence of Sn could inhibit Si grain growth (Figure 5.2(b)). In addition,
Sn grain size of Sio.95Sno.0s and Sio.90Sno.10 was close ~30 nm, and increased to
100 and 120 nm by 3 and 4 times in Sio.ssSno.15 and Sio.soSno.20, respectively.
Furthermore, the ball milled SisoSnio specimen without annealing had a Si grain
size of ~10 nm; it increased with the annealing temperature slightly to ~20 nm at
850 °C. Meanwhile, the Sn grain size also increased slightly from ~20 to ~30 nm
with temperature increasing up to 750 °C, then increased rapidly to ~60 nm at
850 °C.

Cycling stability of specimens Si1-xSnx (x =0, 0.05, 0.10, 0.15 and 0.20)
after high energy ball milling and annealing at 750 °C for 20 h were tested at a
charge and discharge rate of 1C and room temperature (Figure 5.3(a)). The
specimen of pure Si and Sio.9esSno.os died after 25 cycles and 114 cycles,
respectively. The specimens of Sio.o0Sno.10, Sio.s5Sno.15 and Sio.soSno.2o still have a
discharge capacity of 431, 352 and 267 mAh g after 200 cycles, respectively.
The ball milled specimens of Sio.ooSno.10 annealed at various temperatures were
also tested at the rate of 1C and room temperature (Figure 5.3(b)). The

specimens without annealing and annealing at 650 °C died before 200 cycles.
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The specimens annealing at 750 °C and 850 °C have a discharge capacity of
900 and 995 mAh g* at 0.1C after 400 cycles, which is comparable to the
performance of the materials synthesized by complex and expensive methods as
reported.!

The cyclic voltammetry results were shown in Figure 5.4. In figure 5.4(a),
peaks 1, 2 and 8 are related to Si lithiation and delithiation; peaks 3, 4, 5, 6 and 7
are related to Li interaction with Sn. It showed that Sio.e0Sno.10 had the highest
intensity of peak 1 and moderate intensity of peaks 3 — 7 comparing to
Sio.95SNo0.0s and Sio.ssSno.15. It also can be found that the intensity of peak 1 was
higher than peak 2 for Sio.e0Sho.10; but the intensity of peak 1 was lower than
peak 2 for Sio.esSho.os and Sio.ssSno.15. Furthermore, for specimen Sio.90Sno.10, the
intensity of peak 1 increased with annealing temperature from 650 to 750 °C as
shown in Figure 5.4(b).

The cross section of specimen Sio.g0Sno.10 without annealing or with
annealing at 750 °C was characterized by FIB/SEM. For the specimen without
annealing (Figure 5.5(a)-(c)), the cross section presented a porous structure with
partial cold weld effect, the primary particles were partially “sintered” and form a
relatively robust structure instead of a loose agglomerated secondary structure.
The cross section of the annealed specimen also had a porous structure, though
the porosity was obviously lower than that of specimen without annealing (Figure
5.5(d)-(f)). Furthermore, it is interesting that bright regions distributed on the

cross section uniformly with a particle size on the order of 10! nm (Figure 5.5(f)).
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Sn element was detected on the cross section of both specimens with or
without annealing by EDX as shown in Figure 5.6. The atomic fraction of Si/Sn
from EDX results was ~10/1 for both specimens, which was close to the
stoichiometry ratio 9/1.

Figure 5.7 showed the HRTEM results of specimen Sio.ooSho.10 without
annealing and specimen annealing at 750 °C. The specimen without annealing
had a ~10 nm crystalline regions in the bulk phase (Figure 5.7(a)) which was
similar to the reported structure.'® After annealing (Figure 5.7(b)), ~20 — 30 nm
crystalline particles on the surface were observed with arising of amorphous
intergranular films ~ 3 - 5 nm between the surface particle and the bulk, as well
as between the grains in the bulk. Specifically, the lattice spacing labeled with
blue parallel lines is ~0.31 — 0.33 nm coinciding with the d spacing of (111) of Si
(PDF#4-012-0806). The lattice spacing labeled with red parallel lines is ~0.28 —
0.29 nm corresponding to Sn (002) lattice spacing (PDF#04-0673). It is worth to
note that the Sn islets were distributed around the surficial particle, and between
the Si crystalline and intergranular films (IGFs).

5.4. Discussion

It appears that a minimum Sn atomic fraction of ~0.1 is required on the
behalf of optimization of cycling stability (Figure 5.3(a)). The distinct difference of
cycling stability can be seen between the specimens Sio.eoSno.10 and Sio.g5Sno.os.
When x < 0.1, the cycling stability was poor; when x = 0.1, they had similar

improved long cycling stabilities, but the discharge capacity decreased with
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increasing of Sn molar fraction. The CV results imply that the optimized cycling
stability of specimen with ~ 0.1 Sn atomic fraction could correlate to the
increased intensity of peak 1. It appears that 0.1 atomic faction Sn could
enhance the Si and Li interaction at the potential of ~0.4 V. On the other side,
excess amount of Sn over 0.1 decrease cycling stability. As shown in the CV
results, the specimen Sio.ssSno.15 had a lower peak 1 but higher Sn peaks 3 — 7
than that of Sio.9oSno.10 (Figure 5.4(a)). Sn has higher oxidation potential ~0.4 and
~0.65 V than that of Si ~ 0.15 V. The lithiation of Sn was obviously enhanced
with the increasing of Sn amount and decrease lithiation of Si, which implies that
over amount of Sn might weaken the interaction of Li with Si, especially
influences interaction at 0.4 V.

Beside the influence of Sn atomic ratio, the posting annealing can also
significantly enhance cycling stability (Figure 5.3(b)). When annealing at 650 °C
or without annealing, the cycling stability was poor; when annealing at 750 and
850 °C, better cycling stabilities can be achieved. The distinct difference of
cycling stability can be seen between the specimens annealed at 650 and
750 °C. The intensity of peak 1 of 750 °C annealed specimen was larger than
that of specimen annealed at 650 °C as shown in CV results(Figure 5.4(b)),
which is coincident with the improved cycling stability. Hence, the intensity of
peak 1 was correlated to the cycling stability based on the comparison of
specimens annealed at different temperatures, and was consistent with the
findings based on varying Sn molar fraction: higher peak 1 intensity corresponds

to better cycling stability.
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It is suggested that the peak 1 in CV results indicated the process of Si +
xLi = aLixSi which only exists in the nanosized Si materials and play a role of
reducing anisotropic expansion. A larger intensity of peak 1 could imply less
anisotropic expansion during lithiation. A proper amount of Sn might have
synergetic effects during electrochemical process and play an important role on
the structure stability of Si.

The porosity should not be the critical factor. Both specimens with or
without annealing had second porous structure. Such structure can improve Si
cycling stability by suppling free space for expansion without contact with
electrolyte. However, it also brings a lithium diffusion problem. The lithiation of
internal Si particles could not occur until the lithium ion diffuse into the inner bulk,
which will induce large stress on the joint of outer and internal particles due to the
~400 % volumetric expansion during lithiation, and lead to pulverization of the
second structure. Though the porosity of specimen without annealing was higher
than that of annealed specimen which can give more free space for the
expansion (Figure 5.5), it had worse cycling stability than that of annealed
specimens (Figure 5.3(b)). The porous second structure could facilitate the free
volumetric expansion, but cannot solve the cycling stability issue correlated to the
anisotropic expansion.

The anisotropic expansion can also result in particle pulverization and
electrode composite disconnection losing electron conduction. From the results
shown in Figure 5.5 and 5.6, the bright regions in the cross section of annealed

specimen could be the Sn or Sn-rich regions. The uniform distribution of
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nanosized Sn among Si grains Sn are ductile and can tolerate partial deformation
due to Si anisotropic expansion. Furthermore, the formation of amorphous
intergranular films (Figure 5.7(b)) close to the surface region can play a role of
fast lithium paths, allowing the lithium ion diffuse into Si nanosized grains from all
directions. It is also proposed that the nanosized Sn or Sn-rich islets in the bulk
might promote the formation of IGFs upon post annealing and rapid quenching.
Observation of more different locations is necessary for a statistic results in the
future work to prove this speculation.

In addition, the lithiation potential difference of Si and Sn could raise a
synergetic effect which would benefit the cycling stability too. All of the
speculations can be proved by characterization of cycled specimens in the
follow-up work. The cycling stability could be enhanced further by combining
improved electrolyte which will benefit a stable SEI.

5.5. Conclusions

The cycling stability of Si anode was improved obviously by Sn doping and
post annealing. It was found that Sio.90Sno.10 showed the best cycling stability
among Si1xSnx (x = 0, 0.05, 0.10, 0.15 and 0.20). After handled by high energy
ball milling and post annealing at 850 °C, the discharge capacity of Sio.ooSho.10
was achieved 995 mAh g at 0.1C after 400 cycles. The cross section of the
second Si particles showed a porous structure with the Sn distributed on the
section after post annealing. The Sn doping can promote the formation of

amorphous intergranular films. The coexistence of porous second structure and
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the amorphous intergranular films was suggested as the reason of benefiting the
cycling stability by alleviating stress introduced by volumetric expansion and
anisotropic expansion. The high-energy ball milling and post annealing as well as
Sn doping is a low-cost method and easy to realize industry scale-up.

Chapter 5, in part, is a reprint of the manuscript “Intergranular Films and
Secondary Structures on Cycling Stability of Si1-xSnx Anode for Lithium lon
Batteries” in preparation, Jiajia Huang, Bing Jiang, Tao Hu, J. Luo. Part of
specimens were prepared by Dr. Bing Jiang. HRTEM images were taken by Dr.

Tao Hu.
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Figure 5.1 The particle morphology of Si1xSnx with x of (a) (e) 0.05, (b) (f) 0.10, (c)
(g) 0.15 and (d) (h) 0.20. Specifically, (a), (b), (c), and (c) is for ball milled
specimens without annealing and and (e), (f), (g), and (h) for with annealing at
750 °C for 20 h, respectively.
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Figure 5.2 (a) X-ray diffraction pattern of high-energy ball milled Sii-xSnx without
annealing, with x of 0, 0.05, 0.10, 0.15, and 0.20. (b) calculated particle size of Si
and Sn from XRD results in (a). (c) X-ray diffraction pattern of high-energy ball
milled Sio.90Sno.10 annealed at 131, 450, 650, 750 and 850 °C for 20 h, respectively.
(d) Calculated patrticle size of Si and Sn from XRD results in (c).
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Figure 5.3 The cycling performance of (a) Si1-xSnx after high energy ball milling 20
h with x of 0, 0.05, 0.10, 0.15, and 0.20. All specimens were annealed at 750 C for
20 h; (b) high-energy ball milled Sio.eoSno.10 annealed at 650, 750 and 850 °C for
20 h. The high-energy ball milled specimen without annealing was also presented
(black square) for comparison. The initial change/discharge curves tested at C/10
(1C = 4200 mAh g1) and then charged and discharged at 1C in the voltage window

of 0.005 — 1.5 V at room temperature.

2 2
(a) b
A I (O 1 B
— i —_— lh
< <
E E
e e 07
2 g
3 7 == Sigg5SNges 3 -1 — 650 °C
= Sig.90SNg.10 o
e : - 750 °C
2 ‘ ' '_ SIU_8§SHO_15 2 8
0.0 02 0.4 0.6 0.8 00 02 04 06 08 10
Voltage (V) Voltage (V)

1.2

Figure 5.4 The cyclic voltammetry (CV) of (a) Si1-xSnx after high energy ball milling
20 h with x of 0.05, 0.10, and 0.15. All specimens were annealed at 750 C for 20
h; (b) high-energy ball milled Sio.90Sno.10 annealed at 650 and 750 °C for 20 h,
respectively. The CV test was performed between 0.005 V and 1.2 V at a scan rate

of 0.1 mV s* at room temperature.
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Figure 5.5 The secondary particle and cross section of high-energy ball milled
Sio.90Sno.10 (a-c) without annealing and (d-f) annealed at 750 °C for 20 h.

Figure 5.6 EDX of cross section of high-energy ball milled Sio.90Sho.10 (a-d) without
annealing and (e-h) annealed at 750 °C for 20 h.
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10 nm

Figure 5.7 HRTEM images of (a) high-energy ball milled Sio.90Sho.10 without
annealing and (b) annealed at 750 °C for 20 h.
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Chapter 6. Effects of Secondary Structure Morphology and Surface

Nitridation on TiO2 Anode Materials of Sodium-ion Batteries

6.1. Introduction

One of the most outstanding advantages of sodium-ion batteries is lower
cost comparing to lithium-ion batteries. Nanostructured TiO2 as an anode
material for lithium-ion batteries have been well studied and is also taken as a
promising anode material for sodium-ion batteries.>? The electrochemical
performance was improved significantly in recent reports. However, the
nanostructure introduced a lot problems. Firstly, the low packing density and the
use of large amount of carbon or other electron conductive auxiliary materials led
to a low volumetric energy density. Secondly, most of synthesis methods were
complex and expensive, hindering the low-cost advantage and scale-up.® A
secondary structure with nanosized primary particles is expected to meet both of
high performance and high volumetric energy density.* In addition, application of
large amount of carbon source on the electrode to improve the electronic
conductivity will inevitably lead to decrease of energy density.>®

Nanocrystalline anatase TiO2 is active for sodium ion intercalation.’” But its
low electronic conductivity results in the low rate performance. The nanosized
particles also have large surface area leading to low cycling stability and low
volumetric energy density. The secondary structure could benefit the cycling
stability by decreasing surface area contacting directly with the electrolyte.

However, reducing contact between active material and electrolyte and electron

143
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conductive additives will decrease the rate performance. Fortunately, the surface
nitridation is an effective way to compensate for the disadvantage of secondary
structure reported for lithium ion batteries.® It was reported that the nitridation
could promote the formation of surface amorphous films which can benefit ion
conduction on the surface and improve the rate performance.®1?

In this work, a commercial anatase TiO2 was modified by a facile and low-
cost method of high energy ball milling followed by post annealing and nitridation
to improve the electrochemical performance. Meanwhile, the energy density
could be maintained at an acceptable level due to the existence of microsized
secondary particles of high packing density.

6.2. Experimental

As-received TiO2 powder (anatase, 99.5%, 30 nm, US Research
Nanomaterials) was placed in a SisN4 vial set (SPEX SamplePrep) with two SisN4
balls and a proper amount of ethanol. The vial was sealed in a Ar-filled glovebox
to prevent the powder from oxidation. High-energy ball milling was carried out
using a SPEX 8000D mill for a duration of 10 min, followed by a 15-min resting
interval; this milling process was repeated for 6 times. The mixture was dried in
an oven isothermally at around 60 °C. The dried powder was placed in an
alumina tray, isothermally annealed at 600, 700 or 800 °C for 10 h in a box
furnace with a heating rate of 5 °C/min; subsequently, the specimens were
furnace quenched. The nitridation was carried out by placing the powder that was

high-energy ball milled and 600 °C annealed in an alumina tray in a quartz tube
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furnace, with NHs gas flow for 1 h at 600 °C. The nitridated specimen was
guenched by taking the tube out of furnace and keeping the NHs flow until the
tube cooled to room temperature.

X-ray diffraction (XRD) was carried out on a Bruker D2 diffractometer
using Cu Kaq radiation (A = 1.5418 A) operating at 40 kV and 40 mA with a step
size of 0.02° and a step time of 1 s. Particle sizes and morphologies were
characterized using a FEI XL30 scanning electron microscope (SEM). The cross
section of secondary particles and EDX mapping was acquired by FEI Scios Dual
Beam FIB/SEM.

To prepare cathodes, 80 wt. % active materials, 15 wt. % carbon black
(MTI), 5 wt. % PVDF (MTI), and an appropriate amount of NMP (Alfa Aesar,
anhydrous, 99.5 %) were mixed in a glass vial by a vibrating mixer, followed by
ultrasonic dispersion. The mixture was coated on an copper foil, which was
subsequently dried in a vacuum oven at 90 °C for 6 h. Anode electrodes with a
diameter of 10 mm were punched out, pressed at ~187 MPa, and dried in a
vacuum oven at 120 °C for 8 h before transferring into an Ar-filled glovebox for
battery construction. The area density of dried electrode coating is ~1.5 mg cm2.
Half cells were made with a cathode electrode, a metal Na chip (MTI, 99.9 %) as
the reference electrode, 1M NaPFe in PC electrolyte (), glass fiber (), and 2032
coin cell cases (SS304, MTI).

Electrochemical tests were carried out on an Arbin 2143 tester. The rate
performance of LiMn1.5Nio.504 specimens was tested at the charge and discharge

rates of C/50, C/10, C/5, C/2, 1C, 2C, 5C, 10C, 20C, and C/50 sequentially (1C
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equates to 336 mAh g*; 1 - 3 cycles at each rate). The cycling stabilities were
measured at a constant charge and discharge rate of C/50 for the first 10 cycles
and then at 1C between 0.01 V and 2.5 V at room temperature.

6.3. Results

The as-received anatase TiO2 had an irregular secondary agglomerated
structure with a primary particle size of ~20 nm (Figure 6.1(a)(e)). It is interesting
that the ball milled specimens following by annealing at various temperature
showed a regular sphere-like secondary structure with primary particle size of
~30 nm (Figure 6.1(b)(f)), ~50 nm (Figure 6.1(c)(g)) and ~130 nm (Figure
6.1(d)(h)) annealed at 600, 700 and 800 °C, respectively. The secondary sphere-
like particles have a particle size from 1 — 20 um for all annealed specimens.

The XRD results shown in Figure 6.2 indicated that the main phase of as-
received TiO2 was anatase with minor amount of rutile phase. The peak intensity
of rutile phase increased with increasing annealing temperature from 600 to
800 °C. No contamination was detected in all specimens from the XRD results.
The phase percentage and patrticle size calculated from XRD fitting by the Jade
software was shown in table 6.1. The rutile phase percentage was slightly
increased after annealing at 600 °C and increased ~ 10 % annealing at 700 °C.
The main phase changed from anatase to rutile (~97 %) when annealed at
800 °C for 10 h. Meanwhile, the particle size of anatase phase of ball milled and

annealed at 600 °C was increased but still close to that of as-received specimen,
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and was double after annealing at 700 °C comparing to as-received specimen,
which was close to the results observed in SEM images.

Rate capabilities and cycling stabilities of the as-received, ball milled and
followed by annealing at 600, 700 and 800 °C specimens were shown in Figure
6.3. As-received specimen and ball milled with 600 °C annealed specimen had
similar charge capacity 182 + 2 mAh g* and 185 + 1 mAh g, which was much
higher than that of specimens 700 and 800 °C annealed 112 + 5 mAh g* and 81
+ 6 mAh g at low rate of 0.02C (Figure 6.3(a)). Comparing the rate performance
of as-received specimen and the specimen ball milled with 600 °C annealing, the
later had better rate performance; and the difference of charge capacity
increased with increasing rate from 0.02C to 1C. The specimen ball milled with
600 °C annealing had a higher charge capacity of 101 + 1 mAh g* which was 1.5
times of as-received specimen at the rate of 1C. The rate performance of the
specimens that ball milled followed by annealing at 700 and 800 °C were worse
than the as-received specimen due to the low charge capacity. For the cycling
stability, as-received specimen and ball milled with 600 °C annealing specimen
had charge capacity of 91 and 58 mAh g1, corresponding to a capacity retention
of 81.5 % and 93.5 % after 100 cycles, respectively, tested at charge and
discharge rate of 1C at room temperature.

The Figure 6.4(a) of ball milled TiO2 without post annealing showed the
regular spherical secondary structure. However, the 600 °C annealed specimen
without ball milling retained the irregular secondary structure from as-received

specimen (Figure 6.4(b)). It is interesting that ball milled specimen without
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annealing had lower charge capacity than that of as-received specimen as
shown in Figure 6.5. After annealing at 700 °C for 10 h, the peak intensity of
rutile phase increased in both specimens with or without ball milling; the
specimen with ball milling had a higher intensity than the specimen without ball
milling (Figure 6.6(b)). There was no obvious difference between specimens with
or without ball milling annealed at 600 °C for 10 h (Figure 6.6(a)).

The specimen handled by ball milling and post annealing was nitrided at
600 °C 1 h. The morphology of the N-doped specimen was not changed (Figure
6.7). The primary particle size was similar with undoped specimen ~26 nm
calculated from XRD results. The phase change from anatase to rutile was not
observed neither (Figure 6.8). The charge capacity of N-doped specimen was
192 + 2 mAh gt and 117 £ 1 mAh g at rate of 0.02C and 1C, respectively. It had
a charge capacity of 60 mAh g-1 at high rate 10C, which comparable to some
reported results which used a large amount of electron conductive additives.
Both the initial charge capacity and rate performance were improved by N-
doping.

6.4. Discussion

The phase transition from anatase to rutile led to the decrease of charge
capacity at low tested rate since the anatase TiO2 has a higher specific capacity
than that of rutile phase. The phase transition was correlated to particle size due
to the rutile phase had larger surface energy than that of anatase. High

temperature post annealing resulted in an increase of primary particle size as
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well as phase transition from anatase to rutile and decreased the electrochemical
performance.

The rate capability of specimen was improved by post annealed at 600 °C
after ball milling, comparing to the as-received specimen and the ball milled
specimen without annealing (Figure 6.5). Neither phase composition or primary
particle size changed obviously annealing at 600 °C. The reason of the
improvement could be the morphology change of the secondary particle. The
regular spherical secondary particle might lead to a uniform distribution and
enhance the path of electron conduction, which is one of the most critical factors
limiting the rate performance as well as the cycling stability of TiO2
nanomaterials.

It is worth to note that though the secondary particle morphology of the
ball milled specimen without post annealing was the same to the specimen ball
milled with post annealing, the rate performance of the former was still worse
than that of the as-received specimen. The high-energy ball milling process
would inevitably introduce defects mainly on the surface of TiO2 and create
oxygen vacancy, thereby decreasing the activity of Ti** on the surface of
lithiation. The post annealing at proper temperature 600 °C can repair the surface
since a slightly increase of primary particle size was observed, which implied a
moderate atomic mobility on the nanoparticle surface at this temperature, without
introducing a dramatic increase of primary particle size or phase change to rutile.

Hence, the combination of high energy ball milling and post annealing at
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moderate temperature promotes an increase of rate capability and cycling
stability.

Furthermore, surface nitridation can improve the rate performance further
without worsen cycling stability (Figure 6.9). The formation of surface amorphous
film on the surface of TiO2 by nitridation was approve in an earlier report on
anode material of lithium-ion batteries. The rate performance results indicated
that the surface amorphous films on the surface formed by surface nitridation
also benefits the rate performance of anatase TiO2 as an anode material for the
sodium-ion batteries.

6.5. Conclusions

The rate performance and cycling stability of a commercial nanosized TiO2
with irregular secondary structure was improved as anode materials for sodium-
ion batteries. Facile method of high energy ball milling following with annealing
and surface nitridation was used to modify the structure features of pristine TiO-.
It was found that the irregular secondary structure was changed to a regular
sphere-like morphology by high energy ball milling. After annealing at 600 °C, the
primary particle size was maintained ~ 30 nm with improved rate capability of 101
mAh g at 1C. The rate capability can be improved further by surface nitridation
and reach 118 and 78 mAh g at 1C and 5C, respectively. It was suggested that
the nitrided nanosized TiO2 with regular spherical secondary structure
morphology. In addition, existence of minor rutile phase appears not influence

the electrochemical performance of the anatase TiO-.
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Figure 6.1 The particle morphology of four TiO2 specimens: (a) and (e) as received,
high-energy ball milled followed with annealing (b) and (f) at 600 °C, (c) and (g) at

700 °C, (d) and (f) at 800 °C, respectively.
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Figure 6.2 The X-ray diffraction results of as received specimen (black), and
specimens high-energy ball milled following with annealed at 600 (red), 700 (blue)
and 800 °C (green), respectively. The main phase was anatase with minor rutile

phase labeled with black dots.
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Figure 6.3 (a) Rate performance of TiO2 specimens as received (black square),
and high-energy ball milled following with annealed at 600 (red circle), 700 (blue
upper triangle) and 800 °C (green lower triangle), respectively. The specimens
were charged and discharged at the rates of 0.02C, 0.1C, 0.2C, 0.5C, 1C and
0.02C at room temperature (3 cycles for 0.02C, 0.1C, and 1C; 2 cycles for 0.2C
and 1 cycle for 0.5C). (b) cycling stability of as-received (black square) and high-
energy ball milled following with annealed at 600 °C (red circle) tested at charge
and discharge rate of 1C and room temperature.

Figure 6.4 SEM images of TiOz (a) after high-energy ball milling and (b) 600 °C
annealing without high-energy ball milling.
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Figure 6.5 Rate performance of as-received TiO:2 (solid black square), ball milled
TiO2 (hollow black square) and ball milled TiOz followed with annealing at 600 °C
(red circle). The specimens were charged and discharged at the rates of 0.02C,
0.1C, 0.2C, 0.5C, 1C and 0.02C at room temperature (3 cycles for 0.02C, 0.1C,
and 1C; 2 cycles for 0.2C and 1 cycle for 0.5C).
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Figure 6.6 Comparison of X-ray diffraction results of anatase TiO2 for rutile phase
change influenced by high-energy ball milling. (&) Specimens annealed at 600 °C
with (blue line) or without (red line) high-energy ball milling; (b) specimens
annealed at 700 °C with or without high-energy ball milling. The rutile phase was
labeled with black dots.

Figure 6.7 Morphology of nitrided TiO2. The specimen was firstly fabricated by
high-energy ball milling as-received TiOz2 following by annealing at 600 °C for 10 h
in air. The product was cooled down and transferred into tube furnace for annealing

in NHs gas at 600 °C for 1 h.
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Figure 6.8 The X-ray diffraction results of undoped (black) and1 h (blue) nitridation
specimens. All specimens were high-energy ball milled followed by 600 °C for 10
h before nitridation in NHs gas for 1 h. The main phase was anatase. Rutile phase

was labeled with black dots.
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Figure 6.9 (a) Rate performance of nitrided TiO2 specimens for 1 h under NHs gas
flow at 600 °C. Before nitridation, the specimens were high-energy ball milled
following with annealed at 600 °C. The test was carried out at the rate of 0.02C,
0.1C, 0.2C, 0.5C, 1C, 2C, 5C, 10C, 20C and 0.02C at room temperature (3 cycles
for each rate). (b) Cycling stability of nitrided specimen for 1 h was tested at charge
and discharge rate of 1C and room temperature for 50 cycles.



157

Table 6.1 Anatase phase percentage and primary particle size

Specimen Anatase percentage (%) Primary particle size (nm)
As-received 99.6 +£0.9 20.7 £1.5 (anatase)
HEBM + 600 T 98.8 0.9 24.3 £0.7 (anatase)
HEBM + 700 < 89.4 +0.8 38.5 +1.4 (anatase)
HEBM + 800 T 2.8+0.2 190.1 (rutile)

N-doped, 600 T 98.7 £0.5 26.2 +2.3 (anatase)




158

References

(1) Su, H.; Jaffer, S.; Yu, H. J. Transition Metal Oxides for Sodium-lon Batteries. Energy
Storage Materials 2016, 5, 116-131.

(2) Mei, Y. N.; Huang, Y. H.; Hu, X. L. Nanostructured Ti-Based Anode Materials for
Na-lon Batteries. Journal of Materials Chemistry A 2016, 4, 12001-12013.

(3) Liang, J. C.; Wang, Z. Y.; Li, Z. S.; Wang, X. F.; Yu, K. F. Fabrication of
Nanostructured Tio2 Using a Solvothermal Reaction for Lithium-lon Batteries.
Nanomaterials and Nanotechnology 2016, 6, 8.

(4) Gribb, A. A.; Banfield, J. F. Particle Size Effects on Transformation Kinetics and Phase
Stability in Nanocrystalline Tio2. American Mineralogist 1997, 82, 717-728.

(5) Xu, Y.; Memarzadeh Lotfabad, E.; Wang, H.; Farbod, B.; Xu, Z.; Kohandehghan, A.;
Mitlin, D. Nanocrystalline Anatase Tio2: A New Anode Material for Rechargeable Sodium
lon Batteries. Chemical Communications 2013, 49, 8973-8975.

(6) Kim, K.-T.; Ali, G.; Chung, K. Y.; Yoon, C. S.; Yashiro, H.; Sun, Y.-K.; Lu, J.; Amine,
K.; Myung, S.-T. Anatase Titania Nanorods as an Intercalation Anode Material for
Rechargeable Sodium Batteries. Nano Letters 2014, 14, 416-422.

(7) Wu, L. M.; Bresser, D.; Buchholz, D.; Giffin, G. A.; Castro, C. R.; Ochel, A.; Passerini,
S. Unfolding the Mechanism of Sodium Insertion in Anatase Tio2 Nanoparticles. Advanced
Energy Materials 2015, 5, 11.

(8) Samiee, M.; Luo, J. A Facile Nitridation Method to Improve the Rate Capability of
Tio2 for Lithium-lon Batteries. Journal of Power Sources 2014, 245, 594-598.

(9) Zhao, X.; Yan, C.; Gu, X.; Li, L.; Dai, P.; Li, D.; Zhang, H. Ultrafine Tio2
Nanoparticles Confined in N-Doped Porous Carbon Networks as Anodes of High-
Performance Sodium-lon Batteries. ChemElectroChem 2017, n/a-n/a.

(10) Zhang, Y.; Wang, C.; Hou, H.; Zou, G.; Ji, X. Nitrogen Doped/Carbon Tuning Yolk-
Like Tio2 and Its Remarkable Impact on Sodium Storage Performances. Advanced Energy
Materials 2017, 7, 1600173-n/a.

(11) Liu, S. A.; Cai, Z. Y.; Zhou, J.; Pan, A. Q.; Liang, S. Q. Nitrogen-Doped Tio2
Nanospheres for Advanced Sodium-lon Battery and Sodium-lon Capacitor Applications.
Journal of Materials Chemistry A 2016, 4, 18278-18283.



Chapter 7. Composites of Sodium Manganese Oxides with Enhanced
Electrochemical Performance for Sodium-ion Batteries: Tailoring

Properties via Controlling Microstructure

7.1. Introduction

Recently, sodium-ion batteries have attracted great research interest due
to the abundance of sodium and their potential for large-scale applications.
Specifically, NaxMnO2 has been investigated as cathode materials for non-
agueous sodium-ion batteries since Mn is a low-cost and environmentally-friendly
resource 1. The electrochemical performance of NaxyMnO2 depends on the Na
content and several different phases can form. For example, tunnel-structured
Nao.44MnO2 can provide relatively good rate capability and cycling stability 24,
although its theoretical capacity is relatively low (~120 mA h g1). In contrast,
layer-structured phases, such as Nao.7MnOz2 (~160 mA h g*) and NaMnO2 (~180
mA h g1), have relatively high specific capacities, but they generally exhibit poor
cycling stability >7. Thus, composite electrodes of different phases can be made
to achieve better or desirable overall performance. Furthermore, a composite of
P-type and O-type layer-structured phases exhibited enhanced electrochemical
properties that outperformed either component phases, which was called a
“synergetic effect” 8°.

In addition to the Na content, the electrochemical performance of
NaxMnO: depends on synthesis methods and experimental conditions 1,

suggesting that the performance of the electrode generally depends on the
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morphology and microstructure. NaxMnO:2 synthesized by solid-state reactions
generally showed poor performance comparing to other wet chemical synthesis
routes such as sol-gel and hydrothermal methods, where better morphological
controls and crystallization can often be achieved. However, solid-state reactions
remain as a prime option to synthesize NaxMnO2 based cathode materials
because they are cost-effective, scalable, and facile.

A prior study also reported that a composite of tunnel-structured
Nao.44aMnO2 and layered Nao.s7MnO2 and Nao.9s1MnO2 phases exhibited excellent
electrochemical performance °. That study ° further suggested that the
morphology of the electrode material could play an important role in the initial
stage of electrochemical cycling, where the microstructure (morphology) of the
composite electrode was tailored by controlling the morphology of Mn20s3 used in
the solid-state reaction at 600 °C. In this study, we further showed that the
morphology and microstructure of the composite electrode can be changed
dramatically via facile and cost-effective ball milling and heat treatments, which
subsequently affect not only the initial-stage but also the long-term cycling
stability and rate performance.

Specifically, we adopted high-energy ball milling before the solid-state
reaction, leading to the formation of a unique microstructure with hierarchical
porosities and excellent cycling stability (e.g., achieving a discharge capacity of
~126 mA h g after 100 cycles) over a large electrochemical window between 2
V and 3.8 V with good rate capabilities. Moreover, we made a specimen of

totally-different morphology that was made up of irregular rods after an additional



161

round of ball milling and reannealing, and this specimen exhibited exceptional
rate performance. For example, the discharge capacity was improved by more
than 230% to achieve ~53 mA h g at a particularly high rate of 50C.

7.2. Experimental

NaxMnO:2 specimens were synthesized by a solid-state reaction route.
First, Na2COs (purchased from Alfa Aesar, 99.997 %), Mn203 (Aldrich, 99.9 %),
and acetone were added into a silicon nitride grinding vial with two silicon nitride
balls. Before sealing the jar, gasket (corprene, SpexCorp) was taped by Teflon to
prevent corrosion by acetone and contamination of the precursors. High-energy
ball milling was carried out using a SPEX 8000D mill for a duration of 10 min
followed by a 15 min resting interval; this milling process was repeated for 3
times. The ball milled mixture was dried in an oven at ~80 °C. Subsequently, the
dried powder was placed in a covered alumina crucible, isothermally annealed at
700 °C for 10 h in a box furnace (MTI Corp, XLS-1100) with a heating rate of 5
°C/min, followed by furnace quenching, to obtain “Specimen A” (that exhibits a
“‘meatball-like” hierarchical porous microstructure, as we will show subsequently).

Subsequently, Specimen A was ball milled again and reannealed at 700
°C for 4 h to obtain “Specimen B” (that is made up of irregular rods, as we will
show subsequently). Both Specimen A and Specimen B have the same Na/Mn
atomic ratio of ~0.60 (identical within the measurement errors, which were
measured by inductively coupled plasma-optically emission spectroscopy using a

PerkinElmer 3700 optical emission spectrometer), indicating that any loss of Na
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(or Mn) species during the additional ball milling and reannealing is negligibly
small.

X-ray diffraction (XRD) was carried out on a Bruker D8 diffractometer
using Cu Ka radiation (A = 1.5418 A) with a step size of 0.02° and a step time of
1 s. Particle morphology was characterized using a FEI XL30 scanning electron
microscope (SEM).

To prepare cathodes, 80 wt. % of the active material, 15 wt. % carbon
black (MTI), 5 wt. % PVDF (MTI), and an appropriate amount of NMP (Alfa
Aesar, anhydrous, 99.5 %) were mixed in a glass vial by a vibrating mixer,
followed by further ultrasonic dispersion. The mixture was coated on an
aluminum foil, which was subsequently dried in a vacuum oven at 90 °C for 6 h.
Cathode electrodes with a diameter of 10 mm were punched out, pressed at
~187 MPa, and dried again in a vacuum oven at 120 °C for 8 h before
transferring into an Ar-filled glovebox for battery construction. The density of the
dried electrode coating is 2.5 — 3.0 mg cm. Half cells were made with a cathode
electrode, a metal Na chip (MTI, 99.9 %) as the anode, 1M NaPFs in PC
electrolyte, C480 separator (Celgard), and 2032 coin cell cases (SS304, MTI).

Electrochemical cycling tests were carried out on an Arbin 2143 tester.
The rate performances of various specimens were tested at the discharge rates
of C/10, C/5, 1C, 2C, 5C, 10C, 20C, 30C, 40C, 50C and 60C sequentially (4
cycles at C/5 and 1 cycle for other discharge rate) with a constant charge rate of
C/5. The cycling stabilities were measured at a constant charge and discharge

rate of 0.1C between 2 V and 3.8 V at room temperature.
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Electrochemical impedance spectroscopy (EIS) and cyclic voltammetry
(CV) and were performed using a Solartron 1287A/1255B analyzer.
Electrochemical impedance was measured from 1 MHz to 1 Hz at 30 mV. Before
the impedance measurement, fresh cells with Na metal as the counter electrode
were charged to a cut-off voltage of 3.8 V at a rate of 0.1C and were kept for 10 h
after the charging to reach steady states. Cyclic voltammetry (CV) of fresh cells
was performed between 2 V and 3.8 V at a scan rate of 0.1 mV s

7.3. Results and Discussion

SEM images shown in Figure 7.1 clearly illustrate the different
morphologies and microstructures of the two specimens with virtually identical
composition (measured Na/Mn ratio = 0.60 for both cases). Specifically,
Specimen A (i.e., the as-synthesized specimen made by solid-state reaction of a
high-energy ball milled mixture of precursor powders, without additional post-
synthesis ball milling or reannealing) exhibits a hierarchical porous
microstructure, with secondary (meatball-like) particles of sizes on the order of 10
um, which are composed of (smaller) primary particles of <1 um in sizes, as
shown in Figure 7.1(a). This unique microstructure was presumably formed
during the solid-state reaction (noting that the precursor powders were mixed by
high-energy ball milling before the 10 h solid-state reaction at 700 °C). In
contrast, Specimen B (i.e., the specimen resulted from an additional round of ball
milling and reannealing at 700 °C of the as-synthesized Specimen A) is made up

of irregular rods (Figure 7.1(b)). Figure 7.1(a’) and Figure 7.1(b’), respectively,
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are SEM images taken at a high magnification to show the detailed “meatball-
like” and “irregular rods” microstructures, respectively. It is known that well-
crystallized Nao.44MnO:2 particles typically exhibit a rod-like morphology since
Nao.4aMnO: crystals grow faster along the [001] direction, as reported in prior
studies 1. Therefore, the morphology change is likely due to anisotropic growth
of Nao.4aMnOz2 crystals during the re-annealing.

As shown in Figure 7.2, XRD characterization shows that both specimens
have a major phase of Nao.4aMnO2, since the majority of the XRD peaks are
consistent with those reported in Ref. 12 and standard powder diffraction library
(PDF#00-027-0750) for the Nao.44sMnO2 phase. The phase diagram 13 suggests
that the layered Nao.7MnO:2 phase and the tunnel-structured Nao.4aMnO2 phase
coexist at an equilibrium when the Na/Mn ratio is between 0.44 and 0.7. In the
current case, however, two minor phases, both the equilibrium secondary phase
of Nao.7MnO2.05s (PDF#00-027-0751) and the non-equilibrium secondary phase of
Nao.o2MnO2 (PDF#00-038-0965), were present in both specimens. The
coexistence of three phases (Nao.s7MnO2, Nao.o1iMnO2 and Nao.44sMnO2) was
reported previously, which enhanced the performance of as a cathode material
for sodium-ion batteries 19; the coexistence of Nao.7MnO2 and Nao.e12MnQO2 phases
was also observed in prior study of supercapacitors 4. In this work, the
Nao.44aMnO:2 phase is clearly the majority phase for both specimens (Figure 7.2),
whereas the excess amounts of Na (since the Na/Mn ratios were measured to be
0.60 for both specimens) lead to the formation of secondary layer-structured

phases with higher Na contents, which may affect the electrochemical
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performance of the composite electrodes as discussed subsequently. It is also
possible that some Na-rich amorphous phases may form during the high-energy
ball milling and heat treatments, either as bulk secondary phases or as 2-D
interfacial phases (nanoscale surface 1°-?° or intergranular 161921 “amorphous”
films), as shown in prior studies of lithium-ion battery materials that were made
by similar ball milling and annealing processes 16-20.

The cycling stabilities measured with a constant charge and discharge
rate of 0.1C at room temperature in the voltage window 2.0 — 3.8 V
(corresponding to the Na contents of 0.18 to 0.64 *?) were displayed in Figure
7.3. An initial discharge capacity of ~140 mA h g* for the composite material,
which is higher than the theoretical capacity of 121 mA h g* for the main
Nao.44aMnO2 phase due to the contributions of secondary layered phases that
have higher theoretical capacities, was reached in both specimens. The initial
discharge capacity of ~140 mA h g is comparable with some of the best
reported results of similar materials, e.g., ~124 mA h g* for the best reported
single-phase Nao.44sMnO2 2 and ~150 mA h g for a composite of P-type and O-
type layer-structured NaxMnO:2 8°. Subsequently, the discharge capacity decayed
to ~126 mA h g* after ~15 cycles, which might be attributed to the decaying of
the contributions from layered phases due to the Mn?* dissolution as well as
formation and stabilization of solid-electrolyte interphase (SEI) layers.

Specimen A (with a hierarchical porous microstructure with primary and
secondary particles; see Figure. 1(a) and (a’)) exhibited stable cycling

performance with virtually no decaying in the capacity after ~15 cycles; the
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discharge capacity retained at ~126 mA h g after 100 cycles, representing
virtually 100 % retention from 15 to 100 cycles (Figure 7.3(a)). This performance
is on par with or exceeds with some of the best recorded results in the most
recent literature 238-1° most of which used specimens made by wet chemistry
methods. In contrast, Specimen B (that is made up of irregular rods; see Figure
7.1(b) and (b’)) displayed a discharge capacity of 108 mA h g after 100 cycles,
implying ~15% capacity loss that is presumably due to the dissolution of Mn
(Figure 7.3(b)). The stable cycling stability of Specimen A was attributed to
specific hierarchical porous microstructure. As shown in Figure 7.3(a) and (&),
Specimen A was composed of secondary particles of > ~10 um that were
composed of primary particles of < ~1 um, along with hierarchical porosities. A
prior study already suggested that such a hierarchical porous composite
structure could improve the cycling stability for sodium-ion batteries ?2. Several
possible mechanisms are proposed and discussed below.

First, the microstructure with hierarchical porosities can help to reduce the
capacity fading due to the volume changes during cycling by reducing the
possibility of cracking imitation and growth. Specifically, the volume change of
Nao.44aMnO:2 during Na-ion intercalation and deintercalation is ~7.2 %, which
would introduce some stresses during cycling that could lead to pulverization 12.
In addition, the anisotropic expansion could be another important factor.
Specifically, for NaxMnOz2, the change of lattice parameters is about 1% along a
and c directions, but about 5 % along b axis. Moreover, the increase along the b

axis with intercalation almost stops after x is increased to ~0.5 in NaxMnOz,



167

whereas expansions in a and c axes start to accelerate *2. These might lead to
complex stress and strain fields that change substantially during the
electrochemical cycling to promote cracking and pulverization, which could be
alleviated with a microstructure with hierarchical porosities (Figure 7.1(a)).
Second, the Mn?* formation (from the reduction) and dissolution during
electrochemical cycling is considered as another main reason of poor cycling
stability. The hierarchical porous microstructure in Specimen A might reduce the
effective surface areas (as compared with the morphology shown in Figure 7.1
(b) for Specimen B), thereby reducing the dissolution rates. Moreover, the
formation of Mn?* on the surface layer of ~10 nm was observed when the
cathode is discharged to a less than 2.6 V (thus, the cycling stability can be
improved by setting a higher cutoff voltage of 3 V to avoid the formation of Mn?*,
which would reduce the capacity 2). We further noticed that the change of
expansion mode at x = ~0.5 in NaxMnO:2 (discussed above *?) is coincident with
the formation of Mn?* at ~ 2.6 V2 (noting that 2.6 V corresponds to x = ~0.5).
Thus, it is possible that the lattice distortion associated with changing of the
stress mode is related to the formation of surface layers enriched in Mn?* and the
consequently poor cycling stability due to the dissolution of Mn?* cations. If this
hypothesis is true, the hierarchical porous microstructure might provide an
additional mechanism of alleviating the formation and dissolution of Mn?* cations
via suppressing the stress-induced distortion; thus, it becomes possible to
suppress the Mn dissolution and the consumption of active materials without

setting a higher cut-off voltage that would reduce the capacity.
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In a broader context, we note that sodium cathode materials typically
exhibit large (and often anisotropic) volume changes during cycling, as well as
multiple stages of electrochemical phase transformations, which are usually
much more complex than their lithium counterparts, due to the larger size of Na*
(1.2 A for Na* vs. 0.9 A for Li*). The subsequent larger and more anisotropic
lattice distortions are detrimental to the cycling stability. Thus, we believe that
“‘meatball-like” microstructures with hierarchical porosities can be generally useful
to improve the cycling life of many sodium electrodes.

The electrochemical impedance spectra (EIS) are shown in Figure 7.4.
The measured spectra were fitted with an equivalent circuit model shown in inset
of Figure 7.4. In this model, Ro refers to the Ohmic resistance that is a sum of
resistance of electrolyte, battery construction, separator and cell cases; Rsei and
Csel are the resistance and capacitance of solid-electrolyte interphase (SEI),
respectively, which produce the high-frequency semicircle in the spectra; Rct and
Cal refer to the charge transfer resistance and the double layer capacitance,
which produce the middle-frequency semicircle. The fitting results show that both
specimens have similar charge transfer resistance of 137 Q and 143 Q,
respectively, with a characteristic frequency of 2.2 Hz and 2.0 Hz, respectively,
for specimen A (with a hierarchical porous microstructure with primary and
secondary particles) and specimen B (with irregular rods), respectively. There
are also similar features in charge transfer resistance. However, the SEI
resistance of Specimen B with irregular rods is 42.5 Q, which is significantly

higher than the SEI resistance of 27.4 Q of Specimen A with a hierarchical
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porous microstructure. The lower SEI resistance in Specimen A indicates less
interfacial reaction and presumably less dissolution of Mn?* in the electrolyte.
This is consistent with a better cycling performance of Specimen A as shown in
Figure 7.3, which is presumably a merit as a result of the hierarchical porosities.

The phase transformations of the two specimens were compared through
CV (cyclic voltammogram) measurements shown in Figure 7.5. Peaks a1 to as
represent the phase transitions of the tunnel-structured Nao.44aMnO2, while peaks
b1 to bz correspond to the phase transitions from layered phases 2. The CV
results demonstrated that the intensities of most redox peaks for Specimen A
with the hierarchical porous microstructure with primary and secondary particles
are lower than those of Specimen B with rod-like morphology (with the exception
of peak b1 and as). The reduced peak intensities imply the suppression of phase
transition in Specimen A with the hierarchical porous microstructure, which is
consistent with the observed enhancement in the cycling performance (Figure
7.3).

Figure 7.6 displays the rate performances of both specimens.
Specifically, at a low rate of 0.1C, both specimens achieved a high specific
discharge capacity of ~140 mA h g, consistent with those shown in Figure 7.3.
The excess contributions to the capacity (beyond the theoretical capacity of
Nao.44aMnO2) from the two layered phases (Nao.7MnO2.0s and/or Nao.e2MnO2) in
the composites were confirmed by CV measurements shown in Figure 7.5.

At high rates, Specimen A already exhibited good rate capabilities (Figure

7.6(a)). Yet, Specimen B exhibited superior rate capabilities (Figure 7.6(b)) that
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were substantially better. For example, at a high rate of 1C, the discharge
capacity of Specimen B was increased by more than ~13% as compared with
Specimen A (~110 mA h g for Specimen B vs. 97 mA h g* for Specimen A,
which exceeded all other prior studies of similar materials systems 29 and was
on par with the best recorded capacity of 118 mA h g at 1C for a Nao.4aMnO2
specimen of well-controlled needle-like crystals made by a wet chemistry process
%); at a particularly high rate of 50C, the discharge capacity of Specimen B was
increased by more than 230% to 53 mA h g*. The high rate capabilities of
Specimen B represented another example of the so-called “synergistic effect”
that was observed in layered P- and O- type composites 2°. It is also possible
that rate capabilities were improved by the formation of amorphous-like 2-D
surface phases that often form spontaneously in ball-milled and annealed
materials 620, Future investigation should be conducted to probe the exact
mechanisms for the improved rate capabilities.

7.4. Conclusions

A multi-phase composite of NaxMnO:2 phases with a (“meatball-like”) the
hierarchical porous microstructure with primary and secondary particles was
synthesized by a facile high-energy ball milling and solid-state reaction method.
Excellent capacity and cycling performance as a cathode material of sodium-ion
batteries (i.e., a discharge capacity of ~126 mA h g* after 100 cycles) were
achieved. The rate performance was further enhanced drastically by an

additional round of high-energy ball milling and reannealing, which changed the
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morphology to irregular rods. For example, the discharge capacity was improved
by more than 13% to achieve ~110 mA h g at a high rate of 1C; furthermore, the
capacity was improved by more than 230% to achieve ~53 mA h g ata
particularly high rate of 50C. The relevant underlying mechanisms have been
discussed.

In a broader context, this study demonstrated the feasibility of drastically
changing electrochemical properties of the electrode materials for solid-ion
batteries by controlling and modifying the morphology and microstructure of the
composite electrodes via facile ball milling and heat treatments. Additional
opportunities exist via utilizing nanometer-thick, amorphous-like, 2-D interfacial
phases (that may form spontaneously after ball milling and annealing at surfaces
15-20 and grain boundaries 16:1%21) to improve cycling stability or enhance the rate
capabilities. Such strategies have been demonstrated successfully for many
electrode materials for lithium-ion batteries 162! and we expect more
opportunities exist for sodium-ion batteries to improve and tailor the
electrochemical performance via controllably altering microstructures and
interfaces, particularly for composite electrodes.

Chapter 7, in part, is a reprint of the material “Composites of Sodium
Manganese Oxides with Enhanced Electrochemical Performance for Sodium-ion
Batteries: Tailoring Properties via Controlling Microstructure” as it appears in the

Science China Technological Sciences, Jiajia Huang and Jian Luo, 2016, 59, 1042.
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Figure 7.1 SEM images of (a and a’) Specimen A that has a “meatball-like”
hierarchical porous microstructure with primary and secondary particles (without
extra ball milling or reannealing) and (b and b’) Specimen B that is made up of
irregular rods (after extra ball milling and reannealing at 700 °C). Panels (a’) and
(b’) are SEM images taken at a high magnification to show the detailed “meatball-
like” and “irregular rods” microstructures, respectively.
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Figure 7.2 XRD patterns of the NaxMnO2 composites of (a) Specimen A and (b)
Specimen B. The peaks for the layered Nao.7MnO2.05 and Nao.e1MnO2 phases are
represented by the symbol * and ¢, respectively. In both cases, Nao.4sMnOz: is the
dominating phase.
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Figure 7.3 Cycling performance of (a) Specimen A (hierarchical porous
microstructure with primary and secondary particles) and (b) Specimen B (irregular
rods). Both specimens were charged and discharged at a constant rate of 0.1C at
room temperature.
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Figure 7.4 Electrochemical impedance spectra of the Nao.7MnO:2 of specimen A
(hierarchical porous microstructure with primary and secondary particles) and
specimen B (irregular rods). Dots are experimental data and solid lines represent
fitting curves using the equivalent circuit model shown in the inset.
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Figure 7.5 Comparison of cyclic voltammograms of the 5" cyclic sweep of (a)
Specimen A (hierarchical porous microstructure with primary and secondary
particles) and (b) Specimen B (irregular rods), which were measured at a scan rate
of 0.1 mV s from 2.0 V to 3.8 V at room temperature. The ai-as peaks represent
the redox reactions from the Nao.44aMnO2 phase, while the bi-bs peaks represent
the redox reactions from layered phases. The tests were carried out using coin
cells with sodium metal as reference electrode.
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Figure 7.6 The rate performances of (a) Specimen A (hierarchical porous
microstructure with primary and secondary particles) and (b) Specimen B (irregular
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Chapter 8. Future Work and Preliminary Results: Cold Sintering of Solid

State Electrolyte for the All-solid-state Lithium-ion Batteries
8.1. Introduction

Safety issue is a major concern for current lithium-ion batteries besides
the capacity insufficiency. The liquid electrolyte with flammable organic solvents
would lead to damage of the battery and even a serious explosion when overheat
or short circuit occurs. Hence, the all-solid-state battery will be one of the most
promising options as an alternative of the traditional ion batteries. Employing a
sort of nonflammable solid-state electrolyte instead of liquid electrolyte, the all-
solid-state batteries could completely solve the safety problems that the current
commercial batteries meet.!

After decades of study, the ion conductivity of solid state electrolytes is
close to that of liquid electrolytes (102 S cm?, room temperature).2. For example,
the garnet3*%, perovskite’® and NASICON-like1%12 solid electrolyte has an
optimized total lithium ion conductivity of ~102 — 104 S cm™; the LISICON-like
electrolyte has the most highest lithium ion conductivity ~102 S cm™ 14,

To consider a full battery with high energy density, Li metal has to be used
as anode for all-solid-state lithium batteries. Hence, it is required that the solid
electrolyte should be stable with contact with Li metal at a potential ~0 V during
electrochemical cycling. Among various solid state electrolytes, the garnet is the
most stable against Li metal.*®> Furthermore, the electrolyte has to be prepared as

a thin film with ~20 um thickness to meet a feasible range of battery internal
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resistance as well as a high relative density for good mechanical property.
Generally, a high temperature > 1200 °C is necessary for high relative density.
However, the high temperature sintering will inevitably lead to a serious Li loss
and consequent phase changes which will result in serious decrease of ion
conductivity. Therefore, it will be critical for the all-solid-state lithium-ion battery
application that the fabrication method sintering at low temperature with dense
microstructure.

Recently, cold sintering as a low temperature (< 200 °C, with pressing ~
10? MPa assisted by water) sintering method with relatively high density ~ 90 %
was reported by Randall group.6-28 The feature of cold sintering method could
meet the requirement of solid state electrolyte fabrication.

In this work, we successfully synthesized a garnet material
Lis.4«Gao.2LasZr2012 and proved that it can be cold sintered, and could be a
promising method for all-solid-state battery fabrication.

8.2. Experimental

NaxMnO:2 specimens were synthesized by a solid-state reaction route.
First, Na2COs (purchased from Alfa Aesar, 99.997 %), Mn203 (Aldrich, 99.9 %),
and acetone were added into a silicon nitride grinding vial with two silicon nitride
balls. Before sealing the jar, gasket (corprene, SpexCorp) was taped by Teflon to
prevent corrosion by acetone and contamination of the precursors. High-energy
ball milling was carried out using a SPEX 8000D mill for a duration of 10 min

followed by a 15 min resting interval; this milling process was repeated for 3
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times. The ball milled mixture was dried in an oven at ~80 °C. Subsequently, the
dried powder was placed in a covered alumina crucible, isothermally annealed at
700 °C for 10 h in a box furnace (MTI Corp, XLS-1100) with a heating rate of 5
°C/min, followed by furnace quenching, to obtain “Specimen A” (that exhibits a
“‘meatball-like” hierarchical porous microstructure, as we will show subsequently).

Subsequently, Specimen A was ball milled again and reannealed at 700
°C for 4 h to obtain “Specimen B” (that is made up of irregular rods, as we will
show subsequently). Both Specimen A and Specimen B have the same Na/Mn
atomic ratio of ~0.60 (identical within the measurement errors, which were
measured by inductively coupled plasma-optically emission spectroscopy using a
PerkinEImer 3700 optical emission spectrometer), indicating that any loss of Na
(or Mn) species during the additional ball milling and reannealing is negligibly
small.

X-ray diffraction (XRD) was carried out on a Bruker D8 diffractometer
using Cu Ka radiation (A = 1.5418 A) with a step size of 0.02° and a step time of
1 s. Particle morphology was characterized using a FEI XL30 scanning electron
microscope (SEM).

To prepare cathodes, 80 wt. % of the active material, 15 wt. % carbon
black (MTI), 5 wt. % PVDF (MTI), and an appropriate amount of NMP (Alfa
Aesar, anhydrous, 99.5 %) were mixed in a glass vial by a vibrating mixer,
followed by further ultrasonic dispersion. The mixture was coated on an
aluminum foil, which was subsequently dried in a vacuum oven at 90 °C for 6 h.

Cathode electrodes with a diameter of 10 mm were punched out, pressed at
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~187 MPa, and dried again in a vacuum oven at 120 °C for 8 h before
transferring into an Ar-filled glovebox for battery construction. The density of the
dried electrode coating is 2.5 — 3.0 mg cm2. Half cells were made with a cathode
electrode, a metal Na chip (MTI, 99.9 %) as the anode, 1M NaPFs in PC
electrolyte, C480 separator (Celgard), and 2032 coin cell cases (SS304, MTI).

Electrochemical cycling tests were carried out on an Arbin 2143 tester.
The rate performances of various specimens were tested at the discharge rates
of C/10, C/5, 1C, 2C, 5C, 10C, 20C, 30C, 40C, 50C and 60C sequentially (4
cycles at C/5 and 1 cycle for other discharge rate) with a constant charge rate of
C/5. The cycling stabilities were measured at a constant charge and discharge
rate of 0.1C between 2 V and 3.8 V at room temperature.

Electrochemical impedance spectroscopy (EIS) and cyclic voltammetry
(CV) and were performed using a Solartron 1287A/1255B analyzer.
Electrochemical impedance was measured from 1 MHz to 1 Hz at 30 mV. Before
the impedance measurement, fresh cells with Na metal as the counter electrode
were charged to a cut-off voltage of 3.8 V at a rate of 0.1C and were kept for 10 h
after the charging to reach steady states. Cyclic voltammetry (CV) of fresh cells
was performed between 2 V and 3.8 V at a scan rate of 0.1 mV s,

8.3. Results and Discussion

The particle size of synthesized Lis.4«Gao.2LaszZr2012 is ~2 um with a narrow
particle size distribution (Figure 8.1(a)). The XRD result (Figure 8.2(a)) showed

that the synthesized powder has a pure phase (PDF #01-080-4947, cubic).
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Hence a pure cubic phase was synthesized at relatively lower temperature by Ga
doping. The cubic phase has higher ion conductivity than the tetragonal phase.
The Ga can stable the cubic phase at lower temperature from tetragonal phase.®

The relative density of the pellet reached ~83 % by cold sintering at
200 °C for 1 h with 1.2 GPa pressure, much higher than that of the pellet before
cold sintering ~59 %. The Figure 8.1(b) and 8.1(c) clearly presented that the
particle sintering occurred. The main phase after cold sintering is consistent with
the pure phase. There were unknown minor peaks in the cold sintered specimen
as shown in Figure 8.2(b). The unknown phase(s) disappeared by post annealing
at 1100 °C for 2 h.

Figure 8.3 showed the comparison of specimen with (Figure 8.3(a) and
8.3(b)) or without (Figure 8.3(c) and 8.3(d)) cold sintering followed with post
annealing at 1100 °C for 2 h. The first specimen reached a relative density of
82.3 %; the second specimen has a higher relative density of 89.1 %. It is
obvious that cold sintering benefits the sintering by decreasing the microsized
pores (~1 — 5 um) during posting annealing. It is suggested that the relatively
higher initial density could facilitate the high-temperature sintering.

8.4. Conclusions

A novel method to fabricate lithium solid state electrolyte was addressed.
Pure cubic phase of Lis.aGao.2LasZr2012 was synthesized at relatively low
synthesis temperature 1150 °C. Lis.sGao.2LasZr.012 was proved can be cold

sintered at 200 °C and 83 % relative density was achieved, thereby an
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improvement of ~40 % comparing to the green pellet without cold sintering.
Furthermore, the higher initial density improved by cold sintering can further
facilitate the post annealing at 1100 °C for a higher density of ~89 %.

8.5. Future work

The cold sintering was proved to be an effective method to acquire
relatively dense solid-state electrolyte Lis.«Gao.2LasZr2012 at very low sintering
temperature ~200 °C. For the future work, on one side, it will be worth to explore
the cold sintering method to more solid-state electrolyte systems for a wide
screen based on the final sintering features and lithium ion conductivities. On
another side, the mechanism of cold sintering is still not clear. By clarifying the
mechanism, the density after cold sintering could be improved further and benefit
facilitate method to the real world. The precipitation is one of the speculation that
influenced by pH range of the suspension. It could be a promising way to tailoring

the pH value to accelerate the reaction and benefit cold sintering process.
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Figure 8.1 SEM images of Lis.sGao.2LasZr.012 (a) powder synthesized at 1150 °C
for 2 h; (b) and (c) pellet of cold sintered at 200 °C for 1 h under pressure of 1.2
GPa.
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Figure 8.2 XRD patterns of Lis.sGao.2LasZr2012 (a) sintered at 1100 °C for 2 h in
box furnace without cold sintering; (b) cold sintered at 200 °C for 1 h under
pressure of 1.2 GPa; (c) cold sintering at 200 °C for 1 h under pressure of 1.2 GPa

followed by sintering at 1100 °C for 2 h in box furnace.



Figure 8.3 Cycling performance of (a) Specimen A (hierarchical porous
microstructure with primary and secondary particles) and (b) Specimen B (irregular
rods). Both specimens were charged and discharged at a constant rate of 0.1C at
room temperature.
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