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Abstract

Mechanical Properties and Failure Mechanisms of Advanced Structural Materials

by

Jon Floyd Ell

Doctor of Philosophy in Engineering – Materials Science and Engineering

University of California, Berkeley

Professor Robert O. Ritchie, Chair

The advancement of structural materials with different engineering applications is dependent on
understanding their mechanics and mechanisms of deformation and fracture. The performance of
materials under extreme environmental conditions is the limiting factor in many engineering
systems: from the jet engine, to nuclear power plants, to something as mundane as a bridge or
building. In this study, three structural materials are examined from the perspective of
understanding how their unique microstructures lend them their ability to mechanically
withstand the extreme environments they are designed for. First, Deformed and Partitioned
(D&P) steel is discussed. D&P steel possesses good mechanical properties: a yield strength
around 2GPa and a fracture toughness as high as 100 MPa√m. The way D&P steel is processed
produces a highly tailored martensite/austenite duplex microstructure. This microstructure allows
for both transformation induced plasticity (TRIP) and delamination toughening to forego the
strength-toughness trade-off, without the addition of expensive alloying elements. Next,
Tristructural isotropic (TRISO) nuclear fuel particles tested with the ALS tomography beamline
are described. Due to the complex layered microstructures, in situ tomography is required to
examine the internal features and failure mechanisms of the particles while being deformed at
room temperature and 1000℃. This technique is used to examine the change in failure loads and
fracture mechanisms due to the presence or absence of a SiC layer within the particles. For the
TRISO particles, the results show that the SiC layer is responsible for a decrease in strength at
higher temperatures due to the relaxation and redistribution of residual stresses. Finally, the
mechanical properties, microstructural characterization, and failure mechanisms of
body-centered cubic refractory high entropy superalloys (Ti20Zr20Nb25Ta25Al10) are provided for
two differing heat treatments. The first heat treatment has a microstructure with a brittle matrix
and a ductile precipitate, whereas the second is inverted, having a ductile matrix and brittle
precipitate. These two heat treatments were then examined in compression, tension, and fracture
toughness at room and elevated temperatures. These materials have high yield strengths and
ductility in compression, yet they are brittle in tension and have low fracture toughness values at
all temperatures. Both heat treatments were brittle in tension and failed intergranularly because a
ductile phase with a smaller fraction of the secondary strengthening precipitate phase formed at
the grain boundaries which weakened the material.
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Chapter 1
Introduction

The role of structural materials has and continues to provide the infrastructural
framework of our society. These materials ensure our buildings continue to stand, our cars,
trains, and airplanes continue to transport people around the world, and most importantly: to
allow us to produce the energy that makes all of it possible in the first place. Without steel, we
could not make skyscrapers, bridges or roads. Without nuclear materials, we could not ensure the
safe and efficient operation of nuclear power plants. And last but not least, without nickel
superalloys, we could not fly our airplanes, run our land-based generators, or even build oil and
gas refineries. For this reason, researchers and engineers are on a constant search to discover
new, higher-performing structural materials since their discovery could not only reduce our
society’s material usage, but also increase our energy efficiency by allowing for increased
operating temperatures in jet engines and land-based turbines. This search is challenging: the
strength-toughness trade off makes it difficult to make materials stronger without decreasing
their toughness and preventing catastrophic failure [1], [2], and higher temperature, extremely
corrosive conditions for which many of our existing materials have been made for, add a
multitude of variables in materials design [3]. Because of this, the search for higher performing
materials often involves finding new combinations of elements, tailoring microstructures, and
combining materials to form composites. As these materials become more complex, so too do the
materials’ mechanisms of fracture and failure. Understanding these mechanisms on the
microstructural level and how they impact the materials mechanical properties (be it negatively
or positively), allows for this knowledge to be translated to multiple materials systems. For
instance, understanding the mechanism of creep has led to increased high temperature
performance by using single crystal parts. This study will focus on the mechanical testing and
analysis of the failure mechanisms of several types of materials, such as D&P steel, complex
composite nuclear fuel particles, and high entropy superalloys. These materials have complex
microstructures and fracture mechanisms that can help or hinder their desired performance.
Chapter 2 covers work on D&P steel that was recently published in Science [4], Chapter 3 covers
work on Nuclear fuel particles that was published in Materials and Design [5], and Chapter 4
covers work on high entropy superalloys that is being prepared for publication.

First, deformed and partitioned (D&P) steels will be discussed. D&P steel has been
shown to be very strong and ductile when compared to other high-strength steels. Most
high-strength steels achieve their strength by alloying with more expensive elements; however,
D&P steel achieves its strength without alloying elements, which makes it comparably
inexpensive [4], [6]. In addition to having excellent mechanical properties and being low-cost,
D&P steel is processed through conventional processing techniques, making it possible to be
widely adopted into industrial manufacturing. D&P steel’s excellent mechanical properties are
due to its complex martensite/austenite duplex microstructure that allows for multiple added
toughening and strengthening mechanisms. In this study, D&P steel’s mechanical properties,
microstructure, and failure mechanisms are thoroughly examined to understand the mechanisms
at play.
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Next, composite tristructural isotropic (TRISO) nuclear fuel particles, and in situ
tomography testing will be discussed. TRISO particles are widely used in nuclear reactors and
are being considered for next generation high-temperature gas cooled reactors [7] and very high
temperature reactors [8]. They are composed of multiple layers of different materials coming
together to form a complex inner structure that makes their fracture properties difficult to predict.
By utilizing the x-ray tomography beamline, the internal structure and fracture mechanism are
examined with and without the presence of an SiC layer at room temperature and at 1000 ℃.
This allows for the effect of the SiC layer to be determined in terms of failure load and failure
mechanisms.

Another class of materials that will be discussed are refractory high entropy superalloys
(RHSAs). These materials have emerged as a promising replacement for Ni-based superalloys
because of their ability to retain high strength at high temperatures. High entropy alloys (HEAs)
are a new class of materials that were first developed by Cantor et al. [9] and theorized by Yeh et
al. [10] in the early 2000’s. The discovery of HEAs has both opened up a new field in metallurgy
and propelled the search for new HEAs with particular properties. Since there are approximately
60 usable metals, when quinary combinations are considered there are millions of possible
alloys, and when any number of constituents are considered there are effectively infinite
combinations. Therefore, finding a good alloy can best be described as looking for a needle in a
haystack. Certain combinations of refractory metals subjected to specific heat treatments can
form complex dual phase microstructures, classified as RHSAs, of which many have been
developed and tested. However, the majority of these alloys have been tested in compression,
resulting in literature that shows reasonable ductility at high temperatures, even in the range of
~20%. That said, these published properties do not accurately represent these materials' useful
tensile properties. In this study, Ti20Zr20Nb25Ta25Al10 is examined with two different heat
treatments giving two different superalloy microstructures. The first, a likely more brittle
material, consists of a hard brittle matrix material and a ductile precipitate referred to as the
600HT condition. The second is a ductile matrix with a hard brittle precipitate referred to at the
800HT condition. These materials' mechanical properties and failure mechanisms were analyzed
for compression, tensile, and fracture toughness tests at room temperature, 800℃, 1000℃, and
1200 ℃.
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Chapter 2
Deformed and Partitioned Steel

2.1 INTRODUCTION

The holy grail of structural materials is one with superior mechanical properties that is
also lightweight and inexpensive. Since steel is the most widely used alloy in our modern
society, the ability to increase both its strength and toughness would have a very large impact on
infrastructure design, material consumption, and would thus expand its use. Both strength and
toughness are invariably required properties for structural materials. However, in metallic
materials these properties are typically mutually exclusive: as the strength of a metallic material
increases, fracture toughness tends to decrease. This decrease in toughness creates a major
concern in safety critical applications, and limits the use of a material [1], [11].

The microstructural principle behind strengthening a metal is by inhibiting dislocation
motion [12], [13]. To inhibit dislocation motion, obstacles to dislocations are added at variable
length scales. While these obstacles prevent dislocation motion, and thus plasticity, they
invariably cause dislocations to become entangled at lower strains, causing localized stress
concentrations which can lead to crack initiation and catastrophic failure [1], [14]. Most efforts
to overcome this strength-toughness trade-off are focused on (1) solid solution alloying or (2)
tailoring a materials microstructure. The first method is currently being employed to create
deformation-induced nano-twinning mechanisms in high and medium-entropy alloys that give
them excellent fracture toughness at cryogenic temperatures [15], [16]. It is also used in
maraging steels, endowing them with both strength and toughness, allowing them to be used in
aerospace applications. However, solid solution strengthening requires the inclusion of usually
several expensive alloying elements. For maraging steel, the alloying elements include nickel
(17-19 wt.%), cobalt (8-12 wt.%) and molybdenum (3-5 wt.%) [17]. While this strategy does
make maraging steel an excellent and useful material with high strength and toughness, the costs
and environmental concerns make its mass production and recycling not economical [12], [18].
The alternative method, tailoring a material’s microstructure, is also being explored to increase
both strength and toughness. However, this method is limited by the complex, expensive, and
time consuming processing techniques that can generally only produce small samples [19]–[22].
Another way to increase both strength and toughness is to decrease the average grain size,
however this usually decreases ductility [23]–[25]. Here it is shown that high toughness and
strength can both be achieved in steel with an inexpensive composition and processing methods.
It is demonstrated that increasing the yield strength allows for the delamination toughening
mechanism to be activated which significantly increases the toughness [26], [27]. Delamination
toughening is activated at ultrahigh yield strengths at which a secondary fracture mode can occur
causing delamination cracking. Multiples of these delaminating cracks form normal to the
primary fracture surface which provide an increased energy release rate for the fracture, and
improve crack tip blunting increasing the fracture toughness. This delamination toughening with
the addition transformation induced plasticity (TRIP) toughening allows for the incredible
strength, ductility, and toughness of D&P steel. In this chapter, I will evaluate the tensile
strength, fracture toughness, and the toughening mechanisms of D&P steel. I performed all of the
sample preparation for these materials including the surface polishing and precracking of the
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compact tension specimens. I set up the optical long distance microscope to track the crack
propagation length that was used alongside the crack tip opening displacement gauge. I
performed all the tensile and fracture toughness tests. I examined the fracture surfaces of the
tensile and fracture toughness specimens, and helped theorize the failure mechanisms.

2.2 PROCESSING AND MICROSTRUCTURE

D&P steel, a medium manganese steel, consists of relatively low amounts of alloying
materials as shown in Table 2.1. The manganese and carbon act as austenite stabilizers, the
aluminum prevents cementite precipitation, and the vanadium forms nanometer-sized carbides.

Table 2.1 The weight percent composition of D&P Steel

Fe Mn C Al V

Balance 9.95 wt.% 0.44 wt.% 1.87 wt.% 0.67 wt.%

2.2.1 Processing

D&P steel was fabricated by a complex deforming and partitioning treatment, as shown
in Figure 2.1 [6]. The components of the steel were cast by induction melting and then forged
into a rectangular ingot with a thickness of 60 mm and a width of 80 mm. The ingot was then
homogenized at 1150 °C for 2.5 hours. At this point the steel is almost fully austenitic. After
homogenization, it was hot rolled to a thickness of 3.8 mm. This hot rolling allowed for some
manganese to diffuse to the grain boundaries, elongate the austenite grains in the rolling direction
(RD) and reduce the sample to a more manageable thickness. Following hot rolling, the sample
was reheated to 750 °C for 10 min, followed by warm rolling to a thickness of 1.9 mm, which
introduced dislocations, further elongation in the microstructure in the RD, and allowed for more
manganese segregation. Intercritical annealing was performed at 620 °C for 5 hours to promote
dislocation recovery and manganese segregation. Cold rolling reduced the sample to the final
thickness of 1.4 mm and severely increased the number of dislocations. The process of cold
rolling also transformed the mostly austenitic material into a lamellar martensite/austenite duplex
microstructure [6], [28]. In the duplex microstructure austenite makes up 47.5% of the volume
measured by neutron diffraction. Finally, the cold rolled strip was partitioned at 300 °C for 6
minutes followed by water quenching to room temperature. Partitioning allows for carbon to
diffuse out of the martensite into the austenite to stabilize both phases and allow for more
ductility even in the presence of a high dislocation density [6]. The prior austenite grain
boundaries (PAGB’s) were retained during cold rolling when about half of the austenite grains
transform to martensite.

4
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Figure 2.1: A schematic of the processing steps to form D&P steel and the microstructural changes that
occur at each step. The components of the steel were cast by induction melting. The ingot was then
homogenized and hot rolled. The hot rolling allowed for some manganese to diffuse to the grain
boundaries, and elongated the grains. Warm rolling introduced dislocations, further elongation in the
microstructure, and allowed for more manganese segregation. Intercritical annealing was performed to
promote dislocation recovery and manganese segregation. Cold rolling reduced the sample to the final
thickness and severely increased the number of dislocations. The process of cold rolling also transformed
the mostly austenitic material into a lamellar martensite/austenite duplex microstructure. Finally, the cold
rolled strip was partitioned allowing for carbon to diffuse out of the martensite into the austenite The
PAGB’s were retained during cold rolling.

This processing creates a complex martensite/austenite duplex microstructure shown in
Figure 2.2A. The martensite newly formed during cold working is composed of nanosized
grains with an extremely high dislocation density Figure 2.2C. The dislocation density of the
martensite was 2.43×1016 m2 measured by neutron diffraction and is at least an order of
magnitude higher than other martensitic steels(citation or figure needed). The austenite phase
remains formed into long flat grains elongated in the RD and flattened in the normal direction
(ND) Figure 2.2A. The grain boundaries that were present before cold working when the sample
was single phase austenite the PAGB’s are retained after cold working and partitioning
highlighted in Figure 2.2B. Atom probe tomography showed segregation of Mn and C to these
PAGBs Figure 2.2D. Figure 2.2D is an illustration of the important features seen in D&P steel.
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Figure 2.2: (A) is a 3D A schematic stereographic microstructure reconstructed by electron back-scatter
diffraction (EBSD) phase maps. They were scanned on the rolling direction (RD), transverse direction
(TD), and normal direction (ND). This EBSD scan shows the D&P steel’s heterogeneous laminated
duplex microstructure composed of a martensitic matrix (α´) (red) and elongated austenite (γ) (green)
lamellae. (B) 3-D stereographic microstructure imaged by SEM of the prior-austenite grain boundaries
indicated by the dotted lines. (C) EBSD phase map of the microstructure showing the nanometer sized
martensite grains (yellow) and the elongated austenite (blue). (D) Illustration of the important aspects
D&P steel, showing its microstructure, with two phases - austenite in green and martensite in red - and the
PAGB represented by thick black lines. These austenite and prior austenite grains are elongated along the
rolling direction (RD), and flattened in the normal direction (ND). (E) 3-D ion concentration map of a
PAGB and on the right a 1-D concentration profile that shows the segregation of Mn and C to these
boundaries.
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2.3 MECHANICAL PROPERTIES

The tensile properties and fracture toughness properties of D&P steel were examined via
dog-bone tensile tests and J-integral based crack-resistance (J-Δa) R-curves respectively. The
tensile and fracture toughness tests were performed in both the RD and TD orientations. Figure
2.3 shows the tensile (dog-bone) and fracture toughness (compact-tension (C(T))) specimens RD
(orange) and the TD (blue) orientations. The RD tensile specimens are strained along the
elongated austenite grains, and for the RD fracture toughness specimens the crack has to travel
perpendicularly through the elongated grains.

Figure 2.3: A schematic demonstrating the orientations of the tensile and fracture toughness samples for
RD and TD.

2.3.1 Tensile Properties

When loading in the RD, tensile properties are enhanced by the extremely high
dislocation density creating an extremely high strength and ductility (Figure 2.4, Table 2.2) [6].
The upper yield strength (σyu), the ultimate tensile strength (σuts) and the uniform elongation (εu)
are 1,978 MPa, 2,144 MPa and 19.0%, respectively in RD. The RD specimen's initial plastic
deformation was dominated by Lüders band propagation; the lower yield point is seen in Table
2.2. The TD aligned tensile properties also have a high ultimate strength of 2,048 MPa, but it has
a lower yield strength of 1,714 MPa at the 0.2% offset and a lower strain at failure as seen in
Figure 2.4.
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Figure 2.4: Engineering stress-strain curve of D&P steel deformed in tension in RD and TD orientations.

D&P steel gets its high strength from the high dislocation density in the martensitic phase
which makes up 52.5% of the material. This high strength phase should also cause the material to
become very brittle, but the partitioning allows carbon to diffuse out of the martensite into the
austenite, thus stabilizing both phases. This stabilization allows the martensite to be far more
ductile than conventional martensite [29]. In addition, the more ductile martensite is sandwiched
between layers of ductile austenite, which further contributes to the ductility [30]. The austenite
can also undergo transformation-induced plasticity (TRIP), which continually strain hardens the
material, increasing the elongation at failure [31].

2.3.2 Fracture Toughness

Due to D&P steel's ultrahigh strength and ductility, the fracture toughness was measured
by J-integral based R-curves in terms of J as a function of stable crack extension Δa. This is done
in accordance with ASTM Standard E1820 [32]. Figure 2.5 shows the R-curves constructed
from the testing procedure and Table 2.2 shows important values taken from the R-curve and
stress-strain curve. The fracture toughness along the TD is measured at an average JIc of 19.6
kJ·m-2 at crack initiation. As can be seen from Figure 2.5 the R-curve rises as the crack extends
at 1 mm the crack growth toughness (Jss) is 28.7 kJ·m-2. These properties are comparable to 18Ni
300-grade maraging steels, 300M, and 4340 steels, some of the best strong and tough materials
there are [33]–[36]. With a strength-toughness trade off it is unexpected that while the RD has a
higher yield strength than TD it also has a better fracture toughness. The R-curve shows that RD
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has a crack initiation toughness of JIc of 46.9 kJ·m-2 and a crack growth resistance Jss of 84.6
kJ·m-2 at 1 mm. This is significantly higher than TD fracture toughness values. Utilizing the
mode-I J-K equivalence (KJIc = (E′JIc)½ where E′ = elastic modulus (E) in plane stress, and =
E/(1-𝑣2) in plane strain where 𝑣 is Poisson’s ratio), crack-initiation toughness in the RD and TD
orientations are KJIc is 101.5 and 65.4 MPa·m½, respectively, with crack growth toughness of Kss,
= 136.4 (RD) and 79.4 MPa·m½ (TD) at Δa 1 mm. These extremely high toughness values seen
in the D&P steel are exceptional for materials with a yield strength of ~2 GPa.

Figure 2.5: J-based R-curves for the D&P steel in both the RD and TD orientations tested at room
temperature.

Table 2.2: Uniaxial tensile and fracture toughness properties of D&P steel

Property RD TD

Yield Strength* (MPa) 1978 ± 16 - 1916 ± 4 * 1714 ± 5

Ultimate Strength (MPa) 2144 ± 27 2048 ± 35

Elongation to Failure (%) 21.6 ± 0.8 8.3 ± 1.6

J-Integral at crack initiation JIc (MPa√m) 46.9 ± 4.0 19.6 ± 2.9

Fracture toughness KJIc (MPa√m) 101.5 ± 4.3 65.4 ± 5

*For RD orientation, the first number is upper yield strength and the second is lower yield
strength due to the yield point phenomenon. For the TD orientation, the yield strength is given as
the 0.2% offset.
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2.4 CHARACTERIZATION OF FRACTURE

Examining the microstructure reveals the mechanisms that induce the high toughness in
this alloy. Multiple sections of the RD and TD C(T) specimens were examined by scanning
electron microscopy (SEM). These revealed multiple thin delaminations Figure 2.6. The cracks
formed parallel through the ~1.4mm thickness of the sample dividing the sample into multiple
thin layers. Different length scale delamination cracks formed creating multiple delamination
bands Figure 2.6. The delaminations ligaments in D&P steel are significantly thinner than other
materials that have delamination cracks[26], [27]. The TD delamination cracks are shorter in
length and there are less of them than the RD samples. These through thickness sections and
delamination cracks are further examined to gain a better understanding of the mechanisms of
the delamination cracks Figure 2.7. The RD has short cracks (less than ~50um) and long cracks
(more than ~50 um). In addition to these cracks there are thin cracks that are not connected to the
fracture surface that are generally observed near the long cracks Figure 2.7C. It can clearly be
seen that these delamination cracks occur almost exclusively along the PAGB’s Figure 2.7C.
The TD specimens only have short delamination cracks shorter than 50 um Figure 2.7B. The RD
specimens have a much greater propensity for delamination cracking.

Figure 2.6: SEM images of the delamination seen on the fracture surfaces of D&P steel. They are the
fracture surfaces of the C(T) specimens of both RD and TD.
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Figure 2.7: SEM images of the delaminations of the through thickness sections of both the RD and TD
specimens in D&P steel.

2.4.1 Delamination Toughening

Delamination toughening can only be activated by relatively weak interfaces and
mechanical stresses high enough to overcome the fracture stress of those relatively weak
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interfaces. When the stress is high enough to overcome the fracture stress of the relatively weak
interfaces then the delamination cracks can occur along these weak interfaces. From examining
Figure 2.7C & D it is seen that the delaminations occur at the Mn-enriched PAGB’s which are
the relatively weak interfaces in D&P steel. These PAGB’s act as the initiation and propagation
sites of the delamination microcracks. In D&P steel, these PAGB’s are not as strong as the grain
interiors due to the Mn segregation, but still have a high cohesive strength [37], [38]. Because
maraging steels have no interfaces or preferential sites with reduced cohesion for crack initiation
and growth, even with its high yield strength, delaminations cannot form making delamination
toughening not possible.

The mechanical driving force for delaminations is that for a sample in plane-strain
conditions where there is a triaxial tensile stress state ahead of the crack tip. In front of the crack
tip, the material is stressed in tension in the direction of the thickness (ND) of the sample shown
in Figure 2.8B. If the tensile stresses in the ND are large enough to overcome the critical fracture
stress of the Mn enriched weakened PAGB’s then delamination occurs. For this to occur, the
material needs to have high yield strength. A higher yield stress means an increased ND stress
ahead of the crack tip. For many delamination toughening materials, the delamination
toughening mechanisms do not activate until the material is at lower temperatures where the
through-thickness stresses are larger and the interfaces may be more brittle. This low temperature
activation mechanism means that several alloys including Al-Li alloys [26] and ultrafine-grained
low alloy steels [39], [40] actually become tougher at cryogenic temperatures. D&P steel’s high
dislocation density and Mn-enriched PAGB’s give the steel an ultrahigh yield strength and
relatively weak interfaces respectively which provide the requirements for delaminations at room
temperatures.

Figure 2.8: Schematic crack divider delamination toughening. B is schematic of how the thickness of the
sample affects the fracture toughness.
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Multiple delaminations ahead of the crack tip effectively transforms the expected plane
strain condition into multiple parallel plane stress sections. These multiple plane stress ligaments
have a much higher toughness than the same thickness sample in plane strain. In addition to this
the generation of interfaces increases the energy consumption which increases fracture
toughness. For D&P steel, the orientation of the sample and the orientation of the elongated
grains affect the delamination toughening. The PAGB’s are elongated and almost three times
longer in the RD than the TD Figure 2.2. In the RD specimens, the main crack grows in the
transverse direction while the delamination cracks propagate along the grains that are elongated
in the RD Figure 2.7. This propagation allows for longer delamination cracks that more
effectively divide the sample into many plane stress ligaments. In the TD specimens, the main
cracks travel in the rolling direction when the delamination cracks propagate along the short side
of the elongated grains. This reduced propagation reduces the delamination effect which
effectively reduces the toughness in comparison to RD. In addition to this, as the TD specimen’s
crack grows, the crack tip encounters many PAGB’s that are aligned perpendicular to the crack
path. These grain boundaries effectively reduce delaminations, Figure 2.7D. The formation of
these longer delamination cracks and shorter delamination cracks in RD and TD are directly
related to the larger and smaller toughening effect that the samples experience.

2.4.2 Transformation-Induced Plasticity (TRIP) Toughening

D&P steel also exhibits TRIP toughening. TRIP toughening occurs when austenite is
transformed into martensite in the vicinity of the crack tip as it grows. This leaves the crack path
after propagation almost exclusively martensite. While not the primary TRIP toughening
mechanism, martensite has a larger lattice parameter than austenite so as austenite is transformed
to martensite at the crack tip a residual compressive stress is likely induced making the crack tips
growth more difficult [41]. The main TRIP effect is that the transformation of austenite to
martensite increases strain hardening. Strain hardening delays the onset of necking instability by
enhancing uniform ductility which increases the intrinsic toughening by resisting crack
propagation [31], [42].
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Figure 2.9: (A) Is an EBSD image of the mid plane of the crack tip of an RD C(T) specimen. It is an
EBSD image quality map overlayed over the phase map of the crack and the area around it. Further away
from the crack tip there is more untransformed austenite. (B) Shows a close up EBSD of the through
thickness section of an RD and TD specimen. The lighter red section has a lower dislocation density and
was transformed from austenite into martensite from the stress of the crack. The darker red areas were
transformed when the material was cold worked during the materials processing. (C) Is a schematic that
illustrates the structure of the material and the plastic zone ahead of the crack tip for RD and TD.

TRIP toughening is also affected by the orientation of the RD and TD. The RD specimen
has a larger TRIP zone as the crack propagates perpendicular to the elongated austenite grains
Figure 2.9. The TD specimen has a smaller TRIP zone because the crack grows in parallel to the
elongated austenite grains [31]. Figure 2.9B shows the RD vs TD TRIP effect and zone sizes.
The difference in higher and lower toughens between RD and TD are due to larger and smaller
trip toughening zone size.

2.5 SUMMARY

D&P steel exhibits high damage tolerance and strength. Figure 2.10 is an Ashby plot that
shows how D&P steels fracture toughness and yield strength compare with the best structural
materials available. D&P steel has a similar yield strength as maraging steels and still has almost
double the initiation fracture toughness of maraging steel. D&P steel has a toughness similar to
titanium alloys but is twice as strong. D&P steel's incredible strength and toughness show the
benefits of high strength induced multi-delamination toughening mechanism. This mechanism

14

https://www.zotero.org/google-docs/?JrABKj


allowed for the maximization of strength and toughness while reducing the cost of the material.
The main components of this delamination toughening is the high yield strength in combination
with still strong, but relatively weak interfaces. This design principle of high strength and
weakened interfaces can be exploited to improve the toughness of existing ultrahigh strength
materials.

Figure 2.10. Is an Ashby plot of fracture toughness versus yield strength. D&P steel has a better strength
toughness trade off than the best existing structural materials including: high strength low alloy (HSLA)
steels [43], [44], high carbon (C) steels [45], TRIP steels [46], dual-phase steels [47], austenitic stainless
steels [48], [49], maraging steels [33], [34], [50], martensitic steels [51], [52], low C bainitic steels [53],
nano bainitic steels [54], metallic glass[55], Al alloys [56], Ti alloys [57], nanocrystalline Ni [58],
nanotwinned Cu [59], and high-entropy alloys [15], [16].
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Chapter 3
X-ray Tomography of Tristructural Isotropic Nuclear

Fuel Particles

3.1 INTRODUCTION

Tristructural isotropic (TRISO) coated nuclear fuel particles were invented as part of the
Dragon Reactor Project in the United Kingdom [60], [61], and have become widely used. These
TRISO particles have been used in the Thorium High-Temperature Reactor [62], [63]
(THTR-300, Germany), HTR-10 [64] (China), the High Temperature Test Reactor [65], [66]
(HTTR, Japan), and Xe-100 (U.S.) [60]. These TRISO particles are being considered for use in
the next generation high temperature gas cooled reactors [7] and very-high-temperature reactors
[8]. These reactors include the pebble-bed reactor (PBR) and prismatic-core configurations (e.g.,
the Russian design of GT-MHR). They are also being considered for fluoride salt-cooled reactors
(FHR) (e.g., by Kairos Power, U.S.) and in next generation light water reactors [67], [68].
Finally, TRISO particles are also involved with the light water reactor fully encapsulated fuel
concept for accident tolerant conditions [69]–[71].

TRISO particles are most often composed of five layers [72]. The core is the fuel kernel
which is generally an oxide and/or carbide of Uranium, Plutonium, or Thorium. Around the core
there is usually a ~50% porosity low density layer of pyrolytic carbon. This layer accommodates
for thermal expansion and acts as a reservoir for fission products. Surrounding the low density
pyrolytic carbon, is a layer of dense pyrolytic carbon (IPyC). The next layer is silicon carbide,
and the outer layer is pyrolytic carbon (OPyC). The silicon carbide layer contains the internal
pressure during the fusion reaction and acts as a diffusion barrier for fission products. This SiC
layer is loaded in compression as the dense pyrolytic carbon layers shrink during irradiation [73],
[74].

This study utilized in situ X-ray computed tomography (XCT) [75], [76] to examine how
the four unirradiated TRISO particles fail in compression at 1000 °C and room temperature (RT).
The TRISO particles used in this study were supplied by the pyrocarbon irradiation for creep
and swelling/shrinkage of objects neutron irradiation experiment [77]. XCT allows for
observation of the initiation and propagation of cracks. Crushing tests were chosen over
semi-sphere/shell pressurization/bending [78]–[81] because the particles have a simple geometry
and crushing requires no sample preparation which makes it more viable for future tests
involving irradiated samples [78]. However crushing tests have localized stress zones where the
sample contacts the anvil, and the hardness of the anvil affects the maximum load to failure [82],
[83]. While a soft anvil enables latitudinal tensile stress on the particle surface, a high hardness
anvil will induce local bending stresses at the contact point which maximizes stress on the inner
surface of the SiC.

The difference in layers that make up the TRISO particles have a marked effect on their
failure modes but this has never been fully characterized [84]–[86]. Specifically, the failure
mechanisms have also not been examined at elevated temperatures. Some annealed particles
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have been examined [83], [84], [87], [88], but they require being cooled to room temperature
before examination. This cooling could cause different residual stress states and changes in
cracking patterns. This study seeks to understand these gaps in understanding: the crushing
behavior of TRISO particles at high temperatures with simultaneous in situ 3D non-destructive
imaging. I performed all of the sample loading, temperature calibration, sample alignment, and
exposure time adjustment for the best possible images. I also performed the testing by loading,
heating, and taking the scans. I was also involved with finding the center of rotation of the scans
and some preliminary analysis.

3.2 MATERIALS AND EXPERIMENTAL PROCEDURES

3.2.1 Tristructural Isotropic Particles Structure and Processing

This work examines two types of simplified TRISO particles, which are known as PyC-1
(Kernel/Buffer/PyC) and PyC-2 (Kernel/Buffer/SiC/PyC); both of which are shown in Figure
3.1. PyC-1 does not contain SiC which creates conditions that allow for unrestrained dimensional
changes, and allows for a better understanding of the SiC layer’s effects on mechanical
properties through comparison between both particles. These TRISO particles only have three
and four layers, respectively, since they only contain one layer of dense pyrolytic carbon (PyC).
The core kernel was made of alumina because its behavior in a reactor has been recorded in the
literature [77] and it is readily available in high-purity which negates any impurity effects during
irradiation.

The samples were prepared through the deposition of the buffer carbon on the alumina
kernel at 1350 °C in an acetylene and argon environment. The SiC was deposited at 1560 °C in a
methyltrichlorosilane and hydrogen environment. Finally the PyC was deposited at 1340 °C in
an acetylene with propylene and argon environment [89].

Figure 3.1: Diagrams of the internal structure of the PyC-1 (left) and PyC-2 (right) TRISO particles being
tested.
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3.2.2 Testing Procedure

The 8.3.2 tomography beamline at the Advanced Light Source (ALS) synchrotron at
Lawrence Berkeley National Laboratory was used to perform in situ tomography experiments on
the TRISO particles. The beamline consists of a tomography setup that can scan samples and
create 3D images of the entire surface, as well as all interior features. This test is nondestructive
and can be performed many times on the same sample. At the 8.3.2 beamline, the imaging
technique is paired with a load frame with a built in furnace that can heat samples to 1200 ℃
[75], [76], as shown in Figure 3.2. Broadly this load frame/heating fixture consists of a
screw-driven load frame with a ~150-mm diameter water-cooled chamber. The chamber holds
six 150W light bulbs with elliptical, gold reflectors that focus the light on a ~5-mm diameter
spherical region in the center of the chamber. This chamber is divided in half with a thin
aluminum window at the equator of the sphere that allows for X-rays to pass through it to image
the samples being tested inside. A detailed explanation of this device can be found in reference
[76], [90]. The pairing of heating, mechanical deformation, and imaging allows for samples to be
fully imaged then deformed under extreme temperatures if desired, and then imaged again to
examine internal mechanisms in the material. Where this technique excels is in the testing of
complex microstructures and macrostructures. The tomography procedure used a monochromatic
beam of 25 keV measured by the detector (PCO Edge 5 × CCD camera (2560 × 2560)). The field
of view was 3.3 × 3.5 mm giving a pixel size of 1.3 × 1.3 μm.

The anvil sample holders were made of alumina. The materials of the platens used to
crush TRISO particles are usually alumina or SiC [84], but aluminum [83] and steel [85], [86]
have also been utilized. Alumina rods were used as they needed to have high strength and
hardness at high temperatures, and would only need to be used in compression. These are shown
in Figures 3.2C and 3.3. A loading displacement rate of 0.5 μm/s was used to ensure a
quasi-static loading condition. A scan of the entire sample was taken before loading and then at
several points during the loading process until fracture. These scans provide real time
information of damage evolution by imaging the porosity, crack formation, and layer thickness
changes in situ. The PyC-1 and PyC-2 each had two samples, of these; one was tested at room
temperature and one was tested at 1000 °C. Before heating a thermocouple is attached to the
sample to measure the sample's temperature as it is heated. The loading needed to be stopped for
each scan to take place. A scan for this material took ~10 minutes and any movement of the
sample during a scan would ruin it and make it blurry, due to a change in position of the sample
part way through. This is why the samples were loaded then stopped so a scan could be taken,
and then reloaded and repeated. During each scan, 1969 projections were collected while rotating
180°. Each projection took 300 ms and fifteen images were taken before and after each scan to
subtract the background. The Gridrec algorithm and the TomoPy package were utilized to
reconstruct the scans after the center of rotation was manually identified for each scan. For
normalizing the projection images and reducing the detector's fixed pattern noise, a flat field
correction method was utilized. Explore [5] for more information. This technique is limited as it
cannot be used to image tiny features since these scans have a pixel size of 1.3 × 1.3 μm so
micron sized flaws cannot be observed.
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Figure 3.2: Image of the load frame hot cell at the 8.3.2 tomography beamline. Image (A) shows the
outside of the load frame hot cell. (B) Inside of the load frame with mounted aluminum compression
fixtures. (C) Alumina anvils used to compression test the TRISO particles. (D) A diagram of the alumina
anvil compression fixtures used to test the TRISO particles at RT and 1000 ℃.

3.3 RESULTS

3.3.1 Temperature Effects on Particle Strength

Due to the limited number of TRISO particles, in situ imaging under load using XCT is
extremely critical. This imaging can show any defects, or a lack thereof, that could cause a
strength reduction, and provides exact measurement of the microstructure and dimensions of
each of the layers in the TRISO particles. The scans before loading are performed to measure the
thickness of each layer, as shown in Table 3.1. The sizes of TRISO particles are very consistent
with a difference in dimensions of <5% between the two samples of each type, and no major
defects were found. From this, it can be assumed that changes in loading curves and measured
strength is due to the changes in temperature and not due to sample differences. Argon gas was
used in every test for consistency even with no risk of oxidation at room temperature.
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Table 3.1 Dimensions of the four particles tested using in situ XCT

Type Test
temperature

(℃)

Kernel
(μm)

Buffer (μm) SiC (μm) PyC (μm) Whole sample
(μm)

PyC-1 RT 988.8 ± 7.2 235.5 ± 8.9 N/A 56.6 ± 0.4 1579.4 ± 11.5

PyC-1 1000 982.9 ± 3.6 218.1 ± 11.6 N/A 54.1 ± 3.1 1540.6 ± 14.1

PyC-2 RT 980.1 ± 2.7 184.4 ± 6.7 60.1 ± 2.5 40.8 ± 2.2 1568.1 ± 14.5

PyC-2 1000 976.5 ± 3.2 174.4 ± 6.8 62.8 ± 2.2 39.1 ± 2.1 1543 ± 14.6

Figure 3.3A shows the load-displacement curves of the TRISO particles at RT and 1000
°C. It can be seen that the PyC-1 both fractured at similar loads at RT and 1000 ℃. The PyC-1
tested at 1000 ℃ is dimensionally slightly smaller with thinner layers than the sample tested at
room temperature, which decreases its load at failure as compared to the larger RT PyC-1.
Furthermore, there are several load drops in the load-displacement curve highlighted by the
arrow on Figure 3.3. These load drops are due to the relaxation of the TRISO particle when the
loading was stopped for about 10 minutes to take XCT scans. The load drops are slightly larger
at ~9 N at 1000 °C and ~6 N are RT. The small pop-ins seen under 40 N are likely due to the
formation of small cracks or the crushing phenomena and will be explored in section 3.3.2.

Linear fitting allowed for the slope of the load-displacement curve to be determined.
Increases in the slope were seen at higher loads for both RT and 1000 °C. At RT between 30 and
40 N the slope was 0.583 ± 0.018 N/μm, and between 45 and 90 N the slope was 0.655 ± 0.006
N/μm. The representative modulus cannot be easily determined from these curves, but it can be
seen that the particles fail abruptly and catastrophically without first showing signs of yielding or
impending failure.

Figure 3.3: Load-displacement curves for (A) PyC-1 particles at RT and 1000 °C and (B) PyC-2 particles
at RT and 1000 °C. The arrows indicate the load drops where the loading was stopped to take a
tomography scan [5].
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Figure 3.3B shows the load-displacement curves of PyC-2 particles at RT and 1000 °C.
Unlike PyC-1, PyC-2 which contains the layer of SiC had a reduced failure strength of ~45%
(compared to PyC-1) at 1000 °C even with similarly sized PyC-2 particles (Table 3.1). From the
XCT scans, it can be seen that this reduction of strength was not due to intrinsic defects such as
voids and microcracks. Therefore, the SiC layer itself causes the reduction in failure strength at
1000 °C. The failure mechanisms will be discussed in section 3.4. The arrows in Figure 3.3B
shows where the loading was stopped to take a XCT scan. Unlike PyC-1, PyC-2 has very small
load relaxation drops during the scans at both RT and 1000 °C. The slopes of the
load-displacement curves were consistent. At RT with a load of 20 to 30 N the slope was 0.417 ±
0.013 N/μm, and at 35 to 45 N 0.588 ± 0.018 N/μm. At 1000 °C with a load of 10 to 20 N the
slope was 0.395 ± 0.006 N/μm and at a load of 20 to 25 N 0.528 ± 0.024 N/μm. The PyC-2
particles failed brittlely at both RT and 1000 °C. Even with only one sample tested at each
temperature, the lack of flaws seen in XCT scans, the consistency of the fracture behavior, and
the load line displacement consistency, it can be concluded that it was the high temperature along
with the SiC layer that caused the reduction in failure strength.

3.3.2 Temperature Effects on Fracture Mechanisms

Each sample was scanned by tomography before loading, multiple times during loading
(arrows in Figure 3.3), and after final fracture. All scans show cracks and voids 2-3 times the
pixel size of the tomography scan, but were likely not the cause of a reduced failure strength.
The main aspects that were analyzed were the compressive deformation, the dilation at the
equator, and crack formations prior to failure.

To measure the compressive deformation and equator enlargement, two orthogonal slices
were manually selected with the largest diameter, the loading plane XZ and the equatorial plane
XY shown in Figure 3.4. By identifying the edge of the grayscale profile, the diameter of the
particles can be determined. To measure the average diameter, each slice diameter was measured
12 times with each having an offset of 30 degrees to cover the whole surface; these diameters
were then averaged. This is partially shown in Figure 3.4C. These diameter measurements had
an error of ± 10%.
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Figure 3.4 (A) The equator dilation and load line (z-axis) deformation seen in XCT scans of the PyC-1
particles tested at RT add 1000 °C. (B) The dilation and load line (z-axis) deformation seen in XCT scans
of the PyC-2 particles tested at RT add 1000 °C. (C) A schematic of the axial loading (XZ) and equatorial
(XY) planes and the bFlack arrows represent some of the diameters used to calculate the average particle
diameter (D) the contact zone area diameter as a function of the applied load to peak load ratio [5].

For PyC-1, in the equatorial plane (XY), no measurable changes in equatorial dilation
were observed at either RT and 1000 °C seen in Figure 3.4A (triangles). This indicates that there
is no major separation between layers until final failure. Significant changes were seen along the
loading direction in the z-axis, as shown in Figure 3.4A (circles). Both RT and 1000 °C
experienced significant reduction of the diameter in the z-axis as the load increased. Below 75%
of the failure load, the gradients describing the change in the whole particle diameter with load
were similar, which was expected as the load-displacement curves are very similar. This is
shown by the two parallel dashed lines in Figure 3.4A.

PyC-2 samples also experienced no significant change in the equatorial diameter as
shown in Figure 3.4B (triangles). Due to the SiC layer in PyC-2 it experienced much lower
deformation along the load-line z axis (Figure 3.4B circles). The PyC-2 sample tested at 1000
°C had a much larger deformation along the load z axis than the RT sample shown in the circles
of Figure 3.4B. The diameters in the load line direction were examined and it was found that the
SiC layer did not change thickness but the PyC and the buffer layer were both compressed
significantly more at 1000 °C. It was compressed ~37 μm at 91% failure load at 1000 °C and at a
linear extrapolation equivalent of ~16 μm at 91% failure for RT. Unlike PyC-2, The PyC-1
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samples with no SiC layer had a similar deformation at RT and 1000 °C of 45 μm at 51.9% of
failure load and 36 μm at 51.1% of failure load, respectively. The SiC layer has a significant
impact on the axial depression behavior at high temperatures.

Crushing the samples did not induce significant expansion in the equatorial plane which
would be seen in a fully elastic material like a rubber ball. The deformation was instead
concentrated at the points of contact where the sample met the alumina anvils. Figure 3.4D
shows the mean contact diameters of the samples, and how they change with load. These loads
are normalized against the maximum load at failure. At 1000 °C the PyC-1 sample had a 20%
larger contact area than the RT sample. Below 60% of the failure load the contact sizes were
similar between RT and 1000 °C. The contact area of the samples remained unchanged as the
load increased until 90% of failure load, where there is an increase just before fracture. PyC-2
samples instead showed a linear increase in contact area for both RT and 1000 °C up to 90% of
failure. The increase in the PyC-2 sample contact area was at a much lower rate than that of
PyC-1, which is consistent with the inclusion of the SiC layer and the decreased load line
displacement.

How the cracks were initiated and the samples overall failure was very different between
PyC-1 and PyC-2. These differences are illustrated between Figure 3.5 (PyC-1) and 3.6 (PyC-2).
At RT the PyC-1 sample had two cracks form at ~50% failure load shown in Figure 3.5A. The
cracks extended from the outer PyC layer (Figure 3.5A) down into the buffer layer (Figure
3.5B). When the particle failed it fractured into many pieces shown in Figure 3.5D and F. The
PyC-1 sample tested at 1000 °C started with a single crack in the PyC layer which started at a
similar load as the RT sample (Figure 3.5C). At failure, this initial crack grew completely to
split the particle from pole to pole seen in Figure 3.5E and G. The crushing of the outer PyC
layer created small cracks and is the cause of the pop-ins seen while loading (Figure 3.3).
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Figure 3.5: Is the tomography scans and reconstructions of PyC-1 TRISO particles tested at RT and 1000
°C. (A) Is the contact zone of the outer layer PyC and the alumina fixture at RT, (B) is the interface
between the PyC layer and the buffer material below it at RT. (C) The buffer layer at 1000 °C. Image (D)
and (F) are the 2D and 3D reconstruction respectively of these samples at RT. Image (E) and (G) are the
2D and 3D reconstruction respectively of these samples at 1000 °C [5].
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The PyC-2 samples showed no cracks large enough to be observed by XCT before the
catastrophic failure. The cracks at the contact area are somewhat circular seen in Figure 3.6A
and B. Generally when a load is applied to two curved surfaces they are deformed slightly and
the maximum tensile stress occurs on the surface a distance away from where the surface is
contacted. This is a conventional Hertzian contact problem. Unlike standard Hertzian cracks
these circular ring cracks formed inside the contact area due to the steep strain gradient formed
on the surface of the flat anvil. While after failure both the RT and 1000 °C samples had many
fragmented cracks at the contact zone the RT sample had significantly more cracks, seen in
Figure 3.6CA and B. The cracks in the RT sample penetrated through the PyC and the SiC
layers into the buffer material which caused failure, and delamination between the SiC and the
buffer layer was observed. The PyC-2 sample tested at RT failed in more pieces than the 1000
°C, the same as what was seen in the PyC-1. The RT PyC-2 sample had many longitudinal cracks
through the three outer layers breaking the sample into multiple pieces seen in Figure 3.6E. In
the sample tested at 1000 °C, just a single crack penetrated the SiC and buffer layer which
fractured the sample as shown in Figure 3.6F. The additional small cracks (Figure 3.6B) that
were formed around the contact zone did not fully penetrate all the way through the PyC SiC and
the buffer layer.
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Figure 3.6: Is the tomography scans and reconstructions of PyC-2 TRISO particles tested at RT and 1000
°C. (A) Is the contact zone of the outer layer PyC and the alumina fixture at RT, (B) Is the contact zone of
the outer layer PyC and the alumina fixture at 1000 °C. Image (C) and (E) are the 2D and 3D
reconstruction respectively of these samples at RT. Image (D) and (F) are the 2D and 3D reconstruction
respectively of these samples at 1000 °C [5].
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At RT the cracks emanating from the PyC-2 contact zone after penetrating the PyC and
SiC layers do not immediately penetrate into the buffer layer and instead travel along the
SiC-buffer interface before entering the buffer (Figure 3.6C). Figure 3.6C shows that some of
the cracks went deep enough to cause core-buffer delamination. There was less crack deflection
at the SiC-buffer interface in the 1000 °C, instead the cracks propagated into the buffer layer and
then traveled through these layers to the contact zone on the other side of the particle seen in
Figure 3.6 D and F.

Many samples are required to determine a material's properties with statistical
significance. However the entire sample real time small resolution imaging of the XCT during
loading allows for the understanding and characterization of the failure mechanisms with only
small numbers of samples. It was observed that the temperature and SiC layer affected the
strength, how cracks initiated, and the failure patterns.

3.4 DISCUSSION

3.4.1 Hertzian Contact

In a conventional Hertzian contact problem, the elastic modulus and curvature of the two
contact materials determines the degree of deformation and stress [91]. In this setup, the
maximum stress created vertical cracks that occurred inside the contact zone. These are not the
mechanisms that were suggested by Briggs et al. [84], which were that the outer coatings would
separate at the end of the Hertzian contact.

Without the SiC layer the outer PyC layer must have experienced a splitting tensile stress
in the center of the contact zone at RT and 1000 °C. With the SiC layer no observable cracks
formed prior to fracture. The PyC-2 samples had complex final fracture patterns. It had circular
cracks outside the contact zone that would usually form inside the contact zone, and had many
angled cracks emanating from the point of contact.

Alumina was utilized as the anvil material over SiC because of its strength at high
temperatures and its lower hardness and stiffness compared to SiC, which causes lower local
stresses. Due to the material mismatch between the anvil and TRISO particle, the initial surface
flaws can be affected because of a sticking condition that can occur from sample radial shearing
due to a resistance to lateral displacement. Therefore, the observations of the cracks forming
inside the contact zone is not unexpected. From the XCT imaging, it can be determined that there
is not one failure mechanism that encompasses all of the different types of TRISO particles with
different coatings. Thus, the strength of these particles is dependent on the material type,
thickness, and number of layers.

3.4.2 Strength Reduction in PyC-2 at 1000 °C

PyC-1 retained its strength at 1000 °C while the PyC-2 sample had a significantly
reduced crushing strength at 1000 °C. The crushing load for TRISO particles has been shown to
be reduced by 30% after having experienced a heat treatment [78], [85], [86], [88], but this has
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not been fully explained. The current theory is that there are residual stresses due to the differing
thermal expansion coefficients [92].

Delle et al. [93] used the crushing particle strength to determine the roll of residual
stresses. They related the strength of the coating material (σN) to the cruising load (FN), the
coating layer residual stresses (σr), and the force transmitted to the kernel (Fk) by:

(3.1)

Where RO is the inner radius and RI is the outer radius of the coating layer. RO and RI remain
unchanged as the outer layers of the PyC-2 samples experienced no measurable change in radius.
From XCT measurements, it can be seen that the load transmitted to the kernel is higher at 1000
°C, therefore the Fk is likely larger (Figure 3.4B). Thus, application to Eq. 3.1 shows that a
higher Fk could allow for the reduction in strength. Residual stresses (σr) could also be another
factor affecting the failure load. At high temperature, the compressive stress is relaxed, which
lowers the load required to crush the particle to the same amount. A reduction in strength of 45%
was observed at the high temperature which is significantly larger than the prior reported 30%
[84], [85], [88]. This is not unexpected as the measurements taken in literature were performed at
RT after the sample had been cooled which undoubtedly relaxed any residual stresses.

Rohbeck et al. [89] used nano-indentation to measure the elastic modulus and
nano-hardness of the TRISO particle’s SiC layer at RT and 500 °C. Their results show a 40%
reduction in hardness and ~11% reduction in elastic modulus. The reduction in nano-hardness at
elevated temperatures was claimed to be indicative of a lower yield strength at 1000 °C, but the
yield strength of SiC does not reduce significantly at 1000 °C [72]. Rohbeck et al. [83] also
examined TRISO particles annealed between 1600 °C and 2000 °C in which the SiC layer had
no change in nano-hardness or modulus. This means it is likely that there is no degradation of the
SiC at high temperature and instead the PyC-2’s observed reduced strength at 1000 °C is most
likely due to the relaxation and redistribution of residual stresses. The PyC-1 samples' failure
loads were similar between RT and 1000 °C which indicates that the residual stresses in the
buffer and PyC layers were less significant. The buffer and PyC layers have very similar thermal
expansion coefficients making residual stresses less likely due to fabrication processes. There
was still a larger load line axial compression seen in the 1000 °C PyC-1 sample implying that it
possessed a higher Fk, but this had no major effect on the final failure load.

The majority of studies done on TRISO particles have used large numbers of samples
[83]–[86], [88], and employ a normal distribution or Weibull statistics to calculate the load of
failure. This procedure uses post-mortem examination and in the case of low strength outliers it
is generally assumed that a flaw accounted for its low performance. The XCT in situ scanning
performed on the TRISO particles in this study at both RT and 1000 °C make it possible to
reduce the number of samples needed to gain a higher-fidelity understanding of the damage
evolution and structural integrity of these TRISO particles.
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3.5 SUMMARY

Utilizing in situ XCT made it possible to examine the real time fracture mechanisms of
TRISO nuclear fuel particles at temperature under load. The behavior of the TRISO particles
under compression was measured with XCT imaging at RT and 1000 °C to allow for the
observation and precise measurement of flaws, cracks, contact area, and dimensional changes.

Two PyC-1 samples were tested, one at RT and one at 1000 °C, and two PyC-2 samples
were tested, one at RT and one at 1000 °C. These samples were crushed while being stopped
periodically to take XCT scans to fully image the sample. The PyC-1 sample consisted of a
kernel, buffer, and PyC. At RT and 1000 °C it fractured when microcracks formed at the loading
contact point and extended out from there. The PyC-2 sample consisted of a kernel, buffer, SiC,
and PyC, and fractured abruptly with no prior microcrack formation. For both PyC-2 samples
tested at RT and 1000 °C, the cracks that formed either just before or after failure were located
inside the loading contact point and extended out from there significantly different from the
standard Hertzian contact model. The reduction of strength in the PyC-2 sample at high
temperature is not due to the degradation of the SiC layer at 1000 °C, and is instead most likely
due to the relaxation and redistribution of the residual stresses at elevated temperatures. This
methodology used to make real time observations of failure mechanisms can be further utilized
to test more complex layered TRISO particles and irradiated particles to gain further insight into
the mechanical degradation under crushing loads.
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Chapter 4
Refractory BCC High Entropy Superalloys

4.1 INTRODUCTION

High entropy alloys (HEAs) have been in the research spotlight ever since their proposed
existence in 2004 by Yeh et al [10]. The field has opened up millions of new alloying
combinations, created opportunities that have driven the materials engineering research field into
overdrive, and led researchers to experimentally synthesize original elemental compositions or
use computational methods and machine learning to discover new combinations. With these
methods, several HEAs such as the CrCoNi and CrMnFeCoNi alloys have been developed, and
have already proven to have excellent mechanical properties [15], [94], [95].

From the HEA field has emerged a push to find a material that can maintain strength and
toughness at higher temperatures than Ni-based superalloys, the most widely used material for
high temperature applications. Structural materials for high temperature applications have been
extensively explored for applications such as gas turbine engines. Ni-based superalloys have
many favorable properties at high operational temperatures: high tensile strength, reasonable
ductility, good machinability, creep resistance, fatigue endurance, and sufficient oxidation
resistance. However, the maximum operating temperature of Ni-based superalloys is limited by
the melting temperature of its primary element of nickel, which has a melting temperature of
1455 °C [3], [96]. Body centered cubic (bcc) refractory HEAs (RHEAs) are composed of
elements like W (3410 ℃), Ta (3020 ℃), Zr (1855 ℃), Nb (2477 ℃), and Mo (2623 ℃) [97]
and have the potential to be useful in these high temperature applications because of their ability
to retain high strength at high temperatures. Of all the possible bcc RHEAs, several studies have
come out showing promising results for the compressive strength of NbMoTaW and
VNbMoTaW RHSAs over 1000 ℃ which were synthesized, and tested by Senkov et al [95].
However, they are very brittle at room temperature [98], [99]. TaNbHfZrTi, was later tested and
shown to have a good ductility at room temperature in compression and tension, but lost
significant strength above 800 ℃ [99], [100]. This problem has been difficult to solve: if the
alloy has good low temperature performance, it is weak at high temperatures. Conversely, if it
shows strength at high temperatures, it is brittle at low temperatures. This creates an operational
temperature range that is too small, rendering the alloy inadequate for most applications.
Significant effort has been made to improve not only room temperature ductility, but also high
temperature strength through new combinations of elements and by controlling microstructure
through heat treatments. A possible solution to this problem is the use of refractory high entropy
superalloys (RHSA’s). These RHSA’s have a complex precipitate dual phase microstructure
similar to the dual phase Ni-superalloys microstructure.

The microstructure that gives Ni-based superalloys its peak performance is the presence
of two phases: a ductile matrix phase and a harder coherent precipitate phase. This combination
allows for its sound high temperature performance. AlMo0.5NbTa0.5TiZr RHSA when
slow-cooled from 1400 ℃, has a basket-weave microstructure that consists of disordered bcc
nano-precipitates (A2) and an ordered bcc matrix (B2). This alloy exhibits superior mechanical
properties with a compressive strength of 2197 MPa at RT and 725 MPa at 1000 ℃ [101].
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However, this alloy shows very limited ductility because the B2 matrix phase is the hard brittle
phase while the A2 nano precipitate is the ductile phase. This is the inversion from Ni
superalloys, where the precipitates are hard and the matrix is ductile. Through heat treatments,
Soni et al. was able to invert the matrix and precipitates of another RHSA, Al0.5NbTa0.8Ti1.5V0.2Zr,
such that it imitated the microstructure of Ni superalloys; with soft matrix and hard precipitates
[102]. This resulted in a decrease in compressive yield strength (1065 MPa), but significant
increase in the ductility (elongation 38%) at RT while uninverted Al0.5NbTa0.8Ti1.5V0.2Zr has a
very high compressive yield strength of 2032 MPa, but little plasticity [102]. These tests were
performed in compression, and it is important for materials with this potential for engineering
applications to have their tensile and fracture toughness properties examined. In real-life
engineering applications, load-bearing structural materials are often subject to tensile loading
conditions, making the tensile properties far more critical for integrity of components and
structures. Only limited tensile properties have been reported for RHEAs.

In high temperature materials with brittle characteristics, such as refractory metals,
ceramics, and metal-ceramic composites, fracture toughness is one of the major properties to
evaluate to determine a materials use as structural parts. For example, Nb-Hf-Ti-Si [103], [104],
Mo-Si-B alloys [105]–[107], and ceramic-matrix composites [108], [109] all have higher
strength at elevated temperatures than Ni-superalloys yet they have a low fracture toughness
making them unsuitable for many safety-critical structural applications.

The RHSAs discussed here are bcc dual phase alloys that have nano precipitates very
similar to the crystal structure of Ni superalloys. These have been chosen both for their
microstructure, as well as their high melting temperature, which exceeds that of Ni by at least
1000°C. Here we examine the mechanical properties of two different microstructures of the
Ti20Zr20Nb25Ta25Al10 (atom percent) alloy. This alloy is similar to Al0.5NbTa0.8Ti1.5V0.2Zr as it can
also form two different microstructures that are synthesized by different heat treating conditions.
The first microstructure of Ti20Zr20Nb25Ta25Al10 is a brittle matrix and soft precipitates (600HT),
and the second is the inverse phase material with a ductile matrix and hard brittle precipitates
(the 800HT condition). They were tested in compression, tension, and for fracture toughness
measurement at room temperature (RT), 800 ℃, 1000 ℃, and 1200 ℃. I performed all of the
sample preparation for these materials including the surface polishing, notching, and
micronotching. I made the inert gas tube fixturing required to keep the samples from oxidizing
when testing up to 1200 °C, in a furnace that was not designed for inert gas. I performed all the
tensile and fracture toughness tests at all temperatures. I examined the fracture surfaces of the
tensile and fracture toughness specimens, and contributed to theorizing the failure mechanisms.

4.2 PROCESSING AND MICROSTRUCTURE

4.2.1 Processing

The Ti20Zr20Nb25Ta25Al10 was manufactured at Seoul National University, Seoul, South
Korea by vacuum arc melting the high purity elements: Ti, Zr, Nb, Ta, and Al. The ingots were
vacuum arc melted five times to ensure a homogeneous composition. Then through the heat
treatment process illustrated in Figure 4.1 the ingots were hot isostatic pressed at 1500 °C for 2
hours and then cooled under vacuum. They were homogenized by holding them at 1300 °C for
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12 hours with a constant flow of argon. The ingots were then electrical discharge machined
(EDM) into 3mm plates that were heat treated at 800 ℃ for 12 hours and then EDMed into
dog-bone tensile specimens, compression specimens, and C(T) fracture toughness specimens.
These samples are labeled as the 800HT condition specimens. Half of these specimens were
re-homogenized at 1300 °C for 12 hours and then heat aged at 600°C for 24 hours and air cooled
to create the 600HT condition material with a brittle matrix and ductile precipitates.

Figure 4.1: A schematic of the processing steps to form the 600HT condition and the 800HT condition.

4.2.2 Microstructure Characterization

Microstructural characterizations were performed on a scanning electron microscope
(SEM; TESCAN MIRA 3). Electron backscatter diffraction (EBSD; e Flash FS, Bruker) was
used to analyze the phase constitution, grain size, and orientation.

An FEI Tecnai G2 Spirit TWIN TEM instrument and a JEOL JEM-2010F HRTEM
instrument were employed for micro and nanoscale fine structure characterizations. Thin-foil
tunneling electron microscopy (TEM) specimens were prepared from RHSA pieces before and
after deformation by dry mechanical grinding and then ion milling.

Post processing, images were taken of the two heat treatments microstructures shown in
Figure 4.2. Figure 4.2A is a TEM image of the 600HT condition microstructure, where the light
precipitates are distributed in the dark brittle matrix. Figure 4.2B is a SEM back-scattered
electron (BSE) image of the 800HT condition microstructure; the dark precipitates are
distributed in the continuous light phase. The Ta-rich A2 phase of RHSA is observed as a bright
phase in BSE-SEM images due to the high atomic number of Ta in the Ti-Zr-Ta system [110].
Therefore, the bright matrix phase in Figure 4.2B is considered as A2 phase (ductile). Some
abnormal growth of the dark precipitate can be observed in the 800HT condition microstructure.
Figure 4.2E shows a dark field image of the alloy in [001] zone axis and it is seen that the
ordered bcc phase constitutes the continuous channels of basket-weave structure of RHSA. There
have been reports that the basket-weave structure of RHSA consists of continuous channels of an
ordered bcc phase (B2 brittle) as matrix and disordered bcc (A2 ductile) phase as precipitates
[101], [102], [111], which is consistent with the present study.
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Figure 4.2: (A) TEM image of the microstructure of the 600HT condition. (B) SEM BSE images of the
microstructure of the 800HT condition . (C) and (D) are illustrations of the microstructures of the two
different heat treatments done at 600℃ and 800℃ respectively. (E) TEM dark field image of the alloy in
[001] zone axis.
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4.3 MECHANICAL TESTING

To gain a broad spectrum analysis of the mechanical properties and difference between
the 600HT condition and the 800HT condition samples, they were tested for compression,
tensile, and fracture toughness properties. Figure 4.3 shows the sample geometries tested for
compression tension and fracture toughness. The majority of the literature focuses on
compression as it it's the easiest to perform at high temperature and is the material property that
is most likely to yield inflated results. However, testing these materials’ tensile and fracture
toughness properties is critical for determining if these materials have any engineering
applications.

Figure 4.3: Computer aided design file images of the tensile (dog-bone), the fracture toughness (compact
tension), and compression specimens that were used to test the materials mechanical properties.

All mechanical tests were performed on (MTS 810 servo-hydraulic load frame with an
Instron 8800 controller) testing machine. These tests were performed at RT, 800℃, 1000℃, and
1200 ℃. Samples were loaded in position control at a very low rate of 0.1 mm/min to account
for the brittle nature of the materials.

4.3.1 High Temperature Setup

The tension, compression, and fracture toughness samples tested at high temperatures
utilized a MTS 657.01 high temperature resistance furnace. Due to the alloy's propensity to
oxidize, a tube was inserted into the center of the furnace that was flooded with a constant flow
of argon gas to reduce the oxidation of the sample during heating, testing, and cooling. Figure
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4.4 illustrates the inert gas tube setup utilized in the testing of the tensile tests. A similar setup
was used for fracture toughness and compression testing. Two K-type thermocouples were spot
welded directly to the top and bottom of each tensile sample just outside the gauge length to
accurately measure the temperature of the sample and make sure heating was uniform. Two
thermocouples were attached to the top and bottom of the fracture toughness samples, and the
compression sample only used one thermocouple due to its smaller size.

Figure 4.4: Image of the high temperature inert gas setup used. This allows for inert gas to constantly
purge the chamber containing the specimen to eliminate or greatly reduce oxidation. The center image is a
90 degree counterclockwise (looking from the top) rotation of the left illustration. The right image is the
tube opened up for sample loading and unloading.

4.3.2 Micro Notching

Due to the highly brittle nature of the materials the fracture toughness samples were not
precracked and instead were micronotched to form a sharp crack tip. The samples were notched
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using a low-speed diamond saw to increase the length of the a/W to nearly 0.5, and then
sharpened using a micro-notching technique. Micronotching uses a thin razor blade to create a
very sharp notch in a material. It achieves this by sliding the sample back and forth on a razor
blade covered in 5µm diamond polishing paste, which polishes in a notch into the sample.
Figure 4.5 shows the micronotcher utilized. The final notch root radii of all fracture toughness
samples tested was under 40 μm.

Figure 4.5: Image of the micronotcher. The sample is loaded into the sample holder in the center of the
material, this slides back and forth moving the sample across the razor blade creating a sharp notch in the
sample.

4.4 MECHANICAL PROPERTIES

4.4.1 Compression Tests

The RHSA compression samples were cylindrical and had a diameter of 4 mm and a
length of 8 mm. They were deformed with SiC platens. The 600HT condition and the 800HT
condition were tested at RT, 800 ℃, 1000 ℃, and 1200 ℃. The compression tests were carried
out in position control with a rate of 0.1mm/min, which is a strain rate of 10-3 s-1. If the samples
did not fail during compression testing they were stopped at 40% reduction in length.
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Figure 4.6A and B show the compression stress-strain curves of the 800HT condition
and the 600HT condition samples. The 800HT condition shows ductility at all tested
temperatures, and the 600HT condition shows significant ductility at all but room temperature.
The 600HT condition sample has a high strength, but no notable plasticity at RT. The sample
fractured at ~6% strain, but this number is inflated as the displacement was measured by load
line. The 800HT condition sample had a slightly lower ultimate strength but experienced
ductility with a strain of failure of ~18%. Both the 600HT condition and the the 800HT condition
behaved similarly in terms of load and ductility at 800℃, 1000℃, and 1200℃. At 800 °C and
1000 °C, the stress-strain curves exhibited softening behavior where after the flow stress reaches
a peak, it then decreases during the further strain. At 1200 °C, the slope of the steady-state flow
stage after the yield point was observed until the test was stopped at 40 % strain.

Figure 4.6: Compression stress-strain curve of the 600HT condition (A) and the 800HT condition (B)
tested at RT, 800 ℃, 1000 ℃, and 1200 ℃. (C) is the tensile strength vs temperature of the 600HT
condition and the 800HT condition.

37



This decrease in stress and steady flow state after yielding has been observed in materials
that have two phases at low temperatures. For a near-α titanium alloy, the flow stress of the high
temperature compression decreases after yielding at the α+β two phase temperature region, while
steady-state stress flow after a yield point is observed at the single β phase temperature region
[111], [112]. This same behavior of flow stress is also observed in the high temperature
compression tests of the Ni-based superalloys which have γ + γ′ two phase region at low
temperatures [113]. By annealing the Ti20Zr20Nb25Ta25Al10 alloy at 1000 °C and 1200 °C and
examining the microstructure (Figure 4.7) it was determined that the B2 phase dissolves into the
alloy, creating a single phase A2 material between 1000 °C and 1200 °C, which explains the
compression behavior.

Figure 4.7: SEM back-scattered image of Ti20Zr20Nb25Ta25Al10 RHSA (A) aged at 1000 °C for 24 h and
(B) aged at 1200 °C for 24 h.

4.4.2 Tensile Tests

The 600HT condition and the 800HT condition dog-bone specimens had a thickness of 3
mm, a width of 2 mm, and a gauge length of 10 mm. Examining the tensile stress-strain
properties shown in Figure 4.8, it is clear that both heat treatments of the RHSA exhibited no
significant tensile ductility at any temperature. The samples broke (nominally) elastically in the
range of 0.1%-0.2% strain and showed no yielding. Both of these alloys fractured low loads of
~180 MPa for the 800HT condition condition and ~110 for the 600HT condition at RT. This is
unexpected as when tested in compression both heat treatments showed significant ductility at all
temperatures, with the exception of the 600HT condition at RT. It can also be seen that there is a
significant drop in strength as the temperature increases for both the 600HT condition and the
800HT condition, and both end up fracturing at about the same value of ~25 MPa at 1200 ℃.
Given the compressive strength seen in Figure 4.6, the yield stress should be much higher than
observed in Figure 4.8. The 800HT condition shows higher tensile strength than the 600HT
condition at all tested temperatures. The 800HT condition has a higher load at fracture stress than
the 600HT condition. Meaning the 800HT condition is likely slightly more ductile than the
600HT condition samples. Brittle materials become flaw-dependent, meaning the flaw size and
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shape will affect at what load the sample will fracture. More ductile materials are less flaw
dependent. Because the the 800HT condition and the 600HT condition were made from the same
ingot their flaws should be similar in all samples.

Figure 4.8: Tensile stress-strain curve of the 600HT condition (A) and the 800HT condition (B) tested at
RT, 800 ℃, 1000 ℃, and 1200 ℃. (C) is the tensile strength vs temperature of the 600HT condition and
the 800HT condition.

The RT samples did not require the use of an inert atmosphere so they were tested with
an extensometer. This is where the large discrepancy in the slopes of the RT lines come from in
Figure 4.8A and 4.8B. The slopes of the high temperature test should be very close to that of the
room temperature tests, similar to the slope difference seen in the compression tests. Testing
without an extensometer is never ideal, but if the material shows no ductility, the extensometer is
not as important because there is no plastic deformation to measure. However, the elastic
modulus will not be accurate.
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4.4.3 Fracture Toughness Testing

While neither RHSA heat treatment showed tensile ductility, it is still important to
examine the fracture toughness properties of the materials. The C(T) specimens were electrical
discharge machined (EDM) and heat treated along with the 600HT condition and the 800HT
condition tensile specimens. They were tested at RT, 800 °C, 1000 °C, and 1200 °C. The fracture
toughness testing was carried out in accordance with ASTM Standard E1820 [32]. Figure 4.9A
and B show the load displacement curves. They show that the C(T) specimens exhibited no
ductility during fracture tests. At crack initiation the crack extended across the sample breaking it
completely and leaving it in two halves. The changes in fracture toughness due to temperature
effects are seen in Figure 4.9C. At RT the 800HT condition showed a fracture toughness of 14.4
MPa√m and the 600HT condition showed a fracture toughness of 3.08 MPa√m. At elevated
temperatures the fracture toughness of these materials significantly decreased and neither sample
exceeded 5 MPa√m.

Figure 4.9: Load vs displacement curves of the 600HT condition (A) and the 800HT condition (B) tested
at RT, 800 ℃, 1000 ℃, and 1200 ℃. (C) Fracture toughness vs temperature of the 600HT condition and
the 800HT condition.
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4.5 CHARACTERIZATION OF FAILURE

Based on the materials microstructures, the 600HT condition samples should be brittle
and the 800HT condition ductile, but this was not what was observed. In tension both the 600HT
condition and the the 800HT condition exhibited no ductility, and fractured at a low stress value
at all temperatures tested. They also showed a low fracture toughness. However, in compression
except for the 600HT condition at RT these materials exhibited significant ductility.

4.5.1 Compression

Electron backscatter diffraction (EBSD) was used to analyze further high temperature
deformation behavior. Figure 4.10 are EBSD inverse pole figure (IPF) maps and a Kernal
average misorientation (KAM) map of the 600HT condition compressed at 1000 °C and 1200 °C
in which the A2+B2 two phase regions and A2 single phase regions are present, respectively.
Figure 4.10A, B, and C are IPF maps of the 600HT condition compressed at 1000 °C. The
compressive deformation at 1000 °C is not locally concentrated around the grain boundary, but
rather uniformly distributed in the entire grain. Also, dynamic recrystallization (DRX) was
observed not only in grain boundaries (Figure 4.10B) but also grain interior (Figure 4.10C).
Figure 4.10D is an IPF maps of the 600HT condition compressed at 1200 °C at low
magnification, and Figure 4.10E is KAM map of the same position as Figure 4.10D. During the
heating and compression, the B2+A2 two-phase microstructure was solutionized into the A2
single phase and deformed. The KAM value of grain boundary regions is much higher than that
in the grain interior, which implies that the strain is concentrated in the grain boundaries and
resembles a necklace. Recrystallized grains along grain boundaries are observed in Figure 4.10D
and F. This is a typical necklace structure of discontinuous dynamic recrystallization (DDRX)
where deformation strain and DRX are locally concentrated at the grain boundaries. The
necklace structures were reported in other RHEAs with single bcc (A2) phases that underwent
deformations at high temperatures, such as HfNbTaTiZr [114], MoNbHfZrTi [115].
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Figure 4.10: (A) EBSD inverse pole figure (IPF) map of the 600HT condition compressed at 1000 °C in a
low magnification, (B) in a high magnification near grain boundary and (C) in a high magnification inside
grain. (D) EBSD IPF maps RHSA aged at the 600HT condition compressed at 1200 °C in a low EBSD
IPF map in a high magnification near grain boundary. (E) KAM map of the same position as D. (F) EBSD
of recrystallized grains along grain boundaries are observed.

Figure 4.11 is BSE images of the 600HT condition after compressed at 800 °C, 1000 °C,
and 1200 °C, respectively. Microstructure changes are observed in the samples tested at the 800
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°C, and 1000 °C in which the A2 and B2 phase grew in a direction close to 45 ° to the
compression direction and parallel to the shear direction. This is very similar with the rafting
phenomena observed in Ni or Co superalloy systems [116]–[119]. For the samples tested at the
1200 °C, the microstructure of the alloy seems very similar to the original basket-weave structure
(Figure 4.1A). However, it is likely that the basket-weave microstructure was reformed during
the cooling of the furnace after testing at 1200 °C. At 1200 °C, the B2+A2 two-phase
microstructure is solutionized into a single A2 phase. This single A2 phase was deformed during
the test, then the basket-weave structure was reformed in the RHSA as the furnace and sample
cooled. There are reports that RHSAs with basket-weave structures can be formed when slow
cooling (10 - 20 K/m) after annealing [101], [120], [121].

Figure 4.11: BSE images of the 600HT condition after compression at 800 °C (A), 1000 °C (B), and
1200 °C (C). Microstructure changes are observed in the samples tested at the 800 °C, and 1000 °C in
which the A2 and B2 phase grew in a direction close to 45° to the compression direction and parallel to
the shear direction. The 1200 °C microstructure of the alloy appears similar to the original basket-weave
structure.

4.5.2 Tensile and Fracture Toughness

Given the high compressive strength, it was expected that the tensile yield strength would
be much higher than what was seen. The two RHSA alloys both failed before yielding under the
tensile loads. This could be because their ductile-brittle transition temperature is higher than the
1200 °C that they were tested at, but there was significant grain yielding seen in Figure 4.10.
This could mean that instead of a high ductile to brittle transition, there was an interjection due to
a low grain boundary cohesion strength, causing fracture before the material yielded.

Figure 4.12 shows SEM fractography taken from the fracture surface of the tensile
specimens tested at all temperatures. All fractures that take place at all temperatures are
inter-granular. Figure 4.13 is EBSD scans of the crack path of the fracture toughness specimens
tested at all temperatures. The notch tip of compact tension samples are indicated by red arrows.
Same as the tensile samples all the fracture toughness samples failed intergranularly at all
temperatures. Fractography of tensile and compact tension samples clearly show that these
samples failed at the grain boundaries, which is consistent with the poor tensile strength and
fracture toughness. The grain boundaries cannot take a high enough stress to allow for grain
deformation in tensile loading.
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Figure 4.12: SEM images of the fracture surface of the material tested at RT, 800℃, 1000℃ and 1200
℃. A-D is the 600HT condition and E-H is the 800HT condition.
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Figure 4.13: EBSD inverse pole figure (IPF) map of crack propagation of the 600HT condition tested at
(A) room temperature, (B) 800 °C, (C) 1000 °C, (D) 1200 °C. EBSD inverse pole figure (IPF) map of
crack propagation of the 800HT condition tested at (E) room temperature, (F) 800 °C, (G) 1000 °C, (H)
1200 °C.
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4.5.3 Grain Boundary Characterization

Figure 4.14 displays the tensile specimen of the 600HT condition tested at 1000 °C.
There is A2 phase (bright contrast) denuded zone at grain boundaries and intergranular cracks
result from shearing and cracking in the A2 phase denuded zone. The grain boundary consists of
a soft phase with a small amount of hard B2 phase, while the grain interiors have a large amount
of B2 phase a few tens of nm in diameter homogeneously distributed throughout. Therefore, the
grain boundaries have a lower strength than the interior of the grains, and the deformation is
preferentially localized at the grain boundaries, which is the cause of intergranular fracture.

Figure 4.14: SEM BSE images of the fracture surface of the 600HT condition tensile specimen fractured
at 1000 °C. At the grain boundaries, there is a brighter contrast area that represents a diluted zone.

The microstructure of grain interior in Figure 4.14 is similar to the microstructure of the
800HT condition specimens. The basket-weave structure of the 600HT condition was
transformed to microstructure with the B2 precipitates in A2 matrix during the high temperature
tensile tests. This is not expected as it was shown that the temperature to transform into a single
phase is above 1000 °C. The microstructural evolution was accelerated by the external tensile
load as rafting occurred under the tensile load at high temperature. In order to check the effect of
the external load, the compact tension samples were examined in a region that did not experience
any tensile loading but experienced the same heating and cooling conditions as the tensile test,
this microstructure is shown in Figure 4.15. The 600HT condition maintained the original
basket-weave structure during a thermal cycle of high temperature tests, which means that
external loads, whether in tension or compression, promote microstructural evolution at high
temperature.
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Figure 4.15: SEM back-scattered images of the undeformed region in the 600HT condition compact
tension specimens tested at 800 °C (A) and 1000 °C (B).

Figure 4.16 displays the tensile specimen of the 800HT condition tested at 1000 °C. The
600HT condition and the 800HT condition were tested under the same conditions and both of
them exhibited intergranular fracture, however, different phenomena were observed in Figure
4.16. In a grain at the fracture surface, cleavage-like intra-granular cracking was observed.`
Voids were observed at some grain boundaries, which means inter-granular cracking is likely
facilitated by cavitation nucleation at grain boundaries. This means that even though the 800HT
condition showed an intergranular fracture mechanism the same as the 600HT condition, it
fractured in a more ductile manner than the 600HT condition accounting for this slightly
increased tensile strength and toughness seen in the the 800HT condition samples.

Figure 4.16: SEM BSE images of the fracture surface of the 800HT condition tensile specimen fractured
at 1000 °C.
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Since all tests under the tensile load exhibited brittle intergranular fracture, it is necessary
to analyze the microstructure of the grain boundaries. Figure 4.17 displays TEM images and
EDS analysis of the two RHSAs before testing and after deformation at 1000 °C. In the TEM
dark-field images, the zone axis were aligned so that only one grain was diffracted in order to
determine the direction and location of the grain boundaries. Recent reports have shown that Ti,
Zr, and Al segregate to the B2 phase, and Nb and Ta segregate to the A2 phase [99], [102], [111].
This is consistent with our EDS analysis results. It can be seen that Ti, Zr, and Al-rich B2 phase
are segregated at grain boundaries in both of the RHSA aged conditions. This is because the
alloy was homogenized as a single A2 phase and then annealed at 1400 °C which caused the B2
phase to precipitate from the A2 phase. This happened at the grain boundaries as well as the
grain interiors. The difference between the two samples is that the Ti, Zr, and Al depleted zone
by B2 precipitation in the grain boundary was clearly observed in the 600HT condition sample.
This leaves the remaining A2 phase depleted of these elements, which weakens the grain
boundaries. On the other hand, the 800HT condition sample also has segregated B2 in grain
boundaries but does not have the Ti, Zr, and Al depleted zones. This allows the alloy to have a
higher tensile strength than the 600HT condition at RT. At 1000 °C, the 600HT condition mostly
shows B2 phase growth in the grain boundaries, while the 800HT condition contains both B2 and
A2 phase in grain boundaries. For this reason, the the 800HT condition showed higher strength
at all test temperatures than the 600HT condition.
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Figure 4.17: TEM images and EDS analysis of the two RHSAs before testing and after deformation at
1000 °C. In the TEM dark-field images, the zone axis were aligned so that only one grain was diffracted
in order to determine the direction and location of the grain boundaries.
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4.6 SUMMARY

In the present study, Ti20Zr20Nb25Ta25Al10 RHSA with different microstructures was
prepared and subjected to differing aging treatments. Aging at 600 ℃ for 24 h produced B2
matrix–A2 precipitates basket-weave microstructure and 800 ℃ for 12 h produced A2
matrix–B2 precipitates microstructure. The compression, tension, and fracture toughness
properties were examined at RT, 800 ℃, 1000 ℃, and 1200 ℃. In compression, the 600HT
condition showed strength as high as 1.7 GPa with low ductility, and the the 800HT condition
showed a slightly lower strength of 1.2 GPa with higher fracture strain (~18 %) at RT. At
elevated temperatures both RHSAs display considerable ductility exceeding 40%. During the
high temperature compression test, both RHSA heat treatments showed a similar mechanical
behavior. At 800 ℃ and 1000 ℃, where A2 + B2 phase is stable, grains were deformed
relatively homogeneously, and the rafting phenomena was observed. Under tensile loading, the
mechanical properties were poor, only deforming elastically, and with fracture toughness values
not exceeding 5 MPa√m at all elevated temperatures. All tensile and fracture toughens specimens
failed by brittle intergranular fracture. This intergranular fracture was likely due to the high
amount of A2 phase at the grain boundaries and the diluted grain boundaries in the 600HT
condition. The 800HT condition exhibited a higher tensile strength and fracture toughness
because it did not experience the same grain boundary dilution that the 600HT condition did.

The vast majority of testing on RHEAs and RHSAs have been done in compression.
These data are very misleading as one may misconstrue that if a material possesses compressive
ductility that it should possess some tensile ductility, but it has been shown here that that is not
the case, and should not be assumed. The 600HT condition and the 800HT condition showed
over 40% ductility at high temperature in the compression, similarly to other RHEAs and
RHSA’s, but the Ti20Zr20Nb25Ta25Al10 RHSA shows vanishingly small ductility in tension and a
fracture toughness of ~5 MPa√m at high temperatures. Compression ductility cannot be used to
make any inference on tensile properties of the material and tensile ductility is critical for real
world applications. This material shows significant promise in compression, but its lack of
tensile ductility and fracture toughness significantly limits its engineering application.
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Chapter 5
Conclusions

Understanding a material's mechanical properties and failure mechanisms is incredibly
important because it allows engineers to predict both how a material will behave under
engineering applications and how it will fail under certain loading conditions. This is critical for
the design of safe and reliable structural materials as well as the continued development of
higher-performing materials. Here, I have described the mechanical properties and failure
mechanisms of D&P steel, TRISO nuclear fuel particles, and RHSAs. D&P steel exhibits
delamination and TRIP toughening that allows it to have an exceptionally high strength and
toughness. Due to its highly tailored and layered microstructure, D&P steel bypasses the
strength-toughness trade-off to achieve yield stresses close to 2 GPa, while maintaining a
fracture toughness of 100 MPa√m and 75 MPa√m in the RD and TD, respectively. D&P steel’s
microstructure and mechanisms could be applied to other materials to increase their strength and
toughness. In the future, other materials may have their microstructure tweaked to add in these
toughening mechanisms to increase their mechanical properties. The next material type to be
examined were TRISO nuclear particles using in situ tomography. Two types of TRISO particles,
intended for use in nuclear reactors, were put into compression, and scanned during loading. The
full 3D image at 1000 °C during loading showed that the SiC layer compromised the high
temperature properties and illuminated the failure mechanisms with and without the SiC layer.
The reduction of strength in the PyC-2 sample at high temperature is most likely due to the
relaxation and redistribution of the residual stresses at elevated temperatures. Understanding this
mechanism will lead to changes in these particles' design and processing that will allow them to
be stronger at higher temperatures. With this knowledge it will be possible to improve the
performance of these particles in the future. Finally, the high temperature compression, tensile
strength, and fracture toughness of RHSAs was examined. The results show significant
compressive ductility but lack tensile ductility, and exhibit brittle, intergranular fracture at all
temperatures. This demonstrates that the compression data, commonly cited in literature, is
misleading. To ensure that the mechanical properties of other HEAs and RHSAs are accurate, it
is important that tensile data is recorded for these materials. Understanding the mechanisms of
the poor tensile and fracture toughness properties can be used to improve the materials
performance. The RHSA was brittle in tension due to low precipitation strengthening in the grain
boundaries. Further development of this and similar alloys can focus on increasing grain
boundary strength to increase tensile ductility and fracture toughness.

The forefront of research not only requires synthesizing materials that have complex
microstructures that endow them with properties that allow them to endure extreme
environments, but also requires a redesign of testing equipment in order to accurately reflect
these extreme conditions that these materials are designed for. It is impossible to test a material
that you want to operate at 1300℃ without a testing procedure and equipment that can achieve
this environment. The final part of my work has been the design of a furnace that uses gold
plated ellipsoidal halogen bulbs as a heating element. Inspired by a set-up used at the
tomography beam line, where six 150 W bulbs can heat a sample over 1200℃, this new furnace
design employs 16 of these bulbs. The simplicity of the design allows for reduced testing time
and a simpler set-up procedure that is not limited to any particular load frame. Moreover, this
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furnace can also be used in a vacuum or inert gas environment for oxidation prone materials. It
will allow small scale samples to be heated to high temperatures in a way that makes testing
much easier and significantly faster, thus creating the possibility to perform high throughput,
high-temperature testing, a necessity for the HEA field that is confronted with the overwhelming
amount of alloying combinations. With proper fixturing, small tensile samples can easily be
tested to determine ductility more accurately than compression tests allow, and three-point and
four-point bending specimens can be used to determine fracture toughness. Due to the high
melting temperatures of many HEA constituents, large bulk samples are not possible to create,
and therefore creating equipment to test small samples at high temperatures is a necessary
adaptation for this field.
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