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AESTRACT
Creep of metals and alloys at high temperatures is usually
diffusion-controlled. Nevertheless, the creep behavior is often sensitive
to various structural and substructural details. The secondary creep

rates, és’ of all coarse-grained fcc metals are given by
. 6 b fo; }'
ES = 2.5 x 10 T /G

where D = the diffusivity, G = the shear modulus of elasticity, b = the
Burgers vector, kT = the Boltzmann constant times the absolute temperature,
and 0 = thé applied tensile stress, The constant n increases from L.k

for Al to 5.3 for Ag in a consistént manner with increasing value of Gb/f
-where ' is the stacking fault energy. Whereas, many alloys give the

same trends, others in which the velocity of glide of dislocations is

limited by solute atom diffusion, give
N N 3
e, = 0.5 DGb g
kT G

At the steady state the substructure consists of subgrains demarked

by low-angle boundaries and more or less randomly meandering dislocations
within the subgrains. The density, p, of dislocations during steady '

state creep depends only on the ap?lied‘stress and is given by the same

relationship that applies to metals during low-temperature strain r

hardening, namely

%: 0.6 Gb\lﬁ'

The subgrain diameter increases almost linearly with G/0 for examples of

creep controlled by the dislocation climb mechanism,



{w

Alloys that do not undergo initial_sﬁraining do.-not exhibit the
usual primary stagé of transient creép. Thé decreasing créep rate that
is observed after initial straining seems to arise as a result of dispersal
of dislocation entanglements rather than to a decreasé in the mobile
dislocationldensity. Récent advances in devéloping_a.théory for
transient stage of creep will be discussed,
The effects of grain size, grain boundary shearing, and dispersions
on high temperaturé creep will be reviéwéd. Consideration will be given
to the implications of creep behavior for understanding_the phenomenon of

superplasticity.'
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I. INTRObUCTION

Whereas some mechanical properties of crystalline solids, such as
their modull of elasticity, are only modestly influenced by the micro-
structural details, other mechanical properties, particularly those that
relate to piastic behavior, are often quite sensitive to even small

variations in grain size, orientation, types of substructures, and other

microstructural features. High-temperature creep.constitutes an outstand-~

ing example of a highly structure-sensitive phenomen; the creep rates of
materials can easily be changed up to 106 times or more by introduction

of microstructural and substructural modifications. It is wholly

appropriate, therefore, that this subject be reported in a symposium that

is devoted to the "Quantitative Relation Between Properties and
Microstructure'.

Creep refers to the continued deformation of materials under
constant stress. Although it can take place over all temperatures above
the absolute zero, it aséumes majof importance in the high-temperature
range; namely above about one-half of the melting.temperature. Even
over this limited range of conditions, several different mechanisms of
creep are known to be operative. It appears appropriate to limit the
following discussion in this review to those‘examples for which rather
definitive correlations can be made between the creep raté, the sub-
structure and microstructure., As will be illustrated, a number of
differenf diffusion-controlled mechanisms are known.to determine high-
temperature creep rates and each is influenced in its own unique way by
substructural and microstructural modifications. It appears that those

mechanisms are common to all crystalline materials. In this report,



however, emphasis will be placed on the creep of metals and alloys because
more data is currently availablé on these systems,

It is fhe plan of this report to discuss the‘somewhat simpler case
of steady-state creép folldwed.by an analysis of transient creep. The
mechanical behavior will be ﬁresented as conciseiy~as p@ssible,_and major
emphasié wiil be given to the substructﬁral and microstructural correlations

with the creep behavior.



II. TYPICAL CREEP CURVES

Several common types of high-temperature creep curves are illustrated

schematically in Fig. 1, and documented in Table I. Most metals and

alloys exhibit a reasonably extensive range of steady-state creep, Stage II,

followed by an increasing creep rate, Stage III, characterized by micro-
fissuring, local plastic deformation and creep rupture. Major differences
between the creep curves of various materials, howéver, are noted over the
initial creep period, Stage I. Type B, which enters the steady-state

almost immediately, is typical of materials in which the substructure

(1-6)

pertinent to creep remains substantially constant . In contrast, the

(1)

usual creep curves of Type A, obtained for all annealed metals and

some alloys, exhibit a decelerating primary creep rate, illustrating the
continued formation of a more creep resistant substructure during the

transient stage. These same metals and alloys give creep curves of

(7)

b

Type C when they have been previously crept atba higher applied stress

or cold worked(l). The increasing creep rate over Stage I denotes the
recovery of the pertingnt substructure to a steady-state condition. The
same steady-state creep rate is obtained in these metéls and alloys
regardless of their previous mechanical treatment(B). It is clear,
therefore, that the sécondary creep rate is obtained when a balance is
reached between the rate of generaiion of the creep-resistant substructure
and the rate of its thermal recovery under the applied stress, The
sigmoidal type of creep curve over Stage I shown by Type D suggests(g)
the nucleation and spread of slip zones until the steady-state is
achieved..'It has been observéd in certain special dispersed phase

(10)

alloys . More complicated types of creep curves than those shown in
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TABLE I. Metals which display creep curves similar to those illustrated

in Fig. 1.
Type of Curve Metal Thermomechanical Reference
: ’ History
A - Ni Annealed 1
B Au . Annealed 2
B, AgMg Annealéd"v : 3
B, " AL | Annealed b
B, o Al-3.1%Mg Annealed 5
B3~ , Ag Al _ Annealed 6
By, Ni Cold Worked | 1
to € = 0,031
C ' Ni . Cold Worked _ 1
: to € = 0.034
C Al _ Crept at 7
Higher Stress
D , Nimonic Alloy Annealed v | ' 9




Fig. 1, however,‘are obtained as a result of periodic recrystal-

(11)

lization™ , or as a result of microstructural changes attending

(12). In order to limit this

precipitation hardening, overaging, etc
paper to tractable dimensions, the latter types of creep behavior will
not be covered here. : 3
IITI. NABARRO CREEP
(13)

Nabarro creep results from the diffusion of vacancies from regions

of high chemical potential at grain boundaries subjgcted to normal tensile
stresses fo regions of lower chemical potential‘where the average tensile
stresses across the grain boundaries are zero. Atoms migrating in the

opposite direction account for the creep strain, When volume diffusion
controls, the tensile creep rate, és’ is given by : |
3 ' l

« _  Dboo .
e, = A = (1)

% q%kT

where b is the Burgers vector, ¢ the applied stress, d the mean grain
diameter, and kT the Boltzmann constant times the absolute temperature.
#

The diffusivity, D, is obtained from the tracer diffusivity D , For

pure metals

*
D = ]—;—- (23)
and for binary solution alloys(ll)_
* % i
L. a’w  (2p) .
- * + * '
(NBDA NADB)f

where NA and NB are the atomic fractions of A and B atoms, and f is the

correlation factor. The dimensionless constant An depends insensitively

on the geometry of grains, but is’generally estimated to have a value of

from 8(13) to 5(15).
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Nabario,creep does.nbt involve the motion of dislocations. It
predominates over high?témperature diélocation—depéﬁdent mechanisms only
at low stress levels and then,-only=for fine—grained:métérials. Siqce
it is unaffected by substructural ghanges, Nabarro créep gives'curves of
Type B2 in which small transients are oécasional}y observed. Nabarro
creep ié characterized by creep rates ﬁhat Increase linearly with the
stress and inversely with the square of thé-érain diaméter, and have an
activatioh'energy that is nearly equal to that for self diffusion,

Nabarro creep has been studied in several investigations on pure

2y (2516) A‘g(l’(,18) u(_19,20)’ 'Ni(el)

metals and on a few alloy.systems: s C
' austenite(gg),vdelta—Fe(22’23), Be(gh), Mg(ZS), Fe-Si alloys(23’26),
Ni-Cu allpys(27), dilute Fe—N(23), and dilute Fe-P alloys(23).

Investigatiéns from which quantitative data could bé extracted are listed
in Table.II and the data fecof&ed in Fig. 2. In ordér to-provide;a
ready combarison of Nabarro creép with other méchanisms to be discussed
later, the data have been plotted in aécordance wifh a reformulation of .

DG R V1 G

Eq. 1, namely

 where G is the shear modulus of elasticity. The-aécuracy of the

theoretical expression for Nabarro creep can be judged directly from the
figure or Table II. The values predicted by Eq. 3, using the reported

grain geometry information and the appropriate Aﬁ,'are shown in the

2



TABLE II:

Experimental Investigations of Nabarro Creep in Metals

Theoretically predicted values of éSkT
DGbH

are given by 12.37

V2

for thin foil and polycrystalline specimens.

(&) 6)

for wire creep test specimens and by T7..48 (gi)éz)

Metal Data Homologous Activation Energy Grain Size of Specimens (in mm.) Ratio of
and Source Temperature in Keal/mole for: Test Wire Dia. Average € _exptl.
Code Ref. Range of Creep Diffusion Spec- or foil Grain ¢ vredict a
Creep Tests imens Thickness, Dimension, P €
D or t¥ qx#

Au(a) 2 0.89-0.97 L8 Ly 2 Wire 0.028 .028
Au(b) 13 0.96-0.08 51 44,2 Wire 0.131 .16
Ag(a) 1k 0.936 Wire 0.13 17 .

, 5
Ag(b) 15 0.967 Wire 0.203 LT I

.100

Cu 16 0.91-0.98 56.8 L7.1 Foil 0.203 .051
Ni 18 0.88-0.99 49.5 66.8 Wire 0.122 .16
Austenite 19 0.90h 67.8 Wire 0.122 .16
Delta Fe 19 0.990 61 56.5 Wire 0.122 i
Fe-6% Si 23 0.87-0.99 87 55.1 Wire 0.127 L
Be 21 0.66-0.72 ho+2 38 Rod 0.27** 27

¥Wire or foil test specimens generally develop grains which extend completely

diameter, D or foil thickness, t.

across their smallest dimension, the wire

*¥¥Equal to the grain size in thin foils or polycrystalline aggregates; equal to the average grain length in wire
specimens which develop a "bamboo"

structure.
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figure for.each creep in?estigation 5y dashed lineé*. vThe ”bést fit" of
the expefimental data to Eq. 3 is shown by solid ;ines. The agreement
between thegry and. experiment 1is genefally quife.géod in view of the
difficultieé of accurately characterizing gfaiﬁ size and geometry, and
in estimating AN.
Further confirmation éf Nabarro creep theory is provided by
observations on the effect of grain siéé on creep rates., Investigations

(19) (2k)

have shown the predicted l/dz-grain size dependence.

(19)

on Cu and Be

- (18)

Investigations on Ag and Cu have shbwn that negligible creep

rates are produéed in siﬁgle crystals under test coﬁditions which result
in signifiéant creep rates for fine—gfained polycryétals. The evidénC¢
for Nabarré creep, at low stresses and high temperature, is éften
convineing. Limitations of Nabarro éreép will bé disc;ssed in more detail

later in this report.

IV, STEADY-STATE CREEP

A. General Aspects of Mechanical Behavior.
At high temperatures the rate of creep of mosf metals and many solid
solution alloys is controlled by recovery of the dislocation substructure.

When the temperature is high enough, in excess of from 0.55 to 0,7 of the

¥Bxperimental information on secondary creep rates by other mechanisms
will be summarized in figures identical with that of Fig. 2. The sources
of the supplementary data needed for these figures, such as values for
diffusivity, shear modulus, and stacking fault energy, are.given in the
Appendix. Pertinent details of the experimental creep investigations are
summarized in tables usually located adjacent to the figures. Creep data
obtained from tests performed with single crystals are distinguished from
the more common polycrystalline test data by the symbol [S]. Alloy
compositions are stated in terms of atomic percent unless otherwise noted.
Table. IT summarizes information for the Nabarro creep investigations.
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melting point, Tm, dislocation climb appears- to be the rate-controlling
recovery process and consequently the rate-controlling step of creep.

The rate of dislocétion—climb creep depends sensitively upon the
dislocation substructure that is present in the metal. Creep curves of
types A, Bl’ C and D are observed, dependent upon the initial condition
of the metal and subsequent substructural changes. Eventually, a steady-
state is achieved in which both the creep rate and the rate—confrol}ing
substructural details remain constant. As will be shown later, the
steady~-state creep rates and dislocation structure are independent of
previous creep history and are reésonably’reproducible. Consequently,
steady-state creep is more readily analyzable than transient creep which
also depends on the initial substructure.

In a recent survey(28), it was shown that many aspects of steady-

state climb-controlled creep can be correlated by the semi-empirical

equation
ESkT _ AC (p_,)n ()4)

where AC and n are dimensionless quantities and the diffusivity, D, is
given by Eqs. 2a or 2b., For climb-controlled creep of pure metals and
solid solution alloys, n generally ranges in value from 4.2 to 7. Since
Eg. L is based upon the assumption that stéady—state creep is diffusion
controlled, its ‘use is festricted to temperatures where the activation
enthalpy for creep, HC, is equél to that for self-diffusion, Hd. Care
has -been exercised in the selection of data fepbrted here to exclude
creep tests wheré this condition is not fulfilléd. More will be said

“about apparent activation energies for high—temperaturé creep later in

this report.
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B, Climb-Controlled Creep in FCC Metals.

All avéilable dafa on the high;températuré sfeady—state creep rétes
of nominally«pure FCC metals are correlatable in terms of Eq. 4, as
documentedrin Fig. 3 and Tablé I1I. This.compilatioh of secondary creep
rates is based on more aCcuraﬁe values.ova.and G, és outlined in the

(28,46,47)

Appendix, than was possible'in preVioﬁs surveys ,In'addition,
manj nev data have.been added to pfdvide a more‘complete picfure of this
corfelatioh.

The trends shown in Fig. 3 confirm the validity of Eq. U4 for
individual FCCkmetals{ In fact, for a given value of O/G; the values of
éSkT/DGb for the different metals db'not deviate more thén sbout 60 times
from the‘meéﬁ of the band. |

If g1l factors pertinent‘to steady-state creep of FCC métals at high
tempefatﬁres had beeﬁ éorréctly inéorporated into_Eq.-h; all réiiable
aaté given in Fig, 3 should have clustered about:a single straight line
within:éxpefimental”accuracy‘of detérmining és’ T, D, G and 0. The fact
that such a unique correlation is not obtained reveals thaf additional
factors, not included in Eq., U4, are also pertinént f&r correlations of -
secondary creep rates, -

In the case of FCC metals it appears that tﬁe major facfor arises
from effects of stgcking—fault width on the dislpcation climb mechanism.

(48) . (49) '

Feltham and'McLean have suggested that, discounting a few

exceptioné; the creep rates of FCC metals seem to increase as the

(38)

stacking-fault energy increases. Barrett and Sherby ,interpreted_this'

as an effect of stacking fault energy on AC of Eq. 4, This concept was

(28)

extended recently ™ by the authors of this preseht review who emphasized



‘Table III: Experimental Investigations of Climb-Controlled Creep in FCC Nominally Pure Metals

Data are taken from constant stress creep tests, with the exception of the Al(b), Ni(a), Pt(a),
Ag(a), and Ag(d) tests which were conducted under constant load. n* is taken from the best fit
line of Fig. 4. Creep rates are predicted from Eq. 5 using n*,

Metal Ref'. Homologous n, Determined from: A, Determined from: Average value
Temperature _ »
Range of Isothermal Fig. , s of g_gfgf}__
Creep tests Creep tests 3 n* n,Exptl n* € predicted
Al(a) 29 0.57-0.93 4.5 4.5 W45 6x10° 5x10° 1.3
a1(b) 30 0.56-0.88 4.5 4.5 443 bx1o 2x10° 0.85
Al(c) 8 0.51-0.57 L4 L.h3 2x10° 2x10° 0.78
Al(d)(s] 31 0.55-0.96 4.4 4. 43 1xlO6 1x106 0.54
Ni(a) 32 0.62-0.80 LT 4.7 L4.7h 8x10° 1x10° 0.45 ?
Ni(b) 33 0.657 5.3 5.3  L4.74 ox107 2x10° 0.096
Ni(c) 34 0.62-0.80 L9 w7 b7h o 1xaof 1x10° 1.4
Po[S] 35 0.62-0.99 g N7 B6g x10® 0 axaoP a7
v~-Fe 36 0.67-0.86 ~5, 1 5.0 4,87 2x107 4x106 1.7
cu(a) 37 0.717 LT } . 4.99 3%10° 3x10° 1.1
.9
cu(b) 38 0.72-0.90 4.8 4.99 5%10° 3x106 1.1
cu(c) 39 0.75-0.87 4.9 4,99 3x106 5x106 2.1



Table III - Cont.

Metal Ref. Homologous n, Determined from: . A, Determined from: Average value
Temperature Y .
Range of Isothermal Fig. N or S &xptl
Creep tests Creep tests p) n* n,Exptl n* € predicted

Au 33  0.849 5.5 5.5 4,95 5x10° 3x10° | 1.1

pt(a) 50 0.59-0.63 5.0 5.0  5.08 3x107 7x107 2.7

Pt(b) 4 0.61-0.76 6.8 7.0  5.08 5x107° 4x107 1Y

Ag(a) 4o 0.72-0.82 '_ - } 5.30 2x10° 2x105 0.69

Ag(b) 43 o.707 - | 5.30 7x10° 7x10° 2.9

: | _ » 5.3 5 .
Ag(c) 4y 0.70-0.77 - 5.30 3x10 3x10 0.13
Ag(d) 45 0.66-0.70 - - 5.30 2x10° 2x10° 0.69 L
1
?

n determined from isothermal creep tests ‘whenever data available.
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that this approach assumes n to be the same constant for all FCC metals.
The alternate possibility, howevér, is that AC is a universal constant
and that the remaining parameter, n of Eg. ki, inéreases with the
dimensionless quantity Gb/T where T is the stacking-fault energy.
The nominal validity of the concept that n depends on the sﬁacking-

"fault energy is shown in Fig. L, where thé datum points refer to average
reporteq values* of n and Gb/I' and the vértical and horizontal bars give
the range of error estimated for theée values. Excluding the data of
Pt(b), Ni(b) which are obviously inconsistent with other investigations
on the same metals, n increases systematically with Gb/T. Deviations
from the "best-fit" solid line are within the range of scatter of the
experimental data. As shown in summary in Table III gll FCC metals
exhibiting normal creep‘trends have about the same values of AC = 2.5 x
106 when the "best-fit" value of n is adopted. Excluding the metal Pt,
for which Gb/I' is not well-established, the secondary creep rates of all

FCC metals (17 confirming examples) are given'by

€ kT n
gvr 6 fo .
Sep— = 2-5 x 10 (/G) (5)
within a factor of about two when n is selected from the "best-fit"
curve of Fig. 4. Such predicted curves are shown in Fig. 5, Which can be

compared directly with Fig. 3.

¥The sources of Gb/I' data are described in the appendix; values of n
were taken from Table III,.

ow



TABLE IV:

Experimental Investigations of Climb-Controlled Creep in Nominally Pure BCC Metals

Creep data for o-Fe, B-T1l, V, and Mo(a) are from constant stress tests. Other data are from constant

load tests.
Metal Ref. Homologous Temperature n, Determined from: - A, Determined
: Range of Creep Tests Isothermal Creep Tests  from Exptl. n
a-Fe (a) 50 0.486-0.568 6.9 7x10%
- * * % 5
a-Fe (b) 51 0.428-0.636 4 , 5-7 4x10
a-Fe (c) 52 0.515 . 4.5 8x10%
o-re (a)f 52 0.538 4.0 - 4x10°
. . |
. a5
: 13
Mo (a)[s]? 53, 235 0.582 ~6 | 1x10 '
a o . 9
Mo (b) 54 '0.665-0.958 ~5.5 3x10
Ta 55 0.600-0.895 . . : 4.2 - S 1x10
9
B~-T1 56 0.88-0.96 : ~5.4 2x10
_ 14
W (a) 57 0.694-0.844 7.0 8x10
W (b) 58 0.694-0.735 . 5.5 6x10-°
W (c) 59 0.605-0.681 6.0 and 4.2 5x10°°
W (d) 59 0.605 6.0 | 1x10%3



Metal Ref. Homologous Temperature n, Determined from: A, Determined
Range of Creep Tests Isothermal Creep Tests from Exptl. n
W (e) 60 0.570-0. 900 4.8 4x107
v 61 0.552-0.862 w4 5x10°
4

* o -
T=700°C and o¢/G<3x10
‘% o -
T<T700°C and ¢/G>3x10
-t
+

4

Determined from creep and stress relaxation tests.
€ values are estimated from tests which closely approached steady-state creep.

$1sothermal data unavailable.
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C. Climb Controlled Creep in BCC Metals.

All available data.on the high—temperatﬁre steady-state creep rates

d) are summarized in Fig. 6 and Table IV.

of BCC metals (for which H, = H
As.for FCC metals, the effects of stress énd températuré on the steady-
state creep rates in any tést séries seems to agree reasonably weli with
that suggeéfed by Eq. 4. In contrast to the FCC ﬁetals, the valueé of n
for BCC metals seem to vary much more widely, from L to 7. This'might
suggest that some additional factofs, not documentéd in Eq. 4, influence
the steady—state creep rates of BCC metals.. Unlike the case of FCC

metais; however, no systematic variations in either n or AC with respect

to obvious variables, are discernable. In fact; the variations in n appear
to be as great from one investigétor to another on the same métal as

they appear to be from one metal to another. This fact is illustrated by

the range of n values reported by different investigators for oa-Fe and

for W as shown in Table IV, Discounting the Mo(b) &nd W(a) data, which

appear to be somewhat suspect in terms of gquestionable experimental
control, all of the BCC data fall in a band of éSkT/DGb values that has

a variation of less than about 10 times from thé median of the band;

€ kT | RC R
oo < 2.5 x 10 (6) . | , (6)

It is significant that this variance is substantially less than that noted
for the FCC metals. It may also be significant that the creep rates of
the BCC metals, when plotted in accordance with Eq. 4, are similar in
magnitude to those of Al, a metal in which dislocatiqns are also
substantially unextended. Although.there is no firm evidence at present

as to what factors might be responsible the variance in n or the steady-
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state creep rates of BCC metals, it appears likely that purity might

have some effect.

D. Climb Controlled Creep in HCP Metals

All pertinent data for disiocation climb controlled steady-state
creep in HCP metals are summarized in Fig. 5, and Table V.  Discounting
a-T1, which undergoes a phase transformation at slightly higher
temperaturés, the creep rates of the remaining HCP metals can be

represented by the average relationship.

EsKT 2 2.5 x 100 <9> 5.25 (1)
DGb G
to within a factor of about 5 times. This equationiagrees quite well with
that for cfeep of FCC metals with low stacking-fault energies.

The creep of HCP metals at temperatures greater than 0.6 to 0.7 Tm
appears to be governed by a separate mechanism which is characterized by
a distinctly higher activation energy, given approximately by 27 RTm(67),
where R is the gas constant and T is the melting point of the metal.

The mechanism is as yet unidentified and will not be considered here.

E. Climb-Controlled Creep of Solid-Solution Alloys

At sufficiently high temperatures some solid-solution alloys creep
in accord with Weertman's viscous drag(68).mechanism and others creep in
nominal agreement with Weertman's dislocation climb mechanism(69,70),
Only alloys in the second group will be considered in this section.

All known examples of creep in binary alloys for which D and G are
also available are correlated in Fig. 8 and Table VI. Examples for which

D and G are unavailable are listed in Table VII. Most of the analyzed




TABIE V: Experimental Investigations on Climb-Controlled Creep in Nominally Pure HCP Metals

d

Creep data obtained at high temperatures where HC:>H

A1l data are from constant stress tests.
have been excluded from the analysis.
A, Determined

Metal ‘ Ref. Homologous Temperaturé_ ' n, Detérmined from:
_ "Range of (Creep Tests Isothermal from n of Fig. 7
Creep Tests Fig. 7
cd 62 0.576-0.710 ~4.3 4.3 1x10°
Mg () 83 0.497-0.604 ~ELT 5.7 6x10°
Mg (b) 64 0.59 and 0.757 4.2 ~5. T 8x10"
o-T1 56 0.582-0.847 ~5.0 . 5.0 1x10°
Zn (a) . 65 0.596-0.782 ~4.,5 . _ v 4
, : _ ' 4.6 " 3x10
0.597-0.735 ~T : ,

Zn (b) 66



- TABLE VI:

Experimental Investigations of Climb-Controlled Creep in Binary Solid Solution Alloys

All data obtained from cconstant stress

a constant rate of strain.

creep tests, except for AgMg which was tensile-tested at

Alloy

Cu-10.3
Cu~20.3
Cu-30.7

Ni-13.0
Ni-45.6

Ni-78.5

Ni-10.0
Ni-19.9
Ni-24.2

Ni-29.7

Ni-1z.0

Ni-20.7 -

Zn

Zn

Zn

Cu

Cu

Cu

Cr

Cr

Cr

Cr

Fe

Fe

71
71
71

39
39

39

34
34
34
34

72
T2

Homologous
Temperature

Range of

Creep Tesgts

0

0.

o

o

o O O O

.68-0.
68-0

.69-0

. 58-0.
.62-0.

.68-0.

75

.75
.75

83
83
89

.85
71
71
.85

. T4
T4

n, Determined from: - n¥, Selected

A,Determined
from Exptl.n

Isothermal from Fig. 4
Creep Tegts Fig. 8
4.8 4.8 5.19
5.3 5.4 5,687
5.2 5.4 5,87t
~5.3 5.2 4,89
~5.0 ~5.3 4.98
4T ~d 9 4.88
5 5.0 4.81
- - 4,87
- - 4.95
~5.0 ~5.0 5.05
5.5 5.5 4,89
4.9 5.1 4,88

1x10
2x105
8x10

4x107

8x10

8x10

4x10

1X106

2x10

5x10

Average
value and
exptl, of

predicted

o o o O @]

O

.070
. 90
.6

.70
.029

.049

.43
.38
AT

.75

.65
.17



. “ . - Y

Alloy .  Ref. Homologous n, Determined from: n*, Selected A,Determined Average
Temperature Isothermal from Fig. 4 from Exptl.n value and
Range of Creep Tests Fig. 8 exptl. of
Creep Tests _ predicted

Ni~-25.8 % Fe -T2 0.69-0.75 5.4 5.4 4,96 - 3}(107 0.51

Ni-31.0 % Fe 72 0.69-0.75 5.5 5.5 4,93 3%10" 0.19

Ni-40.7 % Fe 72 0.69-0.75 6 5.5 4.98 1x10° 0.37

Ni-61.1 % Fe 72 0.69-0.74 5.2 5.2 5.29 ~ 1x10f 11

Ni-80.3 % Fe T2 0.65-0.73 4.5 4.8 5.02 5}(105 5.1

Fe-5.8 % Si 73 0.510 5.3 5.3 - 1x101 -

(3 wt. % Si) : - ]

‘é\gMg [s] 3 0.67-0.76 5.7 5.7 - 5x10° - 5

' ]

50.7% Mg)

+ Obtained from linear extrapolation of "best fit" line in Fig. 4.
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Table VII: Experimental Investigations of Climb-Controlled

Creep in Binary Solid Solutions

Alloy (at.%)

Ni - 10 to 30% W
Austenitic

Stainless

Steels

Pb - 0 to 16% Bi
Fe - 2 to 11% Si

Fe - 7.5% Si
Fe - 0 to 4.5% Si
Fe - 11 to 28% Al
Fe - 15 to 20% Al
Fe - 0.3 to 5.2% Mo
Fe - O to 4.2% Mo
Fe - 1.9 to 9.6% Co
Fe - Cr
Nb - O to 10% Mo
Mg - 12% Ti

FeCo - 2% V

Crystal Structure

FCC
FCC

FCC.
BCC
BCC
BCC
BCC
BCC
BCC
BCC
BCC
BCC
BCC

HCP

B

{BCC }
CsC1’7

Is

= o

4.0
4.2-6.2
4.8,4.9

4.8

*
Undergoes a order-disorder reaction at T ~ 0.82 Tm

Ref'.

T4
75
76

al

35

78
79

80

82
80
83
80

84

86,87
89
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data are for FCC alloys, although one BCC alloy is included, Fe-5.8% Si.

AgMg, which is an intermetallic compound‘with a CsCl lattice type, has
been inclﬁded in the data analysis but will be discussed later. |

The stéady—staﬁe creep rates of the FCC alloYs that obey the dislocation-
climb mechanism fall into a wide band similar to that of the FCC metals.

A comparison of Fig. 8 with Fig. 3, éhown schematicall& in Fig. 9, shows

that the band for the alloys is displaced towardéAlower creep rates than that
of the metais. In all cases examined, the value of égkT/DGb was reduced

by solid Soiﬁtion alloying, in some cases only slightly but in others by

over an order of magnitude.

It seems likely that Gb/T has the same effect on the steady-state
creep ratgs of FCC alloys whiéh undertake the dislocation climb mechanism
as it doeé for the FCC metals. This effect may be responsible for the
slightly lower cree? rates of the ailoys, as itvis generally observed in
most metals that stacking fault width increases with'alloying. Alloying'
of such metals should thus be accompanied by a décfease in creep rate and
a small increase in .n.

Experimental uncertainties in the values of both n and Gb/T make a
direct comparison of n versus Gb/T for alloys, such as was done for pure
ﬁetals in Fig. 6, almost valueless. As Fig. 9 shows the stress range
covered by the creep investigations of the FCC alioys is rather narrow in
comparison_té thatvuseg for FCC metalsf The experimental uncertainties in
n are consequently much greater for the alloys ﬁhan those of the pure
metals. Furthermore} as pointed out in the Appendix, the available
Gb/T values for several of the‘alloys may represent jusf first approxi- _
mations to.the true value. For this reason, an indireét method wasvused
to check the possible dependence of creep rate and.n on stacking-fault

energy. The "best fit" line of Fig. 6, which was deduced from the more
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reliable pure metal value;, was used to obtain n for each alloy froﬁi

Gb/T' data. ‘Both this value and the experimeritally determined values of

n are listed in Table VI. Then values of éskT/DGb-wére_calculated using

Fq. 5 and compared to those obtained experimentally. Agreement between the
two rates to within a factor of five was obtained for all but two FCC alloys.

On fhis basis, it is. suggested that the steady-state creep rateé df
FCC alloys undertaking the dislocation-climb mechanism can be correlated
reasénably well with those for FCC metals assuming the validity of
n-n {Gb/F} given in Fig. 6 and Eq. 5. Whereas ést/DGb could have
been correlated almost.equally well with ¢/G by assuming that n is constant
and that ACEAC { Gb/F} for the alloys, such a correlation sppears inferior
to the one that is adopted here for the FCC metals themselves.

Dislocation climb-controlled creep is.frequently observed in BCC
alloys as Table VII shows. It is also observed in HCP alloys, althougﬁ few
data for HCP alloys have yet been generated. Because of the sparcity of
diffusivity data on these alloys,most of the available data cannot be
correlated using Eq. 4. Data for one alloy, Fe—S{B%.Si, has been analyzed
by making the assumption that the diffusivity can be extrapolated for
high temperatures without being significgntly lowered in value by
ferromagnetic ordering. The correlated creep rate is similar to those of
the FCC alloys as Fig. 8 shows, and the creep rate of the alloy can be
predicted to within a factor of four if the experimentally determined value
of n is used in Eg. 5. No cdnclusions should be drawn from this isolated
example., However, it seems probable that the creep behavior‘of BCC and
HCP alloys is not unliike thét of the pure metals and FCC alioys vhenever the

climb mechanism is rate-controlling.
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. Viscoué Glide Creep of Solid Solution Alloys.

The climb méchanism is réte-controlling'in solid solution alloys
whenever dislocation glide is rapid. As previously shown, it is
characterized by values of n which range.from 4.2 to 7. But éome soliq
solution alloys display values of n during créép which are nmuch lower,
3<n 5.3.6. ‘This type of behavior is obtained vhenever the'creep rate is
controlled by viscous glide of dislocations, as Weertman firsf

(68)

denonstrated .

A number of different dislocation-solute atom mechanisms may be

responsible for producing viscous glide creep in solid solution alloys.

Any interaction mechanism that can reduce the raté of:gliding dislocaticns
to a value which is so low that glide becomes slower than dislocation-climb
recovery'can produce such creep behavior. In principlé several mechanisms
can 4o this. When soluté atoms aré bound to dislocatlions through the

(89) (90) ' (91,92)

Cottrell , Suzuki s or other analogous interaction mechanisms
glide can proceed no faster than the fate of solute atom diffusion. When
disorder is introducéd intd a crystal by glide of a dislocation, the
steady-state glide velocity is limited by the rate at which chemical
diffusion can réinstafe order behind the gliding dislocation. In such
alloys glide is diffusion—controlléd, and 1s consequently much slower than
glide in pure metals. In some metals, at least, this can lead to glide-
controlled creep.

A straighthrward derivation for the rate of glide-controlled creep,
vhich does not invoke fixed dislocation sources or glide of dislocation

arrays, can be made for the simple case where all dislocations within a

crystal drag Cottrell atmospheres. Because steady-state creep is
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restricted to high temperatures we need consider.only dilute solute atom

atmospheres, where each extra solute atom of the atmosphere subtends a

distance A of the dislocation. Under steady-state conditions the force

» acting on the dislocation segmentvk due to a tensile stress O, namely

0 A b, equals the force exerted on each additional atmosﬁhere atom. As EQ
>

<o

each atom jumps forward one Burgers vector under the action of this force,

the dislocation alsc moves forward one Burgers vector. Therefore, as shown

(93)

by Friedel , the steady-state tensile strain rate can be approximated

by

° - , -g 2 2 ﬁ
€= 2/ pbv = 2/ pb fvb) b exp d} Jexp [+oAb "\ - exp [-0Ab (8)
" 3 3 A kT 2kT 2kT ;

1
vhere v is the mean dislocation velocity, p the dislocation density, Vv the i
Debye frequency and 83 is the free energy of activation for solute atom 4

diffusion. Since 0Xb2<<2kT and the diffusivity is given by

sy S 2 o

D = vb° exp(-g,/kT) (9) o

wend o el B et

the viscous. drag equation reduces to

. 3 .
€ =2/ oD ob (10) !

The diffusivity for these cases differs from that given for the c¢limb ' _ '

N , _ |
mechanism since it refers to the chemical interdiffusivity of the alloy, f

6, or equivalently to the Darken(gu) expression for.interdiffusivity * ;
~ * ' f
5= {mp_ +np *) 1+ 210, ‘ (11) 5
ATB B A P ;
, dlnNA '

for binary solutions where Yo is the activity coefficient of the A species.

R e T e
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As will be .demonstrated later, the density of dislocations, p, is
given by -
0y = Gp.\/; 3 (12)
where o is a constant equal to about 0,6, Consequently, the tensile strain

rate is given by

Me

_ 1 @b (c”r/G)3 (13)
s é*2 KT
o) . .

or equivalently by

L 2N

. €_kT L AD : ’
L g
o = Ag(é) ‘_ (14)

which is analogous to Eq. 4. For the simple case of viscous glide creep -

that has been considered

8 o :
5= 0.5 (?) . (15)

This result is similar to that originally dérivéa'ﬁy~Weértman. The only
différence’is that the pré-exponential term Ag is independent of solute
concéntration and indepéndéﬁt of theﬂdetails.of the Cottréll interaction
méchanism, This latter difference is significant, for it suggests that
the raté'of glidéncontrolled_creep,should be given approximately by Eg. 15
regardless of the‘ﬁéchanism‘Which restricts glide in the alloy..

A review of the literature shoﬁs that viscous g;idé créepbis rate—
contrélling in the solid'sblufion alloys that are documented in Tables VIII
and IX.;VFor thé'alloys of”TabléAIX insufficient data are préséntly
available on thé values of D and G to pérmit a test of Eq. 15. Fortunately,
reasonaﬁle values for the;e qpantities.can be eStimatéd for a numbér of

other sclid solution alloys as described in the Appendix. The creep rates



Tabie VIIT
Comnounds
Peta for Au-Ni, £-CuZn, and AgpoAl alloys have been obtainsd from consitant siress creep tests, cata
for Al - 3.1% Mg from constant load creev tests. Stezdy-state creep raies for other Al-Mg alloys
were obtained from constant strain-rate tensile tests; data from these tests were reported in terms
of shear stress, 7, and shear strain rate ¥, but have been converted to tensile data assuming that
o =21 and € =2/3 %.
nomologous Temrerature rn, Determined Irom L, Determinec
Isotnermal
Alloy Ref. Rarnge of Creep Tests Creep Tests Fig., 11 from Exptl. n
Au - 10% Ni 33 C.878 3.4 3.4 2.2
Au - 25% Ni 33 0.218 3.4 3.4 3.2
Au - 50% Ni 33 0.217 3.1 3.1 0.63
u - 66% Ni 33 0.88 2.9 2.9 3.3
Au - 78% Ni 33 0.82 _ 2.0 3.0 1.8
i
Au - 87% Ni 33 0.75 3.8 3.8 T1. @
1

Al - 5.5% Mg 95 0.82 - 0.77 2.8 - 3.3 3
Al - 3.3% Mg [S] 96 0.87 - 0.77 3.5 A3
Al - 3.3% Mg - 95 0.62 - 0.78 3.5 3
Al - 3.1% Mg | . .53 - 0.85 | 3.5
Al - 1.1% Mg [S] 96 0.72 4.2
Al - 1.1% Mg 95 82 - 0.77 - ~3.8 1.2 x 10

O O O
!

NiAl (54% Al) [S] 97 0.55 - 0.8 3.3 3.3 4.6

B - Cuzn (47.5% zn)[S] =~ 98 0.65 - 0.72 - 3.4 2.6
R'-CuZn (47.5% Zn)[S] 98 0.38 - 0.65 - ~3.0 0.005
hg,AL [S] 6 0.53 - 0.65 3.6 3.6 1 x 10°
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Table IX. Experimental Investigations of Viscous Drag
Creep of Binary Solid Solutions and Intermetallic
Compounds .

Alloy N n ~ Ref
In - 0.9 to 12% Pb 4,5_60 3.0 35
In - 1 to 5.1% cd 4.6 to 3 35
‘In - 0;4 to 6.0% Hg 4.5 to 3.6 35
In - 4.7 to 36% T1 4.3 to 3.2 35
In - 1.6 to 7.9% Sn . 4.4 to 3.5 35
Pb - M.M.tb 19.4% Sn 4.5 to 3.1 35
Pb - 1.8 to 4.8% cd 3.8 35
Pb - 3.5 to 64% In 5.0 to 3.1 BT
W - 25 to 5o5wt“%'Re 3.8 | 99
Au - 27% Cu 3.4 100
MgCd 3.4 101
TiN1 - 3.0 - 102

Ni - 20% Al - 10% Fe 3.2 o 103
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of these alloys which have been correlated with.Eq._lﬁ, are presentéd in
Fig, 10 and documented in Tablé VIIT,

vThe most striking aspéct of Fig. 10 is the close agreement found
betWeén.the experimentally measﬁred steady-staté creep ratés and those
predictéd from Eq. 15. Only two of the alloys investigated, Au - 66% Ni
and orderea g'-CuZn, have créep rates which are substantially different
from the:predicted values; examination® of the original Au-Ni creep data
suggests that thé rates of the Au - 66% Ni alloy may be too high by a
factor of about 10.

Thé other intéfesting aspéct of Fig. 10 is that n is_often‘greater
than the theorétically suggésted valué of 3. The Au~Ni and Al-Mg alloys
demonstrate the usually observed effect of solute concentration on n(35).
As alloying content increasés n,veérs from values characteristic of

climb-controlled creep towards the limiting value of 3 that is predicted

from simple models of viscous glide creep. This indicates that the

mechanism of viscous glide creep 1s sensitive to solute atom concentration.

Presently formulated models of viscous glide creep are not yet sophistocated

-

enough to predict such behavior. It is perhaps best to.think of them as
representative of the limiting case of viscous glide creep.
Up to the present it has not been possible to predict which solid

solution alloys should creep by the viscous glide mechanism and which

*A plot of log €_, obtained under the same stress, vs % Ni parallels a
similar plot of log D vs % Ni, except for Au - 66%Ni.
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should creep by dislocation climb. In sttempting such predictions it should
be'képt inbmind that two criteria must'ﬁe Simﬁltanéously satisfiéd before
visqous glidé creep can réplace disiocétioﬁ climb ésbthé rate-controlling
nechanism during highrtémpératuré éréé@: |

1. S&luté atomé muét'bé.bound-to gliding disioéations through some
solute.atom;dislocation.interaction or ordéringvméchanism? |

oL Thé resulting raté.pf dislocation glidé mﬁét bé;leW‘enqugh to

be ratéQCQntrolling durihg sféady»staté creep1. This critérion is met only
whenvés (Eq. L) > és (Eq. lh).

In the past it has not béen possiblé to aécuratély fOrmulaté the
second critérion. With the'cofrélations developed in this réport it may
be possibie to formulate this criteriohbwith sufficient accuracy to make

predictions on the creep mechanisms of solid solution alloys feasible.

Very few reliable data are available on the high~temperature creep of

(104,105)

intermetallic compounds In a large number of compounds significant

creep strain is not observed until a temperature of as high as 0.6-0.7 of

(106).

the meiting temperature 1s reached .Furthérmbre, the reported
activation énérgies for high—témpératurévCréép of intérmétallic compounds
do .not alﬁays_agrée well wifh,thosé_for difquion.; The.only unqualified‘
éxamplé of steady-state creep by the dislocation-climb mechanism is that
for‘AgMg.shéwn in Fig. 8. 1Its creep'raté is givén by

€ KT g [o 2.1
s S WTx 100 {6 - (16)

Its correlated creep rate is .not unlike that of thé solid solution alloys

shown in Fig. 8. Despite the nominal agreement, no generalization should
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be inferred regarding climb-controlled creep of intermetallic compounds from
this singular case.

H. 'Steady-State Creep of Dispersion-Strengthened Alloys.

High-temperature créep of dispersion-strengthened alloys is a complex
phenomenon that is not wéll understood. The creep behavior 1is so sensitive
to the type and nature of the dispersion that different processing histories
oftén lead to creep by entirely differént méchanisms evén in the same alloy.
For this réason.it has provéd difficult to systematically characterize all
of the different types of creep behavior that have been reported for
dispersion-strengthened alloys. Howevér, two types have occured with
sufficient ffequency-that some comments can be made.

The first type is characterized by a very high activation energy of

creep (often several times greater than H.) and a very high stress

d
sensitivity (n = 40 in one investigation). This behavior is frequently
observed. in metals in which a very fine dislocation substructure or fine

grain structure is stabilized by the dispersed particles. Often such

struetures appear to have a fibrous structure. Examples of this type of

behavior have been reported for Al - Al,0, dispersion alloys (SAP)(lOY),
Ni - A1203,alloys(108), TD nickel(log), and In - glass bead composites(llo).
Guyot(lll) has recently shown that the high-temperature creep of SAP

appears .to agree with predictions based on a mechanism involving the
thermally activated breaking of ‘attractive junctions. The high activation
energy and stress sénsitivity of creep which are observéd in SAP can be
semi-guantitatively accounted for by this mechanism. It seems possible
that the very low creep rates which are observed in some dispersion-

strengthened systems result from restraints that are imposed by a dispersed



TABLE X: Experimental Investigations of Creep in Dispersion-Strengthened Alloys.

Stress Creep Tests.

A1l Data Obtained From Constant

2

Averagé Inter- Particle
: Homologous Température n, Determined . particle Spacing Radius li
Metal Ref. Range of Creep Tests  from Fig. 11 X, in A r,ina TP
Ni-1.00"/o Tho, (a) 113 0.57 = 0.66 " 7.6 5290 21) 52500
Ni-1.00"/o ThOzv(b) 113 0.56 - 0.73 8.0 2505 - 110 22900
Ni-2.66" /o ThO,, 113 0.60 - 0.69 7.3 3670 263 20600
Ni—h.hlv/o.Thoz 113 0.68 - 0.72 T 2990 275 13100
Ni-2.56"/0 ThO, 113 0,57 - 0.75 7.5 1760 110 11400
Ni-0 % Cr - 1.00"/o ThOé 11k 0.56 - 0.73 8.0 2505 110 22900
[Same as Ni-1.00"/o Tho, (b)]
Ni-15.0 % Cr - 1.00"/o Tho, 11k 1 0.64 - 0.83 6.3 - 2070 81 21200
Ni-24.8 % Cr - 1.00"/o Th02 -1iu 0.65 - 0.82 6.9 2165 78 24300
Ni-35.6 % cr - 1.00"/0 ™o, 11k 0.65 - 0.83 6.2 2290 88. 24100

...Sg._
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phase on the climb recovery of attractive junctionms.

vThe high-temperature creep of a second type of dispersion—strengthened
metals seems to conform well with expectations based on the dislocation
climb mechanism(77’112—llh).  Creep is diffusion-controlled and the stress
dependence of steady-state creep is given by a power law expression with
n generally about 7. In TD nickel alloys this type of behavior is observed
only after extruded material is "recrystallized" prior to.testing to
produce a less complex stabiliéed dislocation substructure(log’ll3).

The.steady»state creep rates of two dispersion-strengthened systems
of this second type are Correlated.with Eq. 4 in Fig. 11, and documented
in Table X*; The members of one system have metal matrices while those
of the other have alloy matrices. Both of the matrix materials are known
to creep by the dislocation-climb mechanism when no dispersed phase is
present. Cases where the alloy matrix alone creeps by the viscous-glide
mechanism have not yet been investigated. In order to facilitate
comparisons the éskT/DGb versus 0/G curves for Ni, Ni - 10% Cu and
Ni - 30% Cu are shown by broken lines. As shown in Fig. 11, dispersiocns
invariably decrease the steadyhstate creep rate below.that for the matfix

alone and in some instances by over 4 orders of magnitude. In addition,

the dispefsion strengthened alloys exhibit a higher value of the stress

¥The value of G used in all analyses was that of the matrix material alone.
This was selected because during creep the 81gn1flcant dislocation
reactions occur within the matrix, :
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exponent n.of Eq. 4. The variation in n among the various types of
dispersions; however, -appears to bé soﬁéwhat random suggéstiné that n
might well be approximated by the average value Cfvn = T. On this basis
the steady-state creep ratés of the'dispérsion strengthened systems might,

over the available range of data, be approximated by

ést (U/ l E
o - M Gﬁ (17)

where Ad is now highly sensitive to the geometrical details of the

dispersion.
The most popular theories for steady—state creep in dispersion~

strengthened alloys are those presented by Ansell and Weer‘tmam(1 7).

(115) discussed their possible validity in considerable

More recently Ansell
detail. One analysis applies to cases where the stréss can extrude
dislocations past the dispgrsed particles by the Ofowén process; The
dislocation rings ieft about the particles are then eliminated by climb

of dislocations, whereupon, new dislocations are emitted by fixed sources.
As shown by Clauer and Wilcox(llB), the dispersiops in the systems
documéntéd in Fig. 11 are too fine to permit the operation of this model.
In the alternate model dislocations cannot éxtrude bétwéen the particles,
but the dislocations climb ovef the particles. Neglecfing the questionable
assumptioﬁ regarding_the operation of fixed dislocation sources, this

model suggests that Ad increasetlinearly w;th x2/br, Wheré A is’about the

mean spacing between the particles on a slip plane and r is their mean

radius, According to this model, n ® 4,5 in lieu of the above documented

(113)

experimental value of about 7. Clauer and Wilcox . discussed a similar

model. They suggested that an effective stress equal to the applied stress
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minus an average back stfess, be introduced in lieu of the stress 0. By
Judicious selection of such a back stress the valué of n ccould be réduced
to the thedretically‘expected value. . Unfortunately, this concept is
inappropriate for all climb=-controlled méchanisms.

As shown by the data presented in Fig. 11, Ad sééms to lncrease with
Kg/br. The data exhibit considerable scatter, however, and the observed
inérease is far from linear. A second major théoretical problem concerns
accounting for the high values of n that are observed in dispersion-

strengthened alloys.

I. Activation Energy for Diffusion-Controlled Creep

The previous analyses have shown that when creep is diffusion-

controlled the creep rate can be represented by

DGb ,0.,"
'E;F' (z) (18)

where A’ is a parameter which is constant at steady state. For both
Nabarro and climb-controlled creep D is given by Eg. 2a or 2b, while for
viscous glide creep it is given by Eq. 11. Because of the inclusion of

G and T in Eq. 18, the apparent activation energy for creep

3ln & Alne
Q. = [7—1—] = [ (19a)
¢ a —RT) g = A(—%I-II—)]O' =
constant : constant

is always siightly different from the activation enthalpy of diffusion

31lnD
Hd = T (19b)

3 (-gyp
It is convenient therefore to define an activation enthalpy for creep,

Hc, which does not contain terms arising from either G or T:
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o T, -3G
H, = Q, - RT[(n-l)a( 55& -1] - (20)

When creep is exclusively diffusion—cohtrolled-it Shogld be found that

For Wabarro creep, where n = 1, Eq. 21 réduces to simply H, = QC+RT.

An estimate of the bracketed term of Eq. 21 for cases where n > 1 can be
deduced from the average variation of G with temperature. As shown in
the Appendix; the shear modulus of most metals and.éolid solution alloys
can be represented at high temperatures by

_ T |

G =06 (1-p8=—) : (21)
-0 T
m

where GO is the shear modulus of elasticity extrapolated to the absolute

zero,‘T/Tm is the homologous temperature, and B is a material constant

With a normal range of from 0.35 to 0.55. For suchxmetals Eq. 21 reduceé

to
) -1

3
w©®
P-E!TF-H

. - o (22)

1 - 8(z)

m,

P—Z]'P—El

For 8 = 0.45 and n = 5, H, is equal to Q, - 0.16 RT at T/TIn = 0.5 and
equal to Q, - 2.27 RT ét T/Tm'é 1.0. For a temperatgfe of 1000°K, this
corresponds,to Q. - 0.3 Kcal/mole and Q - h.s5 Kcal/mqle respectively.
The experimental error .involved in most measurements of Qc is usually

at least +5 Kcal/mole. Conseéuently for most metals and solid soluﬁion'
alloys undergoing creep by a climb or viscous drag mechanism, under most
conditions HC = Qc to within the accuracy of the experimental data.

Throughout the preceding‘data analyses caré was exercised to include
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only data for which it could be shown that Hc = Hd' The agreement between

HC and H, that was observed for the pure metals has been documented

a
(28)

previously Figs. 12-15 show that reasonably good agreement between

Hc and'Hd is obtained for climb-controlled creep of FCC alloys. For

the intermetallic dompound AgMg agreement between Hc and Hd to within

1 Kcal/mole is obtained. The correlation between Qc gnd Hd that is

observed in the Ni-Th02 and Ni-Cr—ThO2 dispersion systems has been

(113, 11h4)

previously discussed by Clauer and Wilcox The values of QC,

Hc, and Hd that have been computed from their data are shown in Fig. 16.

Such comparisons are more difficult to make for alloys which creep
by the viscous glide mechanism because of the scarcity of systems for
which data is available on both HC and Hd' In the case of glide-

controlled creep H., must be obtained from measurements of chemical inter-

d

diffusivity or from the temperature dependence of the Darken expression
for interdiffusivity, Eq. 11.

The activation energy for chemical diffusion in the Au-Ni system

(116)

has been measured directly in early experimental work , but is known

to be inaccurate, especially in the region of composition Au—80%Ni<ll7).

For this reason Hd for Au~Ni alloys was estimated indirectly from the

value of D at 860°C (the temperatufé of the creep investigations)
using the assumed relation D = exp (-Hd/RT). Since the value of D

at this temperature is reasonably accurately established (see Appendix
Fig. A3), this method might be expectéd to yield reasonable estimates

for H_.. A comparison of Hc and H. for alloys investigated in the Au-Ni

d d

system is shown in Fig. 17. Using this method somewhat betier sgreement is

attained between H and Hy for this system than was previously thought
(33, 118)

to exist .

Close agreement between Hc and H Iiéqfound for creep of the B-CuZn

d
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(98)

alloy in both the ordered and disordered state For this alloy Hd
must be estimated from the temperature dependence of tracer diffusivity

and chemical activity coefficient measurements, as chemical interdiffusi-

vity data are unavailable. It follows from Bq. 11 that

%(g %) + ®(Q * o ‘
_ NBDA (Hd )A NADB (H )B 3 ln-|191ln a
By = N,Dg¥ + N.D *¥ NI p— (23)
B"A 3<—RT) .81? NA
where Hd* is evaluated from tracer diffusivity measurements‘ ? of each

alloy spécies using Eq. 19b. The first term of qu.23 is,>for convenience,
called H¥, and the second term AH. Values of H¥, AH, Hy, and H, for Both
ordered and disordered B-CuZn are given in Table XI for temperatures just
above and below the critical ordering temperature (T, = TL1°K). The
values of AH havé been crudely estimated from available data(lQO) in

Fig. A5 of the Appendix. As shown in Table XTI clbse agreement is observed

between Hc'anded'for CuZn in both the ordered and disordered state,

although the values themselves change appreciably between the two states.



Activation Energy for Diffusion and Creep in B8-CuZn

Table X:
: H* AH Hg H,
State of Order Temperature (°K) -_- (Egél/moig) T
Disordered T73-823 24,1 3.3 27.4 25
Ordered 653-713 39.7 k4.7 VI R I |

e
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V. CCRRELATIONS BETWEEN STRUCTURE AND STEADX—STATE CREEP RATES:

In fﬁe earliér sections of this report major émphasis.was placed on
the effeéts of the applied stress, shear modulué of‘élasticity, test
temperaﬁure, diffusivity, and stacking—fault.energies on.the steady-state
creep fates of some metals and alloys. Correlationévbetween steady-state
creep ét hiéh températurés, cfystal:structure, grain size and substructure
will now be discussed.

A. Crystal Structure

The.méchanicai behavior of mdst crystalliné_materials at low
temperatures'uéﬁally exhibits features which are uﬁiqpevto.eaCh type of
crystal structure bécause of thé differences which'EXist betwéen the types
and enemﬁtics of the dislocatidn reactions that arevindigenéus to each
crystal étrué£uré. .At éufficiently high;températﬁrés, however, fluctuations
in thermél energy become‘so violent thaﬁ'dilecéfions'aré rapidly
activated past all shoft—range barriers to their giide even at quite low
values of'thé applied stress. Thus, screw dislbca%ions, even in metals =
coﬂtaﬁninglquite lo% s%acking—fault énergies, seem to crdss slip with
relative ease at iow stresses provided the temperature is sufficlently
high. . In contrast, however, dislocations containing edge components, whichv
aré confinéd to slip on their glide planes, can circumvent long range
interactions only by dynamic recdvery as a result of diffusion of
Vacancies'gnder’local chemical potential gradiénts so as to climb. These
conéiderations suggest'thét.high—témperatgre créep might be insensitive |
to_différences in disloéation reactions.in the severél crystal structures.

The previous analysis shows that in large measure this deduction is wvalid.

Alloys which creep by the viscous-glide mechanism display nearly identical
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creep rates over wide ranges of stress when correlated with Eq. 1k,
regardless of crystal structure. Métals and alloys which creep by the
climb mechanism have creep rates which correlate into the same wide band
when plotted as éSkT/DGb versus (O/G)n, regardless of crystal structure.

Déspite such gross correlations; differencés do appear. The rather
consistent variation of n with Gb/T in the FCC metals strongly suggests
that the separation of the partiél dislocations by thelr attendant
stacking fault is the major factor in accounting for thé wide band of
éSkT/DGb versus 0/G in this structiure, The fact that the narrow band of
éSkT/DGﬁ versus 0/G for the BCC metals falls near that of Al, which has
the lowest vélue of Gb/T for the FCC metals analyzed, seems to confirm
the effect of stacking fault width on the climb mechanism. Solely on
this basis, however, it 1is not evident as to why the creep rates of the
HCP metals, which on thé average have intermediate values of Gb/I', should
cluster near those for FCC metals that have high values of Gb/T.
Undoubtédly, other as yet unknown faétérs also play a role in high-
temperature creep. This is further emphasized by the fact that the
reported values of n for BCC metals vary from 4 to about 7. Different
invéstigators often réport quite different values of n for the same metal.
Although such variations in n suggést that impurities in BCC metals might
influence directly or indirectly their high,temperature creep rates; as
yet their is no wholly conclusive evidence on this issué.

B. Effect of Grain Size,.

The results of early investigations on effects of grain size on

high-temperature creep have been reviewed by Conrad(lgl)'and Garafalo(l22).

The early reported data seemed to give rather inconclusive results.
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Whereas sbmé data suggested .that the creep rates decreased with increasing

grain size, others suggested that the opposite trend was valid.

(12_2)

Garafalo suggested that the reported trends inferred the existence

of a minimum steady-state creep rate at some intermediate. "optimum" grain

size. Such a trend seems to have been obtained in mdnel(123).

The data that were documented in the earlier sections of this report,
excluding, of course, that on Nabarro creep, refufe the concept that the
steady-state creep rate for either the dislocation climb or the viscous

drag mechanism depends appreciably upon grain size, The values of

éskT/DGb versus 0/G for all metals or alloys of each class agree quite

well with.one another régardless of major variatiOnélin grain size.
Moreover, the creep rates of single crystal Pb, M95 AgMg,vAg2Al, and
B~CuZn correlate well with polycrystalline metals in their corfesponding
class. Even more convihciﬁg, however; is the obsérvation that the steady-
state creep‘ratés for single crystals of Al (Fig;.B) and Al-Mg alloys,
(Fig. 10) do not differ by more than a factor of 2 from those of poly-
crystalline test specimens when tested ovér a wide range of o/G.

Recent data confirm the invariance of the stéady-state creep rate
with grain size above a critlcal value. The moét conclusive investigation
on this issue was reported on Cu by Barrett, Lyttoh and Sherby(lgh). ‘
Additional evidence that steady-state creep rates are independent of
grain size over thé range of ASTM 8 to 1 in.ferritic and austenitic steels
has beén‘summarized by Hopkin(l25)i

The.evidence is equally firﬁ thaf»below a critical grain size the
stéady—state creep rate incréasés with.decréasing grain size. The major

(12L4)

evidence reported by Barrett, Lytton, and Sherby for randomly
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oriented Cu 1is shown in Fig. 19. Cube-textured Cu gave a similar
result but developed a slightly lower stéady—state creep rate which the
authors ascribed to an orientation effect. Although Garafalo et al§76)
suggested that an optimum grain size for créep resistance is obtained in
austenitic stainless steels; their data were also plotted in Fig. 19.
Within the normal scatter band these data also suggest that as the grain
size is decreased the steady-state creep rate remains constant until the
grain size is reduced below a critical valué, whereupon the creep rate
increases with additional reduction in grain size. The fact that the
critical grain size is about the same for Cu and austenitic stainless
steel is undoubtedly a coincidencé.

Although the rate of Nabarro creep increases with decreasing grain
size it is easily demonstrated that it cannot be reSbonsible for the
above-mentioned grain-size effects. Its contribution to the total creep
rate is negligible for the values of 0/G at which the above discussed
grain-size effects are obtained. It wili be shown later that the usual
grain sizé effects are attributable to increased contributions of grain
boundary sliding to the over all creep rate with decreasing grain size,
particularly at the lower values of applied stress.

C. General Features of Creep Substructure.

The dislocation substructures which are developed during creep at
high temperatures aré, in many ways, similar to those that are formed
during deformation at lower temperatures. This should not be surprising
since all of the dislocation interactions which take place at low
temperatures also take place at higher ones, The primary effect of a high

temperature is to make thermally-activated recovery processes, such as
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dislocation—climb and recyrstallizatioh téke place:at a rapid_enough
rate so that they too contribute'to tﬁe'proceeses wﬁiCh determine the
final disposition of dislooations. In therpast there has been a tendency
to emphaeize the differenCes between substructdres developed during creep
and those developed at low teﬁperatures where siip is accompanied by
strain hardening and cross-slip bﬁt'noﬁ‘Elimb. it is becoming increasingly
apparent;.hoWever, that the dislocation substrucfures deveioped during
oreep have ﬁany features in common vifh,those developed at lower
temperatures. This is an important observaﬁion for it means that studies
of low-temperature dislocation substructdres can be used as a guide for
future investigations of creep sdbstrdcture. The discussion vhich follows
will point;out similarifies and differehces in high and low-temperature
gsubstructure.

The dislocation'subsfructures which are produced:during initial
straining upon applying a stress at high.temberétures are essentially the
same as those produced.ddring Stage IIi deformation belOW'one—helf of the
melting point(126’1272 Ciimb recovery~is negligible'in'such a shorﬁ
period of rime. After-streseing, hOWever,‘climb reCOvery does begin and
substructural changesﬂtake place which result iﬁ transient creep. These - .
will be described later in this report and We will consider here only the
substructUre that is developed at'steadyestate creep.

The'moet promineﬁt feature of_ahy steadyéstate'oreeﬁ substructure iev

(126,128)

the non~-homogeneity with which dislocations are arranged After

(129)

creep deformation, Just as'after_deformation at'low'temperatures )

most dislocations are heavily concentrated in somé regions of a crystal;

far fewer are located in the regions in between. . The regions of high

dislocation density form-a pattern of cells or. subgrains which inclose
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regions of lower density. The cell walls, which are developed during low
temperature deformation, always encompass a measureable volume (often as
much as 20% of a crystal), and they are composed of dense dislocation

(129)‘

tangles In contrast, the subgrain walls which are developed during

steady-state creep often encompass a volume which is too small to measure;
they are better described as low-angle boundaries(126’128’13o). As a
consequence the substructure which is developed during high-temperature
creep 1is usually described as a collection of subgrains which are formed
by tightly knit, two dimensional dislocation boundaries. Within the
. . ) i : (131)
subgrains the density of dislocations 1s low .
In general, temperature seems to have less of an effect on the
arrangement of dislocations within cells or subgrains than 1t does on
: s i (46,132)
their arrangement within the cell or subgrain walls. Mclean was
the first to realize this and has emphasized that dislocations within
subgrains are linked together to form a three dimensional Frank

network(l33-l35)

,» which is nearly identical tc that which is found within
cells during Stage III deformation at lOW’températures. This observation

is true for many low stacking-fault width FCC metals and BCC metals,
although it may not apply to FCC metals with high stacking-fault width.
Investigations of deformation suﬁstructurés at low temperatures show that

in higher stacking~fault width FCC metals, dislocation 'slip is mainly
confined to the primary slip systém, and that as a result, dislocations

tend to be aligned alcng planes of the primary slip syStem(lgg). It is

not known whether this is observgd in the same metals after high-temperature

creep deformation, because to.date no such metals have been fully

investigated.
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D. Formation of subgrains,

Overwhelming evidence ﬁOW'makesbit'possible'to'conciude bhat well
defined sﬁbgrains>are formed during the creeb'oﬁ metals and‘solid solution -
alloys ﬁhenever the dislocation climbsmecbanism‘isgfateecontfelling..
Subgraihévare.not formed“duriﬁg'ciiﬁbQCOntrolledbcfeep'of moet dispersion-

strengthened metals, hbWever. Isolated bits‘ef'evidence suggest that a

fully developed subgrain structureldcés“net;develop.whenlother'high—

temperatufe,creepvmechanisms are rate~controlling. The evidence for these
concluéiobslwill now be discussed.
,Thebbbservation of a fully devélbped'sﬁbgrain structure has been

reported many tlmes for low~stack1ng-fault w1dth.FCC metals and BCC metals

when creep.ls dlffu31on-controlled(l36 lhh). At one the it was suggested

that subgrains might not form in high statking-fault width FCC metals
and alloysv'but current evidence refutes this for climb—controlled creep.

Careful investigations have revealed well-developed subgraln structures

(126 lh3), nd .in hlgh.stacklng—fault width Cu—167 Al alloys(l3o 145)

(Gb/PSSOO and austenitic stainless: steels (8 wt % Ni, Gb/F>600)(lhh)

Subgrain formation has also been reported by & number of observers for

(63 6l ,146-148) (149)

cllmb—contrqlled'creep of several HCP metals , , Cd

(1u9) (150)

s and Zn Subgralns have been observed to form in 51ngle

(126 128,130,143,145)

crystals as well as-polycrystals, Thus,.it seems

well established'that when climb is rate-controlling subgraih formation

always accompanies creep in single>phase metals. In the case of véry'fine--
grainedlpolycrystalline metals, however, subgrains may not be_observedvif
creep takes place at low.stresses, for fhefsteedy~state.subgrain size may

approach or exceed that of the‘grains~themselves. An example of this
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that subgrains may develop in this alloy( , but less extensively than in
pure Ai. This brief révieW‘shows that theré are no firmly established
systematic data regarding subgrain formation in allgys that creep by the
viscous glide mechanism. Such evidence is needed because it might be
significant in establishing the role of subgrains in high-temperature
creep.

For obvious reasons subgrain formation is not observed when recrystal-
lization occurs. Recrystallization has been observed in‘most polycrystalline

FCC metals other than Al during creep at high stresses and rapid strain

(11,33 ,36,37,160-167)

rate . It has been reported to occur under the

(50,54)

same conditions in only & few BCC metals It is not yet established

whether recrystallization results from the migration of grain boundaries

(164,168)
e

» but numerous. observations suggest

(164-168)

that recrystallization is often initiated near grain boundaries .

or from subgrain coalesenc

Whatever the mechanism of recrystallization it seems clear that it is
initiated at regions of high local lattice strain. Thus, as first pointed
out by Hardwick, Sellers, and Tegart(l6ol“any process that lowers lattice
strain energy also inhibits recrystallization., This is perhaps the
explanation for the observation that recrystallization is observed more
frequently in high stacking-~fault width FCC metalé than in Al or the BCC
metals.

When recrystallization occurs, it is accompanied by a sudden
accéleration of creep rate. This appears to result from transient creep
in the recrystallized regions, and not from the actual process of

(164)

recrystallization itself . In the discussion which follows no further

censideration will be given to this process.

o
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Instead we shall consider in greatér detail those substructural
féatures whiCh'apéear pertinént to steady—stafé‘cfééﬁ; Bécause littlé
informatidﬁvis évailable on the diélocétion substrﬁctures which are
produced during either viscous glidé Creép'in alloys or during climb-
controlléd récOvéry-in dispérSiOn—stréngthened.matérials, disgussion will
be limited to metals and alloys.ﬁhich créep by the dislocation-climb
mechanism unless ofherwise stated.‘ For.these metalé the steady-state
creep subéfructure can bé charactérizéd by:

a. Thé nature,'arraﬁgement and density of dislocations.within the

vsqbgrains.

b. The subgrain size.

c. Types of subgrain boundaries and the misorientations across them.

E. DiSlééations Within Subgfains.

As préviously discusséd, the arrangémént of dislocationé within
subgrains after créep'is similar in appearance to the arrangements that
are obsérvéd'in célls after low temperature deformation. An even greater

similarity ig found between the high and low temperature dislocation

substructures when quantitative counts of dislocation densities are made.

It has been well established that in many metals at low temperatures the
density of dislocatidns, C, varies with the square of the flow stress

according to the relation

. :
5= o Gofp (2k)
where the shear modulus of elasticity is that which applies at the test

- -(129)

temperature, and o is a constant equal to about 0.5 . Fig. 20 shows
that this relation also exists for a widé.varietyvof metals during high- .

temperature creep. The figure contains all known measurements of
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dislocation densities.that have been made within subgrains after steady-
state: creep()46 73,83,99,113,126,128,153,169~ 171). Discounting the etch
pit data, which are know to be unreliable in Fe at higher values of p*,
it appears that the average value ij/g-b at the steady state for metals
and alloys that creép by thé dislocation climb mechanism is only slightiy
lower at the same values of 0/G than those measgred following low-
temperature deformation. The'méan value of o = 0.6 applies to steady-
state creep by climb in the reportéd casés. It is significant that the
W-Re alloy, which creeps by the viscous glide mechanism, also obeys the
same relation. It has dislocation densities whichwaré identical in value
to those measuréd in puré W, which creeps by climb. Thé dispérsion
strengthehed Ni-—ThO2 metal is the only major exception to this relation.
The'reason_for this is not known.b

The similaritiés which are found between dislocation substructures
after high and low temperature deformation within subgrain or cell
interioré suggest that dislocation substructures achieve a mechanical
equilibrium as a result of dislocation interactions Whenefer plastic

deformation occurs., This has long been recognized in the strain hardening

theories.at low temperatures, but has not always been included in theories

*FEtch pitting in many metals and alloys is sensitive to impurity and alloy
content, and often there is not a one to one correspondence between etch
pits and dislocations. Etch pitting can underestimate the number of
dislocations in a crystal(73 g3 99,140), as data on Fe-3w/o Si in Fig. 20
show, since several dislocations may correspond to a single etch pit. This
problem is more acute for substructures that are produced at high ¢/G levels
than at low, for in the former dislocations are more closely spaced. For
this reason etch pitting studies sometimes underestimate the stress
dependence of dislocation density(99)

\c/:
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of dislocation ciimb-controlled creep.'

ThéfobsérVafions which.aré préséntly availabié show that two of the
asSumptioné made in éérly climb theofies‘about ﬁhe'disloédtion
subsfructuré.during Crééé are not justified. Piled—up:arrays ofvedge‘
dislocationé from soﬁrces on adjacént slip planes aré.néver observed.
Récent thebretical caiculations show thé reason——éuch,arrays.are actually
ﬁnstablé;lthe'iead dislocations of thé'arrayé by-pass one another, eventually
fofming.a~sériés'of édgé dipolés, ObsérvétiOns also show no expériméntal
justificatidn for the prévalent theoretical assumptidn that dislocations
are genefatéd at fixed sources.: Inétéad, they suggest that there are many
possiblé sourcés for dislocations, bofh,during creép'and low—température
deformafion. Dislocations in the interior df subgrains undoubtably act as

(175,176)

sourcesof additional dislocation segments as they cross slip and climb

(175,176) (131)

Subgrain and grain boundaries also act as sources for some -

disloéations, although they probably act more efféctively as sinks for
(13k)

has emphasized that dislocations

(177)

dislocations than as sources. McLean
éolléct ét grain boﬁndariés during aéformation » and that thesé may
be, in large measure, responsible fof.the higher'fatés of .strain that are
found near grain boundaries during créep. |

Up to this point thére hes béen no méntion of.thé character of
dislocations which was observed within subgrains during creeﬁ. The recent

(53’128) on BCC Mo show that a

investigations by Clauér, Wilcox aﬁd Hirth
majority of thé dislocations~whiéhwthéy obSérvéd wéré in.édge orientation,
a fact which provides stong evidence for the dislocaﬁion:climb recévery |
mechanism of creep in préference tonthé jogged-screw dislocation glide

(713).

mechanism The only other extensive investigation that has been made
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(178) o

of dislocation character. after creep is that of Dingley and Hale n
Fe and dilute Fe alloys. Aftéf défbrming spécimens_over the temperature
range -117 to 600°C, they report finding dislocations within a three
dimensional network which have Burgers vectors of .a<l00> and a<110> as
well as the éxpectéd "1/2a<111> type.. The proportioﬁ of éach type is
roughly 20%, 20%, and 60%. and it is unaffected by temperature of
deformation, alloy content, strain, dislocation density, or rate of
straining. They also report that théré is no tendency for any of these
dislocations towards either edge or screw character. These findings are
not in disagreement with those of Clauer et a1(128). Numerous a<100>
dislocations were obserVéd within dislocation subboundaries in Mo. Both
investigations agree that screw dislocations do not dominate within
.subgrains as would be réquired if thé Jogged-screw dislocation mechanism

controlled high-temperature creep.

F, 'Subgrain Size.

The subgrain structure which is observed to dévelop over the transient
stage of climb-controlled creép has béen sufficiently studied in poly-
crystaliine metals to make several generalizations now possible. During
steady-state creep the subgrain structure remains ét steady state, although
thére is no -doubt that individual subgrains are in a constant state of
change thouéhout the duration of creep. In polycrystalline metals,
subgréins are always obsérved to be roughly equiaxed and constant in size
throughout steady-state créep éven whén high strains are attained. 1In

(175’179’180)'have shown that subgrains

fact, Wong, McQueen and Jonas
remain equiaxed (and constant in size) to strains of 3.7, while grains

themselves become elongated. The observations were made in Al after hot

Bl

(YR



~57—

'extruéioﬁ tests .at strain rates Véry much.higher than those encountered
in créép,:but.they réinforcé the finaings~of créep invéstigations which
cannot be cgrried oﬁt to such high.totai strains. fhésé findings meaﬂ
that éubgrain formation is a dyngmic process which - continues to take place
throughout fhé:coursé‘of élimb—cbntrolléd créep.

Suﬁgrains which aré fofméd in polycrystalline metals are not uniform
in size>throuéhout the metal, but they cluster aroﬁnd.a mean_value which
is reproducible at a givén stréss 1ével régardléss éf thé prévious Stress

(181-185)

hiStorj'or of the original substructure . It has Yeen 'firmly

established that the mean subgrain size, §, is independent of

(181,186-188) (181,187,188)

temperature , Strain and usually of grain

sige 765140,189,190). (186,189)

, but Varies'strqngly witthtfess, a/G or
equivaléntly with éSkT/DGb. Thé.dependenég of the.méan subgrain size upon
stress 1s shown in Fig. 21 fqr thosé polycrystalline métals and alloys.in
vhich it has been systematically\investigated*.

These data reveal that subgrain size decreases about linearly with
thé’reciprocal of ¢/G. Thé éfféct of stacking fault width{on the steady-
state'éréep raté‘for the climb mechanism suggests.that the sﬁbgrain size
might’aléo be influenced by:this parameter. Additional.support for this
spécﬁlation is providea by the"well—known‘éffect of stacking fault width

on the ‘cell size that is developed during low temperature déformation.

*¥Measurements on subgrain .size for W(99’19l) and type 304 austenitic
stainless steel(192 , were not avallable at the time this figure was
compiled. '
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However, the evidence presented in Fig. 21 does not confirm this concept.
Data by Warrington(lhh) on austenific stainless steel show, for example,
that subgrains of identical size are obtained in alloys in which Gb/T
doubles .from a value of somewhere near 350 to about T700.

Thé‘subgrain size of Al appéars to be significantly greater than those
of other metals, but it is not clear whéther this observsation is reliable.
Measurements of subgrain size in Al were taken from early substructural
invéstigatioﬁs which.useipolarizéd;light optical microscopy on specimens
that were first anodized by electrolytic etching to reveal subgrains. The
technique is based on the assumptionvthat the orientation of the corrugated
oxide film which forms is uniquély rélated to the subgrains beneath the

(175,176)’ using both this technique and

film. Recent investigations
transmiésion electron microscopy, however, have shown that this assumption
is not Jjustified whén subgrains are smaller than 10 ub(%-= I th),
becausé optically observed subgrains cover an area which typically
corresponds to 5 - 20 actual subgrains. It is not known by how much this
techniqué overestimatés subgrain size in Al when the subgrains are larger
than 10 Y, as they undoubtably are after creep ét low stresses, However,
subgrain misorientation angles, revealed on crept specimens by this

technique(l37’ 185’187’189’193’19h), are several times higher than those

(128,191,195)

measured by electron microscopy , suggesting that optically
observed subgrains do not correspond well to the real subgrain structures.
Discounting the Al data in Fig. 21, the mean subgrain size for all of

the polycrystalline metals investigated is given by

-1
- 20'6%) (25)

o'jos
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to within a factor of k fimes;‘ Many more.detailedlinvestigations'will.be
required ﬁp establish'the'eccuracy~and validity of this equation for other
meta1S'end elloys and for wider ranges of 0/G. | |

In’some investigetions of poiyﬁf&stalline ﬁetals.it is noted that a
sigﬁificahtly’smaller suBgreiﬁ size is founa a1§ng eeftain grein-
boundarles(l5o 169 196), This observation suggests: that higher.stressee
may exist'in local regions due to stress relaxations elsewhere along»the

boundaries.

A number of recent investigations have shdwn that a banded subgrain

(1ko 169)

structure is often produced in polycrystalllne gralns in
(128,130,145,197)

s;ngle erystal when slip occurs predomlnately on one or

two sliﬁesystems.' The banded appearance of the substructure is due to

the presence of long planar subboundaries whichﬂextend'COmpletely across

(169)

entire greins in polycrystalline Fe-3wt.%Si o3 extend for long distances

(197) (130,1k45)

and Cu—l6% Al 51ngle crystals , and extend,acroés the

(128)

entire crystal in single crystal Mo . These planar boundaries have

in Cu

been shown to paraliel traces‘of the'ﬁrimary élip_systems and to have the
Same spacing as slip bands which are obseryedfen crystal sﬁrfaces. In
single'cfystale of Cu—l6% A1 they'are Qbserved efter_tesfs of 6/G 2_10_u,'
but‘noteaffer tests at lewer'stfess; heavy-slip band traces‘are generally
Qbserved on single crystal specimens of most metals'after creep testing.
at higherfstreéSeS but not at lower stresses where flne slip predomlnates
All of the avallable ev1dence p01nts to the conclu51on that these bands of
long planar boundaries are Simply highly»magnified.views of the'slip:bands
vhich are often observable macroscopicallyx

(128)

The detalled studies of Clauer, WllCOX and Hirth show that,
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while these banded substructures often appear quité different from the
equiaxed subgrain structures that are usually found in ﬁolycrystals, they
are likewise composed of subgrains. The difference in appearance arises
because the subgrain structure which develops within slip bands is much
finer in scalé than that which dévélops bétWeen the bands. Fig. 22,
reproducéd from thé'studiés on Mo by Clauer et al., shows that the
subgrains which form in slip bands aré narrow, highly elongated, and much
smallér than thé equiaxed subgrains which comprise thé Spacé betweén bands. }
The factors responsible for formation of these two scales of creep
substructure are not yet‘known. It seems clear, though, that the climb
recovery is not the primary factor that is involvéd5 for the pattern of
Fig. 22 is established in Mo éingle crystals upon initial straining.
At € = 0.01 the pattern is clearly defined by a fairly regular cell
structure which is somewhat finer in scale than %hé subgrain structure
which later evolves. Ovéf the transient strain interval of €v=‘0.02 to
- 0.42 the pattern changes only in scale and in the perfection of its
subgrain walls. This shows cléarly that climb recovery modifiés the
substructure that is produced during creep deformation, but is not directly
responsible for originating the cellular pattern in the first place. Both
this observation and the one préviously made on dislocation densities
suggests that slip processes are primarily responsible for determining
the arrangement of dislocations during plastic deformation, and that climb
recovery only modifies this fundamental patterﬁ.
This leads one to think that perhaps subgrain size and dislocation

densities (within subgrains) are related. Indeed such a relation appears

to exist. If the average distance between dislocations within subgrains, _
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d, is defined as l/\,p , then from Eqs, 24 and 25 it follows that

.10

§===3 =203 . o (26)
. : _ _ o

Subgrain size is directly proportional to average‘diSlocation sPacing.
This relation seems to have general qualltatlve valldlty The investiga-

(53 128)° show that between slip bands,

tlons of Clauer, Wllcox and Hirth
where the dlslocatlon den81ty is lOW3 subgrain 51ze 1s large. Within -
slip bands3 where.the~total dlSlOcation density is.much.h;gher and where

slip is much more intense,. subgrain size is much smaller, A higher

dislocation density is often observed near somefgrsin boundaries in
‘polycrystalline metals than in interior regions, Likewise, smaller

subgrain sizes are observed adjacent to SOme grain dendaries. The

reason for this relatlon between subgraln 81ze (or equlvalently cell 51ze)
and dislocation den31ty~undoubtableyxls hldden in’ the complex processes

whlch;are respon51ble for cell formatlon;durrng plastlc deformatlon.4

o

G. Subgraln Boundaries.

- The subboundaries that are observed in crept polycrystalllne metais
are generally observed to consist of well—formed tllt boundarles, regular
hexagonal.dislocation networks, and irregular netWorks wﬁich,have a‘mixed
edgeescrewrdislocation character(u6’75’99’13l’lh3’l9l’l9sd1985199).
Boundarles composed of complex dislocation tangles‘have frequently beenv

reported(75 99,131,143)

s but most of these observatlons appear to have
been made upon spec1mens whlch were. Stlll in the prlmary staée of creep or
on spe01mens which were tested at too high a value of € kT/DGb for E
dislocation climb to be the rate—controlllng creep mechanism,

It might be expected:that subboundaries wn;ch sre developed dnring
the:creep of oriented single crystsls'might be considerably Simpler;

2
Fos
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because few slip systems contribute diﬁlocations to the subboundaries.
The work of Clauer; Wilcoi and Hirth(lgs); which is thé only thorough
work of this kind, seems to Justify this view, Almost all of the sub-
boundaries which they observed wiéh transmission electron microscopy

were found to Dbe simplé tilt boundaries, These consisted primarily of two
types of planar {111} tilt boundaries plus numerous segments of {100}

tilt walls which were shown to have béén produced through reaction of the
{lil} walls. Thé'tilt walls were mdbilé during éréép and captured
disloca;n;io_ns as they swept through regions between other subboundary —
segments. Although these obsérvations were made late in the transient
stagé of créép, it séémS’that they might élso apply to the steady state.

Frbm,these observations it is obvious that the ear1y~concept‘of
subgrain formation through polygonization of edge dislocations under stréss
is not wholly tenablé. Some subgrain Eoundaries devélbp through the
climb recovery of>dislocation tangles which form upon initial straining of
a metal, Others dévelop during the course of creep by coalescence of
other subgrain boundariés, as Claﬁér et al. havé shown. Yet the process
ultimately responsible for subgrain formatidn is still unexplainéd.

Another unresolved issue, which is perhaps of greater importance to
théOriés of climb—controlléd'créép, is the role of subgrain boundaries in
the creep process. A basic concept of all theories of steady-state cfeep
is that each elemént of the dislocation substructure which is involved in
the raté—controlling créép méchanism must achieve a steady staté whénever
the Creép rate is constant., As has been demonstratéd already, both the

mean size of éubgrains and the denisty of dislocations within subgrains

achieve a steady state when the creep rate does. On this basis it might
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be anticipgﬁed thaf.the'misqrientation:kathe‘subgfains.shou1d.achievé the
s&mé:StéaayfstatéTValﬁé for a givéﬁ va;ﬁé-gf d%GvrégardléSS'of-thé'éxtent
of straiﬁ or time in théﬂSteadyustate, Certainlyﬁﬁhis must:be the case if
subgrain;hpundaries‘éntér in any way into thé'ratéacontrolling.méchanism
of crééé; Thé'évidénbé that is cﬁrrently availablé—On this isaué is

inconclusive.

' EarlybinVestigationé by~McLean(18T;189’l9h) and McLean and Farmer(193)
shoﬁéd thatvthé'averagé misoriéntétion ahglé béﬁwéen'adjacént subgrains,

whén méaSuréd‘by polarized light Qpﬁical miéroscopy~on Al or some of'its
dilute alloys, increases continucusly with cfeép'Stfain both during
transiéﬁﬁ‘and stéadY—state cféep; The measured éngiés of subgfain
misorientation cover an appreciable range of values at any given strain,

€, but the mean of hundreds of.méasurements, éi(ékpressed in rédians),
follows“thé rélafion £ = @ with a réasonablé degréé'Of accuracy. These
findings wefe substantiated in large measuré.by the subsequent investigations
(185) (137). s e

of Kelly and Gifkins and ‘Busboom . which used the same technique

to measure subgrain misorientation. However, recent electron-microscopy

(175,176)

work shows that these investigations were not .measuring
misorientation angles betWeén adjacent sﬁbgraihs, but wéré'ipstéad
méaSuriﬁé anélés‘bétwéén'groups of subgrains. Théfanodizéd film which
forms oﬁ Al is not sensitive to subgrain misorientafion angles of 1/2° to

10(185,l9h)’ and unfortunately many subgrain boundaries fall into this

range(128’191’195). ‘Thus, the findings of these investigations are incorrect
quantitatiVely, and perhaps-also.qualitativelyu"They*éannot-be used as

conclusive evidence for progressive subgrain misorientation during creep.

X-ray microbeam back reflection techniques have been used to
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investigate subgrain misorientation during creep but the results of these
investigations-are.not subjéct to unambiguous intérpretation. When a
polycrystulline metal is examined with a monochiomaticfx—ray microbeam, -
reflections from a few properly~orientéd grains afebvisible. Prior to
creep tésting of an annealéd'metal théSé reflections are sharp, but upon
initial straininé they become diffuse showing that considerable lattice
distortion is introduced into thé grains. Over the coursé of transient
creep, howéver, an arc of fine spots dévélopswithin thé diffuse pattern,
and by the onset of steady-state creep all that remains is a series of
fine spots which spead over an anglé of a degrée or so about the
orientation of the original érain. Thééé correspond to reflections from
individual subgrains Whiéh develop within the grain. The angular spread
of the arcs that originate from different grains Withiﬁ a polycrystal
often covérsa comparitively widé rangé,of values at & givén strain. But
several investigations show that the mean angular spread of arcs from

different grains steadily increases over both the transient and steady-

(181,193,195)

state stages of creep It oné assumes that most adjacent
spots within an arc originate from adjacent.subgréins, then it would
appear that the mean subgrain misorientation increases continuously with
strain. However, théré is no éxpérimental evidence to warrant such an
assumption. Without it, little can be concluded about the angles of
misoriéntation that are producéd by individual subgrain boundaries within a
grain, ,5
Eléctron microscopy investigations do not have this disadvantage, for ;

misorientation angles between adjacent 'subgrains can be. directly measured.

No systematic investigations of subgrain misorientation during creep have
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been made uéing.thiS'technique. However, meaéurémentsAfrom a few éfeép
studies show that misorientation angles'generally range from 0.3 to 1
degree with almost no ahgles'exCeeding.20(128’191’;9y).

(175,179)

Similar inﬁéstigations on Ai show phat aftér.hot extrusion
to a strain of 3.7 subgraiﬁ misoriéntation ang1é$ séldom éxceéd 2°*; More
systematié'observations on ho£ cémpreéséd'AerO’irQh and silicoﬁ steel
show that misoriéntation angles range from 1ess than 1° to about 7°,‘but
do not vary_systéﬁatically with:strain; straiﬁ raﬁé;'br témpérature(zqo).
All of these hot working studies Wéfe conducted at.highef.stress levels
than’aré éﬁcountered during créep, but théy“suggest.thé'existence of a
limiting suﬁgrain misoriéntation fof plastic déférmation at high témpératuresf
The'avérége subgfain misorientation>anglés that ‘have beén.reborted for hot |
worked.métalé aftér‘very‘lafge strainé.are generaliy\larger thén those
réportéd'from créép invéstigaﬁions.' Thus, théSe obsérvations do not
necéssarily implykthat a limiting subgrain misoriéntation is reached during

steady-state creep. The observations of Hemmad and Nix(131)

which attempt
to show this directly, are far too limited to prove the point.
Obﬁiously the evidence on changes in subgrain misorientation during

sfeady+state creep are currently inconclusive, The subject is one that

should c¢ommand some.attention in future experiments.

H."RéfleétiOnS‘On'SUbStrUCﬁure.
A complete theory for steady-state creep should be able not only to

account for the observed steady-state creep rate in terms of the variables

L~

#McLean's formula, €=0, implies that misorientation angles of 210° should
have been observed. )
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of 0, G, D, T, Gb/T, etc., but should equally be able.to predict the
pertinent stéady—staté substructurés;' Obviously, such'sﬁbstructures form
an integral part of a réalistic model for steady—étate creep. On the
other hand, it appears as if this task 1is so formidablé in view of thé
vérsatility of dislocation reactions that it will not bé possible even
over a considerable period of timé to pfédict the steady-state substructure
from first principles. Ovér this time interval thé less pretentious
objective of predicting thé effécts of 0, G, D, T, Gb/T on és based on
éxperimentally established substructural knowledge may be fruitful. Major
attempts to do this havé.récently béén.summarized by WéertmagiO)This also
was thé viewpoint adopted‘hére in arriving at the théoretical expression
for high-temperature creep by the viscous drag mechanism given by Eq. 15.

A major quéstion in developmént of theoriés concerns the experimental
identification of the structural and of thé substructural details that
might affect the steady-state creep rate. This is seldom an easy task
even when extensive ekperiméntal correlations have béen established. For
example, no sérious theory for steady—staté creep has yet considéred the
possible influence ofbsubgrain size. Furthermore, no definitive experimental
chécks on this possibility aré easily visualized. By inférence, theréfore,
it might bé thought that subgrain size plays no spécialyrole in steady-
state creep.

It appéars inévitablé, howéver, that thé principle of kinetic
reciprocity must bé opérative during steady-state creep. On this basis
the externally controlléd variables of 0 and T induce a steady-state creép

rate when the internal variables of substructure also achieve a steady-

state. The steady-state represents one of intimate kinetic balance among
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all significant variables. If any one of the internal variables were, if

possible, to be'indépendehtly‘altered, the_creepbrate would also be altered.

~On this basis all creep-induced steady—state substructural features are

believed to be significant to the observed éreep.rate.b Of course,

variations in some of the steady-state substructural features may produce
larger changes in the creep rate than others and may, therefore, appear
to be of greater importance. The above remarks include variations in

substructure due to alloying dispersion strengthening ete.

"I, Grain-Boundary Slidihg.

One of the most controversial tppics in.thé field of high—temperature
deformation'of metals is grain-bbundafy sliding. Grain—boundafy sliding
is importaht.becausé it results in increased creép rates and because it
promotes cavitation in grain boundaries which then leeds to rupture. The
last two phenomenon will.ﬁot'be diséussed in this report and attention will
bevdirected exclusively toward éffect of grain—Boundary sliding on the ' |
creep rate. | | |

Numerous difficulties ﬁave been encountered in devising accurate.
procedures for determining‘quantitafively the contributions of grain-
boundary sliding to creep strain. In the past analyses and methodology
have not always been accur;te, however,_substantial improvements have been’
made recénfly. Since'these issued’have.béen recently reviewédgegﬁggoggll
not be discussed again’here. Another difficult& arises ffom the highly
statistical nature of_grainaboundary sliding. :Other_auxiliary factors
lead to ﬁroblems in measurement: grain—ﬁoundaryvreorientation at surféces

due to surface tension effects, grain-boundary migration, and grain growth.

All require special consideration dependent on the experimental technique
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that is employed. Despite questions concerning quantitative accuracy,
particularly in the earlier investigations on grain-boundary sliding, many
of the observed trends,nonetheléss, have qualitative significance.

Observations have established that three distinctly different types
of grain boundary sliding occur. When sliding is limited to submicroscopic
regions of a boundary, as in damping capacity experiments, one type of
behavior is observed. When sliding occurs over a relatively long lenéth
of boundary but is unconstrained by adjacent gréins, as in bicrystals,
another type of behavior results. Yet a third type is obtained when
sliding occurs in polycrystalline aggregates, where continuity conditions
exert considerable control over the sliding process.

Damping capacity experiments show that local microscopic grain-

boundary sliding obeys a Newtonian viscosity law

, YU
¥ = Ak o exp (- ﬁﬁo (27)

such that Vi increases linearly with 0 and has an activation energy Qk
which equals that for volume diffusion. These results indicate that
grain boundaries consist of islands of "good" and "poor" atomic fit, and
that the number of such islands depends on boundary orientation as well
as on the misorientation between adjacent grains. Under the action of a
shear stress which parallels the boundary, the atoms of "poor" atomic fit
move over atomic distances leading to very high rates of grain-boundary
sliding, but very small average shear displacements across the boundary.
In contrast grain-boundary and boundary-zone sliding in bicrystals
give macroscopically measuresble shear displacements. The processes by

which this takes place are complicated and not yet well understood. As

a result of stress concentrations on the islands of "good" fit and at
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grain-boundary ledges etc.,'macr05copic sliding takes place across the

boundary. For such sliding it is expected that

) vy = A5 02 e ;;% - . o (28)
where the‘etress squared term arises from stress eoﬁcentratione and Qb is
tﬁe act_ivation energy_for grain—boundary diffusion.

The simple model described above; however,.is.seldem operative
because grain boundaries are seldem atomically flat. Boﬁndary roughness
undoubfedlyvaccounts for the phenomenon of zone—boﬁhdary sliding, which
is characterized by crystal deformation in a zone on either side of the
grain boundery, recovery and polygonization in thevgrain boundary zone,
.and graineﬁouﬁdary migration. Shear displacements vary from point to
point eiong the boundary and the rate of displacement at any one point
varies apprec1ably and cycllcally w1th tlme. If has not yet been clearly
establlshed as to whether crystallographlc sllp, polygonlzatlon or
graln—boundary mlgratlon determlne the average graln-boundary velocity of
shearlng. .In any event the average ve1001ty of dlSplacement across the
grain-boundary zone might be represented by the non-Newtonian expression

v, = A f {O}eﬁ—T—Z (29)

Only a few dats are availsble on the effect of stress on the grain-

boundaryvdisplacement velocity. As shown by Stevens(QOl) these sugéest

2.8

that-fzfd} seems to vary as ol to g andexp(—oo/o) for individual cases.

As shown in.Table XII, the reported activation energies, QZ, often agree

reasonably well with those for self-diffusion. In a few cases, however,’
' (203)

(20k)

they appear to be somewhat higher and lower than those for self

diffusion.
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TABLE XII: Activation Energies for Bicrystal Sliding.

Q> Kcal/mole Qq s Keal/mole
Metal Bicrystal Sliding Self-Diffusion Ref.
Cu L0.0 L7.0 205
Sn 19.2 23.0 206
Al 29.2 - 39.4 34.0 ) 207

(high angle boundary)

7n : 25.0 24.3 208
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The velocity for macroscopic grain-boundary slidihg in bicrystals is

2 to_lO-B that for microscopic grain-

known in a number of cases to be 10_
b0undary»siiding as deduced from damping capacitj measurements. Obviously,
the islands of "poor" fit are somewhat relaxed iﬁ>£he macroscopic grain-
boundary Siiding experiments.in bicryéiéls. |

Thé velocities of shear displacements across grain-boundaries in
polycfystalline aégregatesvare yet orders 6f magnitude lower than across
grain-boundaries in bicrystals. Obviousiy, additional constraints to
grain-boundary sliding are encountered in the polycrystalline aggregates.
These arise-principally from the need to maintain éohtinuity over
boundarj rough spots and at triple points. 'In view of the more rapid rate
of grain—ﬁoundary sliding in bicrystals than in pélycrystais, it appears.
that thé Shear stress across most grain boundaries ih polycrystals rélai:

very rapidly after the applicatioh of a stress. But this results in only

small shear displacements of boundaries at this time because restraints

@

from adjaceht grains hinder extensive sliding. In order to obtain

macroscopically measurable shear displacements across the grain-boundaries,

- the stresslconcentrations in the wicinity of the tfiple points must induce

crystallograbhic mechanisms of deformation or mass transfer by diffusion.
As shoyﬁ in'fhe earlier sections of this report cry;;aiioéraphic mgchanisms
such as dislocation climb are expécted to dominate at high stresses Whérev
the diffusional mechaniéms, (vide e.g. Nabarro creep) are much slower,

At very low values éf the épplied stress, however, vacancy type of
diffusion—controlled mass transfer shQuld dominate;' In.the case of gréin_

boundary sliding, it is expected that grain-boundary rather than volume

diffusion will be more rapid.
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Most grain-boundary shearing results have been reported in terms of
.x where X is given by egb/et’ the ratio»of the contribution of strains due 5
to grain-bbupdary shearing to the total strain. Although, as previously |
mentioned, the absolute values of this ratio may sometime be in error, é;
especially for the earlier data that have been reporﬁedg the qualitative

trends are nevertheless usually correct.

(201)

Extensive data , particularly for higher values of 0/G, suggest

that X has the same value over both the transient and.steady-state stages C
of creep. The gquantitative similarity between curves of egb versus time

and Et versus time (creep curves) suggests that grain-boundary sliding is

probably controlled by the same mechanisms that are operative in the

crystallographic creep of the grains themselves., This concept is further

(203,209)

supported by the observation that the apparent activation energy.

for grain-boundary sliding agrees quite well with that for crystallographic

creep and that for diffusion. i

(210)

Observations show that upon ordering in beta brass, ég decreases

.

by the same ratio as does creep rate; so that ¥ remains constant. This is

strong evidence for the concept that grain-boundary shearing depends on

(149)

crystaliographic mechanisms of creep. Similar observations , that ¥

femains constant during certain precipitation reactions whereas o
changes substantially, also provide strong support for this thesis.

Three exceptions to the general trends on the constancy of X over the

ne(2ll) is at variance with the

(156,194)

data of several other authors on grain-boundary shearing in Al .
(212,213)

full ereep range have been reported. O

The remaining two examples refer to alloys in which the :

Observations indicate that ¥ remains fairly constant during much of the
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transient creep stage but then decreéses as deformation continues. Several
different "reasons" might be offered to account for such exceptions to the
usual trend. On the other hand, none have yef been given experimentél
confirmation.

Most‘observations reveal that X increases with decreasing grain size.
The dafa in Figf 19 on the effect of grain size'onithe steady-state creep
rates further support this conéept. One set'of‘data(lZB) at variance to
these trends appears to be obviously questionablé.

Most existing data reveal that X increases as 0/G is decreased. This

trend is not necessarily at variance with the concépt that grain-boundary

‘shearing might be controlled by accomodations at gfain boundary projections

and triple points etec. by crystallographic creep mechanisms. Relaxation

of the stress across islands of the grainabounaary by diffusional
mechaniéms is expected to be more compléte at the'lower lévelsvof the
stress;. Higher local stress concentrations are therefore expected at the
lower streés levels causing higher'relative cohtributions of gréin—boundéry
shearing to the total creep strain. Thus, highér values of X are

expécted at the lower stress levels due to higher stress concentrations at
the periphery of partially relaxed islands in the 5oundary. Two exémples

of the variation in X with 0/G are given in Fig. 23, for Al(156) and

stainless steel(152). Although the absolute valués_bf X might be somewhat
in error, the trends reveal that X decreases with increase in 0/G.
AnAextension_of these concepts fq grain—boundary sliding at lower

levels of 0/G where the sliding is grain-boundary diffusion-controlled

leads to superplasticity.
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J. Superplasticity.

Superplasticity is the subject of considerable research at present(glh—216)

A study of the various alloy systems that havé been investigated reveals
that there.are two prerequisites for the operation of superplastic behavior:
a temperature greater than about one-half of the melting point (0.5 Tm),
and & fine and stable grain size that does not undergo significant grain
growth or recrystallization during elevated temperature deformation.
Earlier sugéestions that a eutectic fype or a preéipitation type of

reaction is necessary for superplasticity  have not been borne out by

later investigations. For example, Gifkins(217> noted superplastic behavior inp

Pb-T1 alloys which are composed of just a single phase. In a typical
superplastic eﬁtectic alloy the second condition is often satisfied because
both recrystallization and grain growth tend to be restricted by the
presence of the small separate grains of the two pﬁasés.
Metallographic observation on typical superplastic alloys after
deformation, reveals that:
1) The grain size does not change significantly during superplastic
deformation.
2) Grains remain essentially equisaxed.
3) There are large relative rotatiOnscﬁ'adjacént grains.
4) Voids are not commonly observed af the grain boundaries of alloyé
when they are deformed in the superplastic range.
5) Previously inscribed straight scratches across grains become
curved suggesting that some grain deformation also occurs.
6) Usually very few dislocations are noticed within the grains in

the low strain rate range of the superplastic behavior, but there
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is a progressive increase in dislocation density as the rate of

straining increases. Ultimately at the high stress range of the
superplastic region, the substructure is similar to that developed
during typical high-temperature creep deformation at the same

stress.

(218-220)

Mechanical data on supefplasticity typically reveal that the

deformationlrate has a n = 2 power stress dependence, Tﬁe two povwer stress
dependence often eitends over four orders of magnitude of strain rates.
This means that superplasticity cannot be enviéioﬂed as a region of
transition between two mechanisms which have a high (r=4=5) and a low

(n = 1) stress dependeﬁce. It is expected, howéver; that at sufficiently
low values of o/G, Coblé or Nabarro creep might'dominate and the strain

rate become linear with stress. Some data in the’iiterature suggest

 (216)

powers of the stress that approach unity .

The effect of grain size on the strain rate, as inﬁestigated by

(216,221)

several workers , reveal that strain rate increases with a

decrease in grain size. The analyses presented in the literature include

d"2 and d—3 dependences where d is the grain size. Although Packer and

Sherby(zgo) have analyzed the data on a Pb-Sn alloy on the basis of a

c'l-3 dependence, it seems more likely that the majority of superplastic

alloys follow a 4 dependence of strain rate.

The activation energy 6f deformation in the superplastic region has

(219)

not been extensively investigated. Ball and Hutchinson observed that
in an Al-Zn eutectoid alloy the activation energy for superplasticity_>

falls between the activation energies for grain boundary diffusion of Zn

(222)

and Al. Evans observed that the strain rate of fine-grained Cu,



-76-

monel, and one austenitic alloy can be correlated satisfactorily with
the activation energy for grain boundary diffusion. Hayden et al.(zzl),
on the other hand, suggested that in a complex Ni-Fe-Cr-Ti-Al alloy the
activation energy for superplastic deformation is that for volume
diffusion, similar to that for pure Ni,

None of the suggested theories can explain all the details of
(216)

currently available data on superplasticity. Avery and Bavkofen have

suggested the possibility of Nabarro creep in a Pb-Sn alloy. But strong
evidence from recent experimental work refutes the n = 1 stress dependence
(220)

that is required. Packer and Sherby heve analyzed the low strain

rate data of Avery and Backofen using an empirical relationship of the

form

€_KT 2

8 _ Y 3

Sap~ - comstant (3)  (v/d) (30)
and obtained improved agreement. Gifkins and co-warkers(217’223) have

analyzed their data on Pb-T1l alloys using the semi—theoretical relationship:

) (b/d)2 (31)

@la

= constant (

where Db is the grain boundary diffusivity. The estimated rates were too

slow to account for the superplastic strain rates for their Pb-T1 alloy.

A studied review of available data indicates that the strain rate can be

more satisfactorily correlated with 02 and d—2 . Such a correlation

suggests that either:

éskT - 5
s~ = K (o/G)° (v/a) | (32)




~77-

or

= K!' (O/G),2 (b/d)-z ' (33)

depending on whether the activation energy is that for self diffusion or

(216)

gréinvboundary diffusion. A reénalysis of the data on Pb-Sn and

Al-Zn(zég) reveals_that the constant K in Eq. 32 variés by four orders of
magnitude. 'Equatioh 33 on the other hand, gives a correlatioﬁ that is
consistent with the trend of expefimental observétiéns; Eqﬁation 33 is
essentially thé same as that.gi#en by Ball and Hutchison(elg).

It ié instructive to outliné thé basis for Eq. 33 before describing
any experimental correlations, Ball et al; assume that during deformation
groups df grains whose boundaries are sultably aligned tend to slide as
units. Certain grains that.obstrugt the relatively‘easy motion of grain
units by‘graiﬁ boundary sliding yiéld under the resulting stress
concentration: In the superplastic condition dislocations traverse such
yielded grains and piie up at the opposite grain boundary until their
back stresses prevent further grain-boundary sliding. The stress
concentration at the head of the pile up. causes accelerated diffusion énd
dislocations escape by climb into and along grain boundaries. The
continued operation of this mechanism permits further boundary sliding.
Following Friedel(ggh), the velocity of climb is presumed to be.controlled
by the raté'of diffusion of vacancies in the grain.boundary. When a is -
“the unit of sliding, R is the ratio of the numbers of easy sliding to
obstructing grains, and the distancé of climb to the annihilation‘site ié

some fraction d/x of the grain diameter, theory predicts for the steady-

state strain rate
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2 a x2 b2 R2 02

thGkT

Me

s = D, (3k)
which can be rewritten as Eq. 33, where the constant K' is given by

a x2 R2
K' = =5—— = 50 to 100 (35)

The paucity of data on grain boundary diffusion in the literature
makes accurate correlation difficult. The difficulty is compounded by the
fact that most of the superplastic alloys have extremely fine grain sizes.
In the absence of any positive reference in the literature on grain-
boundary diffusion in the phases under consideraﬁion, the activation
energy of grain boundary diffusion is taken to be one-half that of lattice
diffusion. The lattice diffusion in a two phase binary alloy is approxi-

‘ ¥ % * * :
mated accprdlng to Eq. 2b: D (DA DB)/(NBDA + NADB) where NA and

alloy

NB are the atomic fractions respectively. This assumes that most of the

grain boundaries are located between A and B phases as opposed to A-A and

(219)

B-B boundaries. Metallographic examination of Al-Zn and Pb-Sn

_ system(216) suggests that the majority of grain boundaries are between
dissimilar phases. Consequently, the correlation suffers from the crude.
approximation used to estimate diffusivities. But in the absence of a
better estiﬁate it suffices to indicate how the correlation follows the
trend of experimental results. The correlstion is shown in Fig. 24 for

(219) (216)

an Al-Zn eutectoid alloy and in Fig. 25 for a Pb-Sn eutectic.

The solid or broken curves are theoretical correlations and the datum
points are from experimental results. Fig. 24 shows that the datum points

-3

follow Eq. 33 for superplasticity up to oG = 10 ~, At higher stresses

the data agree’well with the theoretical curve for dislocation climb
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(225)

. »
(n = 4.3):. The strain rate predicted by Coble grain-boundary

diffusion creep (which will be discussed in the next section) is too slow

-k

to contribute effectively to the strain rate abo&é Q/G =10 . ‘Two data
points sﬁggeét that Coble éreep may become signifiéant at lower éfresses;
For the Pb-Sn alloy (Fig. 25) little error is introducediby'the
assumption .of only Pb-Sn boundarieé because the dcfi?ation-energy for
lattice diffusion, and accordingly thé energy for grain~boundary diffusioh,
in Pb and Sn is nearly the same. Thus it seems to be 8 reasonable
estimate for the diffusivity in a Pb-Sn phase boundary. Again the
correlétiéﬁvbetween thé déta for differéntvgfaiﬁ,si;es and the estimated
relationship from superplasticity is acceptable; At higherbvalués of O/G,

(226)

the dats agrees well with that for cfeep of puré Sn by climb of edge
dislocétions (n = 5.1). It might be noted that the rates predicted by
Coble creep do not meke any significant_contribution to the superplastic
strain.rgtes in the sfrésé'fange that was investigated.iuThe value of the
cohsﬁant.in Eq. 33 isvestiﬁatedkfo”bé 53 for Al-Zn alloy and 115 fbr Pb-Sn
alloy, which compares well to the value of approximately 50-100 predicted
from the theory of Ball ‘and Hutchison(Elg).

Because of fhe rather gross assumptions that must be made to check

correlations of superplastic deformation rates, no definitive conclusions

can be reached. However, the agreement that is obtained between Eq. 33

* This analysis is based upon the assumption that D/D, = expv(—Hd/2RT).
for Sn.
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and experiment is encouraging. More data are needed. at low values of
0/G and more accurate values of grain-boundary diffusivities must be
obtained before a more accurate correlation for the mechanism of deformation

in superplasticity can be offered.
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VI. CORRELATIONS OF CREEP MECHANISMS

In the preceeding sections of this réport various iaéntifiable
diffusion~-controlled éreep mechaniéms weré isolatéd‘for individual
examinatibﬁ relstive to the_varioué.factors thafbaffect their steady-state
creep'rétés. In thé present seétioﬁ a COmparisdh will be madevof these
mechanisms in'drder to reveal the rangés of conditions ovér which each
méchanism predominates and how the various.méchénisms are related one to
another, This will be done in such a way as to~§ro§idé a unifiéd semi—.
quantitative pictﬁre of the creep resistance of metals and alloys when
diffusion~controlled cfeep mechanisms are operafive. Although major
emphasis will bevgiven-tb_those créep mechanisms that have now beénbfirmly
established as operable, additional possible meghéniéms will aiso be
described. |

The steady-state ?feep rates, as givén byvéskT/DGb‘vérsus c/G, for a
number of;meéhénisms}wﬁich are volume—diffusion éohfrélled aré shown in
Fig. 26. 'V‘Jith.the- eicception éf-ﬁhéﬁlowv stress dats for Al, shown by
datum pbints, the various curves aré répresentafi&evof typés of
mechanisms and are discussed in‘more spécific terms of alloys solely for
purposes of identification.

For metals and alloyg‘in'which"disioqatiops¢é1ide rapidly, the
mechaniségiaiéiimb;controlled as typifiéd by the Ni curve. When solid-
solution élloying results in a viscous glide, thé viscous creep méchanism
controls aé typified by the Ni - 50% Au curve, Consequéntly; the creep
rate for viscous glide is invariably below that for thg climb-controlled-
mechanism when the differénceé in the two operative.diffusivities are téken

into consideration. As previously described, however, climb always occurs
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in alloys where the creep rate is viscous glide-controlled. The value of

éskT/DGb for ihe climb mechanism, howéver, falls below that for the

viscous glide mechanism for /G f lO_h. Since the climb-controlled and

the viscous glide-controlled mechanisms are mutually exclusive, only the .

slower can control the creep rate. Consequently it is anticipated that

alloys which exhibit viscous glide mechanisms &t high values of 0/G will

revert to climb-controlled mechanisms when 0/G is decreased somewhat below

about lO_u. At.present there are no data on creep of alloys that span a

sufficiently wide range of 0/G to verify this prediction. y
The improvement in creep resistance due to dispersion strengthening

can be séen by comparing the creep data in Fig. 26 for Ni - 4.k v/o ThO2

with that for Ni. The improvement in creep resistance of the dispersion

strengthehed alloy increases as the stress is decreased so long as no

other mechanism intervenes, since n is greater for this alloy than for ‘

pure Ni.
Typicai curves illustrating the correlations with Nabarro creep for ?

three different grain sizes are also shown in Fig. 26. Since it provides

an independent mechanism, the total creep rates that are operative during
the clinmb, viscous glide,or dispersion-strengthened mechanisms must include
the contribution from Nabarro creep. As seen from the curves of Fig. 26,
this contribution is small for high values of 0/G:. At very low values of !
0/G, however, dependent on grain size, the contributions of creep controlled
by the climb, viscous glide, or dispersion-strengthened mechanisms are :
small ard Nabarro creep éredominates. As shown by the several broken
curves, the transition from predominantly climb or dispersion-strengthened

creep to predominantly Nabarro creep, occurs over less than one order of
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magnitude change in o0/G.
Friedel originally suggested that subgrains, as well as grains, might
also undertake Nabarro creep. The conditions under which this might be

(10)

possible were studied in detail by Weertman Assuming that the sub-
grain diameter varies with 0/G aé given by Eq. ZS;ZNabarro creep across
the subgrains becomes

‘ ) . . . 3 : . -
EgkT B 1072 <6/G> (36)
o DGb . - :

This relationship is given by the solid curve marked "Nabarro subgrain"

in Fig.v26, As showh,ﬂit cannot effectiVély increase the creep rates
ébtained fér the predominanfly climb—c;ﬁtrolled ﬁeghansim at high valueé
of 0/G. The subgrains are Sb largé at lower valﬁés of 0/G that it appears
to be ﬁhimportant here as well.

Recently Nabarro(227)

-proposed a theory for high—temperature creep
based on fhe climb of dislocations from BardeenQHérring sources. Unlike
the Wgerpman dislocation—climb model, it does not.require glide of
dislocations to provide the straini in N-B-H creep the strain arises from
mass transport of atoms to and from climbing Bardeen—Herring sources by 4

(70)

vacancy diffusion mechanism, Morevrecently Weertman discussed the
theoretical basis for this mechanism. The creep rate for this mechanism

is given by

€T L1 (o/c)3 o (37)
/
DGP . 12 1n)(%§)

The expected trend for this mechanism, as shown by the dotted and dashed

line labeled N-B-H in Fig. 26,fallsbelow the line "Viscous" for viscous
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creep of.Ni - 50 %' Au alloy. It seems to the authors that the special
requirements for the operation of the N-B-H, e.g.; the regularity and size "
of the Frank network, are not easily<satisfiéd so that glide plus climb-
controlled creep or viscous glide-creep should prevail, since glide of

dislocations disqualifies the N-B-H model in most cases of interest.

Despite the fact that currént knowledgé on volumé—diffusion controlled
high-temperature creep appears to be very complete, it is nevertheless
admitted that new and présently unknown mechanisms might yet be uncovered.
Data on creep of polycrystalline Al by Harper, Shepard and Dorn(156) .is ‘%
illustrative of this possibility. Their data are shown by the datum

~5

points on the curve for Al in Fig. 26. Above 0/G = 10 °, the data agree

well with that for climb-controlled creep where n = L. L. Below 0/G = 10_5,
howevef, the creep data give the stress exponent n = 1 suggestive of
Nabarro creep. The Nabarro creep curvé for the grain size that was
employed, namely b/d = 7.7 x 10_8, is shown in Fig. 26 as "Nabarro No. 1".
Since it falls about three orders of magnitude below that obtained
experimentally, the observed creep could not have occured by the Nabarro
mechanism. This was also confirmed by the fact that the strains were
about the same within the grains as ascross the grain boundaries. ?
Furthermore, a single crystal test gave almost the same créep rate as did

the polycrystalline aggregate. Obviously, some as yet unidentified

volume-diffusion mechanism is operative,

(225)

Coble has shown that stress-directed diffusion of vacancies can ‘ }
take place by grain-boundary diffusion as well as by Nabarro volume

diffusion. The creep rate by this mechanism increases with the reciprocal -
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of the cube of the grain diameter according to

€kT 5.3 o |
5_Gb = 48 (3) (a/G) - (38)

where thé thickness of the grain boundary is taken as about 2b and Db is
the grain boundary diffusivity. This grain-boundary diffusion mechanism

should predominate over the volume diffusion NabaﬁrO“mechanism when

u () 22 > 7 | (39)

If vacancy generation and absorption is’highly efficient the total creep
rate is given by

éSkT ™ DL :
S—= 1B ru8 > B o/ (10)

which iS'thé sum of that arising from Ngbarro and Coblé creep. Although
‘there-has been no definitive experimental confirmaﬁion of Coble creep in
metals éhd élloys up to the present, it neverthelesé must be given serious
consideration in view of its fim theoretical justification. Predicted
creep ratés based on Coble's modél are shqwn for threé grain sizes in
Fig. 27 in terms of éskT/Dbi versus o0/G curves"whére Db is the grain-
boundary diffusivity. |

~As previously discussed, one of thé.least known high—témperature

mechanisms of creep is that which leads to superplasticity. The

¥An analysis of Coble's theory by the present authors revealed that the
cougtant in Eq. 38 should be L8 as given above for relaxed .grain boundaries
in lieu of the valué 148 determired -by. Coble.
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correlation between this mechanism and Coble creep might be based on the
assumption of thé nominal validity of the model for supérplasticity j
proposed by»Ball and Hutchison; Such predicted'curves for superplasticity i
are algo shown in Fig. 27. To pérmit ready comparison, the creep curves "

for the dislocation climb mechanism can be rewritten as

2.5 x 10° (a/6)" (D/D) ' (1)

Assuming that the activation energy for grain boundary diffusion Hb’ is
_ =H_/RT
PP D/Db = e Hb .

The three curves for climb of Al (n = 4.4), as shown in Fig. 27,

equal to one-half of that for lattice diffusion H

correspond to three temperatures: 900°K, D/Db = 8.2 x 10'5, Hb/RT = 9.b4;

6, Hb/RT = 2.1; and 500°K D/Db = k.13 x 10‘8,

T00°K, D/Db = 5.5 x 107
Hb/RT = 17. The creep due to superplasticity is additive to that due to 3
climb. Hence about one-half order of magnitude below the point of
intersection of the curves for climb and superplasticity, climb-controlled
creep no longer significantly affgcts the total creép rate. Similarly,

at one-hslf order of magnitude of stréss levél'above the point of
intersection, creep due to superplasticity is negligible. The résultant %
creep rate between thése limits are shown by the fine dashéd lines in

Fig. 27 which fare from créep due to climb for a particular témperature

(or H_/RT) into that for superplasticity for a particular value of b/d.

It is seen that for a given grain size the transition from superplasticity

to creep by climb occurs at increasing values of 0/G as the temperature . -
for creep by climb décrééses.

Most experimental observations on superplasticity conform to the

suggested trend of decreasing values of n from that appropriaste for climb
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to that of n = 2 which applies in the superplastic fange. As shown, the
superplastic range isaé#pécﬁéd to cover a wide range of‘éskT/Dbi when
the grain size is small. Although the concépts preSénted here suggest
that Coblé éreep should'prédominate at low valués 6f 0/G, experimental
confirmation for this tranﬁitiop is lacking perhaps due fo limitations in
thé range of ¢/G that wére mnvestigatéd. vFurthefmore; other types of
mechanismskaﬁd pérhaps Nabérro creep could also intervene fo complicate
the simple trends suggésted in Fig. 27. Much more detailéd and. thorough

investigations are needed to clarify the creep of fine-grained metals and

‘alloys at low values of 0/G.
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VII. TRANSIENT CREEP

(228> showed that

Early investigations

_ c : -
eze{te T } for o = const. (L2)

over both the transient and the steady-state stages of creep at high
temperatures. In this formulation € is the total strain, which is the
sum of the initial strain €, upon stressing at t = o and the creep strain
up to time t. The apparent activation energy, Qc’ for creep was shown
to be insensitive to the stress, strain, grain size, temperature etc.;
it agreed well with the activation energy for diffusion. Except for
extensive reconfirmation of Eq. 42, little additional progress was made
over much of intervening time interval in further advancing an understand-
ing of the transient stage of creep. During the past two years, however,
several important observations have been made that have led to a more
complete analysis of transient creep.

A stﬁdied review of all pertinent data reveals that only those
metals and alloys that undergo initial straining upon stressing exhibit
the usual normel transient (NT) stage of creep. This group includes all
metals and almost all alloys for which n = 5, and perhaps a féw alloys
for which n ~ 3.3. Those alloys which do not undertake significant initial
straining at t = o upon application of the stress do not exhibit the
usual normal transient stage (NT) of creep. They instead display one of
three different types of transient behavior. The few n = 5 alloys of this
type show an almost negligibie initial strain and an extremely brief nor-

mal trensient (BNT). Alloys of the n = 3.3 class which undergo no initial
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strain show either a briéf»inverted transient (BIT)_over which the creep
‘rate increases towards the steady state or no fraﬁsient behavior at all
(NoT). A few n = 3.3 alloys show BNT behavior,,'Suéh BNT and BIT séldom
extend beyoﬁd the first ten minutes of the tesf. If is not yet understood
why some élioys show initial straining and others do not. Known examples
of alloys which display BNT, BIT and NoT behavior are documented in Table
XIITand illustrated in Fig. 1. |
Thé-decreasing creep rates over the normalbtransient stage of creep,

under constant values of the indepéndeﬁt variables'qf stress and tempera-
ture, ﬁustkbe ascribed to'the development of moré.creep resistant sub-
structures over primary creep. Since normel transient cree£ is contingent
u@on the occurrence of initisl stfaining, normal ﬁransient creep rates
are the fesult of changes in the substructure from that which is produced
immédiately upon stressing to that which perfaihs t§ the steady state.

\The substructures which are formed upon initial straining at creep
temperaﬁuresvclosely resemble those which are de&elbped during Stage III1

(126, 127, 131)

deformation at. lower temperatures Most dislocations are

arranged in a rough cellular pattern which is composed of dislocation
entanglements as previously described. Each pitting studies(126’ 128, 130)
show that during the éarly portions of transient éreep the cellular struc-
ture remains observable, but in many localized.éreas dislocations rearrange
to become either randomly distributed or to deVelob partiaily formed sub-

(75, 128, 131) ) s that at

boundaries., Electron transmission microscopy
this time loosely-knit subgrain boundaries are being developed through

dislocation untangling and redistribution of dislocations. No abrupt

changes in the dislocation substructure occur during the transienﬁ stage.



Table XTII:ALLOYS THAT DISPLAY BRIEF NORMAL TRANSIENTS (BNT), BRIEF INVERTED TRANSIENTS (BIT), AND NO
TRANSIENTS DURING DIFFUSION-CONTROLLED CREEP.

Alloy

Mg - 12% Li
AgMg
Fe - 3.9% Mo

Au - 10 to 87% Au

W - 25 to 30 wt. % Re

8 - CuZn

Al - 3.1% Mg

Al - 2.1% Mg

(low stresses)
Al - 2.1% Mg
(higher stresses)
Ag Al

=

4.8
5.7
> ¥
3-3.k4
3.8
3-3.k
3.5

3.5

3'5

3.6

0
<0.000k4
0

0

>0

Type of

Creep Curve

Transient Type - Fig. 1

BNT
BNT
BIT
BNT
NoT
NoT
NoT

BIT

BNT

BIT

Reference
86,87
3
80
33
99
98

¥Reported for alloy of similar composition (ref. 83).

_.06..
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Rather, as strain increasés, larger numbers of fdughly;formed sﬁbgrain
boundaries develop, cells become diffuse as disloeations climb and glide
away, and those subboundaries which are already formed become better
defined and more tightly_kniﬁ. A subgrain struéture emerges gradually
and is perfected over the latter stages of the transient creep. Electron

(128)

micrographs oﬁ Mo show that subgrain boundaries which are reasonably
perfect can'migrate through glide and,climb to aid the development of the
subgréin structure. Finally at the secondary stage of creep a subgfain
structure is developed which is characteristic of the steady-state. In
two investiéations the meah subgrain size that wés developed was at least
twice as large as the cells originally,present(126’ 128). This means
thatbon the average eight or more cells dispersed in order to form each
subgrain, which shows the high degree 6f mobility pf diélocations within
the cellular structure during the transient stage of creep.

As outlined above the substructural changesvthat attend normal
transient'crgep are extremely complex. This cémplexity is clearly revealed
by the detailed investigations of Clauver, Wilcox and Hirth(lza). Undoubt-
edly these substructural changes are significant_fo the transient creep
rate. BSuch changes in the different substructural details over the
transient stage are undoubtedly:interrelated. For example, the dispersal
of the‘entanglements, the build-up of low angle boundaries, the changes
in density of dislocations, . and the alterations in miSdrientAtions across
low angle bbunéaries? etc., are not mutually indeﬁendent. Among these
various details, only the dislocation denéity haé been placed on a quanti-

tative basis.

Several investigators have attempted to follow the change in disloca-
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tion density with strain over the transient stage of creep(126’ 128, 1ko,

195). Admittedly, to accomplish this with satisfactory accuracy is
extremely difficult, particularly in view of the major changes that take
place in the geometrical distribution of dislocations.

Furthermore it is not immediately apparent how the density of
dislocations should be partitioned among those entangled in the disappearing
cell walls, those adding to the growing low angle boundaries, and those
that are meandering about more or less randomly. Early in the transient
stage it is customary to count all dislocations including those in the
entangled cell walls and those in the body of the cells despite the fact
that each group might contribute differently to the transient creep rate.
As the transient creep rate approaches that for the steady state, it is
customary to count only those dislocations that are within the subgrains.
But, as discussed earlier, the subgrain boundaries are undoubtedly moving
and consequently the dislocations in the subboundaries also warrant special
attention.

Results on the variations in dislocation density within the subgrains
with creep strain are recorded in Fig. 28 where é/(és pb2) is plotted as a
function of € for Cu single crystals and polycrystalline Fe - 3.1 wt.% Si,

and as a function of (e - ¢ - ést)/é

o for Mo single crystals, where €

T

is the initial strain and e, is the total transient strain. This method

T
of plotting was sélected because several investigators suggested that €
might be linearly related to p. As shown the figure, however, é/(éspbz)
seems to decrease over the primary stage revealing that the expected

linear correlation of ¢ with p is not valid. If creep were controlled

by the motion of jogged screw dislocations, it might be expected that €
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would increase iinearly ﬁithbp; The efféct of diélocation density on
climb—cdntfolled creép, however, néed not be linéar because with higher
densities of disiocations the climb time would be shorter but the area
swept outiby the dislocatiéns would also be émallér. The effect of these
counteracﬁing'influenées on € has not yet 3eén féfmﬁlated.

The etch pit-studies which were used to compile Fig. 28 show that
duringvtfénsient creep. the density of disloéations'within thé subgréins
seems to decredse by a factor of about 2 for Fe-3.l wt.% Si,by about 5A
for Mo."This reveals that d of Eq. 2k increases'élightiy‘during transient
creep, ﬁheréas, the datér?ecorded in Fig. 20 suggesfs that o is "about"
the same'fgr dislocations within the subgrains at the steady state as it
is at aimospheric temperatures during formatibn of,ehtanglements. Both
stétemehfs appear to be valid within the accuracy of estimating p by
etch pit'techniques'over the transient'stage éf creep. -

Detailed electron micfoscopicbinvestigations by Clauer, Wilcox and

’Hirth( 128)

have shown that tilt boundaries form a significant part of the
substrubfure during fransient creep of single éfystals of Mo. The
évidenée strongly suggests that such tilt boundaries migrate. No estimate
has yet been made on the contribution of tilt-boundary migration to the
transient strain rate,

Accépﬁing the pfesent, admittedly unsatisfacfory, state of knowledge
concerning substructure, it neverfheless appéars that dislocation densities
decre&ée only slightly during trahsiént creep. In contfaét, major changés
occur in the geometrical arrangeménts of dislocations from initial con-

ditions of entanglements at cell boundaries to their disperssal during

transient creep, and finally. to well-defined subgrains separated by low-
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angle boundaries when the steady-state rate is achieVed. In the absence
of entanglements, which is coineident with no initial straining upon
stressing, little or no transient creep takes place. In these cases the
steady=state dislocation density is.established after 5 to 10 minutes of
creep as reflected in the brief, normal, or inverse transients that are
often obtained. Such adjustments in dislocation density occur with only
minor changes in the creep rates.

In view of the proceeding discussion we now postulate, as suggested

(126)

by Gupta and Strutt , that transient creep, with attendent high strain

rates, arises principally as a result of the dispersal of entanglements by
the climb mechanism. This dispersal is expected to follow unimolecular
reaction kinetics with a rate constant that depends on the creep mechanism.

(229)

As shown by Webster, Cox and Dorn such kinetics can be formulated as

ale - &)

at = = ke (6 -¢) (43)

where the rate constant is kés, assuming és results exclusively from climb

kineties. Integrating once gives

€ - ¢ = (&, - &) ket (4h)

e=¢ =&t +°5 "% (- k) (45)
o S —e———
ke
s
where eo is the initial strain upon stressing and
éi - és
TR, T fn (he)

where ET is the transient strain. Since the kinetics of reaction are
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known to be the same over the transient and steady-state conditions it

necessarily follows that éi'= Ke. where K is a constant greater than

s

unity. Therefore

i "% oK1 | | (u7)

where K, k and g, are constants independent of stress and temperature.

T

Equation 45 was first suggested on a purely émpirical basis by

(230)

McVetty for correlating the transient and steady-state creep rates.

Recently it has been applied WithISﬁCCGSS'by Garafalo, Conway and
(231) (232) '

Mulliken ,» and Wilshire and Evans . More often, however, Andrade's
empirical equation<233), namely
D 1/3 :
€ - e = est + Bt (L8)

ié empioyed>for this purpose.' It too is ofteh in‘fair agreement with
high témpérature creep dats. Howeﬁer, if Andrade'évequation is to account
reasonaﬁly well for tﬁe effects of stress and témperature on the creep
rate, it is necessary to further assume that B is proportional to ésl/3.
The major objection to the application of Andrade's equation to high-
temperature creep,though, concerns its predictioﬁ of infinite initial
creep ratés; whereas, Carefully conducted investigations reveal that they
are actually finite.'

If transient creep follows first order kinetics so that it can be
describea by Eq. 45, the following must apply:

1. The initial strain upon stressing, eo;'depends on the original
state of the metal>or alloy and the value of o/G.

2. The initial creep rate éi, fof a giVen metgl or alloy is a con-

stant multiple, K, of the steady-state creep ratevés, regardless of stress
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and temperéture. It is independent of the initial strain, €

3. The rate of dispersal of the entanglements depends on the same
function of stress and temperature as does the secondary creep rate.

L. As the entanglements disperse the creep rate decreases in a’
manner which seems to suggest that strain hardeniﬁg is occuring. Strain

hardening, however, usually has the implication of increased density of

dislocations, whereas, during the dispersal of the éntanglements the density

of dislocations decreases slightly. In order to avoid false implications
it appegfs that the term recovery strengthening due to entanglement
dispersal by climb is preferable. The significant issue is that the rate
of -such recovery strengtheniﬁg depends.on stress and temperature in the
same way as doés the secondary creep rate.

5. For any given metal or glloy the transient strain Ep is congtant
independent of stress or temperature.

6. TFor a given metal or alloy there exists a universal high-

temperature transient and steady-state creep curve of the form

e - e, = flet) = ¢{(%0h§%9-t} (49)
where the function f is derived from Eq. 4. This relationship is an
extension of Egq. 42, which now incorporates the effects of stress as well
as temperature on the shape of transient creep curve.

With minor exceptions, which will be discussed later, above items
1, 2 and 5 have been confirmed for a few metals and alloys by a number of
(75, 229, 232)

investigators . Rather than review each case in detail a

summary will be given on all pertinent published data on transient creep

i
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curves.¥

Fig} 29 shows tﬁe initial strains, €, as'fﬁnctigns of /G for the
accessible examples. These data refer to the modulus—adjusted athermal
stress-stfain'curves at high temperatures. In general, such data |
exhibité conéiderable scatter as a result of difficulties in technique
of measufing the initial strains immediateiy_folloﬁing stressing. The
secondary cfeep rates és, for the metals and alloys in question are
shown in Fig. 30,where log éSkT/DGb is plotted és‘a function of the log
a/G. Aliléxamples ciearly fallvinto the category of creep by the dislo-
cation-climb mechanism. As a typical example of the universal creep

(234)

curve the case of polycrystalline Ni is shown by the datum points
in Fig. 31. Regardless of stress or temperaturé all data fall well on a
single curve. The remaining cases that were examined were equally

consistent. The value of ¢ can be deduced directly from Fig. 31.

T
Equally, the rate constant k is also determinable from these data. The
solid line refers to the theoretical expression given by Eq. L49; it

illustrates the good agreement of the theory with the experimental results.

Fig. 32 illustrates that the initial creep rates, éi, for a series of

stressés and temperatures are greater than the secondary creep rates,

¥ The authors express their appreciation to Mr. Kamal Amin for making
this summary available to them.. '



TABLE XIV: A SUMMARY OF ANALYZED TRANSIENT

CREEP DATA

Fe-0.23 wt. % C
Steel

Ag
AL
Cu

Ni

Crystal Grain Size
Structure (mm)

BCC -

BCC 0.17-0.36

BCC Austenitic Grain Size

0.021 - 0.104:

FCC 0.017

FCC 0.21

FCC 0.03

FCC -

L

333
L9
188

93

=!

.052
.032

.02

.013
.105
.0085

.0k2

=

173
116

116

99
82
277
346

=

10.0
4. 70
3.77

2.28
9.56
3.35

12.9

Data from

Reference

235
236

237

L3
8
37

23k

_86-
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és’ by thevconstant factor K regardless ofvstressfér'temperature. A
summary for all examples that have been aﬁalyzed ié given in Table XIV.

Whereas the transient strain, € exhibits ratﬁef'pronounced varia-
tions from case to case, the rate éonstant k -seems to be somevhat less
variablé.. Undoubtedly, both depend §n significant substructural details.
Up to the présent, howevér, no.consisteht-trends invariations of k or X
have been uncovered relative to grain size, staCking-fault energies, or
any other pertinenf strucﬁural.details.

(232) noted that Eq. 45 becomes inaccurate for

Evans and Wilshire
cfeep of Fe at low stresses. Similar discrepancies which arise in the
creep ofvéustenitic.stainless steels have been shown by Webster, Cox,
and Dorn(egg) to arise from the increased contribution of grain-boundary .
sliding to the total creep rate at the low applied stresses. When grain-
boundary sliding prevails, és no longer representé the secondary creep
rate resulting from climb alone, and therefore, kés'is no longer the
pertineht rate constant for dispersal of entanglements. Once grain-
boundary sliding is better understood qgantitatively, this factor can

also be taken into consideration so as to account for transient creep at

low stresses in polycrystals.



-100~

VIII. STRAIN HARDENING, RECOVERY AND CREEFP.

(238)

As early as 1926 Bailey proposed that creep . resulted from ’ ‘;;

(239).

recovery of the strain-hardened state. Orowan twénty‘years latér

applied this conéept in his discussions on the origin and nature of creep.
Although the recovery concept of creep seems to have been widely held over 53
the intérvéning years; no serious experimental confirmation of this B
assumption was attemgtéd until stimulated by the recent investigations of P

(lhl,2h0); Interest in this phenomenological concept of

Mitra and McLean
creep stems from the fact that is is-not subject to the limitations of any
specific creep or recovery model, and so might be widely applicable.

Orowan expressed the significant relationship in terms of the flow

e} J de
dg = (———) at  + (—-—) : (50)
at e o€ &

which assumes the existence of a mechanical equation of state. For creep

stress, 0, as

under a constant stress therefore,

o (R S

(ao/ae)t ‘ (51)

where ¥ is the rate of recovery and h refers to the rate of strain

hardening. If independent éxperimental détérminations of é, ryand h
verify Eq. 51, the validity of the recovery model will have been e
established.

The most recent attémpt to chéck.thé validity of Eq. 51 by Watanabe

(52)

and Karashima involved straining the specimen in a tensile testing
machine especially instrumented to permit this to be done under constant

stress from which € could be obtained. At various stages the cross-head
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motion waé‘arrested and the'valué r =_-(30/8t)-ﬁas Aetérmined.for.thé'
inétant-ofja}rést.‘ Shortly‘théréaftér;»h was aléo:évalﬁatédﬂduring creép,
bylincréaSihg,e rapidly by,an_aﬁount Ae and detefmining'Acﬂ It was found
that rvincféaséd ﬁithmthé StréSS'and témpérature in a’mannér‘coincident
with;thatvfbr.théﬂstéady-staté'Créepﬁraté;lvhilé n = (AO/AE)t vas
indepén&ént bf the'Stréss.levél; .The.good‘agreémént that was obtainéd
between ¢ and r/h, as so évaluated; was thought to confirmvthé'validity
of théfrééoveryamodél; |

Actually, this agreement was inevitable regardlesS:of typé.of creep
mechaniém“or any other détail. Wﬁenﬂthe cross—héad motion was held

constant fhé' strain rate was

.« . » - . . l_- ao' _ . .
€F fpe 7 €_+_E'<§t) =0 (52)
where € was the cfeep strain rate during stress_rélaxatibn and éE' the

elastic'reSponse of the specimén‘and the'machiné.'bE‘ refers to the
apparént.machiné and spécimén modulué.' At thé?stérf oﬁ thé stréss relax—
ation éxpériménts, r = —(30/3t)t=01= E'(é)t=of
Such .stress rélaxation tésts méasure only the créep rate, since (é)tzo
is itsélf the créép raté. Thé.agreémént that was foﬁndlbétweén creep raté
and r/h'fpllows diréctly from thé’method used to measure h: h = Ao/Ae=1/E'.
The hardéning rate wag observed to be independent of stréss as it
obviously must be whéﬁ measured in this way. This kind of a test mérely'_
provésvfhéﬁ thé samé € for creep is obtainéd f;om a creep test and a stress
relaxéﬁidn test and nothing more, régardléss of the mechanism.

Thé'technique introducéd éarlier by Mitra and McLéén(lhl) differed

slightly from that employed By Watanabe and Karashima. They decreased
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the stress by Ao after steady-state creep was established, After a time
At; thé specimen séeméd to gifé a stéady-staté creép'rate for the reduced
stréss, from which Ac/At was determined for the limit of Ac »0. This was
done for a series of stresses, from which (Bo/at)e, was evaluated. The
rate of strain hardéning was established by room température tensile
testing of the structure that had/gggguced by stéady—state creep. This
was converted to the slope do/de at the test temperature by introducing
the éfféct of témpératuré on thé modulus of elasticity. Whéreas h
decréased somewhat as the stress for steady-state creep was increased, r
incréased rapidly with the creep stress. The'relatioﬁship given by Eq. 51
for € was crudely obéyéd.

The basis of the Mitra-McLean approach seems to be somewhat more
acceptable than thé stréss rélaxation approach of Watanabe and Karashima.

(1k1) (171)

But, as shown by Mitra and McLean and Ishida and McLean , their

measurement .of At for recovery might be seriously in error. The recovery

curve following a reduction in stress has previously been investigated by

(241) (2k2)

Bayce, Ludemann, Shepsrd and Dorn , Ludeman, Shepard and Dorn s

(2hk) al.(ehl)

and Raymohd and Dorn . Bayce et , in particular, showed that

in Al theé microstrains attending a decrease in stress always involve a

rapid time-dependent anelastic creep recovery in addition to immediate

(239,240)

elastic recovery. Contrary to the assumptions made in strain

hardening and recovery theories for creep, the creep rate does not vanish
upon reduction of the stress. Rather, in conjunction with the minor

amount of creep recovery . just mentioned, a finite creep rate, €1 is

obtained following the enelastic creep recovery. With continued straining °

the creep rate decreases from él,to a lower value.ég. Following this, the
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creeplréte increases frqm‘ég.to theAsteady-stgte'value, ES, appropriate

for the new stress. Thé'recovery curvé followiﬁg é stréss réduction is
distinctLybmorercomplicatéd than assumed by Mitra and McLean. .This
questioﬁé the vaiidity of their apprpach and suggésts“that the substructural
changes ﬁhiéﬁ'follow a.reduction in stress are é#tfémely complicated.

TheaShépe of the creep.curﬁe that is ébtéinéd upon'a.éudden réduction
in stress’ié diffefent forvmetalé and alloys Which.Créep.by the mechanism
of disldéatioh climb (n = 5); than for alloys which'Créep'by viscous
glide.(n;§'3). As shown in Fig. 33 and 3&, é éﬁdden reduction in stress
is always‘QCCompanied by an abrupt drop in creép ?até. Following this
suddén‘drop;-the creep rate either increases (n = 5; Fig.'33) or décréases
(n = 3, Fig. 34) with time until thé steady—staté creep rate appropriate
to the lOWér'stress level is obfained. Immediately after the drop in
stress the dislocatiﬁﬁ dehsity, in the n = 3 alioy, although lower than
that prior to stréss reduction, is still higﬁer fhan the steady-state
value for the lower stress leVel; For viscous-glidé creép,straih rate is
proportional to dislocation density. Hence. the iﬁitial creep rate
immediately after stress reduction-is'highér'than thevéteady-State value
for that stress. Duriné the recovery period,as the dislocation density
decreages toward the steady—staté dénsity, the ihstantanéous creep rate
approaches the new steady-state creep raté.

In tﬁe n = 5 case (Al, Fig. 33)’immédiately.éfter the reduction in
stress, although minor adjustment in the dislocation density doés take
place,fbéth the denSity and the subgrain size cérrespond.more closely to
that which were present in thévsubstructure before the stress was dropped.

During the subsequent period of recovery, the dislocation dehsity decreases
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and the subgrain size increases to values appropriaté.to.the stéady—state
substructure for the lower stress level. Metallographic observations(2h2’2h3)
reveal that the increase in creep rate is parallelléd by a simultaneous
migration of subboundaries and readjustmént of thé substructure of the
specimen. The subboundaries slowly sweep out volumes leaving a "recovered"
structuré in their wake. The incréased'creep rate with time during
recovery, in this case, seems attributable to subboundary migration. If
creep rate were proportional to the dislocations in the body of subgrains,
it should have decreased instead of increased during the recovéry period.
Finally, however, the swept-out regions and the regions which recovered

by climb achieve the steady-state dénsity of diélocations and subgrain

size cofresponding to the reduced stress levél. Thus . thé substructural
changes that take place during thé'recovéry périod which follows an abrupt
decrease in‘stress are véry’different from those which take place during
transient creep.

(243) in which the

Figure 35 shows the results of Raymond and Dorn
drop—in—stresé technique was used to determine the initial creep rate upon
streés‘reduction, éir’ as a function of stress level. The éi and és
curves in the same figure correspond to initial and steady-state creep
rate respectively in the absence of any stréss-reduction. Attempts were
made to approximate the effect of 0/G on the creep rate per se, by so
adjusting 0/G as to maintain, at least instantaneously, the same sub-
structure. Al specimens were crept at a constant value OO/G from A to
the steady-state at B. After the steady-state was reached, 0/G was

reduced by different amounts, Ao, to Or/G in a series of independent

similar tests. Immediately fbllowing a very brief interval of anelastic
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creep recovery, the initial creep fate-éir waS’detérmined for the various
values dflcr/G. Since the amount of anelastic reéovery; althqugh.quite
small, increased as lowerrvalués of Or/G were uséd; the various initial
creep ratgs at £h¢ reduced stress levels do not correspond to exactly the
Same suﬁsfrﬁctﬁre; .However, if seems reasonable to believe that no majér
changes in.substructure took placé from £hat Whiéh was obfained at the
previous sfeady—state value for OO/G. Thus thé eufvé désignated éir
refers to the creeb rate as a function of Gr/G for aboﬁf the same
substructure. During continued creep the creep rate increased and finally
achieved the steady—staté values appropriate to thé.réduced stresses. The

curve éonnecting the datum points éir can be répresented by

c e B (o0 )].

€ip = Egp ©XP [ o r : (53)
G .

as shown by the curve through the datum points, where éso and OO are the

secondary creep rate and the original stress before the drop in stress.

These results agree well with earlier data by. Sherby, Frenkel, Nadeau and

(2L4h)

Dorn obtained in a somewhat similar fashion, in that B is independent
of the temperature. They reveal that thé creep rate increases more
rapidly with 0/G for approximately constant substructure than it does for

the variousvsteady—state substructures. Obviously, any realistic theory

of creep must take the substructure into serious consideration.
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IX. SUMMARY

Over the past 15 years much proéréss has been made in rationalizing
the creep behavior of metels and alloys at temperafures-above about one-
half of their melting temperature. In general; metals, solid-solution
alloys, many dispersion-strengthéned'alloys,and some ordered ailoys creep
by one or more of several diffusion-controlled mechanisms. Some special
dispersion~strengthened alloys, however, appear to creep in accord with
Guyot‘s(lll) mechanism of thermally activated breaking of attractive
Junctions. The steady-state creep rates from»all diffusion-controlled
mechanisms can be correlated by the expression éSkT/DGb = A(O/G)n. The
various diffusion-controlled mechanisms differ from one another only with
regard to (1) the diffusivity D that is iﬁvolved; (2) the value of A and
the structural factors that are i#corporated in it; and (3) the value of
n. This is summarized in Table XV.. Not included in this table are the
mechanismé of Nabarro-Herring-Bardeen climb creép of Frank-Read sources,
Nabarro creep i; subgrains, and Coble creep in subgrains. These mechanisms
have not been confirmed experimentally; further, it is questionable on

- other
theoretical grounds whether they can ever take precedence over/mechanisms.

Despite the advances that have been made towards an understanding of
high‘témperéture creep, many important issues remain unsolved. TFor the
usual ranges of 0/G they concern: (1) the origin of thé variance of n that
is observed in BCC metals undertaking the climb mechanism. (2) The reason

for the high values of n in dispersion-strengthened alloys. (3) The reason

why viscous glide mechanisms are rate-controlling in some solid solution

alloys but not in others.



TABLE XV: Creep Mechanisms

Single and
Polycrystals

Vacancy Exchange

" Mechanism Diffusivity, D A n
2
Nabarro Volume by : T(v/d) 1
Vacancy Exchange '
Coble Grain Boundary by : 3
Vacancy Exchange 50(b/d) o 1
Weertman Volume by . 6
Climb (FCC) Vacancy Exchange 2.5 x 10 h,2 -~ 5.5
. increasing
with Gb/T
Weertman " ~2.5 x lO6 ~4.5 but
Climb (BCC) variable variable
‘ L.0<n< 7
Weertman N ,
Climb (HCP) " ~2.5 x 10 3.0<ng5:5
~ Weertman Viscous Chemical
- Glide in Solid Interdiffusivity 3 3.0<n<3.5
Solution Alioy ' :
Dispersion-Strengthened €
Alloys Volume by : Less than 2.5 x 10 6.0<n<8.0
Vacancy Exchange. Decreasing With ' -
Interparticle
Spacing and With
Increasing Particle
Height
Superplastic Creep Grain Boundary by ~100 (b/d)2
Vacancy Exchange o
Harper-Dorn in Al Volume by 1.35 x lO-ll 1

-LOIf
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Major emphasis, however, should be given to the technologically
inteieSting mechanisms thatrsﬁpércedé climb'and viscous drag mechanisms at
low values of 0/G. Evidence is yet somewhat inconclusivé in this range,
and the followingvissues need clarification: (1) The nature and origin of
the'créep observéd at low stresses in Al by Harper and Dorn. (2) The
details and the laws for the superplastic creép meéhanism. “(3) The
transitional value of 0/G.at which the viscous drag and climb mechanisms
are replaced by superplas£icity; (4) The trensition from the superplastic
creep to Coble or Nabarro creeb at low values of 0/G.

Although a good start has béen made in détermining substructural
changeS'attending creep by the climb mechanism, Some issues need further
clarification concérning disposition and densities. of dislocations, the
subgrain sizes, and the misorientation of subgrains. Thé'principle of
kinetic reciprocity.suggésts that all substructural détails are significant
to the éteady—state creep rates, but no adequate experimental confirmation
of this concept has yet been presented. More needs to bé learned about
stress-induced migration of subgrain boundariés and their contribution to
the creep rates. Data on the substructurés developed during creep of
alloys undertaking the viscous-glide mechanism is almost nonexistant.

Such information should do much to clarify the reasons for differences in
transient creep for these two types of behavior and their different
responses on drop-in-stress tests. More needs to be'léarned about the
substructural details during creep of dispersion strengthened alloys,
particularly with reference to the high values of n they exhibit.

‘ In conclusion, high-temperature créep is dependent on a host of

interrelated complex phenomena. The portals to the eventual solution of
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this problem have .now .been opened.sufficiéntly to.ﬁérmif rapid progress
over'thefnear.futuré:‘ The]guiding~infofmation'mﬁét'inévitably bé.obtained
from.better and more complete mechanical data. Because high-temperature
créep is often highly sensiﬁive to .structure and.sﬁbétrﬁctﬁré, however,
eléctron—micrOScopy coﬁpléd with additional microscopic tools of
examination will prove to be invalusble aids in ﬁnraVeling this complex
subject. On this basis, more realistic théoriés'of high temperature creep
might eventually be built. Whereas cﬁrrént théofiéS'aré based on assumed
substrucfures (which are not.always compatible Wifh observations), new
theories must "predict" the substructure as well as the'méchanical

behavior.
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FIGURE CAPTIONS
Common Types of Creep Curves. See Table I for references to
actual pxdmples,
Comparison of Creep Data Obtained at High Temperatures and Low
Stresses to Values Predicted Theoretically for Nabarro Creep.
Steady-State Creep Rates of Nominally Pure FCC Metals Correlated

by Eq. k.

Relation of the Power Law Stress Dependence; On,,of Steady-State

Creep of FCC Métals to Stacking Fault Energy I'. Brackets
indicaté'thé estiméted accuracy of n and I'/Gb. Solid liﬁe shows
the "best fit" value of n.

Steady-State Creep Rates of FCC Metals as Prédicted from Eq. 5
Using the "Best Fit" Values of n (from Fig. 4).

Steady-8tate Creep Rates of Nominally ?ure BCC Metals Correlated
by Eq. k.

Steady~State Creep Rates of Nominally Puré HCP Metals Correlated
by Eq. L.

Steady—State‘Creep Rates of Binary Solid Solution Alloys
Correlated by Eq. 4.

Correlated Steady-State Creép Rates For FCC Métals and Solid
Solution Alloys. |

Steady-State Creep Rates of Binary Solid Solution Alloys and
Intermetallic Compounds Which Créep by The Viscous Glide
Mechanism Correlated by Eq. 1k.

Speady-State»Créep Rates of Dispersion-Strengthened Metals

Correlated by Eq. L.
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23.  Contribution of Creep Strain Due to Grain Boundary Shearing to
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Comparison of the Activation Energies For Creep and Self

 Diffusion of Cu-Zn Solid Solution Alloys.

Comparison of the Activation Energies For:Creep and Self

Diffusion of Ni-Cu Solid Solution Alloys. -

Comparison of the Activation Energies Fdr Creep and Self

Diffusion of Ni-Fe Solid Solution-Alloys._v

Comparison of the Activation Enérgies For Créep and Sélf
Diffusion of Ni-Cr Solid Solution Allo&s.

Comparison of the Activation Energiés For:Créep and Self

Diffusion of Ni-Cr—ThO2 Dispersion-Strengthened Alloys.

Comparison of thefActivation.EnergieS‘FOr Creep and Self

Diffusion of Ni-Au Solid Solution Alloys.

Effect‘of Phase Transformaﬁions on Creép by thé Dislocation-
Climb Mechanism.

Effect of Grain Size on Steady-State Créep'Rate at Constant
Témperature and Stress.

Stress Dependence of Disloecation Densify Pp. Date are from
references 99, 153, 46, 73, 83, 171, 113, 169, 170, 126,
128, 129, | |

Stress Dependence of Steady-State Creep Subgrain Size, Dats

from references 136-1L40, 83, 141, 142, 126, 143, 1Lk, T75.

An Tdealized Schematic Drawing of the Arrangement of the Subgrains
into Bands During Creep of Mg Single Crysﬁals [ from Clauer,

Wilcox, and Hirth(l28)ﬁ.

Total Strain, X vs. 0/G.
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Fig. 2k, Creep Rates in Superplasticity Correlated by Equation 33 For
an Al-Zn Alléy.

Fig. 25. Creep Rates in Superplasticitj Correlated by Equation 33 For a
Pb-5Sn Alloy.

Fig. 26. Comparison of Créep Mechanisms Controlled by Lattice Diffusion.

Fig. 27. Comparison of Creep Mechanisms Controlléd by Grain Boundar&
Diffusion. (Climb-Controlled Créep Is Also‘Shéwn For Three
DifferentATemperaturés.)

Fig. 28. Density.of Dislocations Within Subgrains vs. Strain in Transient
Creep. (Thé Uppér Scale For Abscissa_Correspdnds to Mo.)

Fig. 29. Variation in Initial Strain € with Stress.

Fig. 30. Adjusted Steady-State Creep Rates vs. Stress

Fig. 31. Universal Creep Curvé for Ni, Correlated with Equation 49,

Fig. 32. Correlation ofilfiltial Creep Rate éi with Steady—State Creep
Rate és, éi=Kés

Fig. 33. Effect of a Change in Stress on the Creep Rate in Aluminum.

Fig. 34. Effect of a Change in Stress on the Creep.Rate in Al-2.1% Mg Alloy.

Fig. 35. Initial C€reep Rate upon Stress-Reduction éir vs. Stress,
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APPENDIX: Shear modulus, diffusivity and stacking fault energy values
used in analyses of this paper.

I. Shear Modulus.

The unrelaxed shear modulus of most metals can be represented at

temperatures above about one-third of the Debye temperature by

G=G -G, T (A1)
. o T

T
s, (1_3;_,_,-> (a2)
m

where G is the shear modulus, T is the absolute temperature, Tm is the

or

L2
H

melting point of the metal, and Go, G and B are material constants. The

T’

o and B for all of the pure metals and for many of the

® _
alloys considered in this paper are tabulated in Table Al.

values of Go’ G

Unless noted otherwise all values have been calculated from elastic

compliances of single crystals using the relation

G = dchh. 1/2 (Cll"cl2) . (A3)

According to anisotropic dislocation theory this valué of G is a reasonably
accurate approximation to the isotropic shear modulus for glide dislocations
in cubic and HCP crystals(h9A—slA).

For the metals Fe, Ta, V, Bé, a-Tl, and the ﬁi—Fe alloys; G was

calculated from the temperature dependence of the unrelaxed Young's modulus,

E, using the relation
¥ .
G=Ex |o | (ab)
300°K

Alloy compositions are .stated in terms of atomic percent unless otherwise
noted. :

*
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TABLE Al: Shear Modulus Values for Metals and Alloys at High Temperatures,

Go' GT References for

Metal lOlldyﬁes/cm2 _108dyﬁes/cm2 B G D
Al | 3.022 1.60 0.520 . 1A on
Cu L.740 1.70 0.487 3A LA
Au | 2.766 0.8k o063 5
y-Fe 9.57h h.27 0.807 6A TA
éb 0.994 £ 0.883 - 0.53L 8a 9A
yi () 8.412 2.69 0.552 10A 114
pt (2) 6.457 1.%0 0.L43 124,6A 134
Ag 3.043 1.27 0.515 3A 1kA
a-re'3) | ]
Fe-6% Si () _(8) - 158 - 16A
§-Fel3) 7.215 2.62 . 0.657 154 168
Mo 13.520 2.05 0.438 17A 18A
7a(2) ~6.950 - ~0.87 ~0.41 19A,20A 21A
B-T1 | 0.767 1 0.903 0.678 6A 22
v 0.502 0.73 0.316 23A,2kA  25A
W 16.559 1.84 0.h0k 26A  27A,28A
Be 15.7 2.26 .0.223 6A,29A  30A
ca(?) 3.60 2.5 0.354 3,68 324
g (2) 1.92 0.86 0.480 334,68 .3hA
a-T1 1 0.55 0.326 0.3k2 35A,6A 22
Zn 5.981 3.37 0.390 36A 37A°
Cu-10.3% 2a‘%) 3.949 1.0 0.462 38a
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G° GT , References for
Metal 10M aynes/cn® 108dyﬁes/cm2 B 6 D
Cu-20.3% 7n(5) L.177 1}h7 0.k 38A -
cu-30.7% z0®) b.37h 1.52 0.413 38 39A
Ni-(10 to 30)% Cr 8.80 2.4 ‘ - 0.k457 Loa -
Ni- 10% Fe'l) 8.76 2,51 0.498 bA, koA -
Ni- 20% Fe(?) | 8.30 2.73 0.56%  Liakea -
Ni- 25% Fell) 8.33 2.0k 0.420 43A,k28 -
Ni- 30% Fe'l) 7.8k 2. 0.533 M1A -
Ni- ho% Fell) 7.20 2.15 1 0.510 b1AU2A -
Ni- 60§ Fell) 6.7k 1.75 0.446 414 -
Ni- 80% Fe (1)(5) 6.8 2. 0.51 - -
AgMg (50% Mg) | 2.830 0.75 - 0.29 Wi LsA
8 - CuzZn(k7.5% zn) (0 (W) - wa -
Ag,Al (33% A1) 3.670 1.75 0.477 WTA =
NiAl 6.462 ©1.21 0.358 L8A -

1. Valid for paramagnetic metal only.
2. Estimated from singlé crystal elastic compliances; value of GT chosen so as to be

compatable with measurements of E_, for polycrystals.

T
3. Based upon measurements of E of randomly oriented Fe-6%/o Si (at pet).
4., Variation of G with temperature is nonlinear due to ferromagnetic or ordering

reaction.

5. Elasticcompliances obtained by interpolation of experimental data.
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vhere G* represents the value of G calculated'frbm;single érystals at
300°K using Eq. A3. (An.avéragé vglué of G¥/E = 1/2,9,wa5'uséd'for all
of thé Ni—Fe alloys). For Y%Fé; S—Tl; NiAl; and all of thé‘Ni—Cr alloys,
G was calculated from thé'temﬁeraturé dépéndénce-of»thé unrelaxed Young's
mbduius assﬁming that

2@ E vl ‘

and Poisson's ratio, Vv, is equal to about 1/3. The variation of G with

temperature for o-Fe is shown in Fig, Al. It has been derived from

)o

measurements of E on randomly oriented, polycrystalline Fe-6% Si(15A

For Ni-Cu alloys the elastic modulus was calculated from a weighted

average of the moduli of Cu and Ni since investigations(h2A’52A’53A) on

the elastic compliances of single crystals show that this is an excellent

approximation at high temperatures:

N, G (A6)

G (Ni-Cu alloys) = N_.G culou

+
Ni Ni-
N stands for atomic fraction in this equation. The modulus of pure Al was

used for all of the Al-Mg alloys since room temperature measurements(53A)

of E in Al - 0 to 10% Mg alloys show that E is independent of composition.
The shear modulus of Au-Ni alloys at 860°C was estimated using the

assumption that the variation of G with composition is similar to that

o (5HA)

. . 2
measured at room temperature . The modulus, in dynes/cm”, was

calculated from the expression; (AT)

11

2

Ni) x10

_ I 2y ORI
G = «!(3.08& +2.36 Ny, + 3.83 N, 1(1,068 + 0,712 NNi.+ 1,29 N



=170~

IT. Diffusivity
Thé tfacér diffusivities of all of thé puré metals and a few glloys
vere obtained‘directly from thé'référéncés~given’in Table Al,
The diffusivity of o~Fe has not beén measured experimentally bélow
T00°C. To pérmit analysis of créep data obtained at T2>500°C, the tracer
(194)

diffusivity measurements of Lai and Borg were extrapolated to lower

temperatures using the approximate relation;

¥ x
o~Fe

(1.1 o-S6500/RTy 1 0.5 {1 + tanh [17(103/T~o.96)1} ) (a8)

.

The solid line in Fig, A2 illustratés~this~extrapolation, The extrapolaﬁion
te low temperatures was Eased upon thé assumption that Hd = 56,5 Kcal/mole
at temperatures very much higher or lowér than Tc, thé ferromagnetic Curie
temperature. Measuréménts of the activation enthalpy for creep, Hc, of

o-Fe at T << TC(SSA) show that this is a reasonable assumption;

*
Extrapolation of Da could have alternatively been made by assuming the

-Fe
diffusivity in iron parallels the elastic strain energy associated with

(564)

vacancy motion as Borg has suggested (see heavy dashied line of

Fig. A2). However, steady-state creep rates of o-Fe at T << Tc correlate

poorly if this assumption is made.

The tracer diffusivities of Cu-10.3% Zn and Cu«20.3% Zn alloys were
(ba)

estimated from experimental data on tracer diffusivities in ‘pure Cu .

(57A) (398)

, and in a Cu-31% Zn alloy The tracer

diffusivities of Ni-Cu alloys(58A) and Ni-Cr alloyschA) were obtained

in a Cu-26.4% alloy

from the data of Monma, Suto and Oikaws, after thelr results were replotted
and extrapolated to lower temperatures in an internally consistent manner.
All tracer diffusivities which were obtained by interpolation or from a

reconsideration of experimental data are shown in Table A2.

!
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TABLE A2: Tracer Diffusivities of Binary Alloys Used For Analeis of Creep Data.

Alloy, A-B. . poA HdA ' DOB HdB

A - %B cmz/sec ‘ Kcal/mole sz/sec Kcal/mole

Cu 10.3 Zn 0.24 " bshL 0.44 L. o
Cu 20.3 7n 0.28 h3.7.' 056 - bo. L
Ni 13.0 Cu 1.8 6.0  0.54 | 59.9

i S bshcu 1.8 61.9 0.kh 55.6

Ni 78.5 Cu 1.8 8.4 oho 513

Ni 10.0 crv' 1.9 68.0 | oLl 65.1

N4 19.9 Cr 1.9 1 69.2 1.9 7.7

‘Ni 2h.2 cr 1.9 69.3 2.5 - 68.5

Ni 29.7 Cr. 1.9

69.5 o 3.2 | 69.4
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Tracer diffusivity data were not available for many of the Ni-Fe

alloys. Since these alloys are nearly ideal solid selutions, the

diffusivity was approximated using chemical interdiffusivityndata(6OA).

~

The chemical interdiffusivity, D, of Au-Ni alloys at 860°C was

obtained by interpolation of experimental measurements:madé at 850 and

(61A)

875°C The resulting values are shown in Fig, A3, The interdiffusivity

in vacancy excess NiAl (54% Al) was assumed to be
D=1 o %500 /5y (A9)

since H_ = 64.5 Kcal/mole. As shown in Fig. U this assumed value is in

reasOnable agreement with tracer diffusivity measurements made on other

(624)

non-stoichiometric NiAl compounds . The interdiffusivity of AggAl

was likewise assumed to agree with Hc:

~

D=1 e 32:900/pnp (A10)

The interdiffusivity of Al-Mg alloys was approximated by-the tracer
diffusivity of pure Al, for scattered experimental data(63A) indicates
that this assumption introduces little error. The chemical interdiffusivity

for B-CuZn was calculated from Eq. 11 of the text using tracer diffusivity

data(6hA)vand a crudely estimated value of 31ln acﬁ/aln N

as(658)

cu from Fig.

IITI. Stacking Fault Energy.

The stacking fault energy in dimensionless ﬁnits F/Gb for FCC metals
and alloys was estimated from published data as shown in Table A3, Some
of the méasurements of T'/Gb weré madé at room témpérature while others
were made at temperatures close to those encountered during highrtemperéture

creep. Currently available evidence suggests that stacking-fault width



<
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is relatively insensitive to temperature in FCC metals which do not undergo

(8hA).

FCC - HCP phase transformations at elevated temperatures
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TABLE A3: Stacking Fault Energies for FCC Metals and Alloys. .

Method of Measurement; A, Extended node measurements.
: B. Estimated from size of stacklng fault tetrahedra and Frank
dislocation loops, s
C. Estimated from deformation textrue. '
D. Comparison of shrinkage rates of faulted and unfaulted :
dislocation loops. . L
E. Estimated from T (e). e
F. Estimated from annealing twin frequency and twin boundary ;j
energy at 1100°C; value of G at llOOOC used to compute F/Gb :

Metal E—-x 103 Approximate Source - Method of X
Alloy Gb Value of T of Datsa Measurement |
Al | 20.5 + 150 66A-684A D |
Ni 10.7 + 210  69A-TOA A,C f
Pb 9.k + 1.4 30 T1A E . r
Y-Fe ~8 + 75 ToA P i
Au 5.9 + 1.5 50 T3A-ThA i
Cu 5.3 + 55 T3A~T5A A,B
Pt “h.h o+ 1.5 75 T6A C |
Ag 3.0 + 23 TTA-81A A |
Cu~10% Zn 1.63 . 17 824-8LA A; T values have |
Cu-20% Zn 1.92 20 82A-8LA been corrected in
manner suggested
Cu-30% Zn 3.56 37 824-8LA by ref. 8kLA
| |
Ni~13% Cu 7.4 ; 133 85A C; I' values have {
. been proportion- i
Ni-46% Cu 5.55 ‘85 854 ately scaled to , -
Ni-79% 8.0 100 854 obtain I'/Gb x 10°= g
' 10.7 for pure Ni & %
5.3 for pure Cu u}
Ni-10% Cr 9.2 180 86A C; T'/Gb x 10° :
. : _ values have been }
Ni-20% Cr ' [ _150 : geA scaled to obtain i
Ni-24% Cr 6.5 130 86A a value of 10.7 . ;

Ni-30% Cr L .65 93 86A for pure Ni o

e e
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Metal T 3 . Approximate ©  Source Method of
Ailoy G * 10 Value of I of Data Measurement
Ni-12% Fe 7.35 97 7oA F
Ni-21% Fe 7.65 88 T2A F
Ni-26% Fe 5.87 82 T2A. F
Ni-31% Fe 6.45 , 73 T2A F
Ni-41% Fe  5.53 60 T2A F
Ni-61% Fe 3.25 : 36 ToA F
Ni-80% Fe 5 F

.0k 53 TeA




2A.
3A.

LA,

S5A.
6A.

TA.

BA.

9A.

10A

11A

12A

13A
1kA
15A
164
17A

18A

19A
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. APPENDIX FIGURE CAPTIONS

Shear Modulus -of d—Fe (déta from E measurements of randomly oriented
Fe - 6%.51),

Tracer Diffusivity and Elastic Strain EnérgY'fbr Vac;ncy’Diffusion
in Para- and Ferromsgpetic a—Fé.

chemical Interdiffusivity B of Au-Ni Alloys at 860°C,

A éomparison of Tracer Diffusivity in NiAl (54% Al) with the Value
of_Chemical Interdiffusivity Aséﬁmed for Creep Data Anélyses

(Bq. A9).

Temperature Dependence of 91n aCu/Bln No, for B-CuZn.,
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